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Polymer nanocomposites are commonly defined as the combination of a

polymer matrix and additives that have at least one dimension in the nanometer

range. The additives can be one-dimensional (examples include nanotubes and

fibres), two-dimensional (which include layered minerals like clay), or three-

dimensional (including spherical particles). Over the past decade, polymer

nanocomposites have attracted considerable interests in both academia and

industry, owing to their outstanding mechanical properties like elastic stiffness

and strength with only a small amount of the nanoadditives. This is caused by

the large surface area to volume ratio of nanoadditives when compared to the

micro- and macro-additives. Other superior properties of polymer nano-

composites include barrier resistance, flame retardancy, scratch/wear resistance,

as well as optical, magnetic and electrical properties.

This book covers both fundamental and applied research associated with

polymer-based nanocomposites, and presents possible directions for further

development of high performance nanocomposites. It has two main parts. Part I

has 12 chapters which are entirely dedicated to those polymer nanocomposites

containing layered silicates (clay) as an additive. Many thermoplastics,

thermosets, and elastomers are included, such as polyamide (Chapter 1), poly-

propylene (Chapter 4), polystyrene (Chapter 5), poly(butylene terephthalate)

(Chapter 9), poly(ethyl acrylate) (Chapter 6), epoxy resin (Chapter 2),

biodegradable polymers (Chapter 3), water soluble polymers (Chapter 8),

acrylate photopolymers (Chapter 7) and rubbers (Chapter 12). In addition to

synthesis and structural characterisation of polymer/clay nanocomposites, their

unique physical properties like flame retardancy (Chapter 10) and gas/liquid

barrier (Chapter 11) properties are also discussed. Furthermore, the

crystallisation behaviour of polymer/clay nanocomposites and the significance

of chemical compatibility between a polymer and clay in affecting clay

dispersion are also considered.

Part II of this book deals with the most recent developments of polymer

nanocomposites with other nanoadditives such as carbon nanotubes, graphite,

nanoparticles and other inorganic±organic hybrid systems and has eight

Preface



chapters. Carbon nanotubes, since their discovery in 1991, have attracted a great

deal of attention because of their exceptional elastic modulus, bending strength,

aspect ratio, electrical and thermal conductivity, chemical and thermal stability,

and adsorbability. Chapters 13 and 14 are concerned with carbon nanotubes as a

means of reinforcement. The former is concerned with the mechanical properties

and long-term performance of carbon nanotube/epoxy composites; and the latter

illustrates the fabrication and potential applications of nanocomposites

fabricated by using carbon nanotubes as the fibre and carbon 60 crystals as

the matrix. Three chapters are entirely devoted to functional polymer nano-

composites. The design and fabrication of polymer nanocomposites filled with

functional nanoparticles for specific functional properties (Chapter 15), the

synthesis and characterisation of magnetic polymer nanocomposites (Chapter

17), and the conducting polymer/graphite nanocomposites (Chapter 19) are

discussed. The wear characteristics of polymer nanocomposites reinforced with

different nanoparticles are studied in Chapter 20. The effect of different surface

treatment techniques of nanoparticles on the wear behaviour is investigated. In

addition, the latest progress on surface modification of CaCO3 nanoparticles and

their polymer nanocomposites in terms of toughening and reinforcement is given

in Chapter 16. Phenolic resin/silica nanocomposites synthesised by sol-gel

techniques are described in Chapter 18.

We would like to express our sincerest appreciation to all the authors for their

valuable contributions and the referees for their critical evaluations of the

manuscripts. Our special thanks go to Francis Dodds, Gwen Jones, Melanie

Cotterell and Emma Pearce at Woodhead Publishing Limited, as well as

Amanda Macfarlane at Macfarlane Production Services for their cooperation,

suggestions and advice during the various phases of preparation, organisation

and production of the book.

Yiu-Wing Mai

Zhong-Zhen Yu

Sydney, Australia
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Part I
Layered silicates





1.1 Introduction

A typical polymer composite is a combination of a polymer and a filler. Because

compounding is a technique that can ameliorate the drawbacks of conventional

polymers, it has been studied over a long period and its practical applications are

well known. Reinforcing materials such as `short-fiber' are often used for

compounding with thermoplastic polymers in order to improve their mechanical

or thermal properties. Polyamide (nylon) is a thermoplastic polymer, and glass

fiber and carbon fiber are used mainly as reinforcing materials. A filler, typically

micron-sized, is incorporated into composite materials to improve their

properties. The polymer matrix and the fillers are bonded to each other by

weak intermolecular forces, and chemical bonding is rarely involved. If the

reinforcing material in the composite could be dispersed on a molecular scale

(nanometer level) and interacted with the matrix by chemical bonding, then

significant improvements in the mechanical properties of the material or

unexpected new properties might be realized. These are the general goals of

polymer nanocomposite studies. In order to achieve this purpose, clay minerals

(montmorillonite, saponite, hectorite, etc.) have been discussed as candidates for

the filler material. A layer of silicate clay mineral is about 1 nm in thickness and

consists of platelets of around 100 nm in width, so it represents a filler with a

significantly large aspect ratio. For comparison, a glass fiber 13�m in diameter

with a length of 0.3 mm is 4 � 109 times the size of a typical silicate layer. In

other words, if the same volumes of glass fiber and silicate were evenly

dispersed, there would be a roughly 109-fold excess of silicate layers, with an

exponentially higher specific surface area available.

A nylon 6-clay hybrid (nanocomposite, NCH: Nylon 6-Clay Hybrid) was

originally developed by Usuki and his colleagues and was the first polymer

nanocomposite to be used practically. Since 1990 when it was first used, various

studies and analyses have been reported. In this chapter, details of the NCH and

other nylon-clay nanocomposites will be described.

1
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1.2 Nylon 6-clay hybrid (NCH)

Nylon 6-clay hybrid (NCH) is synthesized by the `monomer intercalation'

method, in which clay is first ion-exchanged using an organic compound in

order for the monomer to intercalate into the layers of the clay. The monomers

that form the intercalated layer become a polymerized interlayer. The basic

concept of the technique is as follows. Nylon 6 is produced by the ring-opening

polymerization of �-caprolactam. This can occur in the presence of clay, after �-
caprolactam intercalates into a clay gallery so that the silicate layers are

dispersed uniformly in the nylon 6 matrix. Usuki and his colleagues found that

organophilic clay that had been ion-exchanged with 12-aminododecanoic acid

could be swollen by molten �-caprolactam (the basal spacing expanded from

1.7 nm to 3.5 nm) (Usuki, 1993a). �-caprolactam was then polymerized in the

clay gallery and the silicate layers were dispersed in nylon 6 to yield a nylon 6-

clay hybrid (NCH) (Usuki, 1993b). This is the first example of an industrial

clay-based polymer nanocomposite. Figure 1.1 shows a schematic representation

of the polymerization.

The modulus of NCH increased to 1.5 times that of nylon 6, the heat

distortion temperature increased to 140ëC from 65ëC, and the gas barrier effect

was doubled at a low loading (2wt.%) of clay (Kojima, 1993a).

1.3 Synthesis of nylon 6-clay hybrid (NCH)

1.3.1 Clay organization andmonomer swelling (Usuki, 1993a)

If montmorillonite containing sodium ions between its layers is dispersed in

water, its silicate layers swell uniformly. If an alkylammonium salt is added to

this aqueous mixture, the alkylammonium ions are exchanged with the sodium

ions. As a result of this exchange reaction, an organophilic clay forms, in which

the alkylammonium ions are intercalated between the layers. Because the

silicate layers in the clay are negatively charged, they form ionic bonds with the

1.1 Schematic diagram of polymerization to NCH.
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intercalated alkylammonium ions. By changing the length and type of alkyl

chain, the hydrophilic/hydrophobic and other characteristics of this organophilic

clay can be adjusted such that surface modification of the clay becomes

possible.

A novel compounding technique was developed to synthesize nylon 6 in a

clay gallery by modifying the clay surface and intercalating monomers into the

gallery. The organophilic material used in this technique must satisfy the

following three requirements:

1. It must have an ammonium ion at one end of the chain so that it can interact

with clay through ionic bonding.

2. It must have a carboxylic acid group (±COOH) at the other end to react with

�-caprolactam, a nylon 6 monomer, for ring opening and polymerization.

3. It must possess intermediate polarity to enable �-caprolactam to intercalate

among silicate layers.

It was found that 12-aminododecanoic acid (H2N(CH2)11COOH) met all of these

requirements.

A representative method for making organophilic clay by using 12-

aminododecanoic acid and the method of swelling organophilic clay by �-
caprolactam will now be described.

Using a homomixer, 300 g of montmorillonite were uniformly dispersed in 9

liters of deionized water at 80ëC. 154 g of 12-aminododecanoic acid and 72 g of

concentrated hydrochloric acid were dissolved in 2 liters of deionized water at

80ëC. This solution was mixed with the montmorillonite dispersion and stirred

for five minutes. The mixture was filtered to obtain aggregates, which were

washed twice with water at 80ëC and freeze-dried. In this way, organophilic clay

was obtained in the form of a fine white powder, called `12-Mt'.

12-Mt and �-caprolactam in a weight ratio of 1:4 were mixed thoroughly in a

mortar, and then dried and dehydrated for 12 hours in a vacuum desiccator

containing phosphorous pentoxide. These specimens were left in a temperature-

controlled bath at 100ëC for one hour to be swollen by �-caprolactam. They were

then subjected to X-ray diffraction measurements at 25ëC and 100ëC. It was

found that two distinct spacings were present at the different temperatures:

3.15 nm (25ëC) and 3.87 nm (100ëC) and that the specimen processed at 100ëC

had caprolactam molecules intercalated between the layers.

1.3.2 Synthesizing the nylon-clay nanocomposite (Usuki,
1993b)

A typical synthesis method of NCH containing 5wt.% of 12-Mt is described

below. Amounts of 509 g of �-caprolactam, 29.7 g of 12-Mt (with about 300 g of

water), and 66 g of 6-aminocaproic acid were put in a 3 liter separable flask with

stirrers, and were degassed using nitrogen. These flasks were then immersed in
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an oil bath and stirred at 250ëC with nitrogen gas flow for 6 hours to polymerize

the �-caprolactam. Water overflowed the flasks due to distillation halfway

through this process. Polymerization was terminated when the load on the

stirrers increased to a certain level.

After the flasks were cooled, aggregated polymers were removed from the

flasks and pulverized. They were then washed with water at 80ëC three times to

remove any monomers and oligomers that remained unreacted. Finally, the

aggregates were dried for 12 hours at 80ëC in a vacuum to obtain NCH. In this

chapter, the loadings of 12-Mt are expressed in wt.%, and NCHs with different

loadings of 12-Mt are called NCH2, NCH5, NCH70 (and so on) for 2, 5 and

70wt.%, respectively.

1.4 Characterization of NCH

Figure 1.2 shows various X-ray diffraction spectra. With NCH70 and NCH50, a

clear peak showing the interlayer distance associated with the d (001) plane of

montmorillonite was observed. With NCH30 and NCH15, however, the peak

was weak and took the form of a shoulder. With NCH2, NCH5 and NCH8, no

peak was observed in the measurement range. The inflection point of each

shoulder-shaped feature was defined as the peak of d (001), in order to calculate

the interlayer distance. These results are shown in Table 1.1.

Figure 1.3 shows the surfaces of press-molded NCH and NCC products. NCC

was a composite material prepared by melting and kneading sodium-type

montmorillonite (unorganized type) and nylon 6 using a twin-screw extruder at

250ëC for the purpose of comparing with NCH. The surface of the press-molded

NCH product was smooth, whereas many millimeter-scale aggregates of clay

minerals were seen on the surface of the press-molded NCC product. Further-

more, many bubbles were observed during the molding of the press-molded

NCC product. This was thought to be an effect of water contained in the sodium-

type montmorillonite.

Table 1.1 Basal spacing of NCHs

Content of clay (wt.%) Basal spacing from XRD

NCH2 1.5 ö
NCH5 3.9 ö
NCH8 6.8 ö
NCH15 13.0 12.1
NCH30 26.2 6.0
NCH50 42.8 4.4
NCH70 59.6 2.6
12-Mt 78.7 1.7
Nylon 6 0 ö
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To observe the dispersed state of silicate layers in the NCH more closely, the

press-molded NCH product was observed using a TEM at high magnification.

The results of this observation are shown in Figure 1.4. As shown in this figure,

the cross-sections of the silicate layers have a black, fibrous appearance, and the

silicate layers are uniformly dispersed at a molecular level in the nylon 6 matrix.

It was found that the interlayer distances in NCH15 and NCH30 measured by X-

ray diffraction were nearly equal to those measured by TEM.

The relationship between the interlayer distance ds (d-spacing) in the silicate

layers and the amount of 12-Mt in the NCH was analyzed as follows. If the ratio

1.2 (a) X-ray diffraction patterns of NCH70 and 12-Mt, (b) X-ray diffraction
patterns of NCH15, 30 and 50.
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of the amount of nylon 6 to the amount of 12-Mt is designated R, then Equation

(1.1) holds true:

R � �n � �dsÿ t�=�c � t �1:1�
Here, R is nylon 6/12-Mt (g/g), �n is the density of nylon 6 (1.14 g/cm3), �c is

the density of 12-Mt (1.9 g/cm3), and t is the interlayer distance of 12-Mt

(1.72 nm). Substituting the appropriate numerical values in Equation (1.1),

Usuki and his colleagues obtained:

ds � 2:87R� 1:72 �1:2�
Figure 1.5 shows the ds values calculated using Equation (1.2), as well as

actual measurements, which are slightly lower than the calculated values. These

results show that the silicate layers are dispersed in nylon 6. The fact that the

actual measurements differ from the calculated values indicates that nylon exists

1.3 Surface appearances of NCC and NCH.

1.4 Transmission electronmicrograph of section of NCH (NCH10).
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not only inside, but also outside the layers. The quantity pi, the ratio of the

amount of nylon inside the layers to the total amount of nylon inside and outside

the layers can be calculated using Equation (1.3):

pi � �d0 ÿ 1=dsÿ 1� � 100 �1:3�
In this equation, d0 is the observed interlayer distance, ds is the interlayer

distance calculated using Equation (1.2), and the thickness of a silicate layer is

taken to be 1.

The pi value of NCH15 was 73.0% and that of NCH70 was 97.6%, i.e., the pi

value increased as the amount of 12-Mt increased. These results show that 12-Mt

initiated �-caprolactam polymerization and that most of the nylon was

polymerized between the 12-Mt layers.

Table 1.2 shows the results of measurements of the amount of

montmorillonite and the amount of ±NH2 and ±COOH terminal groups in

each NCH. Figure 1.6 shows the amount of each terminal group plotted relative

to the amount of montmorillonite. With increasing amounts of montmorillonite,

the amount of carboxylic acid groups increased almost linearly, while the

amount of amino groups remained almost unchanged. In addition, the amount

of carboxylic acid groups far exceeded the amount of amino groups in each

NCH. This is thought to be because some amino groups at the N-end of the

nylon molecules combine with the silicate layers of the montmorillonite to form

ammonium ions.

1.5 Relationship between ratio R of nylon 6/12-Mt and basal spacings (ds).
Solid line: observed values, dotted line: calculated from Equation (1.2).
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If the montmorillonite content is Wm (wt.%), the amount CNH3+
(mol/g) of

ammonium groups in NCH can be calculated based on the equivalence between

the montmorillonite's cation exchange capacity (CEC) and the amount of

ammonium groups, as shown in Equation (1.4):

CNH�
3
�Wm� CEC=100 �1:4�

In this equation, CEC is 1.2 � 10ÿ3 eq/g. The relationships between the amino,

carboxylic acid and ammonium groups are defined based on the equivalence

between the N- and C-ends of the nylon 6 molecules, as shown in Equation (1.5):

Table 1.2 End group analysis results for NCHs

Content of CNH2
CCOOH Mn

clay (wt.%) FromCCOOH(103)
From end group

analysis (10-5eq/g)

NCH2 1.5 3.85 5.69 17.2
NCH5 3.9 4.86 9.49 10.0
NCH8 6.8 6.70 14.4 6.34
NCH15 13.0 8.04 22.9 3.80
NCH30 26.2 12.6 44.3 1.66
NCH50 42.8 12.1 70.6 0.81
NCH70 59.6 6.64 86.7 0.466
12-Mt 78.7 ö ö (0.216)a

Nylon 6 0 5.69 5.41 ö

aMolecular weight of12-aminododecanoic acid.

1.6 Relationship between 12-Mt content and end group concentration.
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CNH�
3
� CNH2

� CCOOH �1:5�
in which CNH2

is the amount (mol/g) of amino groups and CCOOH is the amount

(mol/g) of carboxylic acid groups. Therefore, Equation (1.6) can be formulated

from Equations (1.4) and (1.5) as follows:

CNH�
3
� CCOOH ÿ CNH2

�Wm� �1:2� 10ÿ5� �1:6�
Table 1.3 shows the values calculated using Equation (1.6) and the measured

values (CCOOH ÿ CNH2
). As is apparent from this table, both values are in good

agreement. This shows that the N-end of the nylon 6 turns into an ammonium

group and that these ammonium ions combine with ions in the montmorillonite

layers. The number average molecular weight (Mn) of the nylon 6 is expressed

as the inverse of the mole number per gram of nylon 6. The number average

molecular weight Mn of nylon 6 in NCH can be calculated based on the amount,

CCOOH, of carboxylic acid end groups and the montmorillonite content Wm, as

shown in Equation (1.7):

Mn � 1=fCCOOH�100=�100ÿWm��g �1:7�
Table 1.2 shows the results of calculations made using this equation.

The molecular weight decreased as the amount of 12-Mt increased. Assuming

that the carboxylic acid groups in 12-Mt are the only active sites and that the

polymerization reaction progresses without side reactions, the molecular weight

Mn can be expressed by Equation (1.8):

Mnÿ 216 � �1=Cm� � ��1ÿ f �=f � � p �1:8�
in which Cm is the amount of carboxyl groups in 12-Mt (9.6 � 10ÿ4 mol/g), f is

the weight percent of injected 12-Mt, p is the caprolactam conversion rate (%),

and 216 is the molecular weight of 12-aminododecanoic acid in g/mol.

Because �1ÿ f � � p=f � R, Equation (1.8) can also be expressed as:

Mn � �1:04� 103� � R� 216 �1:9�

Table 1.3 Calculated number of anion sites of clay and observed values of
CCOOH-CNH2

CNH3

+ CCOOH-CNH2
(10ÿ5eq/g)

NCH2 1.79 1.84
NCH5 4.64 4.60
NCH8 8.09 7.69
NCH15 15.5 14.9
NCH30 31.2 31.7
NCH50 50.9 58.5
NCH70 70.9 80.1
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Mn values calculated using Equation (1.9) and measured Mn values are shown

in Fig. 1.7.

The slope of the line for the measured Mn values is smaller than that of the

calculated values. This means that there were active sites (e.g., a small amount

of water) other than the carboxylic acid end groups present in the 12-Mt during

polymerization.

1.5 Crystal structure of NCH (Kojima, 1995)

1.5.1 Test specimens for crystal structure analysis

The surfaces of NCH and nylon 6 test specimens (thickness: 3mm each) were

scraped around the center to a depth of 0.5mm. The surfaces of other NCH and

nylon 6 test specimens were scraped to a depth of 1mm. X-ray diffraction

photographs of these test specimens were taken using Laue cameras.

Specifically, the surfaces and insides of these test specimens were subjected

to X-ray diffraction photography in the `through,' `edge' and `end' directions,

and the orientations of the crystals were examined.

The X-ray diffraction intensity of these test specimens was also measured in

the reflection mode. By scraping their surfaces to specified depths, their X-ray

diffraction spectra were measured at each thickness. This process of scraping

and spectrum measurement was repeated to obtain X-ray diffraction spectra at

each different thickness.

1.7 Relationship between ratio R of nylon 6/12-Mt and molecular weight
(Mn). Solid line: observed values, dotted line: calculated from Equation (1.9).
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1.5.2 Alignment of silicate layers in NCH

Figure 1.8 shows X-ray diffraction photographs of the surface and the inside of

NCH. Figure 1.9 shows X-ray diffraction photographs of nylon 6. `Through' labels

a diffraction photograph taken by introducing the X-rays perpendicular to the

molded surface. `Edge' represents a diffraction photograph taken by introducing

the X-rays parallel with the molded surface and perpendicular to the direction of

flow on the molded surface. `End' marks a diffraction photograph taken by

introducing the X-rays in the direction of flow on the molded surface. These

directions are illustrated in Figs 1.8 and 1.9. In these figures, x and y represent the

directions perpendicular and parallel to the surface of the test specimen; y and z

represent the directions perpendicular and parallel to the flow of resin.

In the `end' and `edge' patterns on the surface of the NCH and inside the

NCH, a pair of clear streak diffractions was observed in the horizontal direction

(x-direction), showing that the silicate layers were aligned parallel to the molded

surface. On the surface of the NCH and inside the NCH, the inside streak of the

`end' pattern became a little wider toward the azimuthal angle. This showed that

the alignment of the silicate layers was less orderly inside the NCH than on the

surface.

1.8 X-ray diffraction photographs for the surface and interior of an injection-
moldedNCHbar 3mmthick. Surface and inner layers correspond to the regions
0±0.5 and 0.5±2.5 mm in depth from the bar surface, respectively. The
diffraction photographs are termed through, edge, and end-viewpatternswhen
the X-ray beam was incident on the NCH bar along the x-, y-, and z-axes,
respectively. These are also defined in the figure.
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X-ray scattering measurements were made along the x-direction of the `edge'

pattern in the surface layers. The diffraction spectrum obtained from this

measurement is shown in Fig. 1.10. The strong scattering peak (2� � 25ë) is

thought to be associated with the superposition of the -type planes (020 and

110) of nylon 6. On the other hand, the curve that appears between 2� � 4ë and

10ë is thought to be associated with the clearly-visible streak originating from

the silicate layers of the montmorillonite. The intense clearly-visible streak in

the center of Fig. 1.8 is at 2� � 10ë, which is at almost the same level as the

background. The angle 2� can be explained based on the hypothesis that the

1 nm silicate layers are aligned parallel with the surface of the molded specimen.

The intensity function I�q� of thin layers (thickness: d) is proportional to their
number and projected area in cross-section:

I�q� � Nn2e �sin�qd=2�=�qd=2�� �1:10�
where q is 4� sin �=�, � is the X-ray wavelength, N is the number of silicate

layers aligned in parallel with the surface of the test specimen in the volume

irradiated by the X-ray, and ne is the number of electrons in the silicate layers.

In Equation (1.10), the scattering intensity is 0, which is calculated by

q � 2�=d. When this scattering intensity corresponds to the critical value, 2�,
we have the following:

� � arcsin ��=2d� �1:11�

1.9 X-ray diffraction photographs for the surface and interior of an injection-
molded nylon 6 bar 3 mm thick. For photography conditions see the legend of
Fig. 1.8.
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Substituting 0.1790 nm for � and 1 nm for d in Equation (1.11), we have

2� � 10:3ë, which is approximately consistent with the results of this

experiment. This shows that silicate layers 1 nm in thickness (single layers)

are dispersed.

Equation (1.10) seems to indicate that the streak intensity is proportional to

the amount of silicate layers that exist in parallel with the surface of a test

specimen. Fig. 1.11 shows the relationship between the intensity I(4ë) at 2� � 4ë

and the depth from the surface of the NCH test specimen.

The intensity I(4ë) decreases linearly with increasing depth. However, it

becomes almost constant between 0.8mm and 1.2mm, after which it starts

decreasing again. This means that the amount of silicate layers parallel to the

surface of a molded specimen decreases continuously in the depth direction.

That is, the fluctuations in the alignment of silicate layers in the direction of

resin flow increase as the depth increases. It is estimated from the inside `end'

pattern shown in Figure 1.8 that the maximum intensity of this fluctuation is

�15ë.
The decreased scattering intensity around the center of molded specimens is

thought to be due to disturbances in the alignment caused by silicate layers that

are uniaxially aligned along the flow direction.

1.5.3 Alignment of nylon 6 crystals

The other reflection patterns (except for the reflections off the silicate layers)

shown in the diffraction photographs in Fig. 1.8 are related directly to -type

crystals of nylon 6. There have been some previous reports concerning the -

1.10 X-ray diffraction intensity curve along the x-direction for the edge-view
patterns of the surface layers in Fig. 1.8.
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type crystal structure of nylon 6, for which Bradbury has determined a set of

lattice constants (Bradbury, 1965). Using these lattice constants, unit lattices can

be determined correctly with high reliability.

In this study, the following lattice constants were used: a � 0.482 nm, b �
0.782 nm, and c � 1.67 nm (the molecular chain axis is the c-axis). Although

these constants are basically for monoclinic systems, they allow for ortho-

rhombic approximation. In Fig. 1.8, arcuate reflections are observed in the

`edge' and `end' patterns, while a Debye-Scherrer ring is observed in the

`through' pattern. This shows that nylon 6 crystals are aligned to the surface

layers of the molded NCH specimen in the inside layers. It is found from the

diffraction patterns of the surface layers that nylon 6 crystals are uniaxially

aligned in planes, that the hydrogen-bonding surface (020) or the zigzag plane

(110) of the carbon skeleton is aligned parallel with the surface, and that the

molecular chain axes exist randomly on the surface. On the other hand, the

diffraction patterns of the internal layers were different: the pattern in the `edge'

direction differed from that in the `end' direction. This could be explained by

considering that the molecular chain of the nylon 6 was uniaxially aligned to the

crystals that were perpendicular to the surface of a molded test specimen or the

silicate layers. The following facts support this explanation:

· (002) reflections of 2� � 12:3ë were observed in the x-direction.

· (020) and (110) double reflections of 2� � 25ë were observed in the z-

direction in both `edge' and `end' patterns.

1.11 Scattering intensity, I(4ë),of thestreakduetothesilicatemonolayersparallel
to the bar surface at a scattering angle of 4ë as a function of depth from the bar
surface. The streak is in the x-direction of the edge-viewpattern in Fig. 1.8.
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· (020) and (110) double Debye-Scherrer rings and strong (002) reflections

were not observed in the `through' pattern.

Changes in the alignment of nylon 6 crystals were examined relative to their

depth from the surface of a molded test specimen. Figure 1.12 shows how the

intensity of the (002) reflections changed relative to the depth from the surface of

a molded test specimen. The scattering intensity in the x-direction was measured

by introducing the X-ray beam in the y-direction. As the depth increased, the

intensity increased dramatically. It stopped increasing at 0.5mm, and remained

constant until the depth reached 1.2mm. After the depth exceeded 1.2mm, the

intensity suddenly dropped around the center of the molded specimen. The

change in intensity at 1.2mm depth was approximately consistent with the

observations in the X-ray diffraction photographs of Fig. 1.8. The molecular

chain axes of the crystals near the surface of the molded specimen were parallel

to the surface. Although they were aligned randomly inside the plane, they

changed their orientation toward the direction perpendicular to the surface as the

depth increased. Around a depth of 0.5 mm, they were aligned almost

perpendicularly. The sudden decrease in the (002) reflections around the center

plane was attributed to the uniaxial alignment of the silicate layers along the flow

axis of the resin. Around the center plane of the specimen, the silicate layers were

parallel to the flow axis. The molecular chain axes of the nylon 6 crystals that

were aligned perpendicular to the silicate layers were aligned randomly around

the flow axis, causing the intensity of the (002) reflections to decrease.

1.12 Peak intensity, I(002), of the 002 reflection of -nylon 6 as a function of
depth from the NCH bar surface when the X-ray beam was incident in the y-
direction and the scattering intensity in the x-directionwas scanned.
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The above results show that NCH consists of three layers: a surface layer, an

intermediate layer, and a central layer. Figure 1.13 shows a schematic repre-

sentation of this three-layer structure model. In the surface layer, which is

located from zero depth (surface) to a depth of 0.5mm, silicate layers were

aligned parallel to the surface, and nylon 6 crystals were uniaxially-aligned

along the plane. For example, the (020) or (110) lattice plane was parallel to the

plane. On the other hand, the molecular chain axes were aligned randomly inside

the plane. In the intermediate layer, from a depth of 0.5mm to a depth of

1.2mm, the silicate layers were slightly displaced from the direction parallel to

the surface. This displacement was within �15ë, which was considered rather

large. Nylon 6 crystals were rotated 90ë, and aligned almost perpendicular to the

surface or the silicate layers. They were aligned randomly around the vertical

plane that was perpendicular to the silicate layers. In the center layer, from a

depth of 1.2mm to a depth of 1.8mm, silicate layers existed parallel to the flow-

axis of the resin. Although the nylon 6 crystals were aligned randomly around

the flow axis, the molecular chain axes of each crystal were aligned

perpendicular to the silicate layers.

1.13 End-view diagram of the triple-layer structure model for an injection-
molded NCH bar 3 mm thick. The flow direction during injection-molding is
normal to the plane of the page. Curved arrowswith one head indicate random
orientation around the axis normal to the plane containing the curve. Arrows
with two heads indicate fluctuation.
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1.6 Properties of NCH (Kojima, 1993a)

1.6.1 Mechanical properties

Table 1.4 shows the mechanical properties of NCH along with those of nylon 6

(1013B, molecular weight: 13,000, Ube Industries, Ltd.) for comparison. As is

apparent from Table 1.4, NCH is superior to nylon 6 in terms of strength and

elastic modulus. In the case of NCH5 in particular, the tensile strength at 23ëC is

1.5 times higher than that of nylon 6, the flexural strength at 120ëC is twice that

of nylon 6, and the flexural modulus at 120ëC is about four times as large as that

of nylon 6. However, its impact strength was below that of nylon 6.

The heat distortion temperature of NCH5 increased to 152ëC, i.e., its heat

resistance also improved relative to nylon 6. Fig. 1.14 shows heat distortion

temperatures versus clay content inwt.%. This figure indicates that the heat

distortion temperature is almost at a maximum in NCH5.

The characteristics of the dependency of injection-molded NCH products on

layer thickness have been investigated and reported (Uribe-Arocha, 2003). An

investigation of 0.5, 0.75, 1.0 and 2.0 mm-thick test specimens revealed that the

thicker the product, the lower was the elastic modulus under tension.

1.6.2 Gas barrier characteristics of NCH

Table 1.5 shows a comparison between the gas barrier characteristics of NCH

(with 0.74 vol.% of montmorillonite) and those of nylon 6. The hydrogen

permeability and water vapor permeability coefficients of NCH containing only

0.74 vol.% of montmorillonite were less than 70% of the corresponding

Table 1.4 Properties of NCH and nylon 6

Properties Unit NCH2 NCH5 NCH8 Nylon 6

Tensile strength 23ëC MPa 76.4 97.2 93.6 68.6
120ëC 29.7 32.3 31.4 26.6

Elongation 23ëC % >100 7.30 2.5 >100
120ëC >100 >100 51.6 >100

Tensile modulus 23ëC GPa 1.43 1.87 2.11 1.11
120ëC 0.32 0.61 0.72 0.19

Flexural strength 23ëC MPa 107 143 122 89.3
120ëC 23.8 32.7 37.4 12.5

Flexural modulus 23ëC GPa 2.99 4.34 5.32 1.94
120ëC 0.75 1.16 1.87 0.29

Charpy impact
strength kJ/m2 102 52.5 16.8 >150
(without notch)
Heat distortion ëC 118 152 153 65
temperature
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coefficients for nylon 6, indicating that NCH had superior gas barrier

characteristics.

This gas barrier effect of NCH can be explained by postulating that the added

fillers caused the diffusion paths of the gases to meander, forcing the gases to

follow complicated, tortuous paths through the material, and hence decreasing

the diffusion efficiency.

For gases traveling through NCH, the permeability coefficient of the gas can

be analyzed using a geometrical model for dispersed silicate layers. In NCH, the

silicate layers are aligned nearly parallel with the film surface. According to

Nielsen, the diffusion coefficient D of a liquid or a gas can be calculated using

Equation (1.12) if the liquid or gas is in a composite material in which plate

particles are in a planar orientation:

D � D0=f1� �L=2d�Vg �1:12�

1.14 Dependence of heat distortion temperature on clay content.

Table 1.5 Permeability of NCH and nylon 6

NCH* Nylon 6

Permeability of hydrogen
� 10ÿ11/cm3 � (STP) � cm � cmÿ2 � sÿ1 � cmHgÿ1 1.79 2.57

Permeability of water vapor
� 10ÿ10/g � cmÿ2 � sÿ1 � cmHgÿ1 1.78 2.83

* montmorillonite = 0.74 vol.%
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where D0 is the diffusion coefficient in a matrix, L is the size of one side of a

plate particle, d is the particle thickness, and V is the volume fraction of

particles. Given that L is 100 nm, d is 1 nm, and V is 0.0074, we obtain

D=D0 � 0:73. This value is close to the experimental value obtained for

hydrogen (0.70), and for water (0.63). This shows that the gas barrier

characteristics of NCH should be interpreted as being due to the geometrical

detour effect of the silica layers of the montmorillonite.

1.6.3 Flame retardancy (Gilman, 2000; Kashiwagi, 2004)

It is reported that the nylon 6 clay nanocomposite has flame-retardant properties,

thought to be due to the formation of a heat-protective layer on the surface of

this composite. The analysis of this protective layer revealed that it contained an

organophilic layer consisting of about 80% clay and 20% graphite.

1.6.4 Self-passivation (Fong, 2001)

If the nylon 6 clay nanocomposite is processed in an oxygen plasma, a uniform

passivation film is formed. It was found that as the polymers were oxidized,

highly oblique composites formed, in which the clay concentration increased

toward the surface, and that the clay layers in these composites protected the

polymer. This indicates that the uniform passivation film may prevent

deterioration of the polymers.

1.7 Synthesizing NCH using different types of clay
(Usuki, 1995)

Different types of clay other than montmorillonite (e.g., synthetic mica, saponite

and hectorite) were used to synthesize nylon 6-clay hybrids. The nano-

composites fabricated by using each of these types of clay were called NCHM,

NCHP, and NCHH, respectively.

Silicate layers were uniformly dispersed in NCHM, NCHP, and NCHH at the

molecular level, as in NCH. The thickness of the silicate layers was 1 nm in all

these nanocomposites, but their widths varied depending on the type of clay

used. TEM examination of these materials revealed that the width of silicate

layers in the nanocomposites fabricated using montmorillonite and synthetic

mica were about 100 nm, and that those in the nanocomposites fabricated using

saponite and hectorite were about 50 nm.

Table 1.6 shows the mechanical properties of various nanocomposites. The

tensile strengths of nanocomposites at 23ëC and 120ëC decreased in the following

order: NCH (montmorillonite) > NCHM (synthetic mica) > NCHP (saponite) �
NCHH (hectorite). The heat distortion temperatures of the nanocomposites also

decreased in the same order: NCH > NCHM > NCHP > NCHH.
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To study the differences between the mechanical properties of these

nanocomposites, the interface affinity between clay and nylon 6 was analyzed

by measuring the NMR of nitrogen at the chain end in nylon 6. Because the

concentration of chain-end nitrogens in nylon 6 is extremely low, glycine

(H2NCH2COOH) and hexamethylene diamine (H2N(CH2) 6NH2) were used as

model compounds.

Table 1.7 shows the 15N chemical shifts of glycine-organized clays and

hexamethylene diamine (HMDA). Because glycine contains ampholyte ions in

the neutral state, the chemical shift values of HMDA were used for neutral N.

The 15N chemical shifts of four types of glycine-organized clays were found

to lie midway between those of the highly polar glycine hydrochloride (15.6

ppm) and of neutral HMDA (7.0 ppm).

As the chemical shift moves toward lower fields, the electron density

decreases, i.e., nitrogen is more positively polarized (��). It is thought that if ��

of nitrogen is large, stronger ionic bonding with the negative charge of the

silicate layers of the clay can be realized. Nitrogen in montmorillonite (of the

Table 1.6 Properties of NCH synthesized using 5wt.% organic clay

Properties NCH NCHM NCHP NCHH Nylon 6

Clay Montmorillonite Mica Saponite Hectorite None

Tensile strength 23ëC 97.2 93.1 84.7 89.5 68.6
(MPa) 120ëC 32.3 30.2 29.0 26.4 26.6
Elongation 23ëC 7.3 7.2 >100 >100 >100
(%)
Tensile modulus 23ëC 1.87 2.02 1.59 1.65 1.11
(GPa) 120ëC 0.61 0.52 0.29 0.29 0.19
Heat distortion
temperature (ëC) 152 145 107 93 65
Heat of fusion (J/g) 61.1 57.2 51.5 48.4 70.9
Heat of fusion
(J/nylon 6 1g) 63.6 59.6 53.4 50.4 70.9

g "
Table 1.7 15N-NMR chemical shift of model compounds

Compounds Chemical shift*
(ppm)

Cl-NH3
+CH2COOH 15.6 ionized large

Montmorillonite-NH3
+CH2COOH 11.2

Mica-NH3
+CH2COOH 9.4 partially ��

Saponite-NH3
+CH2COOH 8.4 ionized nitrogen

Hectorite-NH3
+CH2COOH 8.3 atom

HMDA 7.0 neutral small

*ppm relative to 15NH4NO3
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four types of clay) had the largest ��, corresponding to a chemical shift of 11.2

ppm. In the remaining clays, �� decreased in the order: synthetic mica >

saponite � hectorite.

It was inferred from the foregoing results that of all types of clay,

montmorillonite bonded most strongly with nylon 6 and that the bond strength

decreased in the order: synthetic mica > saponite � hectorite. Figure 1.15 shows

the chemical shift of 15N-NMR as an indicator of bond strength versus the

flexural modulus at 120ëC as the central characteristic value. As is apparent from

this figure, the chemical shift and the flexural modulus are closely correlated.

1.8 Improving the synthesis method of NCH

1.8.1 One-pot synthesis of NCH (Kojima, 1993b)

A `one-pot' polymerization method has been proposed. Mixing montmorillonite,

caprolactam and phosphoric acid simultaneously in a glass receptacle and

initiating polymerization can produce NCH quite readily. The dispersion of the

clay minerals and the mechanical properties of specimens produced in this way

were the same as those of specimens made by the polymerization method

described earlier. Successful synthesis of NCH by the one-pot technique

indicates that process times can be shortened.

1.8.2 Melt compounding method (Liu, 1999; Cho, 2001)

Besides the polymerization method, a method of directly mixing nylon polymers

and organophilic clay using a twin-screw extruder was developed. Although clay

1.15 Relation between 15N-NMR chemical shift of model compounds and
tensile modulus at 120ëC of nylon 6-clay nanocomposites.
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minerals were not dispersed sufficiently using a single-screw extruder (screw

speed: 40 rpm, barrel temperature: 240ëC), they could be well dispersed using a

twin-screw extruder (screw speed: 180 rpm, barrel temperature: 240ëC).

Experimental results and mechanical characteristics have been reported by

Toyota CRDL, Allied Signal and the Chinese Academy of Sciences.

1.8.3 Master batch method (Fornes, 2001; Shah, 2004)

To produce composite materials on a commercial basis, the master batch method

of diluting materials and mixing them in specified proportions is widely used. A

case is known in which this method was used to prepare nylon-clay nano-

composites. When high molecular weight grades (Mn � 29,300) of nylon 6 were

used, the level of exfoliation of clay was higher than when low molecular weight

grades (Mn � 16,400) were used. Using this technical knowledge, nylon 6 of

high molecular weight was mixed with 20.0, 14.0 and 8.25%, respectively, of

clay to prepare the master batches. Each master batch of nylon 6 mixed with

clay was diluted using nylon 6 of low molecular weight. The mechanical

properties of the nylon 6-clay nanocomposites prepared in this way were found

to be almost the same as those of nanocomposites produced using the melt

compounding method from nylon 6 of high molecular weight by the addition of

6.5, 4.0 and 2.0%, respectively, of clay.

1.8.4 Wet compounding method (Hasegawa, 2003)

The process of organizing clay using ammonium ions has a considerable impact

on production cost. In order to omit this expensive process, silicate layers of clay

(sodium-type montmorillonite) were uniformly dispersed in a water slurry and

mixed with a molten resin. This method is shown schematically in Fig. 1.16. The

clay slurry was injected into a twin-screw extruder by a pump, and water was

removed under reduced pressure. In this process, a nylon nanocomposite with

uniformly dispersed silicate layers was fabricated successfully. This method

simplified the clay organization process, allowing nanocomposites to be

obtained at low cost. Table 1.8 shows the mechanical properties of this nano-

composite. The heat distortion temperature was somewhat lowered because the

bonding between clay and nylon was not ionic bonding.

1.9 Other types of nylon

After it was verified that nylon 6 could be mixed with clay to make nano-

composites with dramatically improved performance characteristics, the same

synthesis techniques were applied to other types of nylon resins.
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1.9.1 Nylon 6,6 (Liu, 2002)

A nylon 6,6-clay nanocomposite was produced using the melt compounding

method. Co-intercalated organophilic clay was used as the clay base. Na-

montmorillonite was first processed using hexadecyl trimethyl ammonium ions

and epoxy resin, then kneaded using a twin-screw extruder to make a clay

nanocomposite. The amount of  phases increased with increasing clay content.

This was thought to be due to the strong interactions between the nylon 6,6

chains and the surface of the clay layers.

1.16 Schematic depicting the compounding process for preparing
nanocomposites using a clay slurry.

Table 1.8 Properties of NCH

Specimen Clay Tensile Tensile Heat
content strength modulus distortion
(%) (MPa) (GPa) temperature

(ëCat18.5 kg/cm)

Nylon 6 0 69 1.1 75
Synthesized NCH 1.9 76 1.43 118
Melt compounding NCH 1.8 82 1.41 135
Clay slurry compounding NCH 1.6 82 1.38 102
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1.9.2 Nylon 10,12 (Wu, 2002)

1,10-diaminodecane and 1,10-decanedicarboxylic acid were polycondensed in

the presence of an organophilic clay to form a nylon 10,12-clay nanocomposite.

X-ray diffraction and TEM observations revealed that the clay layers were

exfoliated and uniformly dispersed in nylon 10,12. The speed of crystallization

of the nanocomposite was higher than that of nylon 10,12. Furthermore, the

tensile strength and the elastic modulus in tension were improved, and the

amount of absorbed water was decreased through improvement of the

nanocomposite's barrier characteristics.

1.9.3 Nylon 11 (Liu, 2003)

A nylon 11-clay nanocomposite was prepared using the melt compounding

method. X-ray diffraction and TEM observations showed that this technique

formed an exfoliated nanocomposite at low concentrations of clay (less than

4wt.%) and that a nanocomposite with both exfoliated and intercalated clay

layers was formed at high clay concentrations. TGA, DMA and tensile tests

showed that the thermal stability and mechanical properties of the exfoliated

nanocomposite were superior to those of the intercalated nanocomposite

material (with higher clay content). The superior thermal stability and

mechanical properties of the exfoliated nanocomposite were attributed to the

organophilic clay being dispersed stably and densely in the nylon 11 matrix.

1.9.4 Nylon 12 (Kim, 2001)

12-aminododecanoic acid (ADA) was polycondensed in the presence of a clay

organized with ADA to form a nylon 12-clay nanocomposite.

1.10 Conclusions

A variety of polyamide (nylon) nanocomposites have been developed and many

of these now have practical applications. Nylon-clay nanocomposite materials

containing small amounts of clay minerals exhibit high performance and robust

gas barrier properties and have attracted attention worldwide from major

chemical manufacturing companies in this field. There are a number of expected

applications:

· resin materials for molding; in particular, automotive components that require

enhanced hardness characteristics

· use in thin-film materials; especially, food-packing films

· use in rubber materials that require barrier performance; particularly, hoses

for automotive use
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· use in resin components for domestic electrical appliances that require flame

resistance.

1.11 Future trends

1. Clay (nanoscale clay) can be used for the reinforcement of various resin

materials and can replace glass fiber reinforcement materials.

2. The reinforcement mechanism has yet to be clarified, and therefore,

industry/government-academia collaborations will help create new

materials.
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2.1 Introduction

In the late 1930s Pierre Castan of Switzerland and Sylvian Greenlee from the

United States independently synthesized the first bisphenol-A epichlorohydrin-

based resin material. A few years later in 1946, the first industrially-produced

epoxy resins were introduced to the market. Since then, the use of thermosetting

polymers has steadily increased. The wide variety of epoxy resin applications

include: coatings, electrical, automotive, marine, aerospace and civil

infrastructure as well as tool fabrication and pipes and vessels in the chemical

industry. Due to their low density of around 1.3 g/cm2 and good adhesive and

mechanical properties, epoxy resins became a promising material for high

performance applications in the transportation industry, usually in the form of

composite materials such as fibre composites or in honeycomb structures. In the

aerospace industry, epoxy-composite materials can be found in various parts of

the body and structure of military and civil aircrafts, with the number of

applications on the rise. A recent approach to improve and diversify polymer

properties in the aerospace industry is through the dispersion of nanometer-

scaled fillers in the polymer matrix.1 A significant number of academic and

industrial projects have investigated the possibility to further improve epoxy

resins (and in some cases composites or other binary systems) through the

strategy of producing nanocomposites. This chapter reviews the published work

on the use of layered silicates and other nanofillers to improve epoxy resin

systems.

The term `epoxy resin' refers to both the prepolymer and its cured resin/

hardener system. The former is a low molecular weight oligomer that contains

one or more epoxy groups per molecule (more than one unit per molecule is

required if the resultant material is to be crosslinked). The characteristic group, a

three-membered ring known as the epoxy, epoxide, oxirane, glycidyl or

ethoxyline group is highly strained and therefore very reactive. Epoxy resins can

be cross-linked through a polymerization reaction with a hardener at room

temperature or at elevated temperatures (latent reaction). Curing agents used for

2
Epoxy nanocomposites based on layered silicates

and other nanostructured fillers
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room temperature cure are usually aliphatic amines, whilst commonly-used

higher temperature, higher performance hardeners are aromatic amines and acid

anhydrides. However, an increasing number of specialized curing agents, such

as polyfunctional amines, polybasic carboxylic acids, mercaptans and inorganic

hardeners are also used. All of these result in different, tailored properties of the

final polymer matrix. In general, the higher temperature cured resin systems

have improved properties, such as higher glass transition temperatures, strength

and stiffness, compared to those cured at room temperature.

Figure 2.1 illustrates the simplified cure reaction of an epoxy resin with an

amine hardener.2 The two different functional groups react during the initial

conversion (Reaction I) and form a linear or branched polymer. The addition of

the primary amine to an epoxide group leads to the formation of a hydroxyl

group and a secondary amine, which continues until the primary amine groups

are exhausted. Reaction II illustrates the crosslinking through the addition of

secondary amines with epoxy groups, where the macromolecules develop a

three-dimensional network. One of the most common side reactions is

etherification (Reaction III), where a hydroxyl group reacts with an epoxide

group, forming an ether linkage and a further hydroxyl group. The extent to

which etherification takes place during cure depends on the structure and

chemistry of the resin and hardener, as well as the cure conditions. When the

branched structures extend throughout the whole system, the gel point is

reached. At this characteristic point, the crosslinked resin does not dissolve in a

suitable solvent of the parent resin, although a soluble (sol) fraction may still be

extractable. Further, diffusion-controlled cure is required to increase the degree

2.1 The three possible main reactions during cure of an epoxy resin with an
amine ± (I) primary amine-epoxy addition, (II) secondary amine-epoxy
addition, (III) etherification2 (from Chiao, L., (1990) Macromolecules 23:
1286).
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of crosslinking and to finally produce a structural material with a mechanical

modulus of a vitrified or glassy solid material. The point at which the glass

transition temperature of the growing network reaches the cure temperature is

known as vitrification.

2.2 Epoxy-layered silicate nanocomposites

The use of nanostructured fillers in epoxy systems has gained significant

importance in the development of thermosetting composites. One of the more

widely studied nanocomposite strategies is the incorporation of layered silicates

into the epoxy matrix. In comparison to other nanoparticles to be discussed later

in this review, layered silicates belong to a unique group of nanofillers with only

one dimension on the nanometer scale. The individual platelets of this filler are

slightly below 1 nm in thickness, and the diameter of the platelets varies between

200 and 600 nm, these fillers being distinguished from other nanoscaled

additives by their high aspect ratio.

Layered silicate minerals belong to the structural group of swelling

phyllosilicates or smectites. This group of minerals consists of periodic stacks

of layers, which form tactoids between 0.1 and 1�m.3 The crystal lattice of the

individual silicate platelets is composed of two tetrahedral silica sheets that are

merged at the tip to a central octahedral plane of alumina or silica4,5. Due to this

repeating structure, these minerals are also often referred to as 2:1 phyllo-

silicates. Determined by isomorphous substitution of central anions of lower

valences in both the tetrahedral and the octahedral plane, the layered silicates

have a negative charge on their surfaces. This negative charge is counter-

balanced by inorganic cations located in the interlayers or galleries. Further

details about the crystallography of layered silicates can be found in the

literature.4,5

2.2.1 Layered silicate surface modification

The untreated smectite mineral is strongly hydrophilic and hence is not suitable

for the absorption of most organic molecules. It is the exchange reaction of the

interlayer ions with organophilic ions that modify and tailor the layered silicates

for the use as polymer filler. The key parameter for the modification of a layered

silicate is its charge density, which determines the concentration of exchange-

able ions in the galleries. Studies by Lan et al.6 and Kornmann et al.7 showed

that layered silicate minerals with cation exchange capacities (CEC) of 60±

100mol-equivalent/100 g of the mineral (such as montmorillonite and hectorite

minerals) gave better exfoliation after modification and cure compared to other

clay minerals with higher CEC values. It has been theorized, that the differences

in the degree of separation are related to the space available to the epoxy within

the ion-populated silicate layers. Further details about the absorption of organics
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through cation exchanged layered silicates8,9 and the particular modification

process of layered silicates for epoxy nanocomposite applications10±17 can be

found in the literature.

Another determining factor for the control of organoclay-epoxy interaction

during in-situ polymerization is the nature of the interlayer exchanged ion. The

number and the structure of these ions determine the initial space available and

hence the accessibility of the resin/hardener monomers to the layered silicate

galleries. Lan et al.6 varied the alkylammonium ion chain length of the layered

silicate modification from 4 to 18 units. Investigation of the d-spacing of the

organoclay showed that both the swelling of the clay by the resin before cure

and the intercalation during cure were affected by the chain length of the

interlayer exchanged ion. A minimum of eight methylene units was required to

achieve nanocomposite formation in the final structure. Wang and Pinnavaia13

showed that the acidity and therefore the ability of the interlayer exchanged ion

to act as a catalyser for the cure (and homopolymerization reaction) plays a key

role in the nanocomposite formation. In their work it was shown for a series of

primary to quaternary octadecylammonium modified layered silicates that the

higher BroÈnsted-acid catalytic effect of the primary and secondary alkyl-

ammonium ions gave larger interlayer increases during the cure process. A

general overview of the intercalation process before and during cure is provided

in Section 2.2.3.

2.2.2 Rheology of epoxy layered silicate network precursors

Whilst layered silicates are a relatively new type of filler to improve the

materials performance of crosslinked thermosets, these minerals have been

widely used for flow modification of coatings and paints, primarily to induce

thixotropic behaviour. Organophilic layered silicates are widely known for their

ability to swell in organic fluids and form a thixotropic gel. Mardis18 related

thixotropy to the dispersed silicate platelets forming a three-dimensional net-

work in the fluid via interplate hydrogen bonds of low bond energies. If there are

high shear forces during processing, these are able to overcome the secondary

bonding forces between platelets and the viscosity of the coating is close to that

of a coating without the additive. At rest the bonds reform rapidly, thereby

increasing the viscosity of the coating. Pignon et al.19 have investigated this

thixotropic behaviour in more detail for a water-laptonite dispersion. This will

be further discussed below, in reference to the behaviour of epoxy resins and

layered silicates.

The rheological behaviour of organoclay-filled epoxy resins prior to cure can

significantly influence the processing of the nanocomposite and therefore the

properties of the final material. Becker et al.20,21 investigated the effect of an

octadecyl-ammonium modified layered silicate on the viscosity of three epoxy

resins with different structures and functionalities (DGEBA, TGAP, TGDDM).

32 Polymer nanocomposites



Steady and dynamic shear rheology tests were conducted at concentrations of 0±

12.5% organoclay and temperatures of 40ëC. The results showed very little

deviation of the resin/clay blends from Newtonian flow behaviour. Noticeable

yield stress was found for layered silicate concentrations of 10% and above, this

effect being strongest in the case of the highly viscous, tetrafunctional TGDDM

resin. As illustrated in Fig. 2.2, all suspensions investigated in this study showed

an increase in the d-spacing of the layered silicate from initially 23 to 39AÊ � 0.5.

Le Pluart et al.22 investigated the rheological properties of three different

organoclays on a DGEBA resin system, as well as a Jeffamine D-2000 hardener

before cure. Results showed that the rheological properties of the suspensions

strongly depend on the interactions between the monomer and the layered

silicate. Those systems which showed significant interactions with a d-space of

around 3.4 nm after swelling, formed weak gels, because the clay becomes well

separated. When high shear forces are applied these monomer/layered silicate

blends behave as high relative viscosity fluids. In contrast, suspensions with low

interactions between the monomer and the layered silicates cause gel-like

behaviour, but have a much lower viscosity when sheared because of poor

monomer-clay interaction (note: strong and weak, in this context, refers to the

strength of the gel, not of the monomer-clay interaction). The strength or

otherwise of the gels in these studies was experimentally characterized by

measurement of shear modulus (G0). The issue is also related to percolation, with
weaker interacting systems (stronger gels) having a lower percolation threshold

(and thus the particles, a higher effective volume fraction). These high aspect

ratio particles are most often seen when the system is broken down. The

2.2 XRD traces of neat organically modified layered silicate (OLS) and OLS/
epoxy resin blends21 (Figure 6, page 1688,Becker,O., Sopade, P,Bourdonnay,
Halley P.J., Simon, G.P (2003) Polym. Eng. Sci. 43: 1683).
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converse is true of a strongly interacting monomer-clay systems (weak gel) in

which the particles are well-dispersed and further broken down by shear. This

mode is represented diagrammatically in Fig. 2.3.

2.2.3 Formation and microstructure of epoxy nanocomposites

The synthesis of polymer nanocomposites can be divided into three main

classes, i.e. melt intercalation, intercalation of the polymer from solution and in-

situ polymerization. Whilst synthesis via melt intercalation is not applicable to

thermosetting systems, a few reports were made on the epoxy nanocomposites

formation from solution,23,24 mainly as a way to get intimate mixing or to

2.3 Structure of nanoclays in epoxy resin with (a) poor clay-epoxy interaction,
strong gel, no shear, (b) strong clay-epoxy interaction, weak gel, no shear, (c)
poor clay-epoxy interaction, strong gel, shear, (d) strong clay-epoxy
interaction, weak gel, shear22 (Figure 12, page 217, Le Pluart, L., Duchet, J.,
Sautereau, H., Halley, P., Gerard, J.- F. (2004)Applied Clay Science 25: 207).
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achieve higher clay loadings. However, the most common process to synthesize

epoxy layered silicate nanocomposites is via the in-situ polymerization, where

the clay is pre-intercalated by the epoxy resin and then the resin is caused to

react after the addition of a hardener. The basic principle behind the formation

of an epoxy nanocomposite is that the resin and hardener monomers are able to

enter the galleries between the platelets of the layered silicate tactoids. This is

encouraged by appropriate organophilic modification of the layered silicate,

where the inorganic cations in the galleries have been exchanged by

organophilic cations.

Epoxy layered silicate nanocomposite formation has been widely discussed in

the literature and may be summarized as follows: if the nature and polarity of the

layered silicate gallery matches that of the resin and hardener monomer, the

molecules will move into the layered silicate galleries, a process often referred to

as intercalation. During this intercalation, the clay layers are moved slightly

apart. This process is limited by a thermodynamic equilibrium between the sur-

face energy of the layered silicate and the polarity of the swelling monomers.6,7

Curing reaction in the galleries changes this equilibrium and enables further

reactive monomers to diffuse into the galleries and further increase the interlayer

distance. Since the interlayer reaction competes with the polymerization outside

the clay galleries, it is necessary that the silicate modification also act as a

catalyst for the interlayer reaction. If the silicate layers are further pushed apart

by the incoming material, a `true' nanocomposite may result, with the individual

silicate platelets fully dispersed, exfoliated or delaminated within the polymer

matrix. The structure of the final composite material thus depends on various

factors, such as the nature of the clay interlayer ion and the polymer, as well as

reaction conditions, i.e. reaction temperature and mixing conditions in case of an

in-situ polymerized nanocomposite. Figure 2.4 illustrates two examples of

transmission electron microscopy (TEM) images taken from highly intercalated

or orderly exfoliated epoxy nanocomposites. The general requirements to achieve

the formation of epoxy nanocomposites were established by the group of

Pinnavaia et al.3 In brief, the nature of the layered silicate and the interlayer

exchanged ion, the cure conditions and the resin and hardener chemistry are the

key factors controlling the final composite structure.

Recent work by Park and Jana25 expanded on this process by noting that

polymerizing networks may store up elastic energy, which pushes against the

interacting clay layers, the mobility of the layers themselves inhibited by the

viscosity of the reacting monomer sitting outside the clay layers at any given

time. The force balance thus involves the attractive clay-organo-ion adhesion

and, importantly, interaction between the organo-ions themselves, and is

illustrated in Fig. 2.5. Such a build-up in energy of the cure inside the gallery

means that entropy increases to a point that this counterbalances the attractive

energies and the clay expands. The rate of build up of this so-called recoil

energy is slow in slow curing systems because molecules have longer to relax as
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2.4 TEM images of epoxy layered silicate nanocomposites: diglycidyl ether of
bisphenol A/diethyltoluene diamine/octadeclammonium (left) and
tetraglycidyldiamino diphenylmethane/diethyltoluene diamine/
octadeclammonium (right).

2.5 Schematic of various states of intercalation and exfoliation (a) organo-
treated clay alone, (b) intercalated epoxy (c) force balance on tactoid
consisting of two layered silicate sheets25 (Figure 1, page 2760, Park, J.H.,
Jana, C.J. (2003)Macromolecules 36: 2758).
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curing progresses. An important part of the understanding put forward is that the

surface layers become removed first in a sequential manner, and that, in fact,

they peel off from the edges because of the flexibility of the clay. Importantly,

Park and Jana showed that manipulating and indeed matching, the intra- and

extra-gallery reactions by addition of the chloride of the organic modifier

changes the degree of exfoliation very little ± demonstrating a reduced import-

ance of surface treatment to what was previously thought.25 With regards to the

mechanism of formation of the nanocomposite, it was found (see data in Fig.

2.6) that if the ratio of shear modulus to complex viscosity (representing the

recoil forces against viscous resistance) were greater than or equal to 2±4 sÿ1,
the clay layers could be pushed apart and exfoliation occurred.

Kong and Park26 added further to the understanding with some elegant, real-

time X-ray diffraction studies, which allowed the monitoring of changes in d-

spacing with reaction. They found that slower curing rates (due to less reactive

amines as indicated by their electronegativities, pKa) or increased cure

temperatures led to better exfoliation. It was found for the system investigated

that the d-spacing occurs at a certain point (after approximately 9 minutes, see

Fig. 2.7) when a sudden peak at 3.4 nm occurs. This indicates that the change in

d-spacing can occur quite quickly and that simple diffusion alone of monomer

into the galleries is not sufficient to push the clay apart, but rather that the elastic

build-up described above by Park and Jana25 is required. Indeed, three step-

2.6 Relationship between storage modulus and viscosity as a function of cure
with the standard epoxy resin (glycidyl ether of bisphenol A) with Jeffamine
D230 (denoted P in the legend) or with DDS (denoted D in the legend). The
numbers in the legend reflect the cure temperatures in ëC.25 (Figure 14, page
2765, Park, J.H., Jana, C.J., (2003)Macromolecules 36: 2758).
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changes occur throughout cure (Fig. 2.8). The first is due to intercalation by the

layered silicate of the epoxy monomer, the second is due to expansion of layers

due to some early (organo-ion catalysed) epoxy reaction and the third is due to

reaction and crosslinking within these clay layers.

It has been mentioned already and generally found that there are many factors

influencing the degree of dispersion of the nanocomposites formed and these

have recently been summarized by Becker and Simon.27 Factors found to

improve exfoliation include: lower charge density on the clays, a sufficiently

long alkyl ammonium chain length, the use of primary or secondary onium ions

and higher cure temperatures. These factors all relate to increased ability of the

monomer to enter the clay and for the reaction between the clay layers to be

promoted over that outside the galleries.

2.7 Time-resolved, isothermal SAX measurements for samples of DGEBA and
an alkyl ammonium (18 units)-treated layered silicatewith the scan times (from
bottom) of 0, 3, 6, 9, 12, 15, 22.5, 30 and 60 minutes).26 (Figure 4(b), page
422, Kong, D., Park, C.E. (2003)Chemistry ofMaterials 15: 419).
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2.2.4 Other strategies of layered silicate nanocomposite
synthesis

A few other strategies for the synthesis of epoxy nanocomposites can be found

in the literature. Brown et al.23 and Salahuddin et al.24 used acetone as a low-

boiling solvent to enhance the processability of the network precursors. In both

studies, the solvent is used as a processing aid only, i.e the acetone is removed

under vacuum before thermal cure is initiated. Whilst the work by Brown et al.

did not show any impact on the properties of the material after cure,23 the

processing aid allowed the production of highly filled epoxy nanocomposite

systems, as reported by Salahuddin et al.24

Triantafillidis et al.28,29 reduced the amount of organic modifier in the layered

silicate by treating the clay mineral with diprotonated forms of polyoxypropylene

diamines of the type �,!-[NH3CHCH3CH2(OCH2CHCH3)xNH3]
2+, with x� 2.6,

5.6, and 33.1. The amine modifier played a triple role of polymerization catalyst,

curing agent and surface modifier. This strategy greatly reduced the plasticizing

effect of the modifier, which can often be found with mono-amine modified

layered silicates. Further, improved mechanical properties are reported for the

resulting nanocomposites.

Recent work by Ma et al.30 has shown some very promising results to achieve a

disorderly exfoliated nanocomposite structure for the first time, by modifying the

2.8 Changes in interlayer clay spacing (d), as a function of cure at various
temperatures (120, 130 and 140ëC).26 (Figure 9, page 423, Kong, D., Park,
C.E. (2003)Chemistry ofMaterials 15: 419).
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layered silicate with a diamine hardener and precuring the organically modified

layered silicate with the epoxy resin in suspension. In this reported work, the clay

mineral was treated with an M-xylylenediamine hardener, where one amine group

was previously converted into a cation in an acetic environment. The ±NH3
+ group

could then be grafted to the negatively charged silicate surfaces in a water/layered

silicate suspension. In a further step, dimerization between DGEBA and the free

amine group of the surface modifier was initiated. After evaporation of any water

present in the system, the blend was cured with stoichiometric amount of 4-

aminophenyl sulfone (DDS). The reaction mechanism is illustrated in Fig. 2.9.

TEM images of the resulting composite appeared to show a very disordered,

exfoliated arrangement of the silicate platelets in the polymer matrix. The physical

properties of this new material are yet to be reported.

Chen et al.31 and Wang et al.32,33 reported another approach of highly

exfoliated epoxy nanocomposite synthesis using an organoclay slurry to improve

the silicate layer dispersion. In the work by Wang et al., the pristine clay was

first swollen in water and than transferred into a clay-acetone slurry, including

several steps to separate the water from the slurry. The slurry was further treated

with low quantities of a coupling agent, (3-aminopropyl)trimethoxysilane,

blended with some epoxy resin and separated from the acetone at 50ëC under

vacuum and cured with the respective resin/hardener. TEM images of these

materials revealed a well (disorderly) dispersed nanocomposite structure.

Similar structural results were achieved in the work of Chen et al.31 using

2,4,6-tris-(dimethylaminomethyl) phenol (DMP-30) as a clay surface modifier

and cure accelerator and an acetone-layered silicate slurry.

2.2.5 Mechanical properties

In the early work on epoxy nanocomposites it was reported34 that flexible resin

systems with a low glass transition temperature showed greater improvement in

mechanical properties upon forming nanocomposites, than those systems

exhibiting higher glass transitions. A summary of improvement in mechanical

properties of epoxy nanocomposites in both the rubbery and the glassy state is

reported in this section.

Fracture properties

It is often stated in the literature35 that toughening of a polymer matrix through

incorporation of an additional phase occurs within a specific size range of the

reinforcing filler. Hence, the silicate platelets in a fully dispersed (disordered

exfoliated) arrangement would nominally be too thin to provide toughening of

the polymer matrix. In contrast, the lateral, micron-sized structure of intercalated

layered silicate tactoids can provide this toughening, mainly through a crack

bridging mechanism and increased fracture surface area. Zerda and Lesser35
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2.9 Reactionmechanism betweenM-xylylenediamine, sodiummontmorillonite,
followed by ingress of DDS hardener and epoxy resin30 (Figure 1, page 758,Ma,
J., Yu, Z.-Z., Zhang, Q.-X., Xie X.-L., Mai, Y.-W., Luck, I. (2004) Chemistry of
Materials16: 757).
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investigated the fracture properties of intercalated diglycidylether of bisphenol

A (DGEBA)/Jeffamine D230 layered silicate nanocomposites. The stress

intensity factor, KIC, a common indicator of the fracture properties, of these

materials showed significant improvements at layered silicate contents of 3.5%

in weight and above. The KIC increased from initially 0.9MPa/m2 for the neat

system to 1.5MPa/m2 (3.5wt.% organically-modified layered silicate).

Generally, there has been good correlation in the literature between the

degree of intercalation or exfoliation, respectively, and the correlating fracture

toughness. The group of MuÈlhaupt12,17,37 as well as Becker and Simon38,39

provided much data underpinning the correlation between the nanoscale

dispersion of layered silicate and the corresponding mechanical properties. Zilg

et al.12 showed for various anhydride cured DGEBA layered silicate nano-

composites using different layered silicate minerals and modifications, that a

well dispersed intercalated epoxy nanocomposites primarily improves the

toughness, whilst the exfoliated state more likely reinforces the stiffness of the

materials. Recently, FroÈhlich et al.17 synthesized series of anhydride cured

epoxy nanocomposites with glass transition temperatures above 100ëC. In their

work, two types of phenolic imidazolineamides were used for the layered

silicate modification. Although the interaction between the layered silicate

modification and the polymer was low, some systems showed a decreased d-

spacing in the composite compared to the modified mineral, and a steady

increase in fracture toughness (KIC) was observed for all systems investigated.

The creation of additional surface areas on crack propagation is assumed to be

the primary factor for the improvement in fracture toughness. SEM images of

nanocomposites fracture surfaces35 showed a tortuous path of crack propagation

around areas of high silicate concentration in the nanocomposite compared to

the neat system. Recently, Wang et al.32 reported the formation of a large

number of microcracks and the increase in fracture surface area as a result of

crack deflection as the major toughening mechanism for their investigated

nanocomposite systems. Similar images were presented for nanocomposites

based upon an unsaturated polyester.40

Flexural and tensile properties

Since the pioneering work by Messersmith and Giannelis41 and Lan and

Pinnavaia34 showed significant improvement in the flexural properties of epoxy

nanocomposite systems, the modulus of these materials has probably been the

most widely-reported mechanical property. Messersmith and Giannelis41 reported

an increase in flexural modulus by 58% in the glassy state for a nadic methyl

anhydride-cured DGEBA system containing 4% by volume of layered silicate.

The same system showed an improvement in modulus by some 450% in the

rubbery state. Pinnavaia et al.34 caused more than a 1000% increase in strength

and modulus of an epoxy nanocomposites system containing an unusually high
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concentration of 15% CH3(CH2)17NH3
+ modified montmorillonite. As discussed

previously with regards to Zilg's work,12 these results also identify that the degree

of exfoliation significantly determines the surface area of the particles in the

matrix, with higher layer separation thus yielding more rigidity. Wang et al.3

showed, for a series of magadiite/epoxy/Jeffamine 2000 nanocomposites, the

nature in which tensile strength improved in relation to the degree of exfoliation.

It is assumed34 that the platelet particles align under strain in the rubbery

polymer matrix, and form an arrangement with properties similar to a longer

fibre in a fibre composite. This reinforcing mechanism would also explain the

rather small improvement found for glassy epoxy nanocomposites with high

glass transition temperatures. Kornmann et al.37 reported an increase in Young's

modulus by 38% for a 4,40diaminodiphenyl sulfone (DDS) cured tetra-glycidyl

4,40diaminodiphenyl-methane (TGDDM) containing 3.8% of well intercalated

layered silicate. Similar results were found by Becker et al.38,39 for a series of

different diethyltoluene diamine (DETDA) cured glassy epoxy resin systems

(DGEBA, TGAP, TGDDM).

2.2.6 Barrier properties and solvent uptake

It is reported in the literature that layered silicate-based polymer nano-

composites show improved barrier properties compared to the neat polymer

matrix. Such an improvement in barrier properties of these materials is often

explained by the presence of a more torturous path that the respective molecules

have to traverse because of the dispersed silicate layers. However, only a few

reports on barrier properties of thermosetting layered silicate nanocomposites

can be found in the literature. Gensler et al.42 investigated the water vapour

permeability of a hexahydrophtalic anhydride-cured DGEBA nanocomposite,

containing organically modified hydrotalcite as a platelet, nanostructured filler.

Results for the water permeability of the intercalated nanocomposites showed a

five to tenfold reduction at filler concentrations of between 3 and 5wt.%.

A study by Shah et al.43 on the moisture diffusion of a (non-epoxy) vinyl

ester resin-based layered silicate nanocomposite also reported a decreased

moisture diffusivity of the nanocomposite, ascribed to the restricted mobility of

the polymer chains tethered to the clay particles. A reverse effect, however,

could be observed for the equilibrium water uptake of one of the two fillers

investigated. The equilibrium water uptake of a vinyl-monomer containing clay

nanocomposites increased from 0.012% (neat resin) to 0.021 (5% clay). The

water uptake of the other, an alkyl ammonium-treated montmorillonite clay,

Cloisite 10A, remained relatively unaffected by the filler addition. The increase

of the first nanocomposites system was related to the strong, hydrophilic

behaviour of the clay, which remains to some degree in the surface treated state.

Becker et al.44 investigated the water uptake of a series of highly crosslinked

(high performance) epoxy nanocomposites containing 0±10% of a commercially
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available modified layered silicate, Nanomer I30E. The equilibrium water

uptake of all nanocomposites investigated in this study was reduced compared to

the neat epoxy systems, whilst the rate of diffusion remained unaffected. Figure

2.10 illustrates an example of the % water uptake as a function of sorption time

for a series of triglycidyl p-amino phenol/diethyltoluene diamine/Nanomer I30E

nanocomposites. The variation in water uptake was related to the amount of

bound water, rather than free water located in potential micro voids of the

material. Massam et al.45,46 have shown reduced absorption of methanol,

ethanol and propanol for a glassy DGEBA-based epoxy layered silicate

nanocomposite. The pristine polymer, for example, absorbed 2.5 times more

propanol compared to the respective nanocomposites system. It was further

shown in this study that the mechanical properties of the neat epoxy system were

more affected (reduced) than those of the nanocomposites. It was found that the

barrier to solvent uptake increased with increasing exfoliation.

2.2.7 Thermal and flame retardation properties

The effect of the addition of clay on the glass transition has shown a variety of

behaviours, depending on the system used. An increase in Tg has been

observed,6 whilst others found a reduction.47 Increases have been ascribed to

retardation of molecular motion due to interaction with the high surface area

platelets, whilst a decrease was explained by plasticization of the organo-ion, to

2.10 Water sorption curve of a series of triglycidyl p-amino phenol/
diethyltoluene diamine nanocomposites containing different concentrations
of octadeclammonium-layered silicate (OLS)44 (Figure 2, page 190, Becker,
O., Varley, R. J., Simon, G. P., (2004) Eur. Polym. J. 40: 187).
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disruption of the crosslinked structure, enhanced etherification or entrapment of

unreacted monomer.37 A more sophisticated view of this has been proposed

recently by Lu and Nutt48 and is illustrated in Fig. 2.11. This theory divides the

molecular structure into three regions: Domain I: a slowly relaxing domain

which is confined to the clay layers where the epoxy molecules are tethered to

clay or organo-ions. Domain II: a region of faster motion where the material is

isolated from the bulk and from the tethered state, and thus relaxes faster (due to

a lack of such interactions) and has been observed particularly in thermoplastic

nanocomposites, such as by NMR.49 The final region (Domain III) is the bulk

material, which has the same glass transition as if there were no added layered

silicate. The ability to manipulate the size of these relative areas will vary the

effect on Tg. Clearly greater exfoliation will result in a lack of fast relaxation

Region II, and thus lead to the same or higher value. Since most epoxy

nanocomposites do in fact show an intercalated structure, it is not surprising that

most work has shown a decreased glass transition. Likewise, the mix of clay

intercalation and exfoliation will lead to a broadness of relaxation.

At higher temperatures, thermal stability becomes an issue. This relates to

degradation of both the organo-ion, as well as the epoxy resin. Most of the

published work on the thermal stability of epoxy layered silicate nano-

composites to date is based on the widely used epoxy resin DGEBA.13,50±52 The

technique of thermogravimetric analysis (TGA) is often applied to investigate

the degradation resistance to heat of such materials. Park et al.50 found an

increased activation energy of decomposition and an increased temperature

value at which the maximum weight loss occurred. Lee and Jang51 reported a

shift in the onset of thermal decomposition towards higher temperatures for

intercalated epoxy nanocomposite synthesized by emulsion polymerization of

unmodified layered silicate, as indicated by TGA (in a nitrogen atmosphere). In

2.11 The domain-relaxation model of Lu and Nutt, which contains material
which is attached to the platelets (I), confined between platelets (II) or in the
bulk (III).48 (Figure 6, page 4015, Lu, H., Nutt, S. (2003)Macromolecules 36:
4010).
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their study on the thermal degradation of DGEBA-based nanocomposites

containing 2 and 10% octadecylammonium modified montmorillonite, Gu and

Liang52 found that the 10% nanocomposite had the lowest degradation

temperature, whereas values for the nanocomposites containing 2% organo-

modified clay were higher than the neat resin.

Wang and Pinnavaia13 also found improved thermal stability with increasing

layered silicate concentration. Comparison of TGA measurements of inter-

calated and exfoliated organically modified magadiite-based nanocomposites

showed a low temperature weight loss at about 200ëC for the intercalated

system, indicative of the thermal decomposition of the clay modifier, whilst the

exfoliated nanocomposite did not show such a low onset temperature for weight

loss. It was proposed that the interlayer exchanged ions were incorporated into

the polymer network. However, the application of organically-modified layered

silicates in high performance thermosetting systems with initially good thermal

resistance and high Tgs may induce degradation of the compatibilizer at elevated

temperatures and therefore decrease the thermal stability of the overall material.

Becker et al.44 recently reported slightly decreased onset temperatures for the

thermal degradation of a series of high-performance epoxy nanocomposites.

Cone calorimetric measurements of these systems53 showed an improvement in

fire retardancy as indicated by a reduced peak release rate. Cone calorimetry

determines fire relevant properties such as heat release rate (HRR) and carbon

monoxide yield during combustion of the material using oxygen depletion-based

calorimetry. Gilman et al.54,55 have conducted a thorough study of the flamm-

ability of layered silicate-based thermosetting nanocomposites. The improved fire

properties of epoxy layered silicate nanocomposites is often related to improved

barrier properties and the torturous path for volatile decomposition products,

which hinders diffusion out of the material54,55 as well as diffusion of oxygen in.

A typical heat release rate curve for a neat epoxy system and the respective

layered silicate nanocomposite, is shown in Fig. 2.12.55 Both peak and average

heat release rate, as well as mass loss rates, are all significantly improved

through the incorporation of the nanoparticles. In addition, no increase in

specific extinction area (soot), CO yields or heat of combustion is noticeable.

However, the mechanism of improved flame retardation is still not clear and no

general agreement exists as to whether the intercalated or exfoliated structure

leads to a better outcome.56 The reduced mass loss rate occurs only after the

sample surface is partially covered with char. The major benefits of the use of

layered silicates as a flame retardation additive is that the filler is more

environmentally-friendly compared to the commonly used flame retardants and

often improves other properties of the material at the same time. However,

whilst the layered silicate strategy is not sufficient to meet the strict require-

ments for most of its application in the electrical and transportation industry, the

use of layered silicates for improved flammability performance may allow the

removal of a significant portion of conventional flame retardants.55
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2.3 Epoxy-nanocomposites based on other
nanofillers

A limited number of other instances of epoxy resins containing nanofillers have

been discussed in the literature. Sue et al.57,58 investigated the use of �-zirconium
phosphate, Zr(HPO4)2�H2O, a synthetic layer-type filler similar to the mont-

morillonite structure, as a nanostructured filler for epoxy systems. The layer

structure of this material is formed by zirconium atoms, which are connected to

the oxygen atoms of the phosphate group, with three oxygen groups contributing

to the layer formation and the hydroxy-group facing the interlayer space. In their

work, the �-zirconium phosphate was organically modified with a commercially

available monoamine terminated polyether, Jeffamine M715. Composites

containing 5.5 wt.% (1.9 vol.%) �-zirconium phosphate were synthesized using

DGEBA/DDS as a polymer matrix. The resultant panels had a clear appearance,

with no visible aggregations. TEM micrographs of the nanocomposites structure

showed good dispersion of the platelets in an (ordered) exfoliated structure, the

aspect ratio of the 0.75 nm thick platelets in the polymer estimated to be about

100±200. Dynamic mechanical measurements showed a significant decrease in

Tg from 227ëC for the neat material, to 90ëC for the nanocomposites. Although a

2.12 Heat release rate data forDGEBAepoxy resin curedbymethylenedianiline
(MDA) with and without 6wt.% clay. The clay was a montmorillonite treated
with dimethyl ditallow ammonium ions. The cone calorimeter was run at a heat
flux of 35 kW/m2.54 (Figure 14.8, page 261 in Gilman, J.W., Kashiwagi, T.,
Nyden,M., Brown, J. E. T., Jackson,C. L., Lomakin, S., Giannelis, E. P.,Manias,
E. (1999), `Flammability studies of polymer layered silicate nanocomposites:
Polyolefin, epoxy, and vinyl ester resins', in Chemistry and Technology of
Polymer Additives, Ak-Malaika, S., Golovoy, A., Wilkie, C. A. (eds) Malden,
MA: Blackwell Science, pp. 249±65.
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decrease in Tg has been reported previously for glassy layered silicate-based

nanocomposites systems, as mentioned above, the order of magnitude of this

decrease is unusually high. The authors57 proposed that the reduction in Tg is

related to side reactions between the excess amount of monoamine modifier and

the DGEBA. Investigations of the mechanical properties showed that the

modulus of the nanocomposites is increased by 1GPa (from an initial value of

2.9 GPa, to 3.9 GPa), albeit with a drastic reduction in ductility and a slightly

reduced stress intensity factor (toughness).

Wetzel et al.59 synthesized a series of Al2O3 nanocomposites based on a

commonly-used cycloaliphatic polyamine-cured DGEBA resin system. The

alumina filler is a dry powder, which consists of micron sized clusters of

spherical particles with an average diameter of about 13 nm. The particles were

dispersed in the resin using high shear forces under vacuum to additionally

remove entrapped air. Investigation of the mechanical properties of the

homogeneously dispersed composites showed a maximum in improvement for

alumina concentrations of 2%. It was found that the filler simultaneously

improved toughness (impact energy) and modulus of the epoxy. The improved

properties were related to energy dissipating mechanisms (matrix shear yielding,

crack pinning and particle pull out). Incorporation of a third, micron-sized phase

(CaSiO3) further improved the modulus and wear properties. Improvement was

related to trans-particulate fracture.

Pan et al.60 have synthesized a PbS epoxy resin nanocomposite through

precipitation of the PbS/resin monomer in an aqueous environment. The

precipitated emulsion was cured after isolating the PbS containing resin

emulsion from solvents and solvated salts. TEM images of the final material

revealed a flocculated composite, with individual particles of an estimated

diameter of 7 nm according to XRD measurements.

2.4 Ternary epoxy nanocomposite systems

During the last fifteen years, the industrial and academic research in the field of

polymer nanocomposites has grown dramatically and some promising results

have been discovered. Lately, the increased knowledge in this area along with

the promising results reported for this new class of materials has encouraged

researchers to take the nanocomposite strategy a step further, incorporating it as

a supplementary additive in combination with other phases such as fibres,

rubbers or hyperbranched polymers.

2.4.1 Ternary composites containing layered nanoparticles and
a rubbery phase

Lelarge et al.61 investigated a ternary epoxy nanocomposite system involving

DGEBA cured with poly(propylene glycol) bis (2-amino-propyl ether) as the
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resin matrix, CTBN-rubbers (1300 � 8 and 1300 � 13) of differing polarity and

a surface-treated octadecyl ammonium organo-ion montmorillonite as the

nanostructured filler. Whilst the clay and epoxy formed a highly intercalated

structure with d-spacings greater than 70AÊ , this was reduced in the final ternary

systems since not all rubber phase separated in the curing epoxy system and

some remained soluble in the crosslinked matrix. Figure 2.12 shows that in the

ternary blend, the clay remains in the epoxy-rich phase, while the rubber phase

separated into fine particles away from the layered silicates. Flexural testing

showed that the clay was able to retrieve some of the modulus lost by rubber

addition. Whilst toughness of the resin increased with the addition of clay or

rubber alone, the effect was not synergistic and the toughness of the ternary

system was intermediate between that of the binary clay and the rubber epoxy

system.

Another ternary system, consisting of DGEBA/triethylenetetramine/organo-

treated-montmorillonite nanocomposites where the layered silicate was

modified with the widely-used methyl, tallow, bis-2-hydroxyethyl quaternary

ammonium ion and polyether polyol was investigated by Isik et al.62 As with the

work by Lelarge et al.,61 both binary systems showed an improvement in

toughness of the material, whilst the combination of the two did not show a

further synergistic increase. The addition of layered silicate to the ternary system

causes a decrease in impact strength, although still generally greater than the

neat epoxy/amine system. The modulus was similar or slightly greater than the

values of the neat resins, although the highest polyol concentrations (even at

high clay concentrations) caused reduced values.

FroÈhlich et al.63,64 also investigated the combined use of compatibilized

liquid rubber and organophilic rendered layered silicate to achieve simul-

taneous dispersion of rubber and layered silicate and improve toughness and

stiffness of different epoxy resin systems. The investigation of a hexa-

hydrophtalic acid anhydride-cured bisphenol A diglycidyl ether (BADGE)

containing bis(2-hydroxyethyl) methyldodecylammonium and methyl stearate

modified triol (PPO) rubber64 showed that the PPO-stearate did not affect the

intercalation of the layered silicate. Both the binary and the ternary

nanocomposites showed an interlayer distance of 2.94 nm after cure, with the

ternary system also containing phase-separated, spherical rubber particles of

50±200 nm when the liquid rubber concentration exceeded 9wt.%. The best

results with respect to the toughness/stiffness balance were achieved in the

ternary systems with a separated polymer phase and higher amounts of layered

silicate. These materials have shown improvement in fracture toughness by

300% compared to the neat resin, with slight reduction in toughness by about

10%. FroÈhlich et al.63 also investigated a high-performance resin system

(DGEBA/TGDDM mixture, cured with DDS) containing organically modified

fluorohectorite and compatibilized liquid six arm star rubber, poly(propylene

oxide-block-ethylene oxide), PPO. Morphological studies of the resulting
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material showed an intercalated clay particle structure along with separated

PPO spheres distributed in the polymer matrix. Whilst stiffness of these

materials was slightly increased, the strength was improved by 20%, which

was mainly ascribed to the impact of the layered silicates on the resin.

Interestingly, all the PPO-containing systems (both binary and ternary) showed

reduced fracture toughness (KIC) when compared to the neat DDS-cured epoxy

system.

Sue et al.58 incorporated the layered �-zirconium phosphate particles

described above, into a ternary epoxy nanocomposites system, containing a

preformed core-shell rubber (CSR) with a rubber core size of 90 nm and an

epoxy-compatible, random copolymer shell of 10±20 nm. The use of core-shell

rubber means that the rubber particle size can be controlled and is hence not

affected by the addition of other particles. Further, this rubber-toughening

strategy has the additional benefit that no soluble rubber will remain in the

epoxy phase. Comparison between the epoxy/CSR system and the ternary

system shows that the addition of the layered filler is able to compensate the

loss in modulus, which can usually be observed in rubber-toughened epoxy

systems. Table 2.1 illustrates the properties of the different epoxy systems (M

indicating the Jeffamine modifier, �-ZrP the zirconium phosphate and CSR the

core shell rubber). Surprisingly, the fracture toughness, as indicated by the

measure of KIC, showed no improvement in the binary epoxy/M-�-ZrP
composite and only moderate improvement in the binary epoxy/CSR system.

However, when both fillers are combined in the epoxy matrix, a significant

increase in KIC was observed. The weak delamination strength of intercalated

�-ZrP leads to preferential delamination and crack propagation along the �-ZrP

particles, whilst the main toughening mechanism in the ternary phase was the

usual rubber particle cavitation, followed by matrix shear banding. However,

the synergistic effect of the combined system on improving toughness is not

fully understood.

Recently, Balakrishnan and Raghavan65 investigated the tensile properties

of an acrylic rubber containing DGEBA/pyridine/octadecylamine layered

Table 2.1 Properties of epoxy, epoxy CSR, epoxy nanocomposites and ternary
epoxy/CSR nanocomposites58

Neat epoxy M-epoxy Epoxy/ M-Epoxy/ Epoxy/
M-�-ZrP CSR M-�-ZrP/

CSR

Tg (ëC) 227 129 124 129 124
Modulus (GPa) 2.85 3.10 3.97 2.56 3.77
Tensile strength (MPa) 69.4 89.7 103.4 78.8 93.3
Elongation at break (%) 3.5 7.1 6.3 6.5 6.6
KIC (MPam0.5) 0.76 0.69 0.70 0.92 1.64
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silicate nanocomposite containing 5.5% clay and 15% acrylic rubber

dispersant. It was assumed that the improvement in strength, modulus and

failure strain in the ternary phase were related to the stress-transfer capability

of the layered silicate particles, as well as rubber particle cavitation and plastic

flow and yielding of the matrix due to rubber particles. Ratna et al.66

considered the use of a rubbery hyperbranched epoxy resin as a toughening

agent. Both, toughened epoxy and ternary nanocomposites were synthesized

using DGEBA/diethylene diamine as a resin matrix and epoxy functional

dendritic hyperbranched polymer (Boltorn E1, Perstorp Speciality Chemicals,

Sweden), which consists of a highly branched aliphatic polyester backbone

with an average of 11 reactive epoxy groups per molecule. The ternary system

further contained octadecyl ammonium modified montmorillonite as the

nanostructured filler. The microstructure of the ternary composite consisted of

regions of highly intercalated layered silicate (d-spacing 90±100AÊ ) and

spherical hyperbranched epoxy particles of 0.8±1�m. Both the clay and the

hyperbranched polymer show improved toughness of the epoxy matrix. Once

again, however, there is no synergistic effect and in the ternary blend the

overall toughness is less than the toughness of the hyperbranched polymer/

epoxy system alone.

2.4.2 Ternary systems with other nanoadditives

The impact of nano-scaled aluminium oxide, Al2O3, particles on the

mechanical properties of a thermoplastic reinforced polyethylene

terephthalate/O-benzene dicarboxyl anhydride-cured bisphenyl A type epoxy

resin was investigated by Cao et al.67 Samples were synthesized using 16 parts

of polyester, 100 parts of epoxy and different concentrations of the Al2O3 filler

with an average particle length of 40 nm and an average diameter of 10 nm.

PET was used not only as a toughening phase, but also to increase the viscosity

before cure, and therefore improve processability, by reducing particle

sedimentation and agglomeration. TEM images of the cured composite

showed that the nanoparticles were only located in the polyester phase.

Addition of the PET improved the impact strength from initially 6.9 kJ/m2 to

16.4 kJ/m2, the tensile strength from 36.7MPa to 67.9MPa and the modulus

from 2.5 to 2.8GPa. Incorporation of the nano-aluminium oxide further

improved the impact strength and tensile strengths. Optimal properties can be

observed at about 8% concentration, where the impact strength is increased by

110% and the tensile strength by 45%. The elastic modulus increased steadily

as a function of filler within the investigated range up to 25%. The

improvement was related to the higher rigidity of the filler compared to the

binary matrix. The ternary material further exhibited good dielectric properties

and slightly increased glass transition temperatures.
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2.4.3 Epoxy composites containing fibres and a
nanostructured filler

Ternary epoxy, fibre, layered silicate nanocomposites

Rice et al.68 presented the first results for a ternary carbon fibre epoxy nano-

composite based on a bisphenol F/epichlorhydrin epoxy resin/layered silica

matrix. Investigation of the matrix-dominated properties of the composite

through four-point flexure measurements showed no significant increase in z-

directional properties. Only minor improvement was found for a fibre composite

with low organoclay concentration. Composite systems containing higher

organoclay concentrations even showed a decrease in flexural strength. The

reduced performance was due to an increased void content in the matrix. The

work showed that understanding the resin flow, kinetics and gel times are

essential to improve the composite materials, as the effect of the carbon fibre

upon the dispersion and exfoliation of the layered silicate is significant and

apparently determined by the method of fabrication.

Becker et al.69 investigated the mechanical properties of a series of DGEBA/

diethyltoluene diamine/unidirectional carbon fibre composites that contain 0±

7.5% octadecyl ammonium modified layered silicate. Mode I fracture toughness

measurements showed improved in-plane resistance as indicated by the

increased test load (+25% at 7.5% OLS compared to the neat system) and an

increased GIC initial (of 50% for the same comparison). Scanning electron

microscopy images of the fracture surfaces revealed increased fracture surface

area in the layered silicate containing composite. The increased surface area is

indicative of a distorted path for the crack tip due to the platelets that make the

crack propagation more difficult. Similar observations were reported previously

for binary epoxy/layered silicate nanocomposites35,40 and are found also to

apply in composite systems. It is assumed, that it is the lateral micron dimension

of stacks of layers that interact with the growing crack tip and hence improve the

delamination properties.

Haque et al.70 synthesized plain weave S2-glass fibre epoxy nanocomposites

using a vacuum assisted resin infusion moulding process. The materials used for

composite synthesis are a bisphenol-A/bisphenol-F blend and a cycloaliphatic

amine hardener, with the required low viscosity for the process, an organically

modified layered silicate I.28E by Nanocor and plies of the above mentioned

glass fabric. Ternary composites of low layered silicate concentration (1% by

weight) showed improved interlaminar shear strength by 44%, flexural strength

by 24% and fracture toughness of 23% along with an increase in decomposition

temperature by 26ëC, when compared to the neat glass fibre composite.

Improvement was related to the increased interfacial surface areas and bond

characteristics. Interestingly, the mechanical properties decreased at clay

concentrations of 5% by weight and above, which was related to phase-

separated structures and defects in the crosslinked structures.
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Ternary nanocomposites containing epoxy, long fibres and nanoparticles

Chisholm et al.71 investigated the use of micron (1�m) and nanostructured

spherical SiC particles with a diameter of 29 nm as a supplementary toughener

of carbon/epoxy composites. The matrix resin used was SC-15, a mixture of

DGEBA (60±70%), aliphatic diglycidylether (10±20%) and epoxy toughener

(10±20%), by Applied Poleramic and a hardener consisting of cycloaliphatic

amine (70±90%) and polyoxylalkylamine (10±30%). Ternary carbon fibre epoxy

composites containing micron or nano-sized SiC particles of 0, 1.5 and 3%)

were produced using satin weave carbon fibre preforms in a vacuum assisted

resin transfer moulding process. The comparison showed that the nano-sized

reinforcement of fibre composites gave better improvement in mechanical and

thermal properties when compared with similar concentration of the micron

sized filler. An optimum in improvement was found for concentrations around

1.5% by weight of the nanometer-sized SiC. At this load, the tension and

flexural properties were improved by 20 to 30%. Improvement was related to

enhanced cross-linking due to catalytic effects of the filler, as well as the ability

of the filler to plug voids, thereby reducing void content in the matrix resin.

2.5 Future trends

Epoxy nanocomposites have stimulated much interest in this new area of

nanotechnology, because of the ease of manufacture and the significant gain in

properties. This review has shown potential for the different types of

nanocomposites to have a range of benefits from increased modulus, strength,

fracture toughness, impact resistance, gas and liquid barrier properties, flame

retardance and wear properties, all at moderately low concentrations of about

0.5±5% by weight. Such low concentrations imply that there is little impact on

processing of the materials in terms of their processing behaviour although

additional mixing and specific processing steps may be required to achieve the

required dispersion of the nanoscaled filler.

Work in this field continues to be active, with ternary systems becoming

more widely reported, with other materials such as rubber, thermoplastics or

fibres being present alongside the epoxy matrix and nanofiller. Other synergies

likewise need to be explored between nanoparticles, with the addition of non-

structural (but functional) additives such as flame retardants, since this is one of

the most important, ongoing requirements in the transportation industries. In this

vein, the effect of nanoparticulate addition on properties which take into account

the increasingly high performance demanded of composites such as exposure to

aggressive environments such as heat and moisture, needs to be investigated.

Another crucial area in the development of these new materials is the effect of

nanoparticle addition on their fatigue properties, particularly as a function of

environmental conditions.
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3.1 Introduction

From the last decade of the twentieth century one of the rapidly growing areas

for the use of plastics is packaging. Convenience and safety, low price and good

aesthetic qualities are the most important factors determining rapid growth in the

use of plastics for manufacturing of packing. Recently, out of total plastic

production, 41% is used in packing industries, and of these 47% are used for the

packing of foodstuffs.1 These are generally made from polyolefins, polystyrene

(PS), poly(vinyl chloride) (PVC), etc., are mostly produced from fossil fuels,

consumed and discarded into the environment, ending up as spontaneously

undegradable wastes. That means that a total of 40% of packaging refuse is

practically eternal, and the question of what to do with plastics refuse is

becoming a global environmental problem.

There are two approaches that can be used for protecting the environment

from these plastic wastes: The first of these is the storage of wastes at landfill

sites. But because of very fast development of society, satisfactory landfill sites

are also limited. Moreover, burial of plastics wastes in landfill is a time bomb,

with today's problems being shifted onto the shoulders of future generations.

The second approach can be divided into two steps: incineration and

recycling. Incineration of plastic wastes always produces a large amount of

carbon dioxide and creates global warming, and sometimes produces toxic

gases, which again contribute to global pollution. On the other hand, recycling

seems to solve the problem, even though it requires considerable expenditure of

labour and energy: removal of plastics wastes, separation according to the types

of plastics, washing, drying, grinding and, only then, reprocessing to final

product. So this process makes packaging more expensive and the quality of the

recycled plastic is also lower than that of the material produced directly by the

primary manufacturer.

Given this background, there is an urgent need for the development of green

polymeric materials that would not involve the use of toxic or noxious

components in their manufacture and could degrade in the natural environment.
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For these reasons, throughout the world today, the development of

biodegradable materials with balanced properties has been a subject of much

research within the community of materials scientists and engineers.

Preparation of blends or conventional composites using inorganic or natural

fillers, respectively are among the routes to improve some of the properties of

biodegradable polymers. Thermal stability, gas barrier properties, strength, low

melt viscosity, and slow biodegradation rate are among the properties to be

controlled. Nano reinforcements of biodegradable polymers have strong promise

in designing eco-friendly green nanocomposites for several applications. A

fairly new area of composites has emerged in which the reinforcing material has

the dimensions in nanometric scale. Such composites are called nanocomposites.

One of the reasons for this attention is that due to the `nano-scale' dispersion,

even with very low levels of nanofillers (= 5wt.%), which results in high aspect

ratio and high surface area, the reinforcement efficiency of nanocomposites can

match that of conventional composites with 40 to 50% of loading of classical

fillers. Currently various nano reinforcements are being developed, but the most

heavily researched type of nanocomposites uses layered silicate clay mineral as

the reinforcing phase.2 Because of its easy availability, low cost and more

importantly it is environmental friendly.2

This chapter highlights the major developments in this area during the last

decade. The various techniques used to prepare biodegradable polymers/layered

silicate nanocomposites, their physicochemical characterization, and the improved

mechanical and materials properties, their biodegradability, processing, and future

prospect of biodegradable nanocomposites will be discussed.

3.2 Definition and categories of biodegradable
polymers

Biodegradable polymers are defined as those that undergo microbially induced

chain scission leading to the mineralization. Specific conditions in terms of pH,

humidity, oxygenation and the presence of some metals are required to ensure

the biodegradation of such polymers. Biodegradable polymers may be made

from bio-sources like corn, wood cellulose, etc. or can also be synthesized by

bacteria from small molecules like butyric acid or valeric acid that give

polyhydroxybutyrate (PHB) and polyhydroxyvalerate (PHV). Other biodegrad-

able polymers can be derived from the petroleum sources or may be obtained

from mixed sources of biomass and petroleum. The best known petroleum

source-derived biodegradable polymers are aliphatic polyester or aliphatic-

aromatic copolyesters, but biodegradable polymers made from renewable

resources like polylactides (PLA) are attracting much more attention because of

greater eco-friendliness in their origin in contrast to the fully petroleum-based

biodegradable polymers and maintenance of carbon dioxide (CO2) balance after

their composting.
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3.3 Properties and drawbacks of biodegradable
polymers

Most biodegradable polymers have excellent properties comparable to many

petroleum-based plastics, are readily biodegradable, and may soon be competing

with commodity plastics. So, biodegradable polymers have great commercial

potential for bio-plastic, but some of the properties such as brittleness, low heat

distortion temperature, low gas permeability, low melt viscosity for further

processing, etc., restrict their use in a wide range of applications. Therefore,

modification of the biodegradable polymers through innovative technology is a

formidable task for materials scientists. On the other hand, nano reinforcement

of pristine polymers to prepare nanocomposites has already proven to be an

effective way to improve these properties concurrently.2 So, preparation to

processing of biodegradable polymer-based nanocomposites, that is, green

nanocomposites are the road to the future and considered as the next generation

of materials.

3.4 Polymer/layered silicate nanocomposite
technology

Recently, the utility of inorganic nanoparticles as additives to enhance the

polymer performance has been established. Various nano reinforcements

currently being developed are nano-clay (layered silicates),2±6 cellulose nano-

whiskers,7 ultra fine layered titanate,8 and carbon nanotubes.9±11 Carbon

nanotubes, however, are the most promising of the new nanomaterials. Carbon

nanotube-based polymer composites are poised to exhibit exceptional

mechanical, thermal and electrical properties.11

Of particular interest are polymer and organically modified layered silicate

(OMLS) nanocomposites because of their demonstrated significant enhance-

ment, relative to an unmodified polymer resin, of a large number of physical

properties, including barrier, flammability resistance, thermal and environ-

mental stability, solvent uptake, and rate of biodegradability.2 These improve-

ments are generally attained at lower silicate content (� 5wt.%) compared to

that of conventional filled systems. For these reasons polymer/OMLS nano-

composites are far lighter in weight than conventional composites, and this

makes them competitive with other materials for specific applications.

Furthermore, the nanoscale morphology affords opportunity to develop model

systems consisting entirely of interfaces, and to study the structure and dynamics

of confined and tethered chains using conventional bulk characterization

techniques such as differential scanning calorimetry, thermally stimulated

current, rheology, NMR and various kinds of spectroscopy.12±15

The main reason for these improved properties in nanocomposites is the

nanometer scale of the dispersed fillers and the interfacial interaction between
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matrix and OMLS as opposed to conventional composites.16 Layered silicates

have layer thickness in the order of 1 nm and very high aspect ratios (e.g. 10±

1000). A few weight percent of OMLS that are properly dispersed throughout

the matrix thus create a much higher surface area for polymer filler interactions

than do conventional composites. On the basis of the strength of the polymer/

OMLS interaction, structurally two different types of nancomposites are achiev-

able (see Fig. 3.1): (i) intercalated nanocomposites, where insertion of polymer

chains into the silicate structure occurs in a crystallographically regular fashion,

regardless of polymer to OMLS ratio, and a repeat distance of few nanometers,

and (ii) exfoliated nanocomposites, in which the individual silicate layers are

separated in polymer matrix by average distances that depend totally on the

OMLS loading.

One successful method to prepare polymer/layered silicate nanocomposites is

to intercalate polymers into the silicate galleries. Generally, intercalation of

polymer chains into the silicate galleries is done by using one of the following

three approaches:

1. Insertion of suitable monomers in the silicate galleries and subsequent

polymerization.17±18 In this method, the layered silicate is swollen within

the liquid monomer, or a monomer solution, so the polymer formation can

occur between the intercalated sheets. Polymerization can be initiated either

by heat or radiation, by the diffusion of a suitable initiator, or by an organic

initiator or catalyst fixed through cation exchange inside the interlayer

before the swelling step.

2. Direct insertion of polymer chains into the silicate galleries from solution.19

This is based on a solvent system in which the polymer is soluble and the

3.1 Structure of layered silicate and schematic illustration of twodifferent types
of thermodynamically achievable polymer/layered silicate nanocomposites.
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silicate layers are swellable. The layered silicate is first swollen in a solvent,

such as chloroform. When the polymer and layered silicate solutions are

mixed, the polymer chains intercalate and displace the solvent within the

interlayer of the silicate. Upon solvent removal, the intercalated structure

remains, resulting in nanocomposite. The thermodynamics involved in this

method are described in the following. For the overall process, in which

polymer is exchanged with the previously intercalated solvent in the gallery,

a negative variation in the Gibbs free energy is required. The driving force

for the polymer intercalation into layered silicate from solution is the

entropy gained by desorption of solvent molecules, which compensates for

the decreased entropy of the confined, intercalated chains.20 Using this

method, intercalation only occurs for certain polymer/solvent pairs. This

method is good for the intercalation of polymers with little or no polarity

into layered structures, and facilitates production of thin films with

polymer-oriented clay intercalated layers. However, from an industrial point

of view, this method involves the use of copious amounts of organic

solvents, which are usually environmentally unfriendly and economically

prohibitive.

3. Melt intercalation.21±25 Recently, the melt intercalation technique has

become the standard for the preparation of polymer/layered silicate nano-

composites and is also quite compatible with the recent industrial

techniques. During polymer intercalation from solution, a relatively large

number of solvent molecules have to be desorbed from the host to accom-

modate the incoming polymer chains. The desorbed solvent molecules gain

one translational degree of freedom, and the resulting entropic gain

compensates for the decrease in conformational entropy of the confined

polymer chains. Therefore, there are many advantages to direct melt inter-

calation over solution intercalation. For example, direct melt intercalation is

highly specific for the polymer, leading to new hybrids that were previously

inaccessible. In addition, the absence of a solvent makes direct melt

intercalation an environmentally sound and an economically favourable

method for industries from a waste perspective.

This process involves annealing a mixture of the polymer and OMLS

above the softening point of the polymer, statically or under shear.26 While

annealing, the polymer chains diffuse from the bulk polymer melt into the

galleries between the silicate layers. A range of nanocomposites with

structures from intercalated to exfoliate can be obtained, depending on the

degree of penetration of the polymer chains into the silicate galleries. So far,

experimental results indicate that the outcome of polymer intercalation

depends critically on silicate functionalization and constituent interactions.

The present authors observe that (a) an optimal interlayer structure on the

OMLS, with respect to the number per unit area and size of surfactant

chains, is most favorable for nanocomposite formation, and (b) polymer
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intercalation depends on the existence of polar interactions between the

OMLS and the polymer matrix.

In order to understand the thermodynamic issue associated with

nanocomposite formation, Vaia et al.20.26 applied a mean-field statistical

lattice model, reporting that calculations based on the mean-field theory

agree well with experimental results. Details regarding this model and

explanation are presented in Vaia et al.20 Although there is an entropy loss

associated with the confinement of a polymer melt with nanocomposite

formation, this process is allowed because there is an entropy gain asso-

ciated with the layer separation, resulting in a net entropy change near to

zero. Thus, from the theoretical model, the outcome of nanocomposite

formation via polymer melt intercalation depends primarily on energetic

factors, which may be determined from the surface energies of the polymer

and OMLS.

3.5 Structure and properties of layered silicates

The commonly used layered silicates for the preparation of polymer/layered

silicate (PLS) nanocomposites belong to the same general family of 2:1 layered-

or phyllosilicates (see Fig. 3.1).27 Their crystal structure consists of layers made

up of two tetrahedrally coordinated silicon atoms fused to an edge-shared

octahedral sheet of either aluminum or magnesium hydroxide. The layer

thickness is around 1 nm, and the lateral dimensions of these layers may vary

from 30 nm to several microns or larger, depending on the particular layered

silicate. Stacking of the layers leads to a regular van der Waals gap between the

layers called the interlayer or gallery. Isomorphic substitution within the layers

(for example, Al+3 replaced by Mg+2 or Fe+2, or Mg+2 replaced by Li+1)

generates negative charges that are counterbalanced by alkali and alkaline earth

cations situated inside the galleries. This type of layered silicate is characterized

by a moderate surface charge known as the cation exchange capacity (CEC), and

is generally expressed as mequiv/100 gm. This charge is not locally constant, but

varies from layer to layer, and must be considered as an average value over the

whole crystal.

Montmorillonite, hectorite, and saponite are the most commonly used layered

silicates for the preparation of nanocomposites. Layered silicates have two types

of structure: tetrahedral-substituted and octahedral-substituted. In the case of

tetrahedrally-substituted layered silicates the negative charge is located on the

surface of silicate layers, and hence, the polymer matrices can interact more

readily with these than with octahedrally-substituted material.

Two particular characteristics of layered silicates that are generally con-

sidered for PLS-nanocomposites are the ability of the silicate particles to

disperse into individual layers, and the ability to fine-tune their surface

chemistry through ion exchange reactions with organic and inorganic cations.
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These two characteristics are, of course, interrelated since the degree of disper-

sion of layered silicate in a particular biopolymer depends on the interlayer

cation. Pristine layered silicates usually contain hydrated Na+ or K+ ions.28

Obviously, in this pristine state, layered silicates are only miscible with hydro-

philic polymers, such as poly(ethylene oxide) (PEO),19 or poly(vinyl alcohol)

(PVA).29 To render layered silicates miscible with biodegradable polymer

matrices, one must convert the normally hydrophilic silicate surface to an

organophilic one, making the intercalation of many polymers possible.

Generally, this can be done by ion-exchange reactions with cationic surfactants

including primary, secondary, tertiary, and quaternary alkylammonium or

alkylphosphonium cations. Alkylammonium or alkylphosphonium cations in the

organosilicates lower the surface energy of the inorganic host and improve the

wetting characteristics of the polymer matrix, and result in a larger interlayer

spacing. Additionally, the alkylammonium or alkylphosphonium cations can

provide functional groups that can react with the polymer matrix, or in some

cases initiate the polymerization of monomers to improve the adhesion between

the inorganic and the polymer matrix.30,31

3.6 Techniques used for the characterization of
nanocomposites

Generally, the state of dispersion and exfoliation of nanoparticles has typically

been established using X-ray diffraction (XRD) analysis and transmission

electron micrographic (TEM) observation. Due to its easiness and availability

XRD is most commonly used to probe the nanocomposite structure2±6 and

occasionally to study the kinetics of the polymer melt intercalation.32 By

monitoring the position, shape, and intensity of the basal reflections from the

distributed silicate layers, the nanocomposite structure (intercalated or

exfoliated) may be identified. For example, in an exfoliated nanocomposite,

the extensive layer separation associated with the delamination of the original

silicate layers in the polymer matrix results in the eventual disappearance of any

coherent X-ray diffraction from the distributed silicate layers. On the other hand,

for intercalated nanocomposites, the finite layer expansion associated with the

polymer intercalation results in the appearance of a new basal reflection

corresponding to the larger gallery height.

Although XRD offers a convenient method to determine the interlayer

spacing of the silicate layers in the original layered silicates and in the

intercalated nanocomposites (within 1±4 nm), little can be said about the spatial

distribution of the silicate layers or any structural nonhomogeneities in

nanocomposites. Additionally, some layered silicates initially do not exhibit

well-defined basal reflections. Thus, peak broadening and intensity decreases

are very difficult to study systematically. Therefore, conclusions concerning the

mechanism of nanocomposites formation and their structure based solely on
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XRD patterns are only tentative. On the other hand, TEM allows a qualitative

understanding of the internal structure, spatial distribution and dispersion of the

nanopartilces within the polymer matrix, and views of the defect structure

through direct visualization. However, special care must be exercised to

guarantee a representative cross section of the sample.

Both TEM and XRD are essential tools33 for evaluating nanocomposite

structure. However, TEM is time-intensive, and only gives qualitative informa-

tion on the sample as a whole, while wide-angle peaks in XRD allow quantifi-

cation of changes in layer spacing. Typically, when layer spacing exceed 6-7 nm

in intercalated nanocomposites or when the layers become relatively disordered

in exfoliated nanocomposites, associated XRD features weaken to the point of

not being useful. However, recent simultaneous small angle X-ray scattering

(SAXS) and XRD studies yielded quantitative characterization of nanostructure

and crystallite structure in some nanocomposites.34±35

3.7 Biodegradable polymers and their
nanocomposites

3.7.1 Biodegradable polymers from renewable resources

Biodegradable polymers from renewable resources have attracted much atten-

tion in recent years.36 Renewable sources of polymeric materials offer an alter-

native to maintaining sustainable development of economically and ecologically

attractive technology. The innovations in the development of materials from

biodegradable polymers, the preservation of fossil-based raw materials,

complete biological degradability, the reduction in the volume of garbage and

compostability in the natural cycle, protection of the climate through the

reduction of carbon dioxide released, as well as the application possibilities of

agriculture resources for the production of green materials are some of the

reasons why such materials have attracted academic and industrial interest. So

far the following renewable sources based biodegradable polymers have been

used for the preparation of nanocomposites: polylactide (PLA),37±64 poly(3-

hydroxy butyrate) (P3HB)65 and its copolymers,66 thermoplastic starch,67±73

plant oils,74±76 cellulose,77 gelatine,78 Chitosan,79±80 etc. In this section the

synthesis and characterization of renewable sources-based biodegradable

polymers/layered silicate nanocomposites are summarized.

PLA and its nanocomposites

Ogata et al.37 first prepared PLA/OMLS blends by dissolving the polymer in hot

chloroform in the presence of dimethyl distearyl ammonium modified MMT

(2C18MMT). In the case of PLA/MMT composites, XRD and SAXS results

showed that the silicate layers forming the clay could not be intercalated in the
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PLA/MMT blends, prepared by the solvent-cast method. In other words, the clay

existed in the form of tactoids, consisting of several stacked silicate monolayers.

These tactoids are responsible for the formation of particular geometrical

structures in the blends, which leads to the formation of superstructures in the

thickness of the blended film, and that may lead to such a structural feature as an

increase in theYoung's modulus of the hybrid. After that Bandyopadhyay et al.38

reported the preparation of intercalated PLA/OMLS nanocomposites with much

improved mechanical and thermal properties. In recent publications,39±42 Sinha

Ray et al. used the melt intercalation technique for the preparation of inter-

calated PLA/layered silicate nanocomposites. For nanocomposites (PLACNs)

preparation, octadecyl ammonium modified MMT (C18MMT) and PLA were

first dry-mixed by shaking them in a bag. The mixture was then melt-extruded

using a twin-screw extruder operating at 190ëC to yield light gray strands of

PLACNs. Nanocomposites loaded with a very small amount of o-PCL as a

compatibilizer were also prepared in order to understand the effect of o-PCL on

the morphology and properties of PLACNs.41

XRD patterns and TEM observations clearly established that the silicate

layers of the clay were intercalated, and randomly distributed in the PLA matrix.

Incorporation of a very small amount of o-PCL as a compatibilizer in the

nanocomposites led to better parallel stacking of the silicate layers, and also to

much stronger flocculation due to the hydroxylated edge-edge interaction of the

silicate layers. Owing to the interaction between clay platelets and the PLA

matrix in the presence of a very small amount of o-PCL, the strength of the disk-

disk interaction plays an important role in determining the stability of the clay

particles, and hence the enhancement of mechanical properties of such nano-

composites.

In subsequent research, Sinha Ray et al.53 prepared PLACNs with organically

modified synthetic fluorine mica (OMSFM). For the characterization of

structure and morphology of prepared nanocomposites they first used XRD

and conventional TEM (CTEM), and then CTEM and high resolution TEM

(HRTEM), they examined the final structure of PLACNs. The compositions of

nanocomposites of PLA with OMSFM are summarized in Table 3.1. The XRD

Table 3.1 Characteristic parameters of neat PLA and PLACNs

Characteristic parameters Neat PLA PLACN4 PLACN7 PLACN10

OMSFM ö 4 7 10
Mw� 10ÿ3 (g.molÿ1) 177 150 140 130
PDI 1.58 1.55 1.60 1.66
Tg (ëC) 60 56 55 55
Tm (ëC) 168.0 168.6 167.7 166.8
Tc (ëC) 127.2 99.4 97.6 96.5
Xc (%) 36 40 46 43
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patterns of this series of nanocomposites are shown in Fig. 3.2(a). The mean

interlayer spacing of the (001) plane (d001) for the OMSFM powder obtained by

XRD measurements is 2.08 nm. In the case of PLACN4, a sharp peak was

observed at 2� � 2:86ë, corresponding to the (001) plane of the stacked and

intercalated silicate layers dispersed in the PLA matrix, accompanied by the

appearance of a small peak at 2� � 5:65ë. After calculation, it was confirmed

that this peak was due to the (002) plane (d002) of the dispersed OMSFM in the

PLA matrix. With increasing OMSFM loading, these peaks become stronger and

shifted toward the higher diffraction angle at 2� � 3:13ë and 5.9ë, respectively,

for PLACN10. These behaviours are due to a decrease in percentage of polymer

chains to be intercalated and increase stacking of the intercalated silicate layers

with increasing OMSFM loading. The width of the XRD peak, � (measured by

the full-width at half-maxima), is inversely proportional to the coherence length

of scattering intensities, D, and therefore reflects the coherent order of the

silicate layers.81 Since the width of the basal spacing of OMSFM decreased

3.2 (a) XRD patterns of OMSFM powder and various PLACNs. The dashed
line indicates the location of the silicate (001) reflection of OMSFM. The
asterisks indicate the (001) peak for OMSFM dispersed in a PLA matrix.53

Reproduced from Sinha Ray, Yamada, Okamoto, Ogami and Ueda by
permission of American Chemical Society, USA. (b) Bright field CTEM images
of various crystallizedPLACNs pellets.53Reproduced fromSinhaRay, Yamada,
Okamoto, Ogami andUeda by permission of AmericanChemical Society, USA.
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sharply after nanocomposite preparation with PLA, therefore, the coherency of

the intercalated silicate layers is much higher than that of un-intercalated silicate

layers and increases with increasing OMSFM content. Thus, on the basis of

XRD data the authors came to the conclusions that PLA chains were inter-

calated, have a strong effect on the layer structure of OMSFM, and sharply

change the coherence length of the intercalated silicate crystallites with

increasing OMSFM loading.82

Figure 3.2(b) shows the CTEM images of PLACNs pellets of two different

magnifications in which dark entities are the cross section of the intercalated

OMSFM layers and bright areas are the PLA matrix. TEM images clearly

demonstrate the stacked and intercalated silicate layers, were nicely dispersed in

the PLA matrix. In their further study, 44±46,49,57±59 Sinha Ray et al. prepared a

series of PLACNs with various kinds of OMLS to investigate the effect of

OMLS on the morphology, properties, and biodegradability of PLA.

Maiti et al.47 prepared a series of PLACNs with three different types of

pristine layered silicates, i.e. saponite (SAP), MMT, and mica, and each was

modified with alkylphosphonium salts having different chain lengths. In their

work, they first tried to determine the effect of varying the chain length of the

alkylphosphonium modifier on the properties of organoclay, and how the

various clays behave differently with the same organic modifier. They also

studied the effects of dispersion, intercalation, and aspect ratio of the clay on the

material properties. Recently, Paul et al.48 reported the preparation of plasticized

PLA/MMT nanocomposites by melt intercalation technique. The used OMLS

was MMT modified with bis-(2-hydroxyethyl) methyl (hydrogenated tallow

alkyl) ammonium cations. XRD analyses confirmed the formation of inter-

calated nanocomposites.

In further work, the same group reported the preparation of exfoliated PLA/

clay nanocomposites by in-situ coordination-insertion polymerization method.62

They used two different kinds of OMLS (C30B and C25A) for the preparation of

nanocomposites. In a typical synthetic procedure, the clay was first dried

overnight at 70ëC in a ventilated oven, and then, at the same temperature under

reduced pressure, directly in the flame-dried polymerization vial for 3.5 h. A

0.025 molar solution of L,L-lactide in dried tetrahydrofuran (THF) was then

transferred under nitrogen to the polymerization vial and the solvent was

eliminated under reduced pressure. Polymerizations were conducted in bulk at

120ëC for 48 h, after 1 h of clay swelling in the monomer melt. When C30B was

used, the polymerization was co-initiated by a molar equivalent of AlEt3, with

respect to the hydroxyl groups born by the ammonium cations of the filler, in

order to form aluminium alkoxide active species, and was added before the L,L-

lactide. Sn(Oct)2 (monomer/Sn(Oct)2 = 300) was used to catalyze the polymer-

ization of L,L-lactide in the presence of C25A.

Figure 3.3 represents the XRD patterns of two different types of OMLS and

their corresponding nanocomposites each containing 3wt.% of OMLS. The
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XRD pattern of C30B-based nanocomposite shows completely featureless

diffraction whereas C25A-based nanocomposite was a fully intercalated nano-

composite. Although the XRD pattern was featureless in the case of C30B-based

nanocomposite, TEM images clearly indicates the stacking of the silicate layers.

In general, many factors other than layer disorder such as intercalate com-

position and silicate concentration, may contribute to a featureless diffraction.57

Thus, on the basis of XRD patterns it is very difficult to make conclusions about

the structure of the nanocomposites exhibiting featureless diffraction patterns.

Therefore, according to the present authors this is not an exfoliated nano-

composite, better to say intercalated or more precisely disordered intercalated

nanocomposite.

To understand the effect of OMLS on the structure and properties of nano-

composites, Chang et al.61 reported the preparation of PLA-based nano-

composites with three different kinds of OMLS via solution intercalation

method. They used N, N0,-dimethylacetamide (DMA) for the preparation of

nanocomposites. XRD patterns indicate the formation of intercalated

nanocomposites whatever the OMLS. TEM images proved that most of the

clay layers were dispersed homogeneously in the PLA matrix, although some

clusters or agglomerated particles were also detected.

In a recent report, Krikorian and Pochan63 explored the effect of com-

patibility of different organic modifiers on the overall extent of dispersion of

layered silicate layers in a PLA matrix. Three different commercially available

3.3 XRDpatterns of (a) C25A, (b) C30B, (c) PLA/3wt.%C25A, and (d) PLA/
3wt.% C30B; as noted for interlayer distances of (i) 2.04nm, (ii) 1.84 nm, and
(iii) 3.28 nm.62Reproduced fromPaul, Alexandre, Degëe, Calberg, Jëroª me and
Dubois by permission ofWiley-VCH Verlag GmbH, Germany.
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OMLS were used as a reinforcement phase. Nanocomposites were prepared by

using the solution-intercalation film-casting technique. For each composition,

100mg of PLA was dissolved in 10mL of dichloromethane. OMLS dispersions

(<0.1wt.%) were obtained by suspension of well-dried OMLS in a separate

beaker of dichloromethane. Both the PLA solution and OMLS suspension were

sonicated separately for 30 min at room temperature. The final mixture was

further sonicated for 30 min. The mixture was then cast on a glass surface and

kept in a desiccator for controlled evaporation of the solvent over 2 days.

According to the XRD and TEM studies an increase in miscibility of the

surfactant with the matrix increases the tendency of the silicate layers to

exfoliate. In the case of C30B clay, the favourable enthalpic interaction between

diols present in the organic modifier with the C=O bonds present in the PLA

backbone is a significant factor for driving the system toward exfoliation.

Very recently, Lee et al.64 prepared PLA/MMT nanocomposite for the

purpose of tailoring mechanical stiffness of PLA porous scaffold systems. They

used a salt leaching/gas foaming method for the preparation of nanocomposites

scaffold. A viscous solution with the concentration of 0.1 g/ml was prepared by

dissolving PLA polymer in chloroform. NH4HCO3/NaCl salt particles sieved in

the range of 150±300�m and dimethyl dehydrogenated tallow ammonium

modified MMT (2M2HT-MMT) clays were added to the PLA solution and

mixed thoroughly. The amount of the 2M2HT-MMT clay was 2.24, 3.58, and

5.79 vol.% to PLA. The paste mixture of polymer/salts/solvent was then cast into

a special device equipped with a glass slide as a sheet model. The cast film was

obtained after being air-dried under atmospheric pressure for 2 h. When the film

became semi solid, a two-step salt leaching was performed. The film was first

immersed in 90ëC hot water to leach out the NH4HCO3 particles, concomitantly

generating gaseous ammonium and carbon dioxide in the polymer matrix. When

no gas bubbles were generated, the film was subsequently immersed into another

beaker containing 60ëC water for 30 min to leach out the remaining NaCl

particles, and then freeze dried for two days. The XRD patterns revealed that

pure 2M2HT-MMT demonstrated a sharp peak at 2� � 3:76ë and this peak was

not observed in the case of nanocomposite, indicating the formation of

exfoliated PLA/2M2HT-MMT nanocomposite, but they did not report any TEM

image.

PHB and its nanocomposites

PHB is a naturally occurring polyester produced by numerous bacteria in nature

as intracellular reserve of carbon or energy. Maiti et al.65 reported the first

preparation of PHB/OMLS nanocomposites (PHBCNs) by melt intercalation

method. They used three different kinds of OMLS for the preparation of

nanocomposites. Nanocomposites were prepared by using a twin-screw extruder

operated at 180ëC. The extruded strands were palletized and then dried under
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vacuum at 80ëC to remove residual water. XRD patterns clearly show the

formation of well-ordered intercalated nanocomposites. TEM image of PHBCN

supports the formation of intercalated structure. The fate of the polymer after

nanocomposites preparation was measured by GPC. The nanocomposites based

on organically modified MMT shows severe degradation but surprisingly no

degradation was found with nanocomposites based on organically modified

fluoromica. There is no explanation for how organically modified fluoromica

played to protect the system, but the present authors believe the presence of Al

Lewis acid sites, which catalyze the hydrolysis of ester linkages at high

temperature, may be one of the reasons.

Although thermoplastic PHB is a naturally occurring biodegradable material,

it is very unstable and degrades at elevated temperature near its melting point.

Because of this thermal instability, commercial applications of PHB have been

extremely limited. For this reason, investigators have shown that copolymers of

PHB, such as poly(3-hydroxybutyrate-co-3-hydroxyvalerate) (PHBV),83 have

much improved chemical and physical properties for a wide range of

applications. The processing and the mechanical properties of PHBV have

been improved over those of PHB; however, PHBV has some disadvantages

such as slow rate of crystallization, relatively more complex processing

condition, low elongation at break, etc., to be resolved for many applications. In

order to overcome these drawbacks, Chen et al.66 prepared nanocomposites of

PHBV using the solution intercalation technique. Unfortunately they did not

report the structure and morphology of the prepared nanocomposites.

Thermoplastic starch (TPS) and its nanocomposites

In the family of renewable sources-based biodegradable polymeric materials,

starch has been considering as one of the most promising materials because it is

readily available and may form cost effective end products.84 Starch is known to

be completely biodegradable in soil and water.85 It also promotes the bio-

degradability of an undegradable plastic and can also be used together with fully

biodegradable synthetic plastics;86±87 producing biodegradable blends at low

cost. The starch remains in granular form in the plastic matrix and thus may act

as a filler.

One of the major problems with granular starch composites is their limited

processability, due to the large particle sizes (5±100�m). Therefore, it is very

difficult to make blown thin films of starch for packing applications. For this

reason, TPS has been developed by gelatinizing granular starch with 6±10wt.%

moisture in the presence of heat and pressure.88±89 However, poor water

resistance and low strength are limiting factors for the use of materials

manufactured only from TPS, and hence it is often blended with other polymers.

For example, it was found that the ductility of the gelatinized starch plasticized

with approximately 15wt.% of glycerol and 10wt.% of water was improved by
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adding EVOH.90 Now if we are able to improve the mechanical properties of

this polymer further by the addition of a small amount of environmentally

benign filler, this polymer will find applications in more special or severe

circumstances. On the other hand, OMLS is environmentally friendly, naturally

abundant and economic. So, in order to realize the combination of the

biodegradable TPS and the high strength and stability of the OMLS, TPS/OMLS

nanocomposites were prepared using different techniques. The main objective of

this section is to describe the preparation of biodegradable nanocomposites of

TPS and OMLS, and to investigate the structure and morphology by using XRD

and TEM.

De Carvalho et al.67 reported the first preparation of TPS/kaolin hybrids by

melt intercalation technique using a twin screw extruder. Subsequently Park et

al.68 reported the preparation of TPS/clay nanocomposites by melt intercalation

in detail. Three organically modified MMT with different ammonium cations

and one unmodified Na+-MMT were used for the preparation of nano-

composites. In a typical preparative method TPS and clays were first dried under

vacuum at 80ëC for at least 24 h. After that TPS was mixed with clays in a

Haake-Rheocoder 600 roller mixer for 20 min. The contents of clays were fixed

at 5wt.%. The rotor speed was 50 rpm and the temperature was set at 110ëC.

From the XRD patterns and TEM observation it is clearly established that the

nanostructure of polymer/clay hybrids depends on the compatibility and

interaction among the polymer, the silicate layers, and the nature of surfactant

used for the modification of silicate layers. Due to the strong polar interactions

between a small amount of polar hydroxyl group of water in the TPS chain and

the silicate layer of the pristine MMT, the polymer chains were intercalated into

the silicate layers of pristine MMT and formed an intercalated TPS/MMT

nanocomposite. On the other hand, C6A and C10A were too hydrophobic and

did not match the polarity of TPS, and discouraged TPS chain intercalation. The

hydrophilicity of C30B is much higher than that of C6A or C10A, because of the

presence of hydroxyethyl group, favouring the intercalation of TPS chains into

the silicate layers. However, the introduction of these polar hydroxyethyl groups

also enhances the interaction of the ammonium cation with the silicate surface.

As a result, replacement of the surface contracts by TPS chains will be less

favourable, impeding the extensive intercalation. For this reason TPS/C30B also

did not show intercalation of TPS chains into the C30B silicate layers. In another

publication70 Park et al. reported the preparation of melt intercalated TPS/Na+-

MMT nanocomposites with high clay content.

Recently, Wilhelm et al.71 modified glycerol-plasticized starch films by the

addition of various layered compounds as filler, two being of natural origin

(kaolinite, a natural mineral clay and hectorite, a cationic exchange mineral

clay) and two synthetic (layered double hydroxide, LDH, an anionic exchanger,

and brucite having a neutral structure). Glycerol-plasticized starch/layered

compounds composite films were prepared from the respective aqueous
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suspensions (30ml) by casting. The starch/hectorite proportions were 100/0, 95/

05, 90/10, 85/15, 80/20, and 70/30, relative to starch mass on a dry basis, with a

total mass of 1.3 g. The composite films of starch with other layered compounds

were prepared only in the 90/10 proportions. Initially, the layered material was

dispersed in distilled water (10ml) for 24 h and added to aqueous starch

dispersion (20ml). This suspension was degassed and heated to boiling point, in

a sealed tube, for 30 min with continuous stirring in order to gelatinize the starch

granules. Glycerol 920% w/w, relative to starch on a dry basis was added to the

heated solution and the mixtures then poured into polypropylene dishes,

allowing solvent evaporation at 40±50ëC. The films were maintained at 43%

relative humidity atmosphere for 3 weeks. This level was obtained by exposing

the films to the vapours of an aqueous potassium carbonate solution in a closed

desiccator at 25ëC. In order to understand the hypothesis of glycerol and starch

intercalation in the layered compounds, XRD analyses were carried out. XRD

patterns demonstrated that the interplanar basal distance of kaolinite, LDH-CO3

and brucite was not affected by the presence of a starch matrix while the

hectorite showed an increase in interlayer spacing. In this composite, the

hectorite dispersion was governed by the glycerol plasticizer. In unplasticized

composite films, hectorite was exfoliated. Substitution of plasticized starch

matrix by a plasticized oxidized starch or native/oxidized starch (the oxidation

reaction was performed by de Nooy and Besemer procedure using 2,2,6,6-

tetramethylpiperidine-oxyl (TEMPO))91 blend gives rise to composite with

higher interlayer basal distances, indicating that both short oxidized starch

chains and glycerol molecules were intercalated between clay layers. In the

absence of glycerol, oxidized starch was preferentially intercalated in relation to

native starch chains due to its lower chain size and probable higher diffusion

rate. In another recent report, McGlashan and Halley72 reported the preparation

of starch/polyester/clay nanocomposites. They also used melt-blending method

for the preparation of nanocomposites. XRD data indicated that the best results

were obtained for 30wt.% starch blends, and the level of delamination depends

on the ratio of starch to polyester and the amount of OMLS added.

Plant oils-based polymers and their nanocomposites

Recently, Uyama et al.92±95 synthesized new reactive polymers from plant oils

under mild reaction conditions. The single-step synthesis of plant oil-based

crosslinkable polyesters has been achieved through lipase-catalyzed polymer-

ization of divinyl sebacate and glycerol in the presence of unsaturated fatty acids

under mild reaction conditions.96±97 Furthermore, the unsaturated group in the

side chain was converted to an epoxy group by the use of lipase as a catalyst.98

These oil-based polymeric materials, however, do not show properties of rigidity

and strength required for structural applications by themselves. On the basis of

this background, Uyama et al.74±76 synthesized new green nanocomposites
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consisting of plant oils and clay with much improved properties. They used

epoxidized soybean oil (ESO) as an organic monomer. The nancomposite was

synthesized by the curing of ESO using thermally latent cationic catalyst in the

presence of octadecyl ammonium modified MMT (OMM) at 150ëC. During the

thermal treatment, the cross-linking of the epoxy group took place, yielding an

insoluble polymer network. The scheme of the nanocomposite synthesis is

presented in Fig. 3.4.

Figure 3.5 shows XRD patterns of OMM and nanocomposites with four

different OMM loadings. The mean interlayer spacing of the (001) plane (d001)

for OMM is 1.9 nm. In the case of the nanocomposite with 5wt.% OMM

content, the coherent order of silicate layers was completely destroyed, suggest-

ing that silicate layers of OMM may be exfoliated. But when they used OMM

content more than 10wt.%, intercalated nanocomposites were formed. TEM

3.4 Synthetic procedure of green nanocomposite coating.76 Reproduced from
Tsujimoto, Uyama and Kobayashi by permission of Wiley-VCH Verlag GmbH,
Germany.

3.5 XRD patterns of octadecyl modified clay and ESO-clay nanocomposites
with clay contents of 5, 10, 15, and 20wt.%.74 Reproduced from Uyama,
Kuwabara, Tsujimoto, Nakano, Usuki and Kobayashi by permission of
American Chemical Society, USA.

Biodegradable polymer/layered silicate nanocomposites 73



images clearly indicated the formation of mixed exfoliated and intercalated

nanocomposites.

Cellulose and its nanocomposites

Cellulose from trees is attracting interest as a substitute for petroleum feedstock

in making plastic in the commercial market.99 Cellulose plastics like cellulose

acetate (CA), cellulose acetate propionate (CAP), and cellulose acetate butyrate

(CAB) are thermoplastic materials produced through esterification of cellulose.

Recently, Misra et al.77 successfully used melt intercalation technique for the

fabrication of cellulose nanocomposites from CA, triethyl acetate (TEC) and

organically modified clay. The effects of processing conditions, amount of

plasticizer, various types (such as C30B, nanomer I.34TCN, I.34TCA, and

I.44PA) and content of organo-clays on the performance of these

nanocomposites has been evaluated. For the nanocomposites preparation, the

CA and clay were first dried under vacuum at 80ëC for at least 24 h. The CA

powder and TEC plasticizer (CA : TEC = 80 : 20 by wt.%) were then mixed

mechanically with a high speed mixer for about 5 min. The CA plasticized

mixture was then stored in a zip-lock bag for specific time periods. This pre-

plasticized mixture was then mixed with desired quantities of organo-clays

followed by mixing with the high-speed mixer. Then such mixtures (CA + TEC

+ organo-clay) were melt-compounded at 160±220ëC for 2±20 minute at

100 rpm with micro-compounding moulding equipment. XRD patterns and TEM

observations revealed that only C30B exhibited the best exfoliation among all

the organo-clay used in their work. In their subsequent research, they prepared

CA/TEC-based nanocomposites of C30B with different clay content. For the

CA/TEC/C30B nanocomposite system with 5 and 10wt.% C30B content, no

clear peaks were observed at around 2� � 2:75ë thus suggesting the exfoliated

morphologies. The TEM images show that the CA/TEC/C30B nanocomposite

system with 5 and 10 wt.% C30B shows better exfoliation and ordered

intercalated structure than the counterpart nanocomposite having 15wt.% clay

content. The dispersion of clays becomes poorer with increasing clay content.

Gelatin and its nanocomposites

Gelatin (also called gelatine) is prepared by the thermal denaturation of

collagen, isolated from animal skin and bones, with very dilute acid. It can also

be extracted from fish skins. Gelatin contains a large number of glycine (almost

1 in 3 residues, arranged every third residue), proline and 4-hydroxyproline

residues. This polymer can be used as a valuable biopolymer in tissue

engineering;100 its poor mechanical properties especially in wet state limit its

application as a structural biomedical. Therefore, the reinforcement of gelatine

materials becomes a challenge for worldwide researchers. Many attempts have
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been made such as vapour crosslink,101 orientation technique,102 and gelatine-

based composites filled with hydroxyapatite, tricalcium phosphate,103 and

carbon fibre104 and great progress has been achieved. However, the strength is

still not high enough, especially in the wet state. Given this background, Zheng

et al.78 prepared gelatine/MMT nanocomposites for the first time with the

expectation that materials properties of gelatine will be improved after nano-

composite preparation. Nanocomposites were prepared directly with pristine

MMT and gelatin in aqueous solution. In a typical preparative route 1 gm of

gelatine powder was soaked in 50ml of deionized water and heated at 70ëC to

obtain a homogeneous solution. Then this solution was added drop wise into

2wt.% ultrasonically prepared MMT suspension under vigorous stirring at 70ëC.

The achieved homogeneous mixture was then poured into the specially self-

made mould and dried at ambient temperature for several days. Unfortunately,

these authors did not report the structure and morphology of prepared hybrids.

Chitosan and its nanocomposites

Chitosan, poly-�(1,4)-2-amino-2-deoxy-D-glucose, is the deacetylated product

of chitin, poly(N-acetyl-D-glucosamine), a natural polymer found in the

exoskeletons of crustaceans and insects and in the cell wall of fungi and

microorganisms. Because of the polycationic nature of the chitosan in acidic

media, this biopolymer also appears as an excellent candidate for intercalation in

pristine MMT by means of cationic exchange process.80 In a typical synthetic

procedure, chitosan solutions were first prepared by the addition of the

corresponding amounts of polysaccharide to 1% (v/v) acetic acid, and after the

resulting solution was stirred for about 4 h, the pH of the polysaccharide solution

was adjusted to 4.9 with NaOH before being mixed with the clay suspension.

Chitosan solutions containing 20.1, 40.2, 80.5, and 161.0mg of biopolymer in

25ml of solution were slowly added to a 2% clay suspension, at 323K, to obtain

nanocomposites with initial chitosan/clay ratios of 0.25:1, 0.5:1, 1:1, and 2:1,

respectively. For the preparation of nanocomposites with chitosan/clay ratios of

5:1 and 10:1, chitosan solutions with 402.5mg of biopolymer in 125ml and

805.0mg in 250ml, respectively, were mixed with the clay suspension. In all of

the cases, the resulting mixture was stirred for 2 days and finally washed with

purified water until free from acetate. The intercalation of the biopolymer in the

silicate galleries was confirmed by the decrease of 2� values in the XRD patterns

while the chitosan/clay ratio increases. In acidic solutions, chitosan shows an

extended structure that may facilitate the biopolymers intercalation in the clay

interlayer space105 in opposition to analogous polysaccharides with coiled or

helicoidal structures that report only adsorbed in the external surface of silicate

layers.106 The XRD pattern of a chitosan film indicated a d001 spacing of

0.38 nm, indicating that chitosan film consists of arrays of parallel sheets of

chains in a way similar to that of chitin.107±108 Therefore, the interlayer space in
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the nanocomposites prepared from chitosan/clay ratios of 0.25:1 and 0.5:1 can

be related to the thickness of one chitosan sheet and, thus, to its intercalation as a

monolayer covering the interlayer surface of the clay. Above such chitosan/clay

ratios, the increase of the basal spacing can be explained as the uptake of two

chitosan layers by the clay.

3.7.2 Biodegradable polymers from petroleum sources

Recently, a broad range of synthetic biodegradable resins based on aliphatic

polyesters and their co-polymers have been commercialized by various com-

panies. Demand for biodegradable materials with excellent materials properties is

said to be growing at a rapid rate. Synthetic biodegradable polyesters are

generally made by polycondensation method and raw materials are obtained from

petrochemical feedstocks. Unlike other petrochemical-based resins that take

centuries to degrade after disposal, these synthetic polyesters break down rapidly

into carbon dioxide, water, and humus in appropriate conditions where they are

exposed to the combined attacked of water and microorganisms. These products

meet advanced composting standards (e.g. UK, USA and Japan), typically

breaking down in twelve weeks under aerobic conditions. Poly(butylene

succinate) (PBS),109±118 poly(butylene succinate)-co-adipate (PBSA),119

aliphatic polyesters,120±122 poly(�-caprolactone) (PCL),123±144 poly(vinyl

alcohol) (PVA)29,140±144 are the most important polymers in this series. In this

section the preparation and characterization of various petroleum sources based

biodegradable polymers and their layered silicate nanocomposites are

summarized.

PBS and its nanocomposites

One of the most promising polymers in the family of synthetic biodegradable

polyesters is PBS under the trade name of `Bionolle', and it is chemically

synthesized by the polycondensation of 1,4-butanediol with succinic acid.145,146

PBS is a commercially available, aliphatic polyester with many interesting

properties, including biodegradability, melt processability, and thermal and

chemical resistance.147 PBS has excellent processability, so can be processed in

the field of textile into melt blow, multifilament, monofilament, flat, and split

yarn and also in the field of plastics into injection moulded products, thus being

a promising polymer for various potential applications.148±149 High molecular

weight PBS is generally prepared by a coupling reaction of relatively low

molecular weight PBS in the presence of hexamethylene diiocynate (OCN-

C6H12-NCO) as a chain extender.150

So, increasing the realization of the various intrinsic properties of PBS,

coupled with the knowledge of how such properties can be improved to achieve

the compatibility with thermoplastics processing, manufacturing, and end-use
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requirements, has fuelled technological and commercial interest in PBS. Of

particular interest is recently developed nanocomposite technology consisting of

a polymer and OMLS because they often exhibit remarkably improved

mechanical and various other properties as compared to those of virgin polymer

containing a small amount of layered silicate (� 5wt.%).

Sinha Ray et al.109,110 reported the first preparation of PBS/OMLS

nanocomposites (PBSCNs) by simple melt extrusion of PBS and OMLS. Two

different types of OMLS, MMT modified with octadecylammonium chloride

(C18MMT) and saponite modified with quaternary hexadecyl tri-n-butylphos-

phonium bromide (qC16SAP), were used for the preparation of nanocomposites.

For nanocomposites preparation, the PBS and OMLS were first dry-mixed by

shaking them in a bag. The mixture was then melt-extruded using a twin screw

extruder operated at 150ëC to yield nanocomposite strands. The colour of the

strands depends on the colour of the OMLS used. The composition of PBSCNs

is presented in Table 3.2. The strands were palletized and dried under vacuum at

75ëC. XRD pattern for the pure C18MMT powder and various representative

PBSCNs are presented in Fig. 3.6(a). Figure 3.6(b) represents XRD patterns for

pure qC16SAP powder, neat PBS and the corresponding PBSCNs respectively.

Figure 3.7 show the results of TEM bright field images of various PBSCNs

corresponding to the XRD patterns as shown respectively in Figs 3.6(a) and

3.6(b), in which dark entities are the cross section of intercalated organoclay

layers. The figures show both larger view, showing the dispersion of the clay

within the PBS matrix, and a higher magnification, permitting the observation of

discrete clay layers. For PBSCN1, the silicate layers were intercalated but in the

case of PBSCN3, the intercalated, stacked, and flocculated silicate layers were

randomly oriented in the PBS matrix. Actually, there is a large anisotropy of the

stacked silicate layers. The size of the some of the stacked-silicate layers appears

to reach about 600±700 nm in length, however, the authors were not able to

estimate precisely the thickness from the TEM images. On the other hand,

Table 3.2 Composition and characteristic parameters of PBSCNs.110 Reproduced
from Sinha Ray, Okamoto and Okamoto by permission of American Chemical
Society, USA

Samples Type of Composition, wt.% Mw� 10-3 Mw/Mn

OMLS PBS OMLS (g/mol)

PBS ö 100 ö 103 4.0
PBSCN1 C18MMT 98.5 1.5 [1.07] 100 3.8
PBSCN2 C18MMT 97.5 2.5 [1.73] 99 3.6
PBSCN3 C18MMT 96.0 4.0 [2.80] 97 4.3
PBSCN4 C18MMT 94.5 5.5 [3.60] 100 4.5
PBSCN5 qC16SAP 98.5 1.5 [1.04] 98 3.9
PBSCN6 qC16SAP 94.5 5.5 [3.84] 98 3.8

Value in the parenthesis indicates the wt.% of inorganic part.
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3.6 (a) XRD patterns for pure C18MMT powder and corresponding PBSCNs.
The dashed line indicates the location of the silicate (001) reflection of
C18MMT. The asterisks indicate (001) peak for C18MMT dispersed in PBS
matrix. (b) WAXD patterns for pure qC16MMT powder and corresponding
PBSCNs. The dashed line indicates the location of the silicate (001) reflection
of qC16MMT. The asterisks indicate (001) peak for qC16-mmt dispersed in
PBS matrix.110 Reproduced from Sinha Ray, Okamoto and Okamoto by
permission of American Chemical Society, USA.
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3.7 TEM bright field images of PBSCNs: (a) PBSCN1 (�100000), (b) PBSCN1 (�200000), (c) PBSCN3 (�40000), (d) PBSCN3
(�100000), (e) PBSCN4 (�100000), (f) PBSCN4 (�200000), (g) PBSCN6 (�100000), and (h) PBSCN6 (�200000) in which dark
entities are the cross section of the intercalated or exfoliated silicate layers.110 Reproduced from Sinha Ray, Okamoto and Okamoto by
permission of American Chemical Society, USA.



silicate layers which were well intercalated with strong flocculated structure

were formed with PBSCN4.

At the other extreme, the TEM images of PBSCN6 show fine and almost

uniform distribution of clay particles in the PBS matrix where the clay particles

exhibit both perpendicular and planar alignment to the sample surface. From the

TEM images, it becomes clear that there were intercalated and disordered stacks

of silicate layers coexisting in the PBSCN6 structure. The intercalated structures

are characterized by a parallel stacking that gives rise to the XRD reflection of

PBSCN6 in Fig. 3.6(b), whereas the disordered clay formations have no periodic

stacking and thus remain XRD silent. Thus, on the basis of XRD patterns and

TEM observations, the authors concluded that PBSCNs prepared using

C18MMT lead to the formation of ordered intercalated nanocomposites with

flocculated structure and coherence order of the silicate layers gradually

increases with increasing OMLS content, while those prepared with qC16SAP

leads to the formation of either near to exfoliate or disordered intercalated

nanocomposites depending on the amount of clay loading. In their subsequent

research,112,115 they used dioctadecyl dimethyl ammonium modified MMT for

the preparation of PBS nanocomposites. Recently, Mitsunaga et al.113,114 pre-

pared PBS/OMLS nanocomposites by melt extrusion technique. They used

maleic anhydride grafted PBS for the preparation of nanocomposites. XRD

patterns and TEM observations clearly indicates the formation of intercalated

nanocomposites.

Biodegradable aliphatic polyesters

Biodegradable aliphatic polyesters (BAPs), which are usually synthesized from

a diol and dicarboxylic acid through a condensation polymerization, are

considered to be the most promising biodegradable plastics because of their low

production costs and easy processability in large-scale production. Difficulties

are encountered, however, in their practical application because of their low

melting temperature and poor thermal stability. If the properties of BAPs can be

further improved by preparation of nanocomposite with OMLS, this polymer

will become more suitable for a wide range of applications. Lim et al.120

prepared BAP/MMT nanocomposites by solvent cast method using chloroform

as a co-solvent. XRD analyses and TEM observation established the intercalated

structure of these nanocomposites. Recently, Lee et al.121 reported the

preparation of biodegradable polyester/OMLS nanocomposites using a melt

intercalation method. Two kinds of OMLS, C30B and C10A, with different

ammonium cations located in the silicate galleries were chosen for the

nanocomposite preparation. The WAXD patterns and TEM observations showed

a higher degree of intercalation for C30B-based nanocomposites as compared to

that of C10A-based nanocomposites. It was hypothesized that this behaviour

may be due to the stronger hydrogen-bonding interaction between the polymer
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and the hydroxyl group in the galleries of C30B nanocomposites, compared with

that of the polyester/C10A nanocomposites.

Recently, Bharadwaj et al.122 describe the preparation of crosslinked

polyester/clay nanocomposites by dispersing organically modified MMT in

prepromoted polyester resin and subsequently crosslinked using methyl ethyl

ketone peroxide catalyst at several clay concentrations. In a typical synthetic

procedure, an appropriate amount of the OMLS was first added to the resin and

mechanically stirred followed by sonication for 1 h, which resulted in well-

dispersed, stable suspensions of the clay in the polyester resin. Crosslinking was

initiated by adding ~1.5 vol.% of MEKP catalyst to the resin-clay mixture at

room temperature. The crosslinking reaction was noticeably slower at the higher

clay concentrations (> 2.5 wt.%). Samples were then allowed to cure for at least

24 h at room temperature. The formation of exfoliated nanocomposites was

confirmed by XRD and TEM.

PCL and its nanocomposites

Polycaprolactone (PCL) is linear polyester, manufactured by ring-opening

polymerization of �-caprolactone. It is a semicrystalline polymer with a degree

of crystallinity around 50%. It has rather low glass transition temperature and

melting point. The PCL chain is flexible and exhibits high elongation at break

and low modulus. Its physical properties and commercial availability make it

very attractive not only as a substitute material for non-degradable polymers for

commodity applications but also as a specific plastic in medicine and agri-

cultural areas.151 The main drawback of PCL is its low melting point (65ëC)

which can be overcome by blending it with other polymers152,153 or by radiation

crosslinking processes resulting in enhanced properties for a wide rage of

applications.154 There have been many attempts to prepare PCL/OMLS nano-

composites with much improved mechanical and materials properties compared

to those of neat PCL.

In 1993, Messersmith and Giannelis123 reported the first preparation of PCL-

based nanocomposites by in-situ intercalative polymerization method. They

used Cr+3 exchanged fluorohectorite (FH) for the synthesis of nanocomposite. In

a typical synthesis a mixture of 0.1 g of Cr+3FH and 1 g of CL was stirred at

25ëC for 12 h, followed by heating at 100ëC for an additional 48 h. Upon cooling

to room temperature, the reaction mixture solidified. The unintercalated PCL

fraction of the composite was recovered by dissolving a portion of the product in

acetone followed by centrifugation at 3000 rpm for 2 min. Intercalation of the

CL monomer was revealed by powder XRD, which shows an increase in the

silicate d-spacing from 1.28 to 1.46 nm. Energy minimization of the CL struc-

ture provided an approximate measure of monomer dimensions, which were

then used along the known thickness of the silicate layers to predict layer

spacing for various intercalation geometries. The d001 spacing observed prior to
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polymerization was found to be consistent with the orientation of the CL ring

perpendicular to the silicate layers. XRD analysis of the nanocomposite after

polymerization indicates a reduction in the silicate d spacing from 1.46 to

1.37 nm as presented in XRD pattern. The decrease in the d spacing is consistent

with the dimensional change accompanying polymerization of CL monomer.

Opening of the lactone ring in the monomer to produce a monolayer of fully

collapsed PCL chains is accompanied by a decrease in layer spacing as observed

with XRD. The observed layer spacing of 1.37 nm correlates as well with the

sum of the thickness of the silicate layer (0.96 nm)155 and the known inter-chain

distance (0.4 nm) in the crystal structure of PCL.123 Repeated washing with a

solvent for PCL did not alter the silicate layer spacing, indicating that the

interaction between the intercalated polymer and the silicate surface is strong

and that intercalation of the PCL is irreversible.

In another report125 PCL nanocomposites were prepared by a synthetic

procedure similar to that initially developed by Usuki et al.,156,157 for nylon 6/

OMLS nanocomposites. In its most basic form it involves dispersion of OMLS

in an organic monomer, followed by polymerization of the monomer. The

corresponding chemical shifts in 1H NMR spectra clearly demonstrate

conversion from CL to PCL. Complete conversion of CL to PCL was assumed

because residual CL was not detected in the NMR spectra of any of the

composites. The peak broadening effect seen in XRD pattern of PCLC2 is

believed to be due to the strong attachment of PCL chains to the silicate layers,

resulting in partial solid-like behaviour.

The ability to delaminate and disperse the silicate layers in a polymer matrix

is directly related to a mumber of factors, including the exchange capacity of the

layered silicate, the polarity of the medium, and the chemical nature of the

interlayer cations.2 Messersmith and Giannelis31 did a series of experiments

with different kinds of OMLS indicating that matching the polarities of the

surfactant with those of the CL monomer was particularly critical to obtaining

good dispersion. Evidence of the importance of the nature of the surfactant was

demonstrated by the failure of the less polar dimethyl dioctadecyl ammonium

exchanged OMLS to disperse in CL under similar experimental conditions.

However, when the protonated form of 12-aminolauric acid was used,

delamination of the OMLS into individual layers occurs. The dispersion is

maintained after polymerization and the layers ultimately become dispersed

within the polymer matrix.

The choice of 12-aminolauric acid, in addition to improving silicate layers

delamination, was also useful by the potential of the carboxylic groups to initiate

polymerization of CL. Polymerization of lactone monomers can be initiated

using a number of different types of catalysts158±165 including compounds con-

taining labile protons, such as amines, alcohols, and carboxylic acids.160±165

Initiation with these molecules has been shown to be the result of nucleophilic

attack upon the lactone carbonyl group, resulting in ring opening and formation

82 Polymer nanocomposites



of a new terminal hydroxyl group.165 Subsequent propagation then occurs by

similar nucleophilic attack by the terminal hydroxyl groups remaining on

lactone monomers. By analogy, acid groups ionically bound to the silicate layers

at the protonated amine terminus can act as nucleophiles, reacting with CL,

which results in addition of one CL unit and production of a terminal hydroxyl

group. The reactions occurring between the organic acid group of the OMLS and

CL monomer are facilitated and maximized by molecular dispersion of the

individual silicate layers in the liquid monomers.

PCL/layered silicate nanohybrids have also been synthesized by ring opening

polymerization of CL according to a well-controlled coordination-insertion

mechanism.127 MMT were surface-modified by non-functional (trimethyl hexa-

decyl ammonium) and hydroxyl functional alkylammonium cations, i.e., (2-

hydroxyethyl) dimethyl hexadecyl ammonium. The hydroxyl functions available

at the clay surface were activated into tin (II or IV) or Al (III) alkoxide initiators

for lactone polymerization, thus yielding surface grafted PCL chain.

Recently, Pantoustier et al.128 used the in-situ intercalative polymerization

method for the preparation of PCL-based nanocomposites. They compared the

properties of nanocomposites prepared used both pristine MMT, and !-amino

dodecanoic acid modified MMT. For nanocomposite synthesis, the desired

amount of pristine MMT was first dried under vacuum at 70ëC for 3 h. A given

amount of CL was then added to a polymerization tube under nitrogen and the

reaction medium was stirred at room temperature for 1h. A solution of initiator

(Sn(Oct)2) or Bu2Sn(Ome)2) in dry toluene was added to the mixture in order to

reach a [monomer]/[Sn] molar ratio equal to 300. The polymerization was then

allowed to proceed for 24 h at room temperature. The inorganic content of the

composite was measured by TGA. After polymerization, a reverse ion-exchange

reaction was used to isolate the PCL chains from the inorganic fraction of the

nanocomposite. A colloidal suspension was obtained by stirring 2 g of the

nanocomposite in 30mL of THF for 2 h at room temperature. A solution of

1wt.% of LiCl in THF was prepared separately. The nanocomposite suspension

was added to 50mL of the LiCl solution and left to stir at room temperature for

48h. The resulting solution was centrifuged at 3000 rpm for 30 min. The super-

natant was then decanted and the remaining solid washed in 30mL of THF

followed by centrifugation. The combined supernatant was concentrated and

precipitated from petroleum ether. The white powder was dried in vacuum at

50ëC.

The polymerization of CL with pristine MMT gives PCL with a molar mass

of 4800 g/mol and a narrow distribution. For comparison, the authors also

conducted the same experiment without MMT, but found that there is no CL

polymerization. These results demonstrate the ability of MMT to catalyze and to

control CL polymerization, at least in terms of a molecular weight distribution

that remains remarkably narrow. For the polymerization mechanism, the authors

assume that the CL is activated through interaction with the acidic site on the
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clay surface. The polymerization is likely to proceed via an activated monomer

mechanism using the cooperative functions of the Lewis acidic aluminum and

Brùnsted acidic silanol functionalities on the initiator walls. On the other hand,

the polymerization of CL with the protonated !-amino dodecanoic acid

modified MMT yields a molar mass of 7800 g/mol with a monomer conversion

of 92% and again a narrow molecular weight distribution. The XRD patterns of

both nanocomposites indicate the formation of intercalated structure. In another

very recent publication,129 the same group prepared PCL/MMT nanocomposites

using dibutyl tin dimethoxide as an initiator/catalyst in an in-situ ring-opening

polymerization of CL.

PCL-based nanocomposites have also been produced by dissolving the

polymer in hot chloroform in the presence of OMLS.140 SAXS and XRD results

revealed that the silicate layers forming the clay could not be dispersed

individually in the PCL matrix. In other words, the silicate layers existed in the

form of tactoids, consisting of several stacked silicate layers. These are respon-

sible for the formation of special geometrical structures in the blends, which leads

to the formation of superstructures in the thickness of the blended film.

Recently, Di et al.138 reported the preparation of PCL/OMLS nanocomposites

in the molten state, using a twin-screw extruder. They used two different types

of OMLS for the preparation of nanocomposites and attempted to determine the

dependence of OMLS intercalation and/or exfoliation on the processing

conditions and types of OMLS and also the thermal and rheological behaviour

of the prepared nanocomposites. Nanocomposites were prepared using a Haake,

co-rotating, twin-screw extruder, which was operated at 100 and 180ëC with a

screw speed of 100 rpm and the residence time was 12 min.

XRD patterns clearly revealed that the delamination of silicate layers in the

PCL matrix was directly dependent on the type of OMLS, the OMLS content,

and the processing temperature. The strong interaction between the organic

surfactants covering the clay layers and the PCL matrix molecules was favoured

in the exfoliation process. Processing at low temperatures resulted in high stress

in comparison with that at high temperatures, and this helped with the fracturing

of the OMLS particles and caused a good dispersion of them in the PCL matrix.

A higher OMLS content hybrid required more processing time for achieving an

exfoliation structure than a lower OMLS content hybrid. Lepoittevin et al.130

also used the same method for the production of PCL/OMLS nanocomposites.

They also used master batch method for the preparation of PCL-based

nanocomposites.134

PVA and its nanocomposites

In 1963, D.J. Greenland139 reported the first fabrication of PVA/MMT com-

posites by a solvent casting method using water as a co-solvent. After that,

Ogata et al.140 used the same technique for the production of PVA/MMT
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composites. Recently, Strawhecker and Manias141 have also used the solvent

casting method in attempts to produce PVA/MMT nanocomposites films. PVA/

MMT nanocomposite films were cast from a MMT/water suspension containing

dissolved PVA. Room temperature distilled water was used to form a suspension

of Na+-MMT. The suspension was first stirred for 1h and then sonicated for 30

min. Low viscosity, fully hydrolyzed atactic PVA was then added to the stirring

suspension such that the total solid (silicate plus polymer) was 5wt.%. The

mixtures were then heated to 90ëC to dissolve the PVA, again sonicated for 30

min, and finally films were cast in a closed oven at 40ëC for 2 days. The

recovered cast films were then characterized by both WAXD and TEM. Both the

d-spacing and their distribution decrease systematically with increasing MMT

wt.% in the nanocomposites. The TEM photograph of 20wt.% clay containing

nanocomposite reveals the co-existence of silicate layers in the intercalated and

exfoliated states.

At first glance, this dependence of the intercalated structure and d-spacing on

the polymer/silicate mass ratio seems to be at odds with the theoretical

expectations.20,166±169 The equilibrium nanocomposite structure predicted from

the thermodynamics corresponds to an intercalated periodic nanocomposite with

d-spacing around 1.8 nm, which is expected to be independent of the polymer-

to-silicate composition.166 However, thermodynamics can only predict the

equilibrium structure. In this case, the nanocomposite structure that they found is

actually kinetically dictated; in the water solution of PVA and MMT the layers

remain in colloidal suspension. Where this suspension is slowly dried, the

silicate layers remain distributed and embedded in the polymer gel. Further

drying removes all of the water, and although the thermodynamics would predict

the MMT layers to re-aggregate in an intercalated fashion, the slow polymer

dynamics trap some of the layers apart and therefore remain dispersed in the

polymer matrix. Obviously, the kinetic constraints imposed by the polymer

become less important as the polymer-to-silicate fraction decreases, and con-

sequently, for higher amounts of MMT, intercalated structures are formed. For

these periodic structures, the variation of the d-spacing with wt.% of MMT

reflects the different polymer-silicate weight ratios, and upon increasing the

amount of MMT the intercalated d-spacing converges to the equilibrium

separation of 1.8 nm.

Recently, Chang et al.143 reported the preparation of PVA-based nano-

composites with three different types of clays, pristine MMT and organically

modified MMT. Dodecylammonium modified MMT (C12MMT) and 12-

aminolauric modified MMT (C12OOHMMT) was used as OMLS. They used

the same solvent casting method for the preparation of nanocomposites but the

solvent used was N,N-dimethylacetamide (DMAc) in addition to water. In a

typical preparative method, a 50.0 g mixture of DMAc dispersion containing

0.08 g of C12MMT, 4.0 g of PVA, and excess DMAc was stirred vigorously at

room temperature for 1 h. The solution was cast onto glass plates, and the
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solvent was evaporated in a vacuum oven at 50ëC for 2 days. The films were

then cleaned in an ultrasonic cleaner three times for 5 min each time. These

films with the solvent removed were dried again in a vacuum oven at 50ëC for 1

day. Na±MMT and Na±SPT (pristine saponite) hybrid films were cast from a

water suspension where PVA was dissolved. The suspensions were heated to

70ëC to dissolve the PVA and sonicated for 5 min, and, finally, films were cast

in a closed oven at 40ëC for 2 days. The film thickness was 10±15�m.

XRD patterns and TEM observations respectively indicated the formation of

exfoliated nanocomposites when pristine clays were used for the fabrication of

nanocomposites. On the other hand, intercalated nanocomposites were produced

with OMLS. This implies that the hydrophilic character of clay promotes

dispersion of inorganic crystalline layers in water-soluble polymers.

Very recently, Yu et al.144 reported the synthesis of a series of PVA/MMT

nanocomposites via in-situ intercalative polymerization with AIBN as initiator.

Organic vinyl acetate monomers were first intercalated into the organically

modified MMT galleries and followed by a one-step free radical polymerization.

The prepared poly(vinyl acetate)/OMLS solution were then saponified via direct

hydrolysis with NaOH solution to form PVA/MMT nanocomposites. The

synthesized nanocomposites were characterized by FTIR, XRD, SEM, OPM,

and TEM. XRD patterns and TEM images established the formation of mixed

intercalated/exfoliated structure of the PVA/MMT nanocomposites.

3.8 Properties

Biodegradable nanocomposites consisting of a biodegradable polymer and

layered silicate (organically modified or not) frequently exhibit remarkably

improved mechanical and various other properties when compared to those of

virgin polymers. Improvements generally include a higher modulus both in solid

and melt state, increased strength and thermal stability, decreased gas perme-

ability, and increased biodegradability. The main reason for these improved

properties in nanocomposites is the stronger interfacial interaction between the

matrix and layered silicate, compared with conventional filler-reinforced

systems.

3.8.1 Mechanical properties

Dynamic mechanical analysis

Dynamic mechanical analysis (DMA) measures the response of a given material

to an oscillatory deformation as a function of temperature. DMA results are

composed of three parameters:

(a) the storage modulus (or),

(b) the loss modulus (or), and
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(c) tan �, the ratio (G00=G0), useful for determining the occurrence of molecular

mobility transition, such as the glass transition temperature (Tg).

DMA has been used to study temperature dependence of G0 of PLA upon

nanocomposite formation under different experimental conditions. Figure 3.8

3.8 Temperature dependence of G0, G00 and tan � of neat PLA and PLA/
OMSFM nanocomposites.53 Reproduced from Sinha Ray, Yamada, Okamoto,
Ogami and Ueda by permission of American Chemical Society, USA.
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shows the temperature dependence of G0, G00 and tan � for various PLA/OMSFM

nanocomposites and pristine PLA.53 For all PLACNs, the enhancement of G0

can be seen in the investigated temperature range when compared to the neat

PLA, indicating that OMSFM has a strong effect on the elastic properties of

virgin PLA. Below Tg, the enhancement of G0 is clear for all nanocomposites.

On the other hand, all PLACNs show a greater increase in G0 at high temperature

compared to that of the PLA matrix. This is due to both mechanical

reinforcement by the silicate layers and extended intercalation at high

temperature.170 Above Tg, when materials become soft, the reinforcement

effect of the silicate layers becomes prominent due to the restricted movement of

the polymer chains. This is accompanied by the observed enhancement of G0.
The G0 values over different temperature ranges of various PLACNs prepared

with C18MMT with or without o-PCL and corresponding matrices are

summarized in Table 3.3. PLACNs with a very small amount of o-PCL

(PLACN4 and PLACN5) exhibited a very large enhancement of the mechanical

properties compared with that of PLACN2 with comparable clay loading. One of

the essential factors governing the enhancement of mechanical properties in the

nanocomposites is the aspect ratio of the dispersed clay particles.171 In TEM

figures,41 it was observed that, in the presence of a very small amount of o-PCL,

flocculation of the dispersed silicate layers took place, due to the strong edge-

edge interaction of the clay platelets. The two-dimensional aspect ratios of the

dispersed clay particles LLS/dLS estimated from TEM observation are 22 for

PLACN4 and 12 for PLACN2.41 This large aspect ratio leads to the observed

enhancement of mechanical properties. Another factor may be stacked and

intercalated silicate layers.

Table 3.3 G0 value of various PLACNs and correspondingmatriceswithout
clay at different temperature ranges.41 Reproduced from Sinha Ray, Maiti,
Okamoto, Yamada andUeda by permission of American Chemical Society,
USA

Storagemodulus,G0 (GPa)
Samples -20ëC 40ëC 100ëC 145ëC

PLACN1 2.32 2.07 0.16 0.09
PLACN2 2.90 2.65 0.25 0.10
PLACN3 4.14 3.82 0.27 0.19
PLACN4 3.71 3.21 0.43 0.16
PLACN5 3.04 2.60 0.32 0.16
PLACN6 2.08 1.97 0.23 0.08
PLACN7 1.86 1.76 0.16 0.07
PLA 1.74 1.60 0.13 0.06
PLA1 1.73 1.60 0.13 0.06
PLA2 1.68 1.55 0.12 0.06
PLA3 1.67 1.62 0.12 0.06
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The hypothesis that an increase in G0 depends directly on the aspect ratio of

dispersed clay particles is clearly observed in PBSCNs. The temperature

dependence of G0 for PBS and various PBSCNs are presented in Fig. 3.9. The

nature of the enhancement of G0 in PBSCNs with temperature is somewhat

different from the well-established theories, which explains the similar

behaviour observed in systems that are either intercalated (PP-MA/MMT)171

or exfoliated (N6/MMT).18 In the later system, G0 typically increases by as much

as 40±50%, when compared to that of the matrix well below Tg, while above Tg
there is a strong enhancement (> 200%) in G0. This behaviour is common for the

above reported nanocomposites, and the reason has been shown to be the strong

reinforcement effect of the clay particles above Tg (when materials become

soft). However, in the case of PBSCNs, the order of enhancement in G0 is almost

the same below and above Tg, and this behaviour may be due to the extremely

low Tg (ÿ29ëC) of the PBS matrix.

In the case of ESO polymer and ESO-C11CO2H-MMT hybrids with different

OMLS contents above Tg, E
0 value of the hybrid became larger than that of the

ESO polymer and increased as a function of the OMLS content, which is

probably due to the mechanical reinforcement by the silicate layers.74 The

3.9 (a)Temperature dependenceofG0,G00 and their ratio tan � for neat PBSand
various nanocomposites prepared with C18MMT clay.110 (b) Temperature
dependence of G0, G00 and their ratio tan � for neat PBS and various nano-
composites prepared with qC16SAP clay.110 Reproduced from Sinha Ray,
Okamoto and Okamoto by permission of American Chemical Society, USA.
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evolution of the dynamic modulus for the TPS matrix with four different types

of layered silicates shows a significant increase in the modulus for the Na+-

Cloisite-based hybrids over a wide range of temperatures from ÿ70 to 70ëC;

while the modulus of the organically modified Cloisite-based hybrids is lower

than those of the neat TPS.68 According to the present authors, this behaviour is

due to the difference in interaction between pristine Cloisite and organically

modified Cloisite with the TPS matrix. Another reason may be the plasticized

effect of the hybrids in the presence of excess glycerol used during preparation

of TPS hybrids with OMLS. The shifts of the relaxations to lower temperatures

supported this assumption. The relaxation processes associated with the glass

transition of the amorphous phase of TPS were determined. The relaxation

temperatures were taken at the maximum of the respective tan � peaks. The TPS

showed two transition peaks at around 7ëC and ÿ64ëC due to the �-relaxation of

starch (T�) and the �-relaxation (T�) of glycerol, respectively.
172

When 5wt.% of pristine clay was added to the TPS matrix, the temperatures

of the two peaks were shifted toward higher temperatures indicating that the

silicate layers in the hybrids have strong influenced on the TPS chain mobility.

On the other hand, the hybrids of C10A and C6A, the two relaxation

temperatures were decreased by about 10ëC compared to the pure matrix. The

authors believe this behaviour is again due to the poor interaction between the

hydrophilic TPS and the hydrophobic OMLS. For this reason, the TPS/C6A

hybrid showed the largest shift toward the lower temperature for both of the two

transition temperatures.

In the case of PCL/OMLS blends prepared by the solvent casting method,124

whatever the clay content, was decreased with increasing temperature and a

transition was observed at about ÿ60ëC. From the figures it is clearly observed

that PCL/OMLS hybrids showed a strong increase in compared to neat PCL. On

the other hand, the tan � curves showed a large maximum at T � ÿ54ëC, which
corresponds to the Tg of neat PCL; this value was similar to that reported for a

crystalline annealed PCL.173 DMA has also been used to study the temperature

dependence G0 of neat PVA upon nanocomposite formation. Results showed the

storage modulus of PVA was remarkably improved after nanocomposite

preparation with OMLS.

Tensile properties

The tensile modulus of a polymeric material has been shown to be remarkably

improved when nanocomposites are formed with layered silicates. In the case of

biodegradable polymer nanocomposites, most studies report the tensile

properties as a function of clay content. In most conventionally filled polymer

systems, the modulus increases linearly with the filler volume fraction, whereas

for these nanoparticles much lower filler concentrations increase the modulus

sharply and to a much larger extent.2 The dramatic enhancement of the modulus
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for such extremely low clay concentrations cannot be attributed simply to the

introduction of the higher modulus inorganic filler layers. A theoretical

approach is assuming a layer of affected polymer on the filler surface, with a

much higher modulus than the bulk equivalent polymer.174 This affected

polymer can be thought of as the region of the polymer matrix that is

physisorbed on the silicate surface, and is thus stiffened through its affinity for

and adhesion to the filler surfaces.174 Obviously, for such high aspect ratio fillers

as our layered silicate, the surface area exposed to the polymer is huge and the

significant increases in the modulus with very low filler content are not sur-

prising. Furthermore, beyond the percolation limit the additional silicate layers

are incorporated in polymer regions that are already affected by other silicate

layers, and thus it is expected that the enhancement of modulus will be much

less dramatic.

Figure 3.10(a) represents the tensile modulus of neat PLA and various

nanocomposites prepared with three different kinds of OMLS. The modulus

increased linearly with increasing OMLS content up to 4wt.% for C16MMT and

6wt.% for C25A. As the amount of C25A increased to 6wt.%, the modulus of

the hybrid increased to 296MPa, a 1.4-fold increase over pure PLA (208MPa).

This behaviour is ascribed to the resistance exerted by the clay itself and to the

orientation and aspect ratio of the intercalated silicate layers. Additionally, the

stretching resistance of the oriented backbone of the polymer chain in the gallery

also contributed to enhancing the modulus. In the case of C16MMT or C25A-

based nanocomposites, when the OMLS content was greater than a critical

weight percentage, the modulus of the nanocomposites started to decrease. But,

the initial modulus of the PLA/DTAMMT hybrids increased linearly with

increasing OMLS content from 2 to 8wt.%.

The tensile strengths of the hybrid films with different OMLS contents are

presented in Fig. 3.10(b).The figure shows that the ultimate strength of the

hybrids increased remarkably with the OMLS content and possessed a

maximum value for a critical OMLS loading. Above this critical loading, the

strength values of all the hybrids started to decrease. This behaviour is mainly

due to the high OMLS content which leads to a brittleness of materials.

The elongations at break of the nanocomposite films with various OMLS are

shown in Fig. 3.10(c). The elongation at break of neat PLA clearly increased

with the incorporation of all OMLS and also with an increase in the OMLS

loading. Like other tensile properties, the elongation at break also decreased

after a critical OMLS loading. Form the above results; it appears that there is an

optimal amount of OMLS needed in a nanocomposite to achieve the greatest

improvement in its properties.

In a recent study, Lee et al.64 reported the MMT content dependence tensile

modulus of PLLA nanocomposites scaffolds. The modulus of the nano-

composites systematically increased with increasing MMT loading. According

to them, the crystallinity and the glass transition temperature of PLLA nano-
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3.10 (a) Effects of the clay loading on the initial tensile modulus of the PLA
hybrid films. (b) Effects of the clay loading on the ultimate tensile strength of
the PLA hybrid films. (c) Effects of the clay loading on the elongation at break
of the PLA hybrid films.61 Reproduced from Chang, An and Sur by the
permission of Wiley Periodicals, Inc, USA.
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composites were lower than neat PLLA, but the modulus of neat PLLA was

significantly increased in the presence of a small amount of MMT loading. This

observation suggests that the layered silicates of MMT act as mechanical

reinforcement of polymer chains.

The tensile data of kaolin-TPS-based composites represented an important

increase of 135% in the modulus and an increase in tensile strength of 50% for

the 50 phr composition.67 On the other hand, a decrease in elongation was

observed. Both modulus and strength have their maximum for the composition

with 50 phr, while the elongation decreases almost monotonically. The maxi-

mum for the modulus and for the tensile strength correspond to the maximum

quantity of mineral filler that may be incorporated, or wetted by the matrix.

Above this point, increase in the amount of filler increases the fragility of the

composite.

In comparison to the APS, the tensile strength and modulus have been

improved with a slight decrease in elongation at break. APS/C30B nano-

composites exhibit a much higher tensile strength and modulus compared to the

APS/C10A nanocomposites. This is attributed to the strong interaction between

the matrix and clay, which ultimately leads to a better overall dispersion, as

already observed by TEM analysis. Lim et al.120 also observed the same

behaviour of tensile properties in the case of BPA/C25A nanocomposites.

In the case of crosslinked polyester/OMLS nanocomposites,122 the modulus

was first seen to decrease with increasing clay content, and second, the drop in

the value for the 2.5wt.% nanocomposite was greater than expected. A

combination of the morphology and the extent of crosslinking in the

nanocomposites can be used to understand this phenomenon. It was proposed

that the intercalation and exfoliation of the clay in the polyester resin serves

effectively to decrease the number of crosslinks from a topological perspective.

The overall decreases in the tensile modulus of the nanocomposites with

increasing clay content lend credence to the hypothesis that the degree of

crosslinking was indeed reduced. The origin of the greater drop in properties of

the 2.5 wt.% nanocomposites may be traced to the morphology, where it was

observed that the sample showed exfoliation on a global scale compared to the

nanocomposite containing 10wt.% clay. That means the crosslinking density is

inversely proportional to the degree of exfoliation.

The modulus of neat PCL was increased significantly in the case of

nanocomposites prepared with OMLS, but the modulus of the microcomposites

formed by the pristine clay was basically independent of the clay content at least

within the investigated range. Table 3.4 shows the Izod impact strength values of

PCL-based composites prepared with three different types of clay as a function

of clay content. The Izod impact strength decreases systematically with

increasing clay content.

Tensile tests were also performed on PVA nanocomposites films with silicate

loadings of 0, 2, 4, 6, and 10wt.%. Yielding was found for any of the samples
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and all samples had an initial period of elastic deformation followed by a nearly

monotonically increasing stress during plastic deformation, until failure.

Flexural properties

Nanocomposite researchers are generally interested in the tensile properties of

final materials, but there are very few reports concerning the flexural properties

of neat biodegradable polymer and its nanocomposites with OMLS. Very

recently, Sinha Ray et al.42,49 reported the detailed measurement of flexural

properties of neat PLA and various PLACNs. They conducted flexural property

measurements with injection-moulded samples according to the ASTM D-790

method. Table 3.5 summarizes the flexural modulus and flexural strength of neat

PLA and various PLACNs (prepared with OMSFM) measured at 25ëC. There

was a significant increase in flexural modulus for PLACN4 when compared to

that of neat PLA, followed by a much slower increase with increasing OMLS

content, and a maximum at 50% for PLACN10. On the other hand, the flexural

strength shows a remarkable increase with PLACN7, and then gradually

decreases with OMLS loading. According to the author, this behaviour may be

due to the high OMLS content, which leads to brittleness in the material. They

also measured the flexural properties of PLA nanocomposites prepared with

various kinds of organically modified MMT but the results showed a similar

trend. That means there is an optimal amount of OMLS needed in a nano-

composite to achieve the greatest improvement in its properties.

Table 3.4 Izod impact properties of composites containingMMT-Na,
MMT-Alk andMMT-(OH)2.

130 Reproduced from Lepoittevin,
Devalckenaere, Pantoustier, Alexandre, Kubies, Calberg, Jerome and
Dubois by permission of Elsevier Ltd, UK

Filler content (wt.%) Izod impact strength (J/m)
MMT-Na MMT-Alk MMT-(OH)2

1 33� 5 28� 6 33� 3
3 22� 2 22� 2 18� 3
5 19� 1 15� 1 13� 1
10 15� 1 16� 3 13� 2

Table 3.5 Flexural properties of neat PLA and various PLACNs (preparedwith
OMSFM)measured at 25ëC.53 Reproduced from Sinha Ray, Yamada, Okamoto,
Ogami and Ueda by permission of American Chemical Society, USA

Samples Neat PLA PLACN4 PLACN7 PLACN10

Modulus (GPa) 4.84 6.11 5.55 7.25
Strength (MPa) 86 94 101 78
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Heat distortion temperature

The nanodispersion of OMLS in biodegradable polymers also promotes a higher

HDT. Sinha Ray et al.53 examined the HDT of neat PLA and various PLA/

OMSFM nanocomposites with different load conditions. As seen in Fig. 3.11(a),

there was a marked increase of HDT with an intermediate load of 0.98MPa,

from 76ëC for the neat PLA to 93.2ëC for PLACN4. This value gradually

increased with increasing clay content and in the case of PLACN10 with

10wt.% of OMSFM, the value increased to 115ëC.

On the other hand, an imposed load dependence on HDT was clearly

observed in the case of PLA-based nanocomposites. Figure 3.11(b) shows the

typical load dependence in PLACN7. In the case of high load (1.81MPa), it is

very difficult to achieve high HDT enhancement without a strong interaction

between the polymer matrix and OMLS, as observed in N6 based nano-

3.11 (a) OMSFM (wt.%) dependence of HDT of neat PLA and nano-
composites. (b) Load dependence of HDT of neat PLA and PLACN7.53

Reproduced from Sinha Ray, Yamada, Okamoto, Ogami and Ueda by
permission of American Chemical Society, USA.
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composites.18 For PLACNs, the values of Tm do not change significantly as

compared to that of neat PLA. Furthermore, in XRD analyses up to 2� � 70ë, no

large shifting or formation of new peaks in the crystallized PLACNs was

observed. This suggests that the significant improvement of HDT with inter-

mediate load originates from the better mechanical stability, reinforcement by

the dispersed clay particles, and higher degree of crystallinity and intercalation.

The increase of HDT due to clay dispersion is a very important property

improvement for any polymeric material, not only from an application or

industrial point of view, but also because it is very difficult to achieve similar

HDT enhancements by chemical modification or reinforcement by conventional

filler.

3.8.3 Thermal stability

The thermal stability of polymeric materials is usually studied by thermo-

gravimetric (TG) analysis. The weight loss due to the formation of volatile

products after degradation at high temperature is monitored as a function of

temperature. When the heating occurs under an inert gas flow, a non-oxidative

degradation occurs, while the use of air or oxygen allows oxidative degradation

of the samples. Generally, the incorporation of clay into the polymer matrix was

found to enhance thermal stability by acting as a superior insulator and mass

transport barrier to the volatile products generated during decomposition.

Bandyopadhyay et al.38 reported the first improved thermal stability of

biodegradable nanocomposites that combined PLA and organically modified

fluorohectorite (FH) or MMT clay. These nanocomposites were prepared by

melt intercalation. They showed that the PLA that was intercalated between the

galleries of FH or MMT clay resisted the thermal degradation under conditions

that would otherwise completely degrade pure PLA. The authors argue that the

silicate layers act as a barrier for both the incoming gas and also the gaseous by-

products, which both increases the degradation onset temperature and also

widens the degradation process. The addition of clay enhances the performance

of the char formed, by acting as a superior insulator and mass transports barrier

to the volatile products generated during decomposition.

Recently, there have been many reports concerned with the improved thermal

stability of PLA-based nanocomposites prepared with various kinds of OMLS.48,56

Very recently, Chang et al.61 conducted detailed TG analyses of PLA-based

nanocomposites of three different kinds of OMLS. In the case of C16MMT or

C25A-based hybrids, the initial degradation temperatures of the nanocomposites

were decreased linearly with an increasing amount of OMLS. On the other hand,

nanocomposite prepared with DTAMMT clay, the initial degradation temperature

was nearly constant over the clay loadings from 2 to 8wt.%. This observation

indicates that the thermal stability of the nanocomposites directly related to the

stability of OMLS used for the preparation of nanocomposites.
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Pluta et al.43 also observed an increase in thermal stability of PLA nano-

composites with the clay content by TGA, with a maximum clay loading of

5wt.%. When further increasing the filler content, a decrease in thermal stability

was observed. Such behaviour was explained by the relative extent of

exfoliation/delamination as a function of the amount of OMLS. Indeed at low

filler content, exfoliation dominates but the amount of exfoliated silicate layers

is not sufficient to promote any significant improvement of the thermal stability.

Increasing the filler content leads to relatively more exfoliated particles, and

increases the thermal stability of the nanocomposites. However, when the

silicate content is more than some critical value, complete exfoliation of such

high aspect ratio silicate layers becomes increasingly hindered because of the

geometrical constraints within the limited space available in the polymer matrix

and no more increase in thermal stability or even some decrease is detected.

The same types of behaviour were also observed in the case of TPS/clay

nanocomposites.68 The increase of the thermal stability with the addition of

clays up to 5wt.% was significant, after that the increase was levelled off with

further increasing clay content. Like mechanical properties, TPS/CNa+ hybrids

showed better thermal stability than that of hybrids prepared with OMLS.

Thermal stability of chitosan/MMT nanocomposites was investigated from

DTA and TG curves in the 300±1200K range, under air flow conditions. The

weight loss between room temperature and about 500K was related to the

absorbed water molecules. Such a weight loss was about 7.9% in the starting

silicate, while the biopolymer/clay nanocomposites showed losses slightly

higher, ranging from 8.4 to 10.5%. This result indicates the higher water-

retention capacity of chitosan. The high thermal stability of these materials was

evidenced by the elevated temperature required to eliminate the organic matter

associated with the clay. This fact occurs between 500 and 800K, corresponding

to the combustion of the intercalated chitosan.

In the case of PVA-based nanocomposites, major weight losses were

observed in the range of 200 to 500ëC for PVA and corresponding MMT-based

nanocomposite fine powders, which may be correspondent to the structural

decomposition of the polymer. Evidently, the thermal decomposition of

nanocomposite materials shifted slightly toward the higher temperature range

than that of PVA, which confirmed the enhanced thermal stability of confined

polymers. After 600ëC, all the curves became flat and mainly inorganic residue

remained. Recently, Strawhecker and Manias141 also observed the same kind of

thermal stability of PVA and its nanocomposites and they explained this

behaviour as being possibly due to the fact that PVA can supply oxygen from

within to initiate its decomposition.

The thermal stability of the PCL-based composites has also been studied by

TGA. Generally, the degradation of PCL fits a two-step mechanism;4,130 first

random chain scission through pyrolysis of the ester groups, with the release of

CO2, H2O and hexanoic acid, then in the second step, �-caprolactone (cyclic
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monomer) is formed as a result of an unzipping depolymerization process.130

Both intercalated and exfoliated nanocomposites showed higher thermal stability

when compared to the pure PCL or to the corresponding microcomposites. The

nanocomposites exhibited a 25ëC high in decomposition temperature at 50%

weight loss. The shift of the degradation temperature may be ascribed to a

decrease in oxygen and volatile degradation products' permeability/diffusivity

due to the homogeneous incorporation of clay sheets, to a barrier of these high-

aspect ratio fillers, and char formation. The thermal stability of the nano-

composites increases systematically with increasing clay, up to a loading of

5wt.%.

Different behaviour was observed in synthetic biodegradable aliphatic

polyester BAP/OMLS nanocomposite systems, in which the thermal degradation

temperature and thermal degradation rate systematically increases with increas-

ing amounts of OMLS up to 15wt.%.120 A small amount of clay also increased

the residual weight of BAP/OMMT because of the restricted thermal motion of

the polymer chains in the silicate layers. The residual weight of various

materials at 450ëC increased in the order BAP < BAP03 < BAP06 < BAP09 <

BAP15 (here number indicates wt.% of clay). The role of clay in the

nanocomposite structure may be the main reason for the difference in TGA

results of these systems compared to the previously reported systems. The clay

acts as a heat barrier, which enhances the overall thermal stability of the system,

as well as assisting in the formation of char after thermal decomposition. In the

early stages of thermal decomposition, the clay would shift the decomposition to

higher temperature. After that, this heat barrier effect would result in a reverse

thermal stability. In other words, the stacked silicate layers could hold accumu-

lated heat that could be used as a heat source to accelerate the decomposition

process, in conjunction with the heat flow supplied by the outside heat source.

3.8.4 Gas barrier properties

Clays are believed to increase the barrier properties by creating a maze or

`tortuous path' that retards the progress of the gas molecules through the matrix

resin. The direct benefit of the formation of such a path is clearly observed in

near to exfoliated PLA/OMSFM nanocomposites.53 The relative permeability

coefficient value, i.e. PPCN/PP, where PPCN and PP are the nanocomposite and

pure polymer permeability coefficient, respectively, was plotted as a function of

the wt.% of OMSFM in Fig. 3.12. The data were analyzed with the Nielsen

theoretical expression (see below),175 allowing prediction of gas permeability as

a function of the length (LLS) and thickness of filler particles (DLS), as well as

their volume fraction (�LS) in the PLA-matrix.

PPCN

PP

� 1

1� �LLS=2DLS��LS �3:1�
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Equation 3.1 clearly describes that the gas barrier property of nanocomposites

depends primarily on two factors: one is the dispersed layered silicate particles

dimension and other is the dispersion of layered silicate in polymer matrix.

When the degree of dispersion of layered silicate in the matrix is the same,

barrier property directly depends on the dispersed layered silicate particles

dimension, i.e. the aspect ratio.

According to the above theoretical expression as described in Equation 3.1,

Sinha Ray et al.57 estimated the O2 gas transmission coefficient of various PLA

nanocomposites using experimentally obtained LLS/DLS value as summarized in

Table 3.6. Among the five nanocomposites, the calculated values were almost

well matched with the experimental values, with the exception of PLA/

qC16SAP4 system (see Table 3.6), which shows higher value of permeability

coefficient despite the much lower aspect ratio compared to that of other

systems.

GuÈsev and Lusti176 considered another factor, which is also responsible for

the barrier property: changes in the local permeability due to the molecular level

of transformation in the polymer matrix in the presence of silicate layers. This

factor is directly related to the molecular level interaction of polymer matrix

with the silicate layers. The PLA/qC16SAP4 is a disordered intercalated system,

the favourable interactions between PLA and silicate layers probably due to the

formation of phosphonium oxide caused by the reaction between the hydroxy

edge group of PLA and alkylphosphonium cation. As a result, the barrier

property of PLA/qC16SAP4 is much higher compared to that of other systems.57

3.12 O2 gas permeability of neat PLA and various PLACNs as function of
OMSFM content (wt.%) at 20ëC and 90% relative humidity. The filled circles
represent the experimental data and the line based on Nielsen tortuosity model
(Equation (3.1)) by considering L/D equal to 275.53 Reproduced from Sinha
Ray, Yamada, Okamoto, Ogami andUeda by permission of American Chemical
Society, USA.
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Chang et al.61 reported the oxygen gas permeability of PLA nanocomposites

prepared with three different kinds of OMLS using a melt intercalation

technique. The results show that O2 gas permeability of nanocomposites were

systematically decreased with increasing clay content and when the clay loading

was as much as 10wt.%, the permeability value of nanocomposites decreased to

half of the PLA permeability value, regardless of the nature of OMLS for the

nanocomposite preparation. This is attributed to the increase in the lengths of the

tortuous paths in nanocomposites in the presence of high clay content.

Recently, Gorrasi et al.133 reported the morphology dependent vapour barrier

properties of PCL/MMT nanocomposites. They prepared different compositions

of PCL/OMLS nanocomposites by melt blending or catalyzed ring opening

polymerization of CL. Microcomposites were obtained by direct melt blending of

PCL and pristine MMT. But exfoliated nanocomposites were obtained by in-situ

ring opening polymerization of CL with an OMLS by using dibutyltin

dimethoxide as an initiator/catalyst. Intercalated nanocomposites were formed

either by melt blending with OMLS or in-situ polymerization within pristine

MMT. The barrier properties were studied for water vapour and dichloromethane

as an organic solvent. The sorption (S) and the zero concentration diffusion

coefficients (D0) were evaluated for both vapours. The water sorption increases

with increasing the MMT content, particularly for the microcomposites containing

the unmodified MMT. The thermodynamic diffusion parameters, D0, were

compared to the value of the parent PCL: both microcomposites and intercalated

nanocomposites show diffusion parameters very near to PCL. At variance

exfoliated nanocomposites show much lower values, even for small MMT

content. In the case of organic vapour, the value of sorption at low relative

pressure is mainly dominated by the amorphous fraction present in the samples,

not showing any preferential adsorption on the inorganic component. At high

relative pressure the isotherms showed an exponential increase of sorption, due to

Table 3.6 Comparison of O2 gas permeability of neat PLA and various
nanocomposite films.57 Reproduced from Sinha Ray, Yamada, Okamoto, Fujimoto,
Ogami and Ueda by permission of Elsevier Ltd, UK

Samples O2 gas O2 gas LLs (nm) DLs (nm)
permeability permeability
(ml. mm/m2/ (ml. mm/m2/
day.MPa) day.MPa)a

PLA 200 200 ö ö
PLA/C18MMT4 172 180 450� 200 38� 17
PLA/qC218MMT4 171 181 655� 212 60� 15
PLA/qC18MMT 177 188 200� 25 36� 19
PLA/qC16SAP4 120 169 50� 5 2±3
PLA/qC13(OH)-Mica4 71 68 275� 25 1±2

a Calculated on the basis of Nielsen theoretical equation (3.1).
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plasticization of the polyester matrix. The D0 parameters were also compared to

those of the unfilled PCL; in this case, both exfoliated and the intercalated samples

showed lower values, due to a more tortuous path for the penetrating molecules.

3.8.5 Optical transparency

Although layered silicates are microns in lateral size, they are just 1 nm thick.

Thus, when single layers are dispersed in a polymer matrix, the resulting

nanocomposite is optically clear in visible light. The UV/visible transmission

spectra of pure PVA and PVA/Na+-MMT nanocomposites with 4 and 10wt.%

MMT141 show that the visible region is not affected by the presence of the

silicate layers, and retains the high transparency of PVA. For UV wavelengths,

there is strong scattering and/or absorption, resulting in very low transmission of

UV light. This behaviour is not surprising, as the typical MMT lateral sizes are

50±1000 nm.

3.9 Biodegradability

The main objective of this section is to describe that the PLS nanocomposite

technology is not only suitable for the concurrent improvement of mechanical

and materials properties of virgin biodegradable polymers, it is also useful for

the nanoscale control of the biodegradability of biodegradable polymers like

PLA, PHB, PBS, SAP, etc.

3.9.1 PLA and its nanocomposites

A major problem with the PLA matrix is the slow rate of degradation as

compared to the rate of waste accumulation. Despite the considerable amount of

reports concerning the enzymatic degradation of PLA177,178 and various PLA

blend,179 there remains very little regarding the compost degradability of

PLA180,181 except recent publications by one of the present authors.52,53 Figure

3.13(a) shows the real picture of the recovered samples of neat PLA and three

different kinds of PLA/OMLS nanocomposites from the compost with time. The

decreased Mw and residual weight percentage (Rw) of the initial tests samples

with time are reported in Figs 3.13(b) and 3.13(c), respectively. Based on Fig.

3.13(a), there was no significant discrepancy between PLA/C18MMT4 and

PLA/qC18MMT4, though only the latter was indicated as an enhancer of

biodegradability. Within one month, both extent of Mw and the extent of weight

loss were almost the same for both pure PLA and PLA/qC18MMT4. However,

after one month, a sharp change occurs in the weight loss of PLA/qC18MMT4,

and within two months, it was completely degraded in compost.

Sinha Ray et al. also conducted a respirometric test to study the degradation

of the PLA matrix in a compost environment.57,58 Unlike weight loss or
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3.13 (a) Real picture of biodegradability of pure PLA and various
nanocomposites recovered from compost with time. The initial shape of the
crystallized samples was 3 � 10 � 0.1 cm3. (b) Time-dependent change of
matrix Mw of pure PLA and corresponding nanocomposites under compost.
(c) Time-dependent weight percentage (Rw) of pure PLA and two different
nanocomposites.
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fragmentation, which reflects the structural changes in the test sample, CO2

evolution provides an indicator of the ultimate biodegradability, that is, mineral-

ization, of the test samples. The data clearly indicate that the biodegradability of

PLA component in PLA/qC13(OH)-Mica4 or PLA/qC16SAP4 was enhanced

significantly. On the other hand, PLA component in PLA/C18MMT4 showed a

slightly higher biodegradation rate, while the rate of degradation of pure PLA

and PLA/qC18MMT4 was almost the same.

The compost degradation of PLA occurs by a two-step process. During the

initial phases of degradation, the high molecular weight PLA chains hydrolyze

to lower molecular weight oligomers. This reaction can be accelerated by acids

or bases and is also affected by both temperature and moisture. Fragmentation of

the plastic occurs during this step at a point where the Mn decreases to less than

about 40,000. At about this same Mn, microorganisms in the compost

environment continue the degradation process by converting these lower

molecular weight components to CO2, water, and humus.180,57 Therefore, any

factor which increases the hydrolysis tendency of PLA matrix ultimately

controls the degradation of PLA.

The incorporation of OMLS fillers into the PLA matrix resulted in a small

reduction in the molecular weight of the matrix.57 It is well known that PLA of

relatively lower molecular weight may show higher rates of enzymatic

degradation because of, for example, the high concentration of accessible chain

end groups.182 However, in these cases the rate of molecular weight change of

pure PLA and PLA in various nanocomposites was almost the same (see Fig.

3.13(b)). So the initial molecular weight is not a main factor for controlling the

3.13 Continued
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biodegradability of nanocomposites. Another factor that controls the

biodegradability of PLA is the degree of crystallinity (�c) value because the

amorphous phase is easy to degrade compared to that of the crystal phase. How-

ever, the �c value of the pure PLA sample was lower than that of nanocomposite

samples except for PLA/qC16SAP4 and PLA/qC13(OH)-Mica4.57,58 These two

nanocomposite samples did not enhance the degree of crystallinity.

These data indicate that the incorporation of different types of OMLS in the

PLA matrix resulted in a different mode of attack on the PLA component of the

test samples that might be due to the presence of different kinds of surfactants

and pristine layered silicates. Since PLA is an aliphatic polyester, it is

conceivable that incorporation of different types of OMLS resulted in a different

mode of disruption of some of the ester linkages due to the presence of different

kinds of surfactants and layered silicates. The disruption of ester bonds is more

facile in the presence of qC13(OH)-Mica or qC16SAP and less facile with

qC18MMT. Therefore, this observation explores the role of OMLS as nanofiller

to enhance the rate of biodegradation of pure PLA and the biodegradability of

PLA can be controlled by judicious choice of OMLS.

3.9.2 PHB and its nanocomposites

Recently, Maiti et al.65 reported the biodegradability of the PHB and its OMLS

nanocomposites under compost. Apparently, the degradation started after just

one week and at the initial stage the weight loss was almost the same for both

PHB and its nanocomposites. Deviation occurred after three weeks of exposure,

but degradation tendency of nanocomposites was suppressed. The authors

assumed that the retardation of biodegradation of PHB was because of the

improvement of the barrier properties of the matrices after nanocomposites

preparation with OMLS. However, they did not report about the permeability.

However, according to Sinha Ray et al.57 in the case of PLA/OMLS nano-

composites, there is no relation between the biodegradability and the gas barrier

properties. Some nanocomposites were degraded very fast having significantly

improved barrier properties as compared with those of neat PLA.

3.9.3 PBS and its nanocomposites

Recently, Sinha Ray et al.110,112 reported the biodegradability of neat PBS and

its nanocomposites in two different modes: under compost and under soil field.

Figure 3.13(a) shows the real pictures of recovered samples of neat PBS and

various nanocomposites from the compost after 35 days. The compost used

was prepared from a mixture of soybean dust (byproduct of tofu) and effective

microorganism. Before use, this mixture was sealed and fermented for 20 days

at outdoor temperature. For this test the compression moulded sample sheets

with a thickness of 0.3 � 0.03mm were first clipped with a 35 mm slide holder
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and then put into the compost. After 35 days, samples were recovered, washed

with distilled water, and finally washed with methanol with an ultrasonic bath

for 5min.

Figure 3.14(a) indicates that many cracks appeared in nanocomposite samples

as compared to those of pristine PBS. This observation indicates the improved

biodegradability of nanocomposites in compost. This kind of fracture has an

advantage for biodegradation because it is easy to mix with compost and create

much more surface area for further attack by microorganisms, and the extent of

fragmentation was directly related to the nature of OMLS used for the nano-

composites preparation. They also conducted the GPC measurement of recovered

samples from compost. The GPC results show that the extent of molecular weight

loss was almost the same for all samples.

3.14 (a) Biodegradability of neat PBS and various nanocomposite sheets
under compost and (b) under soil field.112 Reproduced from Okamoto, Sinha
Ray and Okamoto by permission ofWiley Periodicals Inc, USA.
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Except for the nanocomposite prepared with qC16SAP, the degree of

degradation was not different for other samples. This observation indicates that

MMT or alkylammonium cations, as well as other properties, has no effect on

the biodegradability of PBS. The accelerated degradation of PBS matrix in the

presence of qC16SAP may be due to the presence of alkylphosphonium

surfactant. This kind of behaviour was also observed in the case of PLA-based

nanocomposites as described in the previous section.

They also observed the nature of degradation of PBS and various nano-

composites under soil field. For this test they used compression-moulded sample

sheets with an average thickness of 1mm and each sheet weighting 3� 0:03 g.
The sample sheets were first put into mesh nets and then buried in the ground with

leaf soil (the depth was ca. 15 cm). The experiment was conducted for 1, 2 and 6

months. After 1 and 2 months, there was no change in the nature of the sample

surfaces, but after 6 months black or red spots appeared on the surface of the

nanocomposites samples. Figure 3.14(b) represents the results of degradation of

neat PBS and various nanocomposites sheets recovered from a soil field after 6

months. According to them these spots on the sample surface were due to the

fungus attacked because when they put these parts into the slurry, they observed

clear growth of fungus. These results also established that nanocomposites exhibit

the same or a higher level of biodegradability as compared with the PBS matrix.

3.9.4 Other polyesters and their nanocomposites

Tetto et al.183 first reported results on the biodegradability of nanocomposites

based on PCL, reporting that the PCL/OMLS nanocomposites showed improved

biodegradability compared to pure PCL. The improved biodegradability of PCL

after nanocomposites formation may be due to a catalytic role of the OMLS in

the biodegradation mechanism, but this is still not clear.

Recently, Lee et al.121 reported the biodegradation of aliphatic polyester-

based nanocomposites under compost. Results clearly showed that the bio-

degradability of polymer was depressed after nanocomposites preparation. They

assumed that the retardation of biodegradation was due to the improvement of

the barrier properties of the matrix after nanocomposites preparation with

OMLS. However, like Maiti et al.,65 they did not report any permeability data.

3.10 Melt rheology and structure-property
relationship

The measurement of rheological properties of any polymeric material under

molten state is crucial to gain fundamental understanding of the processability of

that material. In the case of polymer/layered silicate nanocomposites, the

measurements of melt rheological properties are not only important to under-

stand the knowledge of the processability of these materials, but are also helpful
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in finding out the strength of polymer-layered silicate interaction and the

structure-property relationship in nanocomposites. This is because rheological

behaviours are strongly influenced by their nanoscale structure and interfacial

characteristics.

3.10.1 Dynamic oscillatory shear measurements

Dynamic oscillatory shear measurements of polymeric materials are generally

performed by applying a time dependent strain of �t� � o sin �!t� and

measuring the resultant shear stress ��t� � o�G0 sin �!t� � G00 cos �!t��, where
G0 and G00 are the storage and loss moduli, respectively. Generally, the rheology

of polymer melts depends strongly on the temperature at which the measurement

is carried out. In the case of polymer samples, it is expected that at the

temperatures and frequencies at which the rheological measurements were

carried out, they should exhibit characteristic homopolymer-like terminal flow

behaviour, expressed by the power laws G0 / !2 and G00 / !.
The master curves for G0 and G00 of pure PLA and various nanocomposites

with different weight percentages of C18MMT loading are presented in Fig.

3.15(a). At high frequencies (aT � ! > 10), the viscoelastic behaviours of all

nanocomposites were the same. On the other hand, at low frequencies

(aT � ! < 10) both moduli exhibited weak frequency dependence with increasing

C18MMT content, and there were gradual changes of behaviour from liquid-like

[G0 / !2 and G00 / !] to solid-like with increasing C18MMT content.

The terminal regions slope of the master curves for G0 and G00 are presented

in Table 3.7. The slope of and in the terminal region of the master curves of PLA

matrix was 1.85 and 1, respectively, and these values are in the range expected

for polydisperse polymers.184 On the other hand, the slopes of G0 and G00 were
considerably lower for all PLACNs compared to those of pure PLA. In fact, for

PLACNs with high C18MMT content, G0becomes nearly independent at low at!

and exceeds G00, characteristic of materials exhibiting a pseudo-solid-like

behaviour.

The dynamic complex viscosity j��j master curves for the pure PLA and

nanocomposites, based on linear dynamic oscillatory shear measurements, are

Table 3.7 Terminal regions slopes ofG0 andG00.60 Reproduced from Sinha
Ray and Okamoto by permission ofWiley-VCH Verlag GmbH, Germany

Samples G0 G00

PLA 1.85 1
PLACN3 0.25 0.5
PLACN5 0.18 0.4
PLACN7 0.1 0.3
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presented in Fig. 3.15(b). At low at! region (<10 rad.sÿ1), pure PLA exhibited

almost Newtonian behaviour while all nanocomposites showed very strong

shear-thinning tendency. On the other hand, Mw and PDI of pure PLA and

various nanocomposites were almost the same, thus the high viscosity of

PLACNs were explained by the flow restrictions of polymer chains in the

molten state due to the presence of MMT particles.

3.15 (a) Reduced frequency dependence storage modulus (G0) and loss
modulus (G00) of neat PLA and various nanocomposites.60 (b) Reduced
f requency dependence of complex v iscos i ty of neat PLA and
nanocomposites.60 Reproduced from Sinha Ray and Okamoto by permission
ofWiley-VCH Verlag GmbH, Germany.
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Figure 3.16 represents the master curves for G0 and G00 of neat PBS and

various PBSCNs prepared with two different types of OMLS. At all frequencies,

both G0 and G00 of nanocomposites increased monotonically with increasing

OMLS loading with the exception of PBS/C18MMT1 and PBS/qC16SAP1 in

which viscoelastic behaviours were almost identical to those obtained for neat

PBS. At high frequencies (aT! < 5), both moduli exhibited week frequency

dependence with increasing clay content, which means that there are gradual

changes of behaviour from liquid-like to solid-like with increasing clay content.

Melt rheological properties of PCL-based nanocomposites were first reported

by Krishnamoorti and Giannelis125 in the case of delaminated structures

prepared by in-situ intercalative polymerization. Recently, Lepoittevin et al.130

reported the detail melt rheology properties of PCL-based nanocomposites

prepared by melt intercalation method. The rheological behaviour of the PCL

filled with 3wt.% of MMT-Alk and MMT-(OH)2 was significantly different

compared to the unfilled PCL and PCL/MMT-Na nanocomposites, for which the

power law observed at low frequencies agrees with expectation for thermo-

plastics. The frequency dependence of G0 and G00 was, however, perturbed by

organically modified MMT. The effect was dramatic in the case of G0 which
drops from 2 to 0.14 and 0.24 for MMT-(OH)2 and MMT-Alk, respectively.

When the clay content exceeded 1wt.%, not only the classical power laws for

the frequency dependence of G0 and G00 were deeply modified, particularly in the

case of G0, but the moduli increased dramatically at low frequency. This

behaviour is characteristic of a pseudo-solid-like response of the material. The

3.15 Continued

Biodegradable polymer/layered silicate nanocomposites 109



same behaviour was also observed in the case of PLA or PBS-based

nanocomposites.

3.10.2 Steady shear measurements

The time dependent steady shear viscosity of neat PLA and a series of inter-

calated nanocomposites are shown in Fig. 3.17.60 Steady-shear viscosity

measurements were conducted at 175ëC using 25mm diameter cone and plate

geometry with a cone angle of 0.1 rad. The shear-viscosity of PLACNs is

enhanced considerably at all shear rates with time, and at a fixed shear rate

increases monotonically with increasing MMT content. On the other hand, all

intercalated nanocomposites exhibited strong rheopexy behaviour, and this

behaviour becomes prominent at low shear rate (� 0.001 sÿ1), while pure PLA

exhibited a time independent viscosity at all shear rates. With increasing shear

rates, the shear viscosity attains a plateau after a certain time (indicated by the

arrows in Fig. 3.17), and the time required to attain this plateau decreases with

3.16 Master curves of storagemodulus (G0) and lossmodulus (G00) of PBS and
various nanocomposites.110 Reproduced from Sinha Ray, Okamoto and
Okamoto by permission of American Chemical Society, USA.
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3.17 Steady shear viscosity of PLA and various nanocomposites as a function
of time.60 Reproduced from Sinha Ray and Okamoto by permission of Wiley-
VCH Verlag GmbH, Germany.
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increasing shear rate. The possible reason for this type of behaviour may be due

to the planar alignment of the silicate particles towards the flow direction under

shear. When the shear rate is very slow (0.001 sÿ1), silicate particles take a

longer time to attain complete planar alignment along the flow direction, and

this measurement (1000 s) was too short to attain such alignment. For this

reason, nanocomposites showed strong rheopexy behaviour. On the other hand,

under little high shear rates (0.005 sÿ1 or 0.01 sÿ1) this time was sufficient to

attain such alignment, and hence, nanocomposites showed time-independent

shear viscosity after a certain time.

Figure 3.18 represents the shear rates dependent viscosity of pure PLA and

various PLACNs measured at 175ëC. While the pure PLA exhibits almost

Newtonian behaviour at all shear rates, the PLACNs exhibited non-Newtonian

behaviour. All PLACNs showed a very strong shear-thinning behaviour at all

measured shear rates and this behaviour is analogous to the results obtained in

the case of oscillatory shear measurements (see Fig. 3.15(b)). Additionally, at

very high shear rates, the steady shear viscosities of PLACNs were comparable

to those of pure PLA. These observations suggest that the silicate layers are

strongly oriented towards the flow direction (maybe perpendicular alignment of

the silicate layers toward the stretching direction) at high shear rates and that of

pure polymer dominates shear thinning behaviour at high shear rates. The same

3.18 Steady shear viscosity of PLA and various nanocomposites as a function
of shear rate.60 Reproduced from Sinha Ray and Okamoto by permission of
Wiley-VCH Verlag GmbH, Germany.

112 Polymer nanocomposites



kind of steady shear rheological behaviours were also observed in the case of

neat PBS and PBSCNs.

Like previous systems, the viscosity of the BAP/OMMT nanocomposites

were also decreased with increasing shear rate. However, at very low shear rates,

the shear viscosity data exhibited a Newtonian plateau even for high OMMT

content. With increasing shear rate, the nanocomposites were exhibited higher

degrees of shear-thinning behaviour compared to the pure polymer. A similar

behaviour was also observed by Krishnamoorti and Giannelis125 in the case of

exfoliated PCL-based nanocomposites with several silicate loadings.

The increase in shear viscosity of the PLS nanocomposites was recently

analyzed using a mean-field theory.185 Furthermore, in the case of intercalated

poly(styrene-isoprene) block copolymer/MMT nanocomposites, Krishnamoorti

et al.186 observed that the steady shear viscosities for the nanocomposites

exhibited enhanced shear-thinning behaviour at low shear rates. In other words,

the viscosity at high shear rates showed more decreased values from the zero-

shear viscosities with increasing clay loading, and the values were identical to

those of virgin polymer. Although the exact mechanism which causes the shear

thinning behaviour is still not clear, it can be deduced that the orientation of the

silicate layers under shear is the main cause. With increasing shear rate, the

intercalated polymer chain conformations change as the coils align parallel to

the flow.186 Nevertheless, because of this shear thinning property, the nano-

composites can be processed in the melt state using the conventional equipment

available in a manufacturing line.

PLS nanocomposites2 always exhibit significant deviations from the

empirical Cox-Merz relation,187 while all neat polymers obey the empirical

relation, which requires that, for  � !, the viscoelastic data obeys the

relationship ��� � j��j�!�. Two possible reasons may be offered for the

deviation from the Cox-Merz relation in the case of nanocomposites. First, this

rule is only applicable for homogeneous systems like homo-polymer melts, but

nanocomposites are heterogeneous systems. Second, the structure formation is

different when nanocomposites are subjected to dynamic oscillatory shear

versus steady shear measurements.

3.10.3 Elongation flow rheology

Sinha Ray and Okamoto60 first conducted elongation tests of PLACN5

(prepared with 5wt.% of C18MMT) in the molten state at constant Hencky

strain rate, _�0 using elongation flow opto-rheometry.188 On each run of the

elongation test, samples of 60 � 7 � 1mm3 size were annealed at a pre-

determined temperature for 3 min before starting the run in the rheometer, and

uniaxial elongation experiments were conducted at various _�0 ranging from 0.01

to 1 sÿ1. Figure 3.19(a) shows double-logarithmic plots of the transient elonga-

tion viscosity �E� _�0; t� versus time t, observed for PLACN5 at 170ëC with
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3.19 (a) Time variation of elongational viscosity for PLACN5 (PLAwith 5wt.%
C18MMT) melt at 170ëC. (b) Strain rate dependence of up-rising Hencky
strain.60 Reproduced from Sinha Ray and Okamoto by permission of Wiley-
VCH Verlag GmbH, Germany

114 Polymer nanocomposites



different _�0 values ranging from 0.01 to 1.0 sÿ1. This figure shows a strong

strain-induced hardening behaviour for PLACN5. In the early stage, �E
gradually increases with t but almost independent of _�0. This is generally called

the linear region of the viscosity curve. After a certain time, t�E which is the up-

rising time (marked with the upward arrows in the figure), was strongly

dependent on _�0, and a rapid upward deviation of �E from the curves of the linear

region was observed. On the other hand, the authors tried to measure the

elongational viscosity of pure PLA but they failed to do that accurately. Low

viscosity of pure PLA may be the main reason. However, they confirmed that

neither strain-induced hardening in elongation nor rheopexy in shear flow took

place in the case of pure PLA having the same molecular weights and

polydispersity as that of PLACN3.

Like polypropylene/OMLS systems, the extended Trouton rule, 3�0� _; t� �
�E� _�0; t�, does not hold for PLACN5 melt, as opposed to the melt of pure

polymers.189 These results indicate that in the case of PLACN5, the flow

induced internal structural changes also occurred in elongation flow, but the

changes were quite different from shear flow.190 The strong rheopexy observed

in shear measurements for PLACN5 at very slow shear rate reflected the fact

that the shear-induced structural change involved a process with an extremely

long relaxation time.

As to the elongation-induced structure development, Fig. 3.19(b) represents

the Hencky strain rate dependence of the up-rising Hencky strain ���E� � _�0 � t�E
taken for PLACN5 at 170ëC. The ��E values increased systematically with the _�0.

The lower the value of _�0, the smaller is the value of ��E . This tendency probably

corresponds to the rheopexy of PLACN5 under slow shear flow.

3.11 Foam processing of biodegradable
nanocomposites

Recently, polymeric foams are widely used as packing materials because they

are lightweight, have a high strength/weight ratio, have superior insulating

properties, and high energy absorbing performance. One of the most widely used

polymers for the preparation of foam is PS. It is produced from fossil fuels,

consumed and discarded into the environment, ending up as spontaneously

undegradable waste. Now if foams were made from biodegradable polymeric

materials, this problem would be solved. But biodegradable polymers such as

PLA have some limitations in foam processing because such polymers do not

demonstrate a high strain-induced hardening, which is the primary requirement

to withstand the stretching force experienced during the latter stages of bubble

growth. The branching of polymer chains, grafting with another copolymer, or

blending of branched and linear polymers are the common methods used to

improve the extensional viscosity of a polymer in order to make it suitable for

foam formation. PLACNs have already been shown to exhibit a high modulus
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and, under uniaxial elongation, a tendency toward strong strain-induced

hardening. On the basis of these results, Sinha Ray et al.54,60 first conducted

foam processing of PLACNs with the expectation that they would provide

advanced polymeric foams with many desirable properties. They used a physical

foaming method, i.e. batch process, in order to conduct foam processing. This

process consists of four stages:191 (a) saturation of CO2 in the sample at the

3.20 Cell-size distribution of two different nanocomposite foams. Average
values of d in �m and variances �d

2 �m2 in the Gaussian through the data are
(a) 2.59 and 0.551 for PLA/C18MMT5 and (b) 0.36 and 0.11 for PLA/
qC18MMT5 foams.54Reproduced fromFujimoto, SinhaRay,Okamoto, Ogami
and Ueda by permission ofWiley-VCH Verlag GmbH, Germany.
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desired temperature, (b) cell nucleation when the release of CO2 pressure starts

(forming supersaturated CO2), (c) cell growth to an equilibrium size during the

release of CO2, and (4) stabilization of the cell via a cooling process of the

foamed sample.

Nanocomposite foams exhibited a nice closed-cell structure with homogeneous

cells, while the neat PLA foam showed non-uniform cell structure having large cell

size (ca. 230�m). Also, the nanocomposite foams showed a smaller cell size (d)

and larger cell density (Nc) compared to neat PLA foam, suggesting that the

dispersed silicate particles act as nucleating sites for cell formation.191,192 In the

case of nanocomposite foams, they calculated the distribution function of cell size

from SEM images. Results are presented in Fig. 3.20. The nanocomposite foams

conveniently obeyed a Gaussian distribution. In the case of PLA/qC18MMT5 (see

Fig. 3.20), the width of the distribution peaks, which indicates the dispersity of cell

size, became narrow accompanied by a finer dispersion of silicate particles. From

SEM images, they quantitatively calculated various morphological parameters of

the two different nanocomposite foams; these are summarized in Table 3.8. The

PLA/qC18MMT5 (nanocellular) foam has a smaller d value (ca. 360 nm) and a

huge Nc (1.2 � 1014 cell. cm-3) compared to that of PLA/C18MMT5

(microcellular) foam (d = 2.59�m and Nc = 3.56 � 1011 cell. cmÿ3). These results
indicate that the nature of the dispersion plays a vital role in controlling the size of

the cell during foaming. On the other hand, the very high value of Nc in the case of

the PLA/qC18MMT5 foam indicates that the final �f is controlled by the

competitive process in the cell nucleation, its growth, and coalescence. The cell

nucleation, in the case of nanocomposite systems, took place in the boundary

between the matrix polymer and the dispersed silicate particles. For this reason, the

cell growth and coalescence were strongly affected by the characteristic parameter

(see Table 3.8), and the storage and loss modulus (� viscosity component) of the

materials during processing. This may create nanocellular foams without the loss of

mechanical properties in the case of polymeric nanocomposites.

3.12 Conclusions

Because of new environmental polices, societal concerns and growing environ-

mental awareness have triggered the search for new products and processing that

Table 3.8 Morphological parameters of the two different nanocomposite foams.54

Reproduced fromFujimoto, SinhaRay,Okamoto, Ogami andUeda by permission of
Wiley-VCH Verlag GmbH, Germany

Nanocomposite �f d Nc� 10ÿ11 � d/�LS d/LLS �/LLS
(g.cmÿ3) (�m) (cell. cmÿ3) (�m)

PLA/C18MMT5 0.46 2.59 3.56 0.66 10.1 5.8 1.47
PLA/qC18MMT5 0.57 0.36 1172 0.26 4.5 1.8 1.3
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are benign to the environment. Biodegradable polymers are considered as

alternatives to the existing petroleum-based plastics. Several examples of

biodegradable polymers, their synthetic procedures and properties have been

discussed here. Incorporation of layered silicates, organically modified or not,

into the biodegradable polymer matrix, i.e., the preparation of nanocomposites,

has also been discussed. The resulting biodegradable nanocomposites possess

several advantages:

· They generally exhibit improved mechanical properties both in solid and

molten states compared to conventional filler composites, because reinforce-

ment in nanocomposites occurs in 2D rather than 1D, and no special

processing is required to laminate the composites.

· They show much improved barrier properties towards the small gases, e.g.

oxygen, water, carbon dioxide, etc., because of the formation of a `tortuous

path' in the presence of layered silicate in the nanocomposites.

· Thermal stability of biodegradable polymers also increases after nano-

composites preparation, because clay acts as a heat barrier, which enhances

the overall thermal stability of the system, as well as assisting in the forma-

tion of char after thermal decomposition.

· The compost degradation rate of some biodegradable polymers is significantly

enhanced after nanocomposite preparation with organically modified layered

silicate and we can control the biodegradability by judicious choice of clay.

· Melt viscosity of pure polymer increases after nanocomposites formation.

This will help us for further processing.

The above improved properties are generally attained at low silicate content

(� 5wt.%) compared to that of conventional filler field composites.193 For these

reasons, these are far lighter in weight than conventional biodegradable com-

posites and make them competitive with other materials for specific applications

such as packaging. Biodegradable nanocomposite foams appear to have a very

bright future for a wide range of applications. These are entirely new types of

composite materials with various interesting properties and may soon be com-

petitive with the existing fossil plastic materials. PLA-based nanocomposites

have already started commercial application as a short-term packing material.

Although, biodegradable nanocomposites have very strong future protects, the

present low level of production and high costs restrict them for a wider range of

applications. Therefore, the most important factors in the formation of a

biodegradable polymer-based industry include cost reduction of biodegradable

polymers as well as public and political acceptance.

Finally, for biodegradable nanocomposites to meet a wide range of

applications, nanocomposites formulation must be further researched and

modified so that mechanical and other properties can be easily manipulated

depending on the end-user's requirements.
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4.1 Introduction

Polypropylene is a commodity polymer used in a wide range of products ranging

from automotive applications such as automotive bumpers and interior parts of

automobiles to packaging applications such as pouches for ready-to-eat meals

and other food containers. Conventional fillers such as talc and mica are used at

a rather high loading of 20 to 40wt.% to improve mechanical properties and

dimensional stability while also increasing part weight. Silicate nanolayers have

much larger aspect ratios and can enhance stiffness and scratch resistance

significantly at a much lower loading.1 They are also impervious to gases and

when they are well dispersed and oriented, can yield greatly improved barrier

properties as well as flame retardance in the composite. Hence the prospect of

developing layered silicates such as montmorillonite as a multifunctional

additive for polypropylene at 5 to 10wt.% with minimal increase in weight is

very attractive.

Montmorillonite is a 2:1 smectite; i.e., it has three atomic lattice layers in

each of the nanolayers with an aluminum-oxygen-hydroxyl octahedral sheet

sandwiched between two silicon-oxygen tetrahedral sheets.2 Individual nano-

layers are 1 nm thick and their lateral dimensions are about 100 nm. There are

hydroxyl groups at the nanolayer edges, which are part of the aluminum lattice

layer. The interlayer galleries contain exchangeable cations (usually sodium)

because of the charge imbalance created by isomorphic substitution of the

aluminum. The hydrophilic face of the clay platelets is modified by pre-

intercalating long chain alkyl ammonium ions as surfactants, in order to enhance

the interaction between the mineral and the organic polymer. The onium ion

interacts with the surface of the clay while the hydrocarbon tails swell the clay

and improve its dispersibility in organic materials. Other layered silicates with

larger lateral dimensions have been investigated but they are harder to disperse,

requiring much higher shear stresses for delamination and running the risk of

damaging the particles.
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Even after organic modification of the clays, polypropylene does not wet the

surface of clays because it is nonpolar. It is necessary to blend in a func-

tionalized polymer such as maleated polypropylene (PP-g-MA) that wets the

modified clay surface more readily and is also miscible with the bulk polymer.

Okada and coworkers3±5 were the first to produce polypropylene layered silicate

nanocomposites by melt compounding the modified clay with PP-g-MA and PP.

The progress made since then in preparing and characterizing polypropylene

layered silicate nanocomposites is reviewed in this chapter. We discuss

advances in formulations, preparation methods and characterization; then

proceed to effects of the dispersion state (intercalated vs. exfoliated) and of

silicate loading on crystallinity, mechanical performance and other properties,

and end with a summary of progress to date with these composites. All the

results presented in this chapter refer to isotactic polypropylene nanocomposites

with layered or smectite clays.

4.2 Chemical compatibilization and compounding

4.2.1 Formulations

Choices of surfactant, polymeric compatibilizer and other coupling agents are

critical for optimizing the dispersion and properties of polypropylene clay

nanocomposites. The interaction between the oxygen atoms on the clay surface

and the polymeric compatibilizer must be stronger than the interaction between

the clay surface and the surfactant in order to obtain delamination of the

silicates.6 The polymeric compatibilizer must also be miscible with the bulk PP;

this puts a limit on the extent of functionalization of the polypropylene.3 Hence

the structure of surfactant and of the polymeric compatibilizer must be carefully

engineered. The length of the surfactant chain is an important variable that

influences the level of exfoliation. Reichert et al.7 investigated the effectiveness

of the chain length by exchanging synthetic sodium fluoromica with various

protonated alkyl amines ranging from butyl (C4), to octadecyl (C18) amine.

They concluded that the alkyl chain length must exceed 8 carbon atoms for the

clay to be exfoliated in polypropylene and that the C18 onium ion yields high

levels of exfoliation. Other variations include semi-fluorinated surfactants6 that

are more easily displaced by the maleated PP and surfactants with two alkyl

tails6,8 which appear to be more suited to polyolefins and also more thermally

stable.

The coupling between the clay and the matrix can be further enhanced by

silane treatment of the clays.9 Some silanes move into the interlayer galleries

and react with the gallery faces, leading to stronger intercalated structures.10

Other silanes react with the edges alone and as seen from recent results obtained

in our laboratory11 and discussed in a later section, can lead to a greater degree

of exfoliation as well. X-Ray diffraction patterns show no change in interlayer
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spacing when an aromatic alkoxysilane is used, suggesting that this silane

attaches to the edges of the clay platelets but does not enter the galleries. This

selectivity arises from the chemical incompatibility of aryl silane which is

unable to displace alkyl ammonium ions from the galleries.

The polymeric compatibilizer may be polypropylene grafted or terminated

with maleic anhydride,12 hydroxyl4 or ammonium13 groups; the hydroxyl group

detracts from the flame retardance effect of the filler, as discussed in a later

section. The maleic anhydride grafted polypropylene is commercially available

and also most suited for flame retardance. It is important to note that the maleic

anhydride in PP-g-MA may exist in three distinct forms:14 unreacted maleic

anhydride, oligomeric maleic anhydride and bound maleic anhydride attached to

polymer chains. The fraction of bound maleic anhydride is usually considerably

less than the overall maleic anhydride present and recent work in our laboratory

has confirmed that it is important to determine the amount of bound maleic

anhydride because it controls the effectiveness15 of the compatibilizer for

dispersion. The maleic anhydride moieties are grafted largely at the ends of the

polymer chains12 with a free radical reaction. When more than one maleic

anhydride group is attached to a chain end, the potential for multiple interactions

with the clay surface will enhance the ability of the compatibilizer to enter the

clay gallery and lead to more effective stress transfer from the polymer to the

clay in shear, allowing mechanical separation of the clay nanolayers. Hence a

greater fraction of bound maleic anhydride should yield a greater degree of

exfoliation. In early work,3 a 3:1 ratio of compatibilizer to clay was used to

obtain delamination of the clay. Recent work in our laboratory16 with varying

ratios of compatibilizer to clay for different compatibilizers has shown that a 2:1

ratio is adequate when the bound maleic anhydride content in the maleated

polypropylene is greater than 1wt.%. This proportion has been used effectively

by other investigators8 as well.

The primary limitation of using maleated PP as polymeric compatibilizer

arises from chain degradation during the free radical reaction for grafting maleic

anhydride. Higher maleic anhydride content is desirable for favorable

interaction with the clay surface; but as more maleic anhydride is added, chain

scission occurs leading to lower molecular weights. Among commercially

available grades, for example, Polybond 3150 (Uniroyal) has a molecular weight

of 330,000 and a bound maleic anhydride level of less than 0.5wt.%; G3015

(Eastman) has a molecular weight of 47,000 and a bound maleic anhydride level

of 0.9 wt.% and AC1325 (Honeywell) has a molecular weight of 28,200 with a

bound maleic anhydride level of 1.3 wt.%. More than 5wt.% maleic anhydride is

usually obtained in very low molecular weight waxes and these compounds will

not entangle adequately with the bulk polypropylene during compounding.16

Large amounts of moderate molecular weight compatibilizer will lead to

unacceptable mechanical properties.17 The synthesis of grafted or functionalized

polypropylenes with much higher molecular weight was reported recently by
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Fibiger and coworkers18 from Dow with a proprietary process; these high

molecular weight compatibilizers lead to composites with much improved

mechanical properties.

4.2.2 Compounding

Melt compounding of the three components is typically carried out in a twin

screw extruder using lower temperatures of around 170ëC in the feed zone; this

is because the alkyl ammonium surfactant in the interlayer galleries degrades at

higher temperatures causing the galleries to collapse. The behavior of the

surfactant is seen in the TGA scan shown in Fig. 4.1 for C-18 clay (I.30 P). The

residence time of the clay must be manipulated to provide enough shear strain

while avoiding degradation of surfactant or agglomeration of the clay;19 this can

be achieved by feeding the clay in a separate hopper downstream of the polymer

feed, in addition to adjusting the screw rpm and the throughput rate.19±20

Batch mixers have been used effectively15±16, 21±22 for small batches. The

shear rates in the batch mixers ranged from 50 to 200 sÿ1 and the residence times

used varied from 2 to 15 minutes. Dolgovskij et al.21 reported that PP clay

nanocomposites with 5wt.% organically modified montmorillonite were most

exfoliated when prepared by batch compounding for 15 minutes in a vertical, co-

rotating twin screw extruder with a screw speed of 100 rpm. They noted that the

dispersion level was much lower when a mixing time of 2 minutes was used.

4.1 TGA scan of C-18 clay (Nanocor I.30 P), showing loss of organic
surfactant from interlayer galleries above 200ëC.
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Ultrasonication has been used after melt compounding to yield enhanced

dispersion in some cases.23

The three components may be compounded all together or in stages. While

direct compounding is appropriate for small scale (50 g) preparations, stagewise

compounding with an intermediate concentrate, termed masterbatch is recom-

mended for larger quantities. A variety of masterbatch concentrates have been

used. For example, some investigators9±10 prepared masterbatch concentrates

consisting of all three components with up to 50wt.% of montmorillonite and

then let it down with the bulk PP and concluded that the dispersion was better

than that obtained by direct compounding. Wang et al.24 compounded maleated

PP and montmorillonite in a 3:1 proportion into a masterbatch and then let it

down with the bulk polypropylene to get a PP/PP-g-MA/silicate compound with

80/15/5 proportion by wt. X-ray diffraction patterns and viscosity measurements

revealed that the dispersion in this compound was better than that obtained with

direct compounding. Masterbatch concentrates without any compatibilizer were

prepared by others7-8 and let down with a mixture of compatibilizer and bulk PP

to obtain better properties than with direct compounding. An in-situ com-

patibilization approach has been reported by Tjong et al.;25 in this approach,

maleic anhydride was used to swell and exfoliate vermiculite first and then the

exfoliated vermiculite was compounded with polypropylene and dicumyl

peroxide to prepare functionalized polypropylene in-situ. Kato et al.26 injected

an aqueous slurry of clay into a molten mixture of polypropylene, PP-g-MA and

surfactant in a twin screw extruder and obtained exfoliated nanocomposite,

using a 6:1 ratio of PP-g-MA to clay by wt.

4.3 Nanostructure

4.3.1 Morphology

Some assessment of the degree of dispersion is obtained from X-ray diffraction

patterns. Figure 4.2 presents XRD patterns for three different polypropylene

nanocomposites prepared in our laboratory with 5wt.% of a C-18 organoclay (I-

30 P from Nanocor), 85wt.% of a 11 MFR PP and 10wt.% of three different

maleated polypropylenes. The bound maleic anhydride content in the graft PP

varies from 0.37wt.% to 1.3 wt.%. There is a hint of a peak for the nano-

composite (NC1) with the lowest bound MA content but not for the other two.

This would indicate that the degree of exfoliation is least for NC1. Better

discrimination of the structure of the three nanocomposites can be obtained from

analysis of transmission electron micrographs. Two representative images are

presented for the nanocomposite with the G-3015 compatibilizer in Fig. 4.3. In

both images, exfoliated single platelets are seen along with intercalated stacks.

Staggered arrangements of platelets sliding out of a stack when subjected to

shear are seen in both these figures, like the formation termed `skewed stack' by
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Fornes et al.27 in their analysis of nylon-6/layered silicate nanocomposites. A

quantitative comparison of the degree of delamination in these composites can

be obtained from an analysis of the fraction of single particles and the

distribution of lengths of such particles in these samples. Several such images

4.2 X-ray diffraction patterns for the organoclay and three polypropylene
nanocomposites with 5wt.% C18 clay and 10wt.% PP-g-MA; the PP-g-MA
grades were Eastman G-3003 (with 0.37wt.% bound MA) in NC1, Eastman
G-3015 (with 0.94wt.% bound MA) in NC2 and Honeywell AC1325 (with
1.3wt.% boundMA) in NC3.

4.3 Two different TEM images for polypropylene nanocomposite NC2. The
scale bar in each picture is 200nm.
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were analyzed to get a length distribution for each composite. The results of this

analysis are presented for two of the composites in Fig. 4.4, which identifies

NC3 ± prepared with the PP-g-MA having the greatest bound MA fraction ±

clearly as the most exfoliated sample with the highest average platelet length.15

4.3.2 Rheology

The state of dispersion in the melt state as well as the orientation of nanolayers

may be inferred from melt rheology. Both dynamic moduli ± the storage

modulus and the loss modulus ± from small amplitude oscillatory shear of the

nanocomposite melts increase with the loading of layered silicates.28±29 The zero

shear viscosity has been inferred from creep curves by Lele;30 it is important to

ensure that the material structure is stable over the long times required for linear

viscoelastic creep data. The dynamic viscosity curves are more conveniently

related to the mean aspect ratio and thus the degree of exfoliation16 because the

intrinsic viscosity of such suspensions increases with the average aspect ratio of

the particles.31 Marchant and Jayaraman16 obtained a limiting value for the

dynamic viscosity of some nanocomposite melts at low frequencies. However,

other melts do not show such a limit. Figure 4.5 presents plots of the dynamic

shear viscosity against the magnitude of complex shear modulus for two com-

posites prepared in our laboratory15 and the corresponding silicate free melts

with PP and PP-g-MA in the same proportion as the composites. The dynamic

4.4 Length distributions for 'single particles' in polypropylene nanocomposites
NC2 and NC3.
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viscosity curve for the composite NC2 increases sharply with decreasing stress

at low shear stresses, indicating the presence of a yield stress. These plots allow

us to evaluate the relative viscosity at a fixed value of shear stress as shown in

Fig. 4.6. The relative viscosity is consistently higher for NC2 with the higher

fraction of bound maleic anhydride. The dynamic storage modulus curves

plotted for the two composites in Fig. 4.7 show a plateau at low frequencies for

NC2, which is consistent with the presence of a yield stress. Lertwimolnun and

Vergnes20 have fitted a modified Carreau-Yasuda model that includes a yield

stress to the complex viscosity curves of PP nanocomposites and found that the

estimated yield stress value increases with increasing compatibilizer to clay ratio

4.5 Dynamic viscosity vs. complex modulus G* of the nanocomposite melts
and the silicate-free melts for polypropylene nanocomposites NC1 andNC2.

4.6 Relative viscosity vs. complex modulus G* for polypropylene nano-
composites NC1 andNC2.
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to a maximum of 800 Pa at a ratio of 5. These composites were prepared with

5wt.% of Cloisite 20A clay and a PP-g-MA containing 1wt.% maleic anhydride

(including bound and free). Better characterization of the yield stress is required

to relate the structure to rheology quantitatively.

Okamoto et al.32,33 have observed that the evolution of nanostructure during

uniaxial extension in an RME32 and during biaxial extension in a foaming

operation33 led to significant strain hardening of a polypropylene nanocomposite

melt whereas the polypropylene matrix alone did not show any strain hardening.

The matrix was all maleic anhydride functionalized polypropylene. The nature

and extent of aggregation as well as the predominant orientation were different

in the two flow types. The aggregates in uniaxial extension were reported to be a

`house-of-cards' type while the aggregates in biaxial extension were mostly

layered. The platelets were oriented with the normals along the flow direction in

uniaxial extension while the platelets were oriented with the edges along the

flow direction in biaxial extension. Kumar and Jayaraman34 have noted that

when other polypropylene nanocomposite melts were extruded through a

converging die section with a strong uniaxial extensional flow in the center of

the die, the platelets in the core of the extrudate had their edges oriented parallel

to the flow direction. These nanocomposites were made with a silane coupling

agent added to the organoclay in a mixture of neat polypropylene and maleic

anhydride functionalized polypropylene as the matrix.

4.7 Dynamic storage modulus curves for polypropylene nanocomposites NC1
and NC2.
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4.3.3 Stability of morphology

The stability of morphology to further melt processing is a measure of the

degree of coupling or strength of interactions between the silicate nanolayers

and the matrix polymer.6,35 Reichert et al.35 annealed injection molded PP

nanocomposite specimens in an oven at 220ëC and observed a coarsening of

morphology as displayed by two transmission electron micrographs in Fig. 4.8

taken before and after annealing. Manias et al.6 processed different nano-

composite specimens by compression molding at 180ëC and observed the

evolution of structure after different times of annealing by X-ray diffraction. The

nanocomposites were prepared with the same organically modified clay where

the surfactant had two alkyl tails (2C18), and two different matrices ± neat PP

alone in one case and PP-g-MA alone in the second case. In both cases the

composite was precipitated from a co-suspension of the clay with the matrix in a

common organic solvent and then compression molded at 180ëC. In the first case

with the neat PP matrix, the structure which was mostly exfoliated at the start

became strongly intercalated in 15 min. However, the second case with the PP-

g-MA as matrix did not show much change over 30 min. The latter case

evidently had stronger coupling between polymer and filler.

4.3.4 Crystallization

Addition of compatibilizer and the clay to polypropylene have competing effects

on the rate of crystallization. The clay alone leads to a greater rate of nucleation

4.8 TEM images of injection molded PP nanocomposite samples: (a) not
annealed (scale bar = 500nm) and (b) annealed for 200 min at 220ëC (scale
bar = 1000nm). Reprinted with permission of John Wiley & Sons, Inc. from
Reichert, P., Hoffman, B., Bock, T., Thomann, R., Mulhaupt, R. and Friedrich,
C., `Morphological stability of polypropylene nanocomposites', Macromol.
Rapid. Comm., 22, 519±523 (2001) Copyrightß 2001, Wiley.
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and smaller spherulites, as reported by Ma et al.36 for intercalated nano-

composites prepared with an intercalation polymerization process. As shown in

Fig. 4.9 which presents optical micrographs taken from the work of Ma et al.,36

spherulite sizes are of the order of 100 microns in pure PP and decrease

progressively with clay loading. The addition of PP-g-MA alone to poly-

propylene reduces the rate of crystallization significantly;37 a similar reduction

in crystallization rate was observed in intercalated nanocomposites37 confirming

that the matrix in such composites is a mixture of PP and PP-g-MA. However,

relative to PP-g-MA alone as the matrix, the presence of intercalated clay had

the expected effect, producing smaller spherulites38 particularly at crystalliza-

tion temperatures below 100ëC. The rate of crystallization affects the nanolayer

structure as well: during crystallization of intercalated nanocomposites, the

4.9 Micrographs of (a) pure PP, (b) PP/4.6wt.% organoclay, and (c) PP/8.4
wt.% organoclay taken under a polarizing microscope. The nanocomposites
were prepared via an intercalation polymerization process. Reprinted with
permission of JohnWiley & Sons, Inc. fromMa, J., Zhang, S., Qi, Z., Li, G. and
Hu, Y., `Crystallization behaviors of polypropylene/montmorillonite
nanocomposites', J. Appl. Polym. Sci., 83, 1978±1985 (2002) Copyright ß
2002, Wiley.
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gallery spacing can be increased by raising the crystallization temperature.39

Higher crystallization temperatures also lead to greater fractions of the -form

and lower fractions of the �-form as shown by the WAXD patterns39,40 of an

intercalated PP nanocomposite in Fig. 4.10. The fraction of -form was also

found to go up with increasing clay content. At crystallization temperatures of

110ëC or higher, the clay was found to be predominantly located in the

interspherulitic regions giving rise to higher modulus. The silicate nanolayers

can in addition disrupt the crystal structure and increase the interchain distance

in crystallites as pointed out by Nam et al.41 This is important because defect-

free crystal structure leads to better barrier properties.42

4.10 WAXD patterns for intercalated PP-g-MA/organoclay composites
prepared by twin screw compounding (PP-g-MA:Mw� 1.95kg/mol,Mw/Mn

� 2.98 and MA content = 0.2 wt.%) with 7.5 wt.% clay with different
crystallization temperatures ± 70ëC, 100ëC and 130ëC. Reprinted with
permission of John Wiley & Sons, Inc. from Maiti, P., Nam, P.H., Okamoto,
M., Kotaka, T., Hasegawa, N., and Usuki, A., `The effect of crystallization on
the structure and morphology of polypropylene/clay nanocomposites', Polym.
Eng. Sci., 42 (9), 1864±1871 (2002) Copyrightß 2002, Wiley.
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4.4 Performance

4.4.1 Mechanical properties

Much of the mechanical property data reported in the literature has been

obtained with PP nanocomposites that have a largely intercalated structure.

Figure 4.11 presents a plot of tensile modulus against clay loading in

intercalated PP nanocomposites as reported by Svoboda et al.17 A 1:1 wt. ratio

of PP-g-MA compatibilizer to clay was used in preparing these composites. The

rate of improvement is greater up to 2wt.% than above it. This is in contrast to

the trend found for fiber reinforced polymers where the modulus increases more

steeply at higher loading. The observed trend for nanocomposites probably

reflects poorer dispersion or lower d-spacing at higher loading in predominantly

intercalated composites. This plot shows a 30% increase at a clay loading of

5wt.%. Only a slight effect is seen of maleated PP molecular weight on the

modulus. The tensile strength of intercalated PP nanocomposites increases

sharply by about 12% at a clay loading of 1wt.% clay and then levels off as

shown in Fig. 4.12. The tensile strength of intercalated PP nanocomposites is

brought down significantly by the addition of low molecular weight maleated

PP, as shown in Fig. 4.12. Other authors6±7,43 have reported similar improve-

4.11 Tensile modulus as a function of clay content for intercalated PP/PP-g-
MA/Cloisite 20A organoclay composites prepared by twin screw
compounding with a 1:1 wt. ratio of PP-g-MA to clay. Reprinted with
permission of John Wiley & Sons, Inc. from Svoboda, P., Zeng, C., Wang, H.,
Lee, L., and Tomasko, D., `Morphology and mechanical properties of
polypropylene/organoclay nanocomposites', J. Appl. Polym. Sci., 85(7):
1562±1570 (2002) Copyrightß 2002,Wiley.

142 Polymer nanocomposites



ments with 5wt.% clay. Reichert et al.7 have reported that the tensile modulus is

sensitive to the alkyl tail length in the surfactant as well as the compatibilizer

molecular weight. A relevant question here is how much talc would be needed to

provide similar improvements in properties. This is presented in Table 4.1 which

is adapted from a table provided by Ellis and D'Angelo10 It is readily seen from

Table 4.1 that for a 30% increase in tensile modulus, we would need to add

about 23% talc. The tensile strength is lowered by the addition of talc. Ellis and

D'Angelo10 obtained intercalated structures with I.31 PS, an organoclay with

additional silane treatment. Composites were also prepared with the help of a

masterbatch concentrate termed C.31 PS that contained 50 to 60wt.% of the I.31

PS with the other two components. By both compounding methods, a 5wt.%

intercalated nanocomposite exhibited a 25% improvement in tensile modulus,

which is equivalent to adding over 20wt.% talc.

Higher property improvements have been reported in highly exfoliated

nanocomposites for which the intercalation peak is missing from X-ray diffrac-

tion patterns. Ton-That et al.8 obtained a 30% increase in tensile modulus by

dispersing only 2wt.% of Cloisite 15A with the help of a 330,000 molecular

weight PP-g-MA compatibilizer. The effect of surfactant structure and of the

4.12 Tensile strength as a function of clay content for intercalated PP/PP-g-
MA/Cloisite 20A organoclay composites prepared by twin screw
compounding with a 1:1 wt. ratio of PP-g-MA to clay. Reprinted with
permission of John Wiley & Sons, Inc. from Svoboda, P., Zeng, C., Wang, H.,
Lee, L., and Tomasko, D., `Morphology and mechanical properties of
polypropylene/organoclay nanocomposites', J. Appl. Polym. Sci., 85(7):
1562±1570 (2002) Copyrightß 2002, Wiley.
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compatibilizer molecular weight is shown in Fig. 4.13 which is reproduced from

this work. The tensile strength was improved by 13%. Higher improvements

were obtained in flexural modulus and in flexural strength. Ton-That et al.8 also

compared the performance of polypropylene nanocomposites prepared with

2wt.% of two different surfactant treated clays ± Cloisite 30B with one tallow

tail and Cloisite 15A with two hydrogenated tallow tails. They found that the

nanocomposite with Cloisite 15A had a noticeably higher tensile modulus and

tensile strength.

Tjong et al.25 produced polypropylene nanocomposites with 2wt.% exfoliated

vermiculite after pre-treating the vermiculite with maleic anhydride for in-situ

compatibilizer generation; the vermiculite aspect ratio was at least twice that of

the montmorillonite. The tensile modulus improved from 0.84GPa for their neat

PP to 1.3GPa for the 2wt.% nanocomposite. The tensile strength improvement

was also more striking going up from 28MPa to 37MPa.

In addition to the state of dispersion, the strength of coupling between the

matrix and the clay particles also affects the tensile modulus. Additional

coupling can be obtained with silanes but in some instances they have been

found to detract from the dispersibility of the clays.10 A more careful selection

of the silane coupling agent can produce further increases in tensile modulus as

seen in our laboratory and presented in Fig. 4.14. This figure presents a

comparison of tensile modulus values for polypropylene nanocomposites with

5wt.% clay and 10wt.% maleated polypropylene and prepared by direct batch

compounding in a Banbury mixer for 10 minutes at 180ëC. The silane chosen in

this work reacted primarily with the groups on the edges of the silicate layers

and led to better coupling with the matrix and thus to higher modulus.

Table 4.1Mechanical properties of intercalated PP nanocomposites and talc filled
polypropylene at 25ëC

Sample Tensile Tensile Flexural Flexural
strength modulus strength modulus
(MPa) (GPa) (MPa) (GPa)

Base PP 38.1 1.97 67.9 1.89
5wt.% I.31PS in PP 38.7 2.38 66.3 2.13
5wt.% I.31 PS in PP after
extendedmixing 40.2 2.40 ö ö
20wt.% talc filled PP 35.2 2.34 64.3 2.75
30wt.% talc filled PP 35.3 3.13 ö ö
40wt.% talc filled PP 33.9 3.65 61.0 3.29
10wt.% C.31PS in PP 40.7 2.43 ö ö
20wt.% C.31PS in PP 41.0 2.71 ö ö
30wt.% C.31PS in PP 40.2 2.92 ö ö

AdaptedwithpermissionofJohnWiley&Sons, Inc. from Ellis,T.S. andD'Angelo, J.S. Thermal and
Mechanical Properties of a Polypropylene Nanocomposite J. Appl. Polym. Sci., 90, 1639±1647
(2003) Copyright 2003,Wiley
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4.13 Tensile and flexural properties of PP, PP blends with PP-g-MA and PP
nanocomposites with a 2:1 ratio of PP-g-MA to clay. Reprinted with
permission of JohnWiley & Sons, Inc. from Ton-That, M.T., Perrin-Sarazin, F.,
Cole, K.C., Bureau, M.N. and Denault, J. `Polyolefin nanocomposites:
formulation and development', Polym. Eng. Sci., 44 (7), 1212±1219 (2004)
Copyrightß 2004, Wiley.
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4.4.2 Other properties

Incorporation of silicate nanolayers in semi-crystalline polymers like

polypropylene can have a two-fold effect on the barrier properties, (1) well

oriented large aspect ratio platelets will increase the tortuosity of the diffusion

path and (2) the nanolayers will affect the crystalline order (size and interlamellar

spacing) and possibly affect the barrier properties. The extent of orientation is

greater in blown film than in extrusion cast film and this leads to similar trends in

barrier properties of polypropylene nanocomposites with 7wt.% I.31PS (silated)

clay as reported by Qian et al.44 With cast films, the nanocomposite had a lower

permeability to oxygen by a factor of 1.5 compared to neat polypropylene. With

blown films, the nanocomposite permeability to oxygen was lower by a factor of

2.5 compared to neat polypropylene. However, Ellis and D'Angelo10 were able to

prepare only intercalated polypropylene nanocomposites with the same I.31 PS

and obtained no improvement in permeability to a solvent over that for neat

polypropylene. This underlines the greater sensitivity of barrier performance to

the level of dispersion and orientation.

The mechanism for flame retardance in polymer clay nanocomposites is the

formation of an insulating char layer on the surface that is enriched in

nanolayers45 and also acts as a barrier. This is effective only when the clay is

delaminated to a large extent.46 Flame retardance is also quite sensitive to the

4.14 Tensile moduli of polypropylene and PP nanocomposites prepared by
melt compounding with 10 wt.% of a fixed PP-g-MA and 5 wt.% of
montmorillonite with different surface treatments including additional silane
treatment.
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selection of polar group in the functionalized polypropylene used as com-

patibilizer: hydroxyl groups are detrimental while maleic anhydride is the most

effective. Flame retardance is measured in terms of the peak heat release rate

with a cone calorimeter. Gilman et al.46 have tested PP nanocomposites

including PP-g-MA with 2wt.% and 4wt.% layered silicates and found

progressively lower values of the peak heat release rate with a maximum

reduction of 75%. They also reported that better mixing had a noticeable effect

on the reduction in peak heat release rate. This is accompanied by a reduction in

mass loss rate during combustion. While the peak heat release rate is reduced

significantly, the total heat released is not; this too can be reduced by combining

the nanoclay with other intumescent flame retardants such as ammonium

polyphosphate mixed with polyol and a blowing agent.47±48

4.5 Conclusions

Improvements in mechanical properties with polypropylene layered silicate

nanocomposites are more modest than the improvements reported with nylon.

This is a reflection not just of incomplete exfoliation in polypropylene but also of

more complex and inadequate coupling between the bulk polypropylene matrix

and the silicate layers usually in the presence of a compatibilizer. The fraction of

bound maleic anhydride in the compatibilizer is important for both exfoliation

and good coupling. The degree of coupling between polymer and nanolayers also

affects the stability of morphology. The compatibilizer and the layered silicates

have competing effects on the crystallization rate. Carefully chosen silanes can

be used to provide additional coupling at the nanolayer edges. Detailed analysis

of several TEM images has been used by investigators to assess the effectiveness

of their formulations and methods; more work is required on developing less

laborious characterization methods such as relating the structure to rheology

quantitatively. Improvements in barrier properties depend on the level of

orientation as well and more work is required to realize the potential of such

nanocomposites in this area. Recently proposed approaches to exfoliate larger

aspect ratio layered silicates such as vermiculite show promise.
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5.1 Introduction

Polymerization of vinyl monomers intercalating into the montmorillonite

(MMT) clay1 was first reported in the literature as early as 1961. The most

recent methods to prepare polymer-layered-silicate nanocomposites have

primarily been developed by several other groups. In general these methods

(shown in Fig. 5.1) are able to achieve molecular-level incorporation of the

layered silicate (e.g. montmorillonite clay or synthetic layered silicate) in the

polymer matrix by addition of a modified silicate either to a polymerization

reaction (in situ method),2±4 to a solvent-swollen polymer (solution blending),5

or to a polymer melt (melt blending).6,7 Recently, a method has been developed

to prepare the layered silicate by polymerizing silicate precursors in the presence

of a polymer.8

Several attempts to prepare polystyrene-clay composites have been reported.

A common technique involves impregnating clay in styrene monomer followed

by polymerization. The hydrophilic nature of untreated clay impedes its

homogeneous dispersion in polymer matrix. Friedlander and Grink9 reported a

slight expansion of the 001 spacing of clay galleries and concluded that poly-

styrene was intercalated in clay galleries; but Blumstein10 questioned inter-

calation by polystyrene because no increase in the basal spacing could be

detected. Later Kato et al.11 reported the intercalation of styrene into stearyl-

trimethyl-ammonium cation exchanged MMT. Kelly et al.12,13 reported the

modification of MMT by a variety of functional groups in their study of epoxy

composites. Akelah and Moet14,15 prepared polystyrene nanocomposites using a

solvent (acetonitrile). Na-MMT was made organophilic by cation exchange with

vinyl-benzyltrimethylammonium chloride. Polystyrene-clay intercalated

nanocomposites with a maximum basal spacing of 2.45 nm were reported.

Giannelis16 and Vaia et al.17 developed a new approach to fabricate polymer-

clay nanocomposites via polymer melt intercalation. Polystyrene-clay

intercalated nanocomposites were prepared using this method.17 Recently,

Doh and Cho18 prepared polystyrene-clay intercalated nanocomposites by

5
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polymerization of styrene in the presence of organophilic clay. The intercalated

polystyrene-clay nanocomposites exhibited thermal stability better than pure

polystyrene.

5.2 Organically modified clay

Zhu and co-workers19 reported the preparation of three new organically

modified clays and their corresponding preparation of PS/clay nanocomposites

from these clays by bulk polymerization. Two are functionalized ammonium

salts while the third is a phosphonium salt and structures of these salts are shown

in Fig. 5.2. TGA/FTIR showed that the phosphonium treatment results in the

most thermally stable treatment when compared to the two ammonium salts.

Wang20 used two different organic modifications of the montmorillonite, one

contains a styryl monomer on the ammonium ion while the other contains no

double bond. A double bond that may be involved in the polymerization reaction

is present in the cation of the clay. Polystyrene-clay nanocomposite has been

prepared by bulk, solution, suspension, and emulsion polymerization as well as

by melt blending. The organic modification as well as the mode of preparation

may determine whether the composite is either exfoliated or intercalated.

Exfoliation is more likely to occur if the ammonium ion contains a double bond

5.1 Schematic representation of various methods used to prepare polymer-
layered-silicate nanocomposites.38

152 Polymer nanocomposites



which can participate in the polymerization reaction. However, the mere

presence of this double bond is not sufficient to always produce an exfoliated

system.

In addition, Wang and Charles21 also reported the preparation and charac-

terization of an antimony-containing clay and the preparation of polystyrene

nanocomposites from this clay. The structure of antimony is shown in Fig. 5.3.

The objective of this study is to determine if this clay is more thermally stable

than the common ammonium clays and thus could be used at higher

temperatures for the processing of polymers, such as polycarbonate, that require

processing at higher temperature.

Fu and Qutubuddin22 reported the synthesis of exfoliated polystyrene-clay

nanocomposite. A reactive cation surfactant vinylbenzyldimethyldodecyl-

ammonium chloride (VDAC) was synthesized and used for ion exchange with

sodium ions in MMT. The structure of VDAC is shown in Fig. 5.4. The

exfoliated polystyrene-clay nanocomposite was prepared by direct dispersion of

organophilic MMT in styrene monomer followed by free radical polymerization.

Chang and co-workers23 reported the preparation of two types of nano-

composites formed from cetylpyridinium chloride (CPC)- and aminopropyl-

isobutyl polyhedral oligomeric silsesquioxane (POSS)-treated clays (Fig. 5.5).

The PS/clay nanocomposite formed using the CPC-treated clay exhibited no

5.2 Structures of the salts used to prepare the organically modified clays.19

5.3 Structure of triphenylhexadecylstibonium trifluoromethylsulfonate.21
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significant improvement in thermal properties.24±28 The major advantage of

choosing POSS molecules is its thermal stability up to 300ëC, higher than the

thermal degradation temperatures of most organic molecules. POSS consists of a

rigid cubic silica core with 0.53 nm side length, to which organic functional

groups can be attached at the vertices for further reactions. POSS derivatives

containing amine functional groups can play the role of surfactants for the

treatment of clay and the thermal stability of the resulting nanocomposite is

enhanced.

In addition, Yei and co-workers also reported the preparation of two types of

PS/clay nanocomposites formed from clays treated with either cetylpyridinium

chloride (CPC) or the CPC/�-CD inclusion complex.29 Structures of these two

intercalation agents were shown in Fig. 5.6. We found that CPC, a linear

aliphatic surfactant, is able to form a crystalline complex with cyclodextrin.

Including CPC within CD channels improves the thermal stability of the virgin

5.4 Structure of VDAC used to prepare the organically modified clay.

5.5 Chemical structures of the surfactants used to prepare themodified clays.23
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CPC. The linear aliphatic chain within the CPC/�-CD cannot bend within the

galleries of the clay and the d spacing of clay intercalated by the CPC/�-CD

inclusion complex is significantly higher than that formed using pure CPC. The

CPC/�-CD inclusion complex can promote exfoliated structure of clay.

5.3 Surface-initiated polymerization (SIP)

Rather than modifying the clay with organic quaternized ammonium salts,

cationically modified polymerization initiators can also be used to prepare

organophilic clays. In this method, the in-situ polymerization is initiated by the

activation of these initiators which are ionically bound to the clay particle

surfaces, that is, through a surface-initiated polymerization (SIP) process. The

advantage of SIP is based on the assumption that as the polymer chain grows

through surface initiation, the ordered silicate layers can be gradually pushed

apart, ultimately exfoliating to discrete laths, resulting in a well-dispersed

structure of the final product. Also, theoretically, if all initiators are tethered to

clay surfaces, a higher efficiency of intergallery polymerization is expected

compared to that of free, or unattached initiators. Exfoliated polystyrene-clay

nanocomposites with controllable MW have been prepared by intercalating a

charged living free radical polymerization (LFRP) initiator into mont-

morillonite.30 A (1,1-diphenylethylene) DPE derivative initiator was used to

synthesize polystyrene-clay nanocomposite materials through living anionic

surface-initiated polymerization (LASIP).31±32 However, only intercalated

structures were obtained.

In efforts to conduct SIP from clay surfaces, Xiaowu and co-workers33

recently synthesized two initiators for free radical SIP, both contain quaternized

amine endgroups for cation exchange with montmorillonite particles. The

initiator molecule design is as follow:

· symmetric, with two cationic groups at both chain ends (named bicationic

free radical initiator hereafter) and

5.6 The structures of intercalation agent (a) CPC and (b)CPC/�-CD inclusion
complex.
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· asymmetric, with one cationic group at one end (named monocationic free

radical initiator hereafter).

The synthetic schemes and structures of these initiators are shown in Figs 5.7(a)

and 5.7(b). They are both AIBN-analogue initiators for free radical

polymerization. The use of another symmetric bicationic azo compound, 2,20-
azobis(isobutyramidine hydrochloride) (AIBN), has also been proven to be

feasible for styrene SIP on high surface area mica powder.34 However, no

structural information for these SIP products has been reported. Asymmetric azo

initiators in the form of silanes have also been successfully employed to free

radically polymerize styrene from spherical silica gel surfaces.35±36 To the best

of our knowledge, there have been no reports on a direct free radical SIP

approach from surface-bound monocationic azo initiators on individual clay

nanoparticles.

X-ray powder diffraction patterns of the pristine clay and two initiator-

intercalated clay samples are shown in Fig. 5.8. Lamellar periodicity was main-

tained on the organophilic clay despite the rigorous sonication-centrifugation

procedure to intercalate the initiators. By using the Bragg equation,

n� � 2s sin �, the d spacing values of these samples were calculated and shown

beside each peak.

The basal spacing of the pure montmorillonite Na+ is 1.16 nm, which is in

accordance with data from other sources.37 The XRD patterns of the intercalated

clays indicate the successful insertion of the initiator molecules into the galleries

5.7 (a) Synthetic scheme and structure of the bicationic free radical initiator.
(b) Synthetic scheme and structure of the monocationic free radical initiator.33
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of the silicate platelets since both intercalated clay samples gave increased d

spacing values. In addition, the sharper shape and the higher diffraction intensi-

ties of these peaks after intercalation provide the evidence of a better-ordered

swollen structure than that of the original clay. This result demonstrates that the

layered framework of inorganic clay can accommodate the AIBN derivative

molecules of various functionalities with better long-range periodicity.

On further analysis, the d spacing values seemed to be inconsistent with the

steric sizes of the two initiators. The d spacing of bicationic intercalated clay

(1.52 nm) is substantially smaller than that of the monocationic intercalated clay

although their molecular dimensions are comparable (both chain length values

are 2.20 nm, as estimated by Chem 3D software). The bicationic initiator

molecule possesses charged groups on both ends that can have two intercalation

possibilities:

1. these two cationic endgroups interact electrostatically with two different but

neighboring platelets' surfaces, or

2. they interact on the same side surface of a single clay particle.

The combination of these two possibilities makes the intercalated structure less

spatially ordered which accounts for the broadened reflection for this sample as

compared with the peak of the clay intercalated by the monocationic initiator.

Furthermore, since XRD collects the average information from a large area of a

powder sample, a synergic effect of these two possibilities accounts for an

intermediate d spacing value. This interpretation is schematically shown in Fig.

5.8 X-ray powder diffraction patterns of pure clay and two intercalated clay
samples.33
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5.9. The interlamellar height shown in the figure is calculated by �d � d

spacing ± thickness of one platelet (~1.0 nm).

The X-ray diffractograms of the two final SIP products are shown in Fig.

5.10. The broad peaks of both samples at the higher angle regime are believed to

be related to the long-range order of the polystyrene matrix. Similar broad peaks

were also observed in the diffractogram of the PS-0 reference sample (not

shown). Sample bi-PS-M-2 shows a small peak at 2� � 5:9ë, which is about the

same as the peak position of the corresponding intercalated clay (Fig. 5.8),

implying that this product still contains fractions of the intercalated clay

structure. On the contrary, there is no peak on the XRD trace of the mono-PS-M-

2 sample, indicating that a completely exfoliated structure was achieved in this

sample.

This observed result is quite unexpected. We would anticipate that these

adjacent clay layers in the clay/bicationic initiator system will be gradually

5.9 (a±c) Schematic diagrams of the intercalation: (a) original clay, (b) clay
intercalated with bicationic initiator, and (c) clay intercalated with
monocationic initiator.33
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pushed apart during SIP, if these two immobilized free radicals are

simultaneously generated. As a result, the intercalated clay stacks would be

totally delaminated, forming a fully exfoliated nanocomposite product.

However, the polymer can only grow within the clay gallery when monomer

molecules are able to diffuse and make contact effectively with the tethered

radicals within the interlayer spacing. The time scale of diffusion is such that

access to the monomer from within the layers is limited. Considering the rapid

kinetics for free radical polymerization in solution, this intercalative monomer

diffusion is significantly slower toward monomer addition. Thus, free initiators

exhaust the monomers while SIP inside clay lamellar is delayed by diffusion.

Furthermore, there is also competition from the surface-perimeter-attached

initiators of the clay particles. Even if some of the bication initiators were

activated and grew to become oligomers, the growing chains will likely be

terminated by recombination or disproportionation by nearby immobilized

growing chains/initiators in the same gallery. Hence the low molecular weight

and high polydispersity obtained by bi-PS-M-2 can be explained.

By comparison, an intercalated monocationic initiator is more easily

delaminated than a bicationic initiator. The monocationic initiator molecule is

also more organophilic. The weaker van der Waals interaction between the alkyl

headgroups of the monocationic initiator and clay surfaces makes the

intercalated clay more easily swelled by the solvent and monomer. Once the

clay intercalated with monocationic initiator is exfoliated by sonicating and

stirring, the attached initiators have more accessibility to monomer and thus

results in better monomer intercalative diffusion.

5.10 XRD spectra of the two SIP nanocomposites showing degree of
exfoliation.33
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5.4 Syndiotactic polystyrene (s-PS)/clay
nanocomposite

5.4.1 Clay effects on chain conformation and crystallization
behavior of the s-PS

The highly stereoregular syndiotactic polystyrene (s-PS) has received con-

siderable interest recently. Depending on the thermal history, s-PS possesses

several polymorphic crystalline structures. Helical (TTGG) conformation is

formed in solution recovered s-PS, whereas the thermodynamically favored all-

trans (TTTT) conformations are formed from either melt or annealing at an

elevated temperature.39±44 The extent to which thermal history affects the

crystalline structure and crystallization kinetics for s-PS has been extensively

studied.45±48

Having been extensively applied to characterize polymers,49 FTIR spectro-

scopy complements other techniques in providing detailed information on the

chain conformation transition and crystallinity of a polymer with nondestructive

characteristics.50±52 The changes of chain conformation and crystallinity can be

characterized by identifying FTIR spectral features of intensity, bandwidth, and

position.

Wu et al.53 reported effects of clay on chain conformation and crystallization

behavior. Analyses of the effects of montmorillonite on the chain conformation

and crystallization of syndiotactic polystyrene (s-PS) thin films are investigated

using FTIR spectroscopy, X-ray diffraction, and TEM. The clay is dispersed into

the s-PS matrix using a solution blending with scale in 1±2 nm or in a few tenths

to 100 nm, depending on whether a surfactant is added or not. Upon adding clay,

the chain conformation of s-PS tends to convert to TTTT from FFGG after

drying because the highly dispersed clay overcomes the energy barrier of chain

conformation transformation. This phenomenon leads to a change in the

conventional mechanism of molecular packing for s-PS in the drying stage.

During melt-crystallization, clay plays a vital role in facilitating the formation of

the thermodynamically favored all-trans � form crystal, particularly on the s-PS

thin film samples. When the s-PS is melt-crystallized at a cooling rate of 1ëC/

min from 320ëC, the highest absolute crystallinity of � form up to 0.56 occurs in

the clay dispersibility of few tenths to 100 nm in the s-PS matrix; then dis-

persibility is of 1±2 nm (0.49), and the final one is of pure s-PS (0.42).

Evidently, clay significantly affects the chain conformation and crystallization

of s-PS.

5.4.2 Crystallization kinetics of the s-PS/clay nanocomposite

Tseng et al.54 investigated the effects of montmorillonite on the crystallization

kinetics of syndiotactic polystyrene (s-PS) with isothermal differential scanning

calorimetry analyses. The clay was dispersed into the s-PS matrix via melt
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blending on a scale of 1±2 nm or up to about 100 nm, depending on the

surfactant treatment. For a crystallization temperature of 240ëC, the isothermal

crystallization data were fitted well with the Avrami crystallization equation.

Crystallization data on the kinetic parameters (i.e., the crystallization rate

constant, Avrami exponent, clay content, and clay/surfactant cation-exchange

ratio) were also investigated. Experimental results indicated that the

crystallization rate constant of the s-PS nanocomposite increased with increasing

clay content. The clay played a vital role in facilitating the formation on the

thermodynamically more favorable all-�-form crystal when the s-PS was

meltcrystallized.

In isothermal DSC operations, the crystallization kinetics of the s-PS/clay

hybrid is based on Avrami analysis. The following expression is used to measure

the extent of crystallization:

X �t� �

Z t

0

dH

dt
dtZ 1

0

dH

dt
dt

�5:1�

where the first integral is the heat generated at time t and the second is the total

heat generated up to the end of the crystallization process. By equating the

integrals to areas of the isothermal DSC curves, we can shape Equation (5.1)

into

X �t� � At

A1
�5:2�

where At is the area under the DSC curves from t � 0 to t � t and A1 is the total

area under the crystallization curve. On the basis of this equation, the weight

fraction of the crystalline material �X �t�� at a specific time can be calculated.

Because the crystalline polymer can transform from an amorphous phase to a

crystalline phase, X �t� is called the reduced crystallinity. Figures 5.11±5.13 plot

X �t� versus time for each hybrid at the crystallization temperature (240ëC). The

aforementioned results suggest that the clay content, ratio of clay and CPC, and

methods for preparing the composite heavily influence the crystallization rate of

s-PS. By following the Avrami treatment, Fig. 5.11 plots the relative crystallinity

as a function of the crystallization times for neat s-PS and s-PS nanocomposites

by different preparation methods. These curves reveal that the crystallization rate

of s-PS nanocomposites prepared by melt blending (Figs. 5.11(d,e)) is faster than

that of those prepared by solution blending (Figs 5.11(b,c)).

Figure 5.12 plots the relative crystallinity versus crystallization time for s-PS/

clay-CPC hybrids with different ratios of clay to CPC. A higher clay/CPC ratio

(Fig. 5.12(f)) results in a slower crystallization rate, implying that the presence

of CPC, free or intercalated, tends to retard the s-PS crystallization. Better

compatibility between CPC and s-PS makes better clay/CPC dispersion in the
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5.11 Plots of the relative crystallinity versus time at 240ëC for (a) pure s-PS, (b)
95/5 s-PS/clayCPC (clay/CPC = 1/1) from solution blending, (c) 95/5 s-PS/
clay from solution blending, (d) 95/5 s-PS/clay±CPC (clay/CPC = 1/1) from
melt blending, and (e) 95/5 s-PS/clay frommelt blending.54

5.12 Plots of the relative crystallinity versus time for pure s-PS and 95/5 s-PS/
clay±CPC hybrids at 240ëC for various clay/CPC ratios frommelt blending: (a)
pure s-PS, (b) 1/0 clay/CPC, (c) 1/0.25 clay/CPC, (d) 1/0.5 clay/CPC, (e) 1/
1 clay/CPC, and (f) 1/2 clay/CPC.54
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s-PS matrix but tends to retard the s-PS crystallization rate by physical hindrance

of s-PS chains.

Figure 5.13 plots the relative crystallinity versus crystallization time for s-PS/

clay hybrids at different clay contents, indicating that the s-PS crystallization

rate significantly increases, even with small clay content. The pure clay can act

as an efficient nucleating agent to facilitate s-PS crystallization.

5.5 Properties of nanocomposites

5.5.1 Dimensional stability

Dimensional stability is critical in many applications. For example, if the layers

of a microelectronic chip have different thermal or environmental dimensional

stabilities, then residual stresses can develop and cause premature failure. Poor

dimensional stability can also cause warping or other changes in shape that

affect the function of a material. Nanocomposites provide methods for improv-

ing both thermal and environmental dimensional stability. The possible

mechanism by which nanofillers can affect the coefficient of thermal expansion

(CTE) of a polymer has also been observed in traditional fillers.

The dimension stability of nanocomposites was studied by Zeng and Lee.55

Figure 5.14 shows the shape changes of injection molded PS and PS/clay

nanocomposites under the aforementioned thermal cycle (50ëC, 1 h; 75ëC, 1 h;

105ëC, 1 h; and 135ëC, 1 h). The original sample shape is shown in the first row.

Pure PS and the extruded PS/20A (dimethyl dehydrogenated tallow ammonium

5.13 Plots of the relative crystallinity versus time for s-PS/clay hybrids at 240ëC
for various pure clay contents (wt.%) from melt blending: (a) pure s-PS, (b)
99.5/0.5 s-PS/clay, (c) 99/1 s-PS/clay, (d) 97.5/2.5 s-PS/clay, and (e) 95/5
s-PS/clay.54

Polystyrene/clay nanocomposites 163



montmorillonite, 20A) nanocomposite are shown in the second row for

comparison. The third row shows the in-situ polymerized pure PS, PS/20A,

and PS/MHABS (2-methacryloyloxyethylhexadecyldimethylammonium

bromide, MHABS) nanocomposites. All the nanocomposites contain 5wt.%

clay. In the absence of clay, the sample shrank greatly, and the shape became

highly irregular. Dimension stability at elevated temperature was improved

significantly when 5wt.% of clay was present in the in-situ polymerized

nanocomposites, as shown in the third row. The exfoliate PS/MHABS exhibited

the best dimensional stability. After the heating cycle, although the sample

shrank to a certain extent, the original shape and surface smoothness remained.

It is noteworthy that the PS/20A nanocomposite prepared by extrusion com-

pounding did not show much improvement in dimension stability at elevated

temperature, as compared to the in-situ polymerized PS/20A nanocomposite

with the same clay content.

5.14 PS and PS/clay nanocomposites after dimension stability test. Clay
loading is 5wt.% for all nanocomposites.55
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5.5.2 Thermal stability and flammability

Delaminated composites have significantly higher degradation temperatures

than intercalated nanocomposites or traditional clay composites.56 Some

speculate that this increase in stability is due to the improved barrier properties

of the composites. If oxygen cannot penetrate, then it cannot cause oxidation of

the resin.57 In addition, the inorganic phase can act as a radical sink to prevent

polymer chains from decomposing. The improved thermal stability of some

composites may be limited by the lower thermal stability of alkylammonium

ions. For example, in intercalated clay/polystyrene composites, the intercalating

agent decomposes at about 250ëC. Bonding the intercalating ion to the

polystyrene matrix noticeably improved the thermal stability.

Jin and co-workers investigated thermal property of polymer-clay nano-

composites by TGA and cone calorimetry.19 The thermal stability of the

nanocomposite is enhanced relative to that of virgin polystyrene and this is

shown in Fig. 5.15. Typically, the onset temperature of the degradation is about

50ëC higher for the nanocomposites than for virgin polystyrene.

One invariably finds that nanocomposites have a much lower peak heat

release rate (PHRR) than the virgin polymer. The peak heat release rate for

polystyrene and the three nanocomposites are also shown graphically in Fig.

5.16. P16-3 means that the nanocompoite was formed using 3% of P16 clay with

polystyrene. The peak heat release rate falls as the amount of clay was increased.

The suggested mechanism by which clay nanocomposites function involves the

formation of a char that serves as a barrier to both mass and energy transport.58

It is reasonable that as the fraction of clay increases, the amount of char that can

be formed increases and the rate at which heat is released is decreased. There has

5.15 TGA cures for polystyrene, PS, and the nanocomposites.19
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been a suggestion that an intercalated material is more effective than is an

exfoliated material in fire retardancy.19

The production of a char barrier must serve to retain some of the polymer and

thus both the energy released and the mass loss rate decrease. The amount of

smoke evolved, and specific extinction area, also decreases with the formation

of the nanocomposite. There is some variability in the smoke production but

apparently the formation of the nanocomposite gives a reduction in smoke;

however, the presence of additional clay does not decrease smoke.

5.5.3 Mechanical properties

The cyclic deformation of PS/MMT nanocomposites as a function of tempera-

ture was measured by DMA. The temperature dependence of storage modulus

and tan � are shown in Figs 5.17 and 5.18, respectively. The storage modulus of

PS/MMT nanocomposites was greater than that of pure PS and monotonically

increased with the clay content in both the glassy and rubbery regions. However,

the improvements in the rubbery region were much greater than those in the

glassy region. This behavior indicates that the restricted segmental motions at

the organic-inorganic interface are due to large aspect ratios of the clay platelets,

and the polymer chains were also well confined inside the clay galleries at the

nanoscale level.59±60 The storage modulus of PS/MMT-3 was 1.2 times higher

than that of pure PS, which is comparable to the earlier reported data (1.4 times

improvement).59 The Tgs of the nanocomposites were estimated from the peak

values of tan � in Fig. 5.18, which were shifted towards higher temperature with

5.16 Peak heat release rates for polystyrene and the three nanocomposites.19
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increasing clay content. These results indicate that nanoscale clay platelets

strongly restrict the polymer segmental motions, resulting in the significant

increase in Tg. This improvement in Tg is higher than those of other researchers

even though the smaller clay content was used in this experiment.61,62

5.17 Storagemodulus of (a) purePS, (b) PS/MMT-1, (c) PS/MMT-2and (d)
PS/MMT-3.

5.18 Tan � values of (a) pure PS, (b) PS/MMT-1, (c) PS/MMT-2 and (d) PS/
MMT-3.
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5.19 (a) Tensile strengths, (b) Young's modulus and (c) elongations at break
of PS/MMT nanocomposites.64
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The effects of clay loadings on tensile properties of the PS/MMT nano-

composites are shown in Fig. 5.19. The tensile strength and Young's modulus

were significantly enhanced in the presence of the small content of clay, while

the elongation at break was reduced with increasing the clay content. The

increase in tensile strength was attributed to the stronger interfacial adhesion

between PS and the clay platelets. However, the enhancement of modulus was

reasonably ascribed to the high resistance exerted by the clay platelets against

the plastic deformation and the stretching resistance of the oriented polymer

backbones in the galleries. The improvement of tensile strength in PS/MMT-3

compared to pure PS was ~47%, which is greater than the earlier reported value

in the literature (~21%) for PS/MMT nanocomposite with 3wt.% MMT

prepared by melt blending.60 Similarly, the enhancement of Young's modulus in

PS/MMT-3 compared to pure PS was ~25%, which is much greater than the

reported value (7.4% improvement for PS/MMT nanocomposite with 5wt.%

clay prepared by emulsion polymerization).63 However, the elongations at break

were reduced with increasing the clay content. Similar results were earlier

reported. For example, the reduction of elongation at break in PS/MMT

nanocomposite with 4.4 wt.% MMT prepared by melt blending was reported to

~26%.63

5.6 Conclusions

The nanocomposite presented here is a composite material reinforced with

silicate sheets. Silicate sheet is an ultrafine filler of nanometer size, which is

almost equal to the size of the matrix polymer. Although the content of the filler

is as little as several wt.%, individual filler particles exist at a distance as close

as tens of nanometers from each other because of their ultrafine size. One end of

the polymer is strongly restrained to the silicate sheet by polar interaction. Thus,

the nanocomposite has a microstructure that has never been seen in conventional

composites. The characteristic properties of the nanocomposite are derived from

this very structure. Considering the properties, the nanocomposite may be, in a

sense, an embodiment of the ideal polymer composite, or a completely novel

composite. Silicate sheet can be regarded as a rigid inorganic polymer. In this

sense, the nanocomposite realized is a molecular composite in which a silicate

sheet is used instead of an organic rod-like polymer.
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6.1 Introduction

Polymer nanocomposite is a class of hybrid materials composed of an organic

polymer matrix with dispersed inorganic nanofillers, which have at least one

dimension in nanometer range.1 At this scale, the large surface area of the

nanofiller, even at very low concentration, can markedly change the macro-

scopic properties of the polymer and contribute many new characteristics to the

polymer, such as increased moduli and strength, heat resistance, and decreased

gas permeability and flammability. Polymer nanocomposites can commonly be

obtained by either the sol-gel method or the intercalation method. Sol-gel

nanocomposites (polymer/silica nanocomposite) are prepared by in situ

hydrolysis and condensation of mononuclear precursors such as

tetraethoxysilane (TEOS) and tetramethoxysilane (TMOS) in organic polymer

matrices.2,3 Recently, the intercalation method for synthesizing polymer/clay

nanocomposites has received much attention, where polymer chains may

penetrate into the host layers while ordered silicate registry remains (intercalated

structure), or the exfoliated individual silicate layers (about 1nm thickness) are

homogeneously dispersed in the organic polymer matrix (delaminated

structure).4 Since the successful synthesis of nylon 6/clay nanocomposite, many

polymer/clay nanocomposites have been reported.5 Research indicates that,

compared to the intercalated nanocomposites, the exfoliated nanocomposites

have higher Young's modulus,6 a larger increase in elongation at break7 and

better thermal stability,8 and the extent of exfoliation strongly influences the

improvement of the properties.

Natural silicates have strong interaction between the layers due to negative

charges and hydrogen bonding in their crystal structures. The basal space of

pristine silicate is about 1 nm, which is smaller than the radius of gyration of

general polymers. This might be an obstacle for polymers to penetrate into or

delaminate between the silicate layers. So, most hydrophobic polymers are

limited in penetrating into layer region of hydrophilic silicates. Up to now, the

preparation of polymer/silicate nanocomposites has been based mainly on

6
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organically modified layered silicates (OLS), where the sodium montmorillonite

(Na+-MMT) is modified with alkylammonium ions by means of replacing metal

cation located interlayers of MMT through ion-exchange, showing hydrophobic

characters. However, some disadvantages result from the presence of surfactant

modifiers beyond any economic benefits. For example, there are two major

concerns relating to the thermal stability of the surfactant during high-tempera-

ture melt processing and the long-term stability of the organic surfactant in the

polymer/clay nanocomposite under various application conditions. In addition,

the effectiveness of such surfactants is also limited by their chain length and the

enthalpic interaction between the surfactant and the intercalating polymer.

The four main strategic processes for preparing polymer/layered silicate

nanocomposites are exfoliation-adsorption, in situ intercalative polymerization,

melt intercalation and template synthesis.5b

Exfoliation-adsorption in emulsion with Na+-montmorillonite, known to

readily delaminate clay in water has been studied to promote intercalation of

water insoluble polymers. Studies by Lee et al showed that only intercalated

nanocomposites were obtained in systems PMMA,9 PS,10 SAN11±13 and

epoxy.14 Bandyopadhyay and Giannelis15 have analyzed how the silicates

affect the polymerization reaction in the cases of montmorillonite and fluoro-

hectorite. Their results showed that well-exfoliated nanocomposites could be

prepared and the dispersion was somewhat better in the montmorillonite-based

nanocomposites.

Up to now, polymers used to prepare polymer/layered silicate nano-

composites by emulsion polymerization were almost glassy polymers with high

Tg, such as PMMA, PS, SAN and epoxy. Meanwhile, all the above research

showed that the information about structures and properties of this kind of

polymer/clay nanocomposites came from the samples which were prepared

through coagulation and separation of nanocomposite emulsions. As a new

environmentally benign and simple synthesis method of nanocomposites, the

significance of in situ emulsion polymerization is more attractive, if the resulting

nanocomposite emulsion can be used directly to prepare the sample for avoiding

coagulation and separation. Moreover, whether coagulation and separation can

affect nanocomposite microstructure is still unclear. This makes the situation of

fabricating nanocomposites through emulsion polymerization more complicated.

A mixture of polymer and MMT is formed in emulsion polymerization, in which

MMT dispersed differently depending on interaction of MMT with polymer

chains. It was reported that the drying procedure of MMT had an important

effect on the microstructure of MMT.16 Pinnavaia found that the apparent pore

openings of pillared MMT are determined principally by the method used to dry

the flocculated reaction products. Generally, freeze-drying is a better route than

air-drying to obtain a loose aggregated state of MMT. Exfoliated poly(methyl

methacryalte) (PMMA)/Na+-MMT nanocomposites were synthesized through a

soap-free emulsion polymerization of MMA using 2-acrylamido-2-methyl-1-
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propanesulfonic acid (AMPS) during polymerization from XRD results of the

freeze dried samples because AMPS made the produced polymer end-tethered

on pristine Na-MMT.17

Studies on rubbery polymers have rarely been reported. It was reported18 that

in the case of non-emulsion polymerization, clays exfoliated in a rubbery matrix

performed better than in a glassy matrix. A new type of nanocomposite of clay

with poly (butyl acrylate) (PBA) has been prepared successfully using

intercalation-polymerization process.19

Here poly(ethyl acrylate) (PEA)/clay nanocompsite as the first example of

rubbery polymer/clay nanocomposite synthesized by in situ emulsion polymer-

ization is reported. The clay used is bentonite having extremely strong swelling

characteristics in water. The resulting nanocomposite emulsion is directly cast to

form film without coagulation process. This study focuses on microstructure,

thermal and mechanical properties, and gas barrier permeability of the final

PEA/clay nanocomposites.

6.2 Materials and characterization

6.2.1 Materials

Bentonite enriched in montmorillonite with 75meq/100 g of cation exchange

capacity, as determined in this laboratory, was provided by Linan Chemical

Factory of Bentonite of Zhejiang Province. Ethyl acrylate monomer was purified

by distillation under reduced pressure before use. All the water used was

deionized. The initiator potassium persulfate (KPS) and the surfactant sodium

dodecylsulphate (SDS) were used as supplied.

6.2.2 Characterization

Average molecular weights were determined by using gel permeation

chromatography (GPC). GPC analyses were performed at a flow rate of THF

2.0mL/min at room temperature using a Waters GPC system equipped with four

styragel HR columns (two 500, two 103, 104, and 105).

X-ray diffraction was performed using a D/max IIB X-ray Diffractometer.

Cu-K� radiation (wavelength 0.15406 nm) was operated at 40 kV and 20mA.

Data were collected continually in diffraction angle 2� ranging from 0.8 to 50ë,

with a step increment of 0.02ë.

Observation of transmission electron microscopy (TEM) was performed on

thin sections using a JEOL JEM 2010 transmission electron microscope. The

samples were microtomed perpendicular to the coating direction with a LKB

Ultratome III.

Differential scanning calorimeter DSC-7 instrument was used to measure the

glass transition of the samples with a heating rate of 20ëC/min over the range
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ÿ60±150ëC under nitrogen atmosphere. Thermal degradation was followed by a

Perkin-Elmer DSC-7 Thermogravimetric Analyzer. Scans were performed from

room temperature to 700ëC at 20ëC/min.

Dynamic mechanical analysis (DMA) of the samples was performed on a

Rheometric Scientific DMTA IV at a driving frequency of 10Hz and a

temperature scanning rate of 3ëC/min. Tensile tests were performed at room

temperature using dumbbell-shaped specimens on an Instron 1121 electronic

testing machine at a crosshead speed of 20 cm/min. An average value of five

specimens was taken.

The permeability of water vapor was measured by the cup method.20 The

membrane to be measured was fixed on a standard cup half-filled with water.

Cups were placed into a chamber with circulating air maintained at constant

relative humidity of 37% and at constant temperature of 38ëC. The weight of cup

with water was quickly measured on an electronic semimicro balance from time

to time and the water vapor permeability (Pw) was determined by the following

relationship:

Pw � q � l=t � A ��p �6:1�
where q=t is the mean value of cup weight loss rate in g/sec; l is the membrane

sample in cm2, and �p is the transmembrane water vapor pressure difference in

cmHg, which is equal to S�R1 ÿ R2�, where S is the saturation pressure of water

vapor at the test temperature in cm Hg and R1, R2 are the relative humidity of

the upstream and downstream sides of the membrane, respectively. The

permeability of oxygen was measured on a model K315-N-03 manometric

permeation apparatus (Reikaseiki). The two-chamber, steady-state method was

used. After evacuation to 10-2 torr for several hours, the permeating gas was

introduced to the upstream side of the membrane and maintained constant at

1 atm. The flux of gas permeating through the membrane to the downstream side

was monitored by the increase in pressure measured by an MKS Baratron.

6.3 Synthesis of PEA/bentonite nanocomposites
through in situ emulsion polymerization

It is well known that, owing to the weak forces that stack the layers together,

layered silicates can be easily dispersed in an adequate solvent. Bentonite with

extreme water-swelling characteristics can delaminate into single layers in

water. Bentonite was dispersed in water by agitation and, after standing

overnight, sonicated for 1 h before adding the other components for emulsion

polymerization in order to exfoliate all the layers of the bentonite. The monomer

of ethyl acrylate, the initiator potassium persulfate, and the surfactant sodium

dodecylsulphate were then added into the bentonite suspension. After agitating

for 30 min at room temperature, the mixture was reacted for 5 h on heating to

70ëC. An evenly mixed emulsion of single silicate layers and polymer latex
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particles was obtained. Finally, the resulting emulsion was cast into PTFE molds

and dried at 20ëC. All samples were dried in vacuum before characterization.

The previous results showed that clays were known to be free-radical

scavengers and traps.21 The clay minerals inhibit the free-radical reactions by

absorbing the propagating or initiating radicals to the Lewis acid surface. The

radicals then either undergo bimolecular termination or form carbocations by

electron transfer to the Lewis acid site. Minerals containing higher amounts of

aluminosilicates are more effective inhibitors. In the case of PEA/bentonite

nanocomposites, the molecular weights and molecular weight distribution

(MWD) of the various PEA extracted from the nanocomposites were obtained

by gel permeation chromatography (GPC) analyses with THF used as the eluant.

The results showed that weight-average molecular weight (Mw) of PEA in the

nanocomposites is in the range of 1.8±2.1 � 105. Compared withMw (1.5 � 105)

of control PEA sample synthesized under similar conditions in the absence of

bentonite, Mw of PEA in the nanocomposites is slightly higher. The value of

MWD in the PEA/bentonite nanocomposites is in the range of 2.5 to 3.1.

6.4 Preparation andmicrostructure of casting-film
of PEA/bentonite nanocomposites from
emulsion

Temperature is the critical factor in preparing cast-film from latex. The virgin

latex, when applied onto a substrate and subsequently dried below a certain

temperature, will result in a film consisting of non-transparent, powdery

fragments. The opacity suggests that there are still many residual voids left

within the film capable of scattering incident light. However, if it is dried above

this temperature, the result will be a homogeneous, transparent film. This

apparent critical temperature is called the minimum film-forming temperature

(MFT) generally lying near Tg of the polymer. For PMMA (Tg � 100ëC)

system,22 nontransparent hybrid films were obtained at room temperature,

although their TEM micrographs revealed that the phase size was smaller than

100 nm. For the PBMA (Tg � 33ëC) system,23 transparent hybrid films were

obtained at 35ëC. Instead, the films were opaque at room temperature. All the

results showed that one can prepare transparent hybrids by choosing the polymer

with lower Tg and a suitable casting temperature. In this work, the PEA/

bentonite nanocomposites with different content of bentonite were cast at 20ëC

which was below Tg of PEA. Transparent PEA/bentonite samples can be

obtained, which were characterized by means of XRD and TEM.

During the past few years, use of latex blends has gained more and more

attention. Several implicit or explicit aims in blending large and small latex

particles underlie the development of latex blend films. Many studies24±26 focus

on blends of large and small particles, blends of film-forming and non-film-

forming (i.e., hard and soft) particles, and blends with various sizes and hardness

176 Polymer nanocomposites



to obtain films with desired properties. For latex blends, a critical volume

fraction of small particles was required to obtain a continuous phase of small

particles surrounding the large particles. Below this value, there are not enough

small particles to create a continuous phase. A critical volume fraction might

exist in our case. When the bentonite content is high enough, the close contact

between PEA latexes becomes difficult as block of bentonite layers before the

complete volatilization of water. The polymer latex particles are then fixed in

the bentonite `network'.

If the bentonite content is not high enough, the bentonite layers only exist as

dispersed layers, in no way forming continuous bentonite layer `networks'. After

further coalescence of the PEA latex particles, bentonite as a dispersed phase is

evenly dispersed in the PEA matrix. The smaller the size of latex particle, the

higher the interfacial area between PEA and bentonite phases and the more

intimate the mixing of the two phases. The above process can take place under

conditions where the latex particles are stable enough in the whole drying

process.

From the above, we can see that the mechanism of morphology formation is

quite different from that of traditional polymer solution organic-inorganic

nanocomposites. For traditional polymer solution systems, the phase separation

mechanism is similar to that of polymer blends, i.e., nucleation and growth

mechanism and spinodal decomposition mechanism.27,28 Generally, the com-

ponent with higher content is apt to form the continuous phase and the other the

dispersed phase. However, for the PEA/bentonite emulsion system, whether

PEA can be continuous or not depends mainly on whether the PEA latex

particles are in close contact before the complete volatilization of water. Instead,

it depends on whether the content of PEA is larger than that of bentonite.

XRD is a powerful technique to monitor the formation and microstructure of

intercalated clays. Figure 6.1 shows a series of X-ray diffraction patterns for

PEA/clay nanocomposites with different compositions. Compared with

bentonite, the diffraction peaks corresponding to the pristine silicate disappear

in PEA/clay hybrids, while a set of new peaks appears corresponding to the

basal spacing of PEA/clay nanocomposites (from di001 � 3.91 nm to di001 �
4.96 nm). This means the existence of the intercalated clay by PEA in the hybrid.

However, it is difficult to draw definitive conclusions on the microstructure

of the nanocomposites from XRD patterns exhibiting diffraction patterns, as the

relatively featureless diffraction pattern of the exfoliated structure may have

been covered up by the diffraction peak of the intercalated structure. In some

cases, the featureless diffraction patterns do not mean exfoliated structure.29

Therefore TEM is necessary to determine the nature of the nanocomposites and

to provide additional information that will be helpful in the interpretation of the

XRD results.

An interesting phenomenon was found in observing the microstructure of the

nanocomposites with TEM. When a sample for TEM observation was prepared
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by dipping the emulsion containing clay directly onto the copper grid, only

flakes of bentonite were observed in the dried PEA matrix (Fig. 6.2(a)). When

the sample for TEM observation came from a vertical slice of the cast-drying

nanocomposite film, the cross sections of the silicate layers were observed as

dark lines (Fig. 6.2(b)). Some single silicate layers and ordered intercalated

assemble layers of bentonite are well dispersed in PEA matrix. This means that

most of bentonite layers are arranged in the direction parallel to the casting film,

6.1 XRD patterns (Cu K�) of PEA/bentonite nanocomposites with different
composition PEA/bentonite (wt/wt): a. 100/0; b. 98/2; c. 95/5; d. 90/10; e.
0/100.

6.2 A schematic drawing ofmicrostructure of PEA/bentonite = 95/5 (wt/wt) a
dipping sample; b microtomed sample.
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which is responsible for the improved barrier properties and thermal stability of

the PEA. Based on the above TEM and XRD results, the direct-cast PEA/

bentonite sample is apparently a nanocomposite with intercalated structure and

disorderedly exfoliated structure of bentonite.

6.5 Performance of PEA/bentonite nanocomposites

6.5.1 DSC and TGA characterization of the nanocomposites

Thermal behavior of PEA/bentonite nanocomposites containing different

amounts of bentonite as displayed in Fig. 6.3 shows that there is no great

change in Tg of the resulting samples. Generally, movement of the polymer

chains is strongly confined in the polymer/clay nanocomposites, especially

when the polymer chain is intercalated into the interlayer of a silicate, leading

to disappearance or increase in Tg.
10±12, 15 However, for the case of PEA/clay

exfoliated-intercalated nanocomposites, the role of confinement between

silicate layers to PEA is not obvious. The effect of Mw on the Tg can be

excluded given the results from the previous section. The reason requires

further investigation.

Thermal stability is an important property for which the nanocomposite

morphology plays a vital role. The PEA/bentonite nanocomposites were

analyzed by thermogravimetric analysis (TGA). The thermogravimetric (TG)

curves under nitrogen are shown in Fig. 6.4. The temperature at which 5% of the

degradation occurs, Tÿ5%, a measure of the onset of degradation, the tem-

perature at which 50% degradation occurs, the mid-point of the degradation

process (Tÿ50%), and the fraction of non-volatile material which remains at

700ëC, denoted as char, are listed in Table 6.1. These data reveal that PEA/

bentonite nanocomposites show an obvious increase in Tÿ5% in the range of

0±5wt.% bentonite. This phenomenon has been observed in other systems,8

which is different from the results of polypropylene (PP) nanocomposites

6.3 Dependence of Tg on clay loading for PEA/bentonite nanocomposites.
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derived from organically modified montmorillonite.30 Generally, there is a

catalytic role played by the layered silicates deriving from the Hoffman reaction

of hexadecyltrimethyl ammonium bromide, which may accelerate the charring

process at the beginning of the degradation.31 There is the intimate contact

between the polymer molecules and the atoms of the inorganic crystalline layers

in PP nanocomposite, which makes the catalytic role of layered silicates more

obvious. In contrast, there is no modifier in PEA/bentonite nanocomposites, so

the above-mentioned catalytic role will not occur. However, when the content of

bentonite is 10wt.%, Tÿ5% almost keeps constant compared with that of 5wt.%

bentonite containing system.

With increase in bentonite content, Tÿ50% also increases dramatically. Char

residue of the nanocomposites tends to increase compared with those of polymer

matrix. However, an obvious charring effect of bentonite for PEA was not

found.

It is reasoned that the much better thermal stability is attributed to hindered

out-diffusion of the volatile decomposition products, as a direct result of the

usually observed decrease in permeability in polymer/clay nanocomposites. As

improvements in the properties (such as thermal properties) of the nano-

composites can be realized at very low filler content, it often makes the material

6.4 Thermogravimetric traces of PEA and PEA/bentonite nanocomposites.
PEA/bentonite (w/w): (a) 100/0; (b) 98/2; (c) 95/5; (d) 90/10.

Table 6.1Properties of thermal degradation of PEA/bentonite nanocomposites

Bentonite (wt.%) Tÿ5%, ëC Tÿ50%, ëC Char residue at 700ëC (wt.%)

0 253 319 0
2 270 372 2.5
5 297 395 7.0
10 299 402 9.8
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lighter and easier to process than more conventional microcomposites and is

thus very promising for practical applications.

6.5.2 Mechanical properties of the nanocomposites

The tensile modulus, expressing the stiffness of a material at the start of a tensile

test, is shown to be strongly improved in PEA/bentonite nanocomposites (Fig.

6.5). Lan et al.32 reported that the tensile strength and the modulus of epoxide/

m-phenylene- diamine/clay nanocomposites were only little improved relative to

the pristine polymer. In contrast, for a low-Tg epoxide/amine system,18 the

reinforcement exhibited by the exfoliated clay is much more obvious. Owing to

the increased elasticity of the matrix above Tg, the improvement in rein-

forcement may be in large part due to shear deformation and stress transfer to

the platelet particles. In addition, platelet alignment under strain may also

contribute to the improved performance of clays exfoliated in a rubbery matrix

as compared to a glassy matrix.18 In the present study, PEA is a rubbery polymer

and the resulting PEA/bentonite nanocomposites are a combination of exfoliated

structure and intercalated structure, so the mechanical properties are obviously

improved, the tensile strength and modulus increasing from 0.65 and 0.24 to

11.16 and 88.41MPa, respectively. In the case of simple intercalated structures

without any exfoliation by emulsion polymerization, such as for PMMA or PS-

based nanocomposites, the increase in tensile modulus is relatively weak, e.g.

from 1.21GPa for pristine PMMA to 1.3GPa for PMMA nanocomposite con-

taining 11.3wt.% intercalated montmorillonite.10 Therefore, our results further

show the improved properties of clay exfoliation-intercalation in a rubber matrix

over that in a glassy matrix.

6.5 Dependence of tensile strength and modulus on bentonite loading for
PEA/bentonite nanocomposites.
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Generally, the strengthening of a polymer filled with an inorganic material is

related to the thickness of the interlayer and the degree of the interfacial

interaction. If the size of the filler is in nanoscale, the interfacial interaction is

also very strong even without a compatibilizer, due to very large surface area of

the nanofiller. Similarly, the volume fraction of the interlayer increases with the

decrease in the size of the filler. If the volume fraction of the interlayer is high

enough, it will play an important role in the properties of the composites. For the

results in this paper, the Mw of PEA in the PEA/bentonite nanocomposites does

not change dramatically compared with pure PEA control. Therefore uniform

dispersion of layered silicate of only a few nanometers in polymer matrix and

strong interaction at the interface between silicate layers and PEA through ionic-

ionic interaction are the main reasons which lead to increase of the volume

fraction of the interlayer obviously, so the mechanical properties are greatly

improved.

In addition, dynamic mechanical analysis (Fig. 6.6) reveals a very marked

improvement of the storage modulus above Tg. Similar behavior is observed for

an elastomer such as nitrile rubber at room temperature.33 A possible explana-

tion for such an improvement could be the creation of a three-dimensional

network of interconnected long silicate layers strengthening the material through

mechanical percolation.

6.5.3 Barrier properties

The high aspect ratio of silicates nanolayers in exfoliated nanocomposites has

been found to greatly reduce the gas permeability in films prepared from such

nanomaterials. The dependence on factors such as the relative orientation and

6.6 Dynamic mechanical analysis plot of PEA and PEA/bentonite nano-
composites. PEA/bentonite(w/w): (a) 100/0; (b) 95/5; (c) 90/10.
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dispersion (intercalated, exfoliated or some intermediate) is still not well

understood. The gas will pass through the film of the nanocomposites by

`tortuous path' (Fig. 6.7).34 From the above TEM results, there are a lot of clay

layers well dispersed in the PEA matrix, which benefit the improvement of the

barrier properties. However, beside the sheet length, and the concentration and

state of the aggregation of clays, relative orientation of clay layers in the

polymer matrix is also an important factor which affects barrier properties of the

nanocomposites. Bharadwaj35 addressed the modeling of barrier properties in

PLS nanocomposites based completely upon the tortuosity arguments described

by Nielsen.36 Correlation between the sheet length, concentration, relative

orientation, and state of aggregation is expected to provide guidance in the

design of better barrier materials using the nanocomposite approach.

The permeabilities to water vapor and oxygen gas have been measured for the

exfoliated-intercalated PEA-based nanocomposites (Figs 6.8 and 6.9). With

increasing clay loading, the permeability coefficients of water vapor and oxygen

gas for the PEA/bentonite nanocomposites decrease considerably. The main

6.7 The tortuous path of gas through polymer/layered silicate nanocomposite.

6.8 Dependence of PH2O on bentonite loading for PEA/bentonite nano-
composites (PH2O: permeability coefficient of H2O).
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factor is that most of the clay layers are arranged in the direction parallel to the

cast film, the partial exfoliated nanocomposites form the so-called `tortuous

path' by physically impeding the passage of gases through the matrix.36 This is

profitable to improve barrier properties and thermal stability of the PEA.

The enhanced barrier characteristics, which benefit from the hindered

diffusion pathways through the nanocomposites, will lead to improvement of

flame retardance and chemical resistance through reducing solvent uptake. On

the other hand, the gas permeability of composites usually depends on the

permeability of the continuous phase. It will assume an important position when

the dispersion degree of the clay layers increases to some degree. Actually, the

permeability of the nanocomposites is determined by that of the two com-

ponents, generally between the two components. The barrier characteristic of the

clay layers is better than that of the polymer with poor barrier property. There-

fore, with the increase of the dispersion degree of the clay layers, the barrier

characteristic of the nanocomposites filled with layered silicates increases

dramatically.

6.6 Conclusions and future trends

Transparent exfoliated-intercalated PEA/bentonite nanocomposites are prepared

by in situ emulsion polymerization in aqueous dispersions containing bentonite,

following directly casting the resulting emulsion into film. XRD and TEM

reveal that disorderedly exfoliated silicate layers and intercalated silicate layers

coexist in the PEA matrix. Thermal stability, mechanical properties and barrier

properties of the obtained materials were greatly improved. Because relatively

small amounts (<10%) of nanometer-size clay particles can provide large

6.9 Dependence of PO2 on bentonite loading for PEA/bentonite nano-
composites (PO2: permeability coefficient of oxygen).
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improvements in mechanical, thermal, as well as gas barrier properties without

raising the density of the compound and reducing light transmission, the

materials have many potential applications, such as packaging films. Since

bentonite easily exfoliates into single layered silicate in water without modifica-

tion by intercalative agent, we believe that the synthesis of polymer/layered

silicate nanocomposite by in situ emulsion polymerization is a convenient

avenue to prepare water-insoluble polymer-based exfoliated-intercalated

nanocomposites, especially for the case which is difficult to be obtained by

melt intercalation or in situ intercalative polymerization.

After surveying almost all of published reports in polymer/layered silicate

nanocomposites so far, whatever the preparation methods for fabricating

polymer nanocomposites, we did not find any in which all layered silicates were

dispersed as a state of single layers in the polymer matrix. Therefore, all

research in this field cannot but face this status quo, i.e., the exploration for

effective dispersion of MMT in polymer matrixes is an important issue and even

a challenge because there are, perhaps, a million or more platelets in each 8�m
particle awaiting effective dispersal in fabricating the nanocomposite.

Recently, emulsion polymerization and melt intercalation technique have

become two common methods for preparing polymer nanocomposites from an

environmentally sound and an economically favorable method for industries

from a waste disposal perspective.5b,5c From the point of view of fabrication cost

and properties of nanocomposites, it is best to use directly pristine layered

silicates as raw material for synthesizing nanocomposites. Recently ammonium-

terminated polypropylene (PP-t-NH3
+Clÿ) was used in the modification of

pristine Na+-MMT clay via melt annealing for fabricating exfoliated PP/MMT

nanocomposites.37 It is clear that an organic surfactant is not needed to promote

compatibility between PP-t-NH3
+Clÿ and pristine Na+-MMT clay. However,

improvement in thermal stability during high-temperature melt processing,

similar to the case of surfactants, is still not clear, due to the presence of the

ammonium group, besides the complicated synthesis procedure of PP-t-

NH3
+Clÿ.38 Therefore further investigation into the search for a polymer as

modifier of pristine MMT is urgently needed to stimulate further development in

fabricating high-performance polymer nanocomposites.
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7.1 Introduction

In recent years, there has been a growing interest in the scientific community for

polymer/layered silicate (clay) nanocomposites, as shown by the annual number

of publications devoted to this topic which has risen from 20 in 1997 to over 500

in 2004. Most of these nanocomposite materials are based on linear polymers1±14

(polyamides, polyolefins, polystyrene, polyacrylate), which may show insuffi-

cient chemical and heat resistance for some applications. Moreover, when the

organoclay filler is introduced into the melted polymer, thermodegradation of

the organic surfactant may occur during the relatively long time required for

swelling and exfoliation of the silicate platelets. This problem can be avoided

through a solvent-based process, which releases large amounts of volatile

organic compounds. In this respect, photoinitiated crosslinking polymerization

of a solvent-free resin15±17 appears the most effective way to produce nano-

composites showing enhanced chemical and thermal resistance by an

environment-friendly process.

It was recently shown that clay/acrylate nanocomposite polymers can be

easily synthesized by UV-radiation curing of multiacrylate monomers con-

taining silicate nanoparticles.18±20 As Chapter 6 deals with conventional clay/

acrylate nanocomposites, we will restrict the scope of this chapter to the highly

crosslinked nanocomposite materials obtained by photopolymerization of clay-

based acrylate resins. The overall process is represented schematically in Fig.

7.1.

The solvent-free UV-curable resin, made of a photoinitiator, an acrylate

functionalized oligomer and the mineral filler, is perfectly stable in the dark,

thus allowing enough time for the resin to penetrate deeply into the organophilic

clay lattice which will ultimately fall apart. A short UV exposure will generate

free radicals capable of initiating polymerization of the acrylate double bond,

with formation of a tridimensional polymer network. This UV-curing

technology offers a number of advantages for the synthesis of nanocomposite

materials:

7
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· a solvent-free formulation, with essentially no emission of volatile organic

compounds

· a fine control of the swelling time to ensure a perfect interpenetration of the

resin into the lattice layers of the clay mineral

· operations in the presence of air at ambient temperature, thus preventing any

thermodegradation of the clay surfactant

· an ultrafast curing by using the highly reactive acrylate-based resins and

adequate photoinitiators

· a fine control of the polymerization rate in a large domain, simply by

adjusting the light intensity

· a large range of mechanical properties, from soft and flexible composite

materials to hard organic glasses, by a proper choice of the functionalized

oligomer

· the production of photoset polymers very resistant to heat and chemicals

because of their high crosslink density.

While research on clay-based nanocomposites has experienced an impressive

growth over the past decade, only scant attention has been directed toward the

synthesis of these materials by means of the UV-curing technology. Since our

early work on photopolymer-clay nanocomposites,21 a number of similar studies

have been reported.22±31 Wang et al.22 produced intercalated nanocomposites by

photopolymerization of a methacrylate or resin filled with montmorillonite, but

the slow cure and the deep color of the final product make such a system ill-

suited for industrial use. The performance of different types of photocured

polymers (epoxides, vinyl ethers, acrylates) containing organically modified

clays has been examined recently and shown to be superior for the nano-

composite than for the microcomposite (unmodified clay).23 Uhl et al.25±27

reported a moderate enhancement of some of the properties of UV-cured

acrylate films containing layered silicates as nanomaterial. Paczkowska et al.30

have synthesized polymer-clay nanocomposites by sunlight or laser-induced

polymerization of methacrylate monomers in the presence of a xanthenic dye,

but the composite materials thus obtained had poor mechanical properties. An

7.1 Reaction scheme of the synthesis of clay nanocomposite polymers by
photopolymerisation.
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accelerating effect of synthetic clay on the photopolymerization of methacrylate

monomers was reported by Shemper et al.31 in their work on the synthesis of

UV-cured nanocomposites which were characterized by Xray diffraction and

transmission electron microscopy. These few studies have clearly demonstrated

the great interest of such photochemical approach to produce polymer/layered

silicate nanocomposites, especially with respect to the faster and cost-effective

processing, as well as to the improvement of some of the properties of the final

product. In the present survey, we have tried to summarize the most important

findings of the recent work on the synthesis of clay/acrylate nanocomposite

photopolymers.

7.2 Synthesis of clay-acrylate nanocomposites

7.2.1 Formulation of the nanocomposite resin

A typical formulation of a photocurable composite resin contains four basic

components: a radical-type photoinitiator, an acrylate functionalized oligomer, a

reactive diluent and the clay mineral filler. The photoinitiator is usually an

aromatic ketone which cleaves into two radical fragments upon UV exposure.

The telechelic oligomer consists of a short polymer chain (polyurethane,

polyether, polyester) end-capped by the very reactive acrylate double bond. An

acrylate monomer is generally used as reactive diluent to reduce the resin

viscosity. Figure 7.2 shows some typical compounds used in UV-curable acrylic

resins. Different types of phyllosilicates were selected as mineral filler: an

organophilic clay (Nanomer I-30E from Nanocor), native hydrophilic clays

(montmorillonite K10 and bentonite) and a synthetic clay (beidellite).

To obtain a true nanocomposite, the 1 nm thick silicate platelets need to be

dispersed in the polymer matrix. The hydrophilic clays were therefore treated

with a cationic surfactant, like an alkylammonium salt, which makes them

organophilic and thus compatible with the acrylic resin. This cationic exchange

treatment, described in detail in reference 18, leads to a widening of the clay

galleries, as shown by the shift toward small angles of the X-ray diffraction

(Fig. 7.3): the interlamellar spacing of native bentonite was found to increase

from 1.24 nm to 1.76 nm after treatment with an alkylammonium chloride. The

effectiveness of the exchange of the alcali cations of clay by the organocations

has been confirmed by thermogravimetric analysis which revealed a 22%

weight loss of the organoclay upon heating from 200ëC to 600ëC, compared to

3wt.% only for the untreated clay (Fig. 7.4). The widening of the galleries,

together with the organophilic character of the treated clay, allows an easy

penetration of the UV-curable resin into the lamellar structure which will

ultimately fall apart.

Exfoliation of the silicate platelets was demonstrated by the following

observations:
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· a total disappearance of the X-ray diffraction pattern in the organoclay and

thus of the crystalline structure, which is not the case for the untreated clay

(microcomposite)1

· a much slower sedimentation of the mineral particles in the nanocomposite

resin than in the microcomposite resin23

· a greater transparency because light scattering by the nanoparticles is

reduced, compared to the microparticles in the non-exfoliated sample32

· transmission electron microscopy pictures of the nanocomposite which show

both isolated particles (exfoliation) and stacks of silicate platelets

(intercalation).32

It should be noted that a total loss of the regular structure is still observed for an

intercalated morphology where the nanoparticles are packed together in a

disordered arrangement. Such microstructure was found to be favorable for

improving the tensile properties of nanocomposites.1,11

7.2 Typical compounds used in UV-curable acrylic resins.
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7.3 X-ray diffraction patterns of native bentonite (a), of the organoclay treated
by an alkylammonium salt (b) and of the organoclay/acrylate nanocomposite
(c). Numbers refer to the interlamellar spacing.18

7.4 Thermogravimetric profiles showing the weight loss of natural clay and
organoclay upon heating.
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7.2.2 In-situ photopolymerization

The liquid resin containing the randomly distributed nanosize silicate platelets

can be hardened by a short exposure to UV radiation, with formation of a

nanocomposite polymer. Different techniques have been used to follow such

ultrafast polymerization,17 the most reliable one being infrared spectroscopy

which monitors the light-induced chemical reaction (disappearance of the

acrylate double bond), rather than one of its consequences (heat evolved,

gelation, shrinkage). The degree of conversion after a given exposure can thus

be evaluated accurately. The superior time resolution of FTIR spectroscopy

(0.02 s, i.e. up to 50 spectra per second) allows one to directly record conversion

versus time profiles for polymerizations occurring within less than 1 s upon UV

or laser irradiation.33,34 The influence of chemical and physical factors has thus

been quantified for a variety of UV-curable resins.35,36

Real-time infrared spectroscopy proved particularly well suited to check

whether the silicate platelets have any effect on the UV-curing process. The

polymerization profiles recorded for a 25�m thick polyurethane-acrylate film

(Fig. 7.5) clearly show that the organoclay (5wt.%) has no slowing down effect

on the polymerization reaction which proceeds as extensively in the

nanocomposite as in the unfilled resin. It means that the mineral filler is not

acting as a radical scavenger and that the penetration of UV radiation into the

sample is not reduced significantly by the nanoparticles. This is also true for up

to 2mm thick samples, where similar polymerization profiles were recorded

7.5 Influence of the organoclay filler on the polymerization of a polyurethane-
acrylate resin. Organoclay (± ± ±) = 5wt.%. Light intensity: 50mWcmÿ2.
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with and without organoclay, by means of near-infrared spectroscopy (overtone

at 6160 cmÿ1 of the acrylate double bond).

The photocuring of thick samples was achieved by using a photobleachable

initiator which generates UV transparent photoproducts,37 thus allowing the

incident light to penetrate progressively deeper into the sample and promote a

frontal polymerization.38,39 Such a radiation filter effect is responsible for the

slower cure observed in thick samples. This acylphosphine oxide photoinitiator

absorbs in the near-UV and visible range, and is thus well suited for producing

such nanocomposite materials by simple exposure to sunlight for 20 seconds.20

The main advantage of solar curing is to allow an easy manufacturing of large

dimension objects by a rapid and energy cost-free process.

The most complete polymerization observed in thick samples was attributed

to a thermal effect, the rise in temperature caused by the exothermic polymer-

ization being more pronounced in thick samples than in thin films,40 as shown

by the temperature profiles recorded by pyrometry (Fig. 7.6). This temperature

rise will prevent the premature ending of the polymerization due to vitrification

which is observed in thin films. For the latter, a more complete polymerization

can still be achieved by rising the sample temperature up to 80ëC, either before

or after the UV exposure, as shown in Fig. 7.7. This leads to a further hardening

of the nanocomposite polymers, the Persoz pendulum hardness rising to 350 s on

a scale which extends from 0 to 400 s for mineral glass.

7.6 Temperature profiles recorded by pyrometry uponUV-curing of 25�m and
1mm thick polyurethane-acrylate nanocomposite samples. Light intensity:
50mWcmÿ2.32
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In this respect, it should be mentioned that dual-cure systems, combining UV

irradiation and a thermal treatment, have been developed to address the issue of

the lack of cure in shadow areas of 3D objects, as well as in thick pigmented

samples.41,42 A few centimeter thick nanocomposite materials can be produced

by this two-step process which associates the photopolymerization of the

acrylate resin and the thermally-induced polyaddition of isocyanate and alcohol

groups:

RÐN==C==O � R0OH ÿ! RÐNHÐCÐOÐR0

k
O

Figure 7.8 shows the doubly crosslinked polymer network formed by dual curing

of an hydroxyl functionalized acrylate oligomer associated to a diisocyanate

crosslinker. The UV exposure is usually perform on the hot sample (80ëC to

130ëC) emerging from the oven, so as to achieve a nearly complete curing of the

acrylate double bonds. The relatively short heating time (15 min) at moderate

temperature was found to have no significant detrimental effect on the

organoclay.

7.3 Properties of clay-acrylic nanocomposites

The physico-chemical properties of photocrosslinked polymers depend primarily

on the chemical structure of the functionalized oligomer, on the functionality of

the monomer used as reactive diluent, as well as on the final cure extent. They

can be varied in a large range, from soft aliphatic polyether elastomers to hard

7.7 Influence of the temperature on the UV-curing of an aromatic polyether-
acrylate nanocomposite.
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and tough polyphenoxy glassy materials, depending on the considered

application. The addition of clay nanoparticles was found to affect some of

the polymer properties by imparting a greater tensile strength, a lower perme-

ability to gas and a higher flame retardancy to the nanocomposite material.1,11

Typical trends observed in UV-cured clay/acrylate nanocomposites have been

recently reported for different kinds of materials.20±31

7.3.1 Chemical and heat resistance

Because of the high crosslink concentration, which ranges typically between 2

and 5mol kgÿ1, i.e. a number average molecular weight between crosslinks

ranging from 500 to 200 g, respectively, UV-cured polymers exhibit an excellent

resistance to organic solvents, as well as to heating. Total insolubilization is

generally achieved within a few seconds upon UV-exposure, as shown in Fig.

7.9 for a polyurethane-acrylate by using chloroform as solvent. As expected, the

swelling ratio decreases upon UV irradiation and increasing crosslink density, to

reach very low values (less than 0.1) in the case of triacrylate monomers. UV-

cured clay/acrylate nanocomposites proved to be quite resistant to thermal

treatment,26 as they start to decompose at temperatures above 350ëC. The loss of

the alkylammonium surfactant which occurs above 250ëC is hardly detectable

because of its very low content (1wt.%).

The presence of nanoparticles in a polymer is generally considered to reduce its

permeability to gases, because of a labyrinth effect. This feature could be of great

interest for coating applications, in particular to improve the moisture resistance of

such polymers when they are used in a humid environment. It can be seen in Fig.

7.10 that the water uptake (monitored by the increase of the OH infrared band) of a

7.8 Dual polymer network formed by UV-curing and polyaddition of a hybrid
acrylate/isocyanate resin.
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UV-cured polyurethane-acrylate film placed in a 100% humid atmosphere is cut

by half when a small amount (3wt.%) of organoclay is introduced in the resin.

Consequently, the polymer softening caused by the plasticizing effect of the

absorbed water was substantially reduced for the nanocomposite sample (Fig.

7.9 Insolubilization of a clay/acrylate resin upon UV exposure.

7.10 Influence of the organoclay (3wt.%) on the water permeability of a UV-
cured polyurethane-acrylate film.32
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7.10). The moisture resistance can be further enhanced by the addition of a

fluorinated acrylate monomer (0.5wt.%) which concentrates at the film surface.

The contact angle of a water droplet placed onto the coating was shown to increase

from 60ë to 110ë for the fluorinated nanocomposite.20

7.3.2 Mechanical properties

The viscoelastic and tensile properties of UV-cured nanocomposites will depend

primarily on the chemical structure of the acrylate functionalized oligomer

selected. They can therefore be modulated in a large range, from flexible and

impact resistant nanocomposites to hard and tough materials. Figure 7.11 shows

some typical elastic modulus and tensile loss (tan �) profiles recorded by

dynamic mechanical analysis for two UV-cured clay/acrylate nanocomposites.

The aliphatic polyurethane-acrylate associated to a monoacrylate diluent leads

to a low modulus (E � 500MPa) elastomer (Tg � 15ëC), while the aromatic

polyether-acrylate generates a high modulus (E � 2800MPa) glassy material

(Tg � 110ëC). It should be noted that the addition of organoclay has hardly any

effect on the elastic modulus and glass transition temperature of photoset

acrylate polymers, while it was found to lower the Tg and increase the flexibility

and impact resistance of epoxy-based UV-cured polymers.23 These polymer

materials proved to be as resistant to scratching as the thermoset polymers

typically used as protective varnishes and topcoats.

Phyllosilicate nanoparticles have a beneficial effect on the tensile properties

of UV-cured acrylate polymers. While the elongation at break and tensile

7.11 Viscoelastic properties of UV-cured clay/acrylate nanocomposite
polymers. Low modulus polyurethane-acrylate (ÐÐÐ); high modulus
polyphenoxy-acrylate (± ± ±).
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strength were both found to decrease with increasing amounts of natural clay

(microcomposite), the opposite trend was observed with the organoclay

(nanocomposite),20 as shown in Fig. 7.12. The toughness of the polymer was

thus improved significantly by the addition of just a few weight percent of

organoclay. As expected, a greater effect was observed by working above the Tg
of the polymer, as it allows an easier orientation of the nanoparticles upon

stretching. Tensile strength values up to 60MPa were reached with selected

photocured phenoxy-acrylate polymers,43 as required for some specific

applications.

7.3.3 Optical properties

The presence of mineral particles in composite polymers is known to reduce the

transparency of such material, as well as their gloss due to an increased surface

roughness. This effect is yet less pronounced for nanocomposites than for

microcomposites owing to the smaller size of the filler particles. The light

transmitted at 500 nm by a 2mm thick UV-cured polyurethane-acrylate sample

was found to drop from 90% for the neat polymer to 75% for the nanocomposite

containing 5wt.% organoclay, and down to 50% for the nanocomposite

containing 5wt.% pristine clay. The best optical properties with respect to color

and transparency were obtained with synthetic beidelitte.

Another effect of silicate nanoparticles is to reduce the gloss of UV-cured

acrylic polymers, even at a relatively low filler load, as shown in Fig. 7.13. An

organoclay content of 1wt.% proved already sufficient to cut by half the gloss of

7.12 Influence of organoclay on the tensile properties of a UV-cured
polyurethane-acrylate nanocomposite.
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a UV-cured acrylate film, while it takes as much as a 5wt.% content with a

typical matting agent like finely powdered silica. This loss of gloss was

attributed to an increase of the surface roughness, which is clearly apparent on

surface mapping pictures.32 The relief height was measured to be on the order of

0.5�m for such nanoparticles arising from the intercalated morphology. While

such matting effect will be a drawback for some applications (automotive

topcoat, overprint varnishes), it can be advantageous in some others like for

wood coatings or floor finishes. Non-glossy surfaces can be achieved with low

amounts of organoclay, which appears an effective and cheap matting agent.

Moreover, the addition of clay nanoparticles is making the surface of UV-cured

coatings less slippery, as expected from the increased surface roughness.

7.3.4 Weathering resistance

Polymer materials used in outdoor applications need to have a longlasting

resistance to natural weathering, i.e., the combined action of sunlight, heat, rain

and pollutants. In this respect, UV-cured aliphatic polyurethane-acrylate

polymers containing adequate light-stabilizers (UV-absorbers and hindered

amine radical scavengers) were shown to be very resistant to photodegradation,

partly because of their high crosslink density.44,45 It was recently reported that

the addition of organoclay decreases substantially the light stability of

7.13 Influence of organoclay and of silica on the gloss of a UV-cured
polyurethane-acrylate film.32
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polyolefins, presumably because of the detrimental effect of the montmorillonite

and the alkyl-ammonium ion.46±48 Consequently, the range of applications of

such nanocomposites will be limited to indoor use.

Such detrimental effect of the organoclay filler was not observed with

acrylate photopolymer nanocomposites exposed to accelerated weathering. The

light-induced chemical modifications, monitored by infrared spectroscopy, were

found to follow very similar trends with and without organoclay (5wt.%), as

shown in Fig. 7.14 for the loss of the urethane group (C-NH band at 1522 cmÿ1)
for UV-cured polyurethane-acrylate samples exposed to accelerated QUV

weathering. It is quite remarkable that, in this well-stabilized UV-cured

nanocomposite polyurethane-acrylate, only 20% of the CNH groups have been

destroyed after a 2500 h exposure to the harsh QUV-B-313 weathering

conditions, and as little as 6% under the milder QUV-A-340 conditions. By

contrast to previous observations on linear polymer nanocomposites,46 the

organoclay is not interfering with the light stabilizers used which retain their full

efficiency in the presence of the phillosilicate nanoparticles. UV-cured clay/

acrylate nanocomposites can therefore be safely used in outdoor applications,

like some previously developed photopolymers49,50 in particular as protective

coatings to improve the exterior durability of various materials (wood, plastics,

metals).

7.14 Photodegradation of stabilized UV-cured polyurethane-acrylate polymer
(ÐÐ) and nanocomposite (± ± ±) coatings upon exposure in awet cycleQUV-
A or QUV-B acceleratedweatherometer.
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7.4 Conclusions

Clay-acrylate nanocomposite polymers can be readily synthesized by

photoinitiated polymerization of multifunctional acrylate monomers containing

small amounts (3wt.%) of an organophilic clay. This novel synthesis method

offers the unique advantages of the UV-curing technology which are

summarized in Fig. 7.15. The silicate filler does not affect at all the

polymerization process, thus allowing a few millimeter thick samples to be

extensively cured within seconds by a light-induced frontal polymerization,

upon simple exposure to UV light at ambient temperature.

In the UV-cured nanocomposite polymer, the clay platelets are either packed

together in a disordered arrangement (intercalated morphology) or dispersed as

isolated nanoparticles (exfoliated morphology). They were found to have no

major effect on the viscoelastic properties of acrylate based nanocomposites,

probably because of the high crosslink density of the polymer network and the

high Tg value of such photoset nanocomposites. The presence of silicate

nanoparticles is reducing the permeability to gas, in particular to water vapor,

thus improving the moisture resistance of UV-cured nanocomposite polymers.

Another effect of this highly dispersed filler is to increase the surface roughness,

which leads to a sharp drop of the gloss, and provides the matting effect desired

for some coating applications. These highly crosslinked nanocomposite

polymers are quite resistant to organic solvents, chemicals and weathering, as

well as to mechanical aggression. They are therefore well suited for coating

applications to protect and improve the surface properties of different types of

materials, in particular those used in outdoor applications.

The UV-radiation curing technology is not restricted to the synthesis of clay-

acrylate nanocomposites, but it can be extended to other types of polymer

systems, such as crosslinked epoxides, vinyl ethers and interpenetrating polymer

networks, as well as to other types of layered nanoparticles, such as

superconductive nanofillers and magnetic particles. Future work should be

7.15 Performance of UV-radiation curing to produce nanocomposite
polymers.
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oriented in such directions to take full advantage of the remarkable performance

of this new method of producing nanocomposite polymers.
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8.1 Introduction

Polymer/layered-silicate hybrids ± nanocomposites ± have attracted strong

interest in today's materials research, as it is possible to achieve impressive

enhancements of material properties compared to the pure polymers. Especially

when these properties depend on the surface area of the filler particles, small

amounts (typically less than 5%) of nm-thin layered inorganic fillers give rise to

the same level of mechanical and thermal improvements as are typically

achieved with loadings of 30±50% of micron-sized fillers. Examples of such

materials enhancements are decreased permeability to gases and liquids, better

resistance to solvents, increased thermal stability, and improved mechanical

properties. Nanometer-thin layered materials used to form polymer nano-

composites include montmorillonite clays, synthetic 2:1 aluminosilicates, metal

phosphates, transition metal chalcogenides, and complex oxides, to name a

few.1±6 In some cases, properties are observed in nanoscale materials that have

not been realized in more conventional material structures, as for example flame

retardant character.7 Since this occurs without sacrificing properties such as

optical clarity they are good choices as fillers in applications such as coatings

and packaging.

Sodium montmorillonite (MMT) is a naturally occurring 2:1 phyllo-silicate,

capable of forming stable suspensions in water. This hydrophilic character of

MMT also promotes dispersion of these inorganic crystalline layers in water

soluble polymers such as poly(vinyl alcohol)8 and poly(ethylene oxide).9,10

Inspired from those studies, this work is focused on investigating the properties

of poly(vinyl alcohol)/MMT nanocomposite hybrids. Poly(vinyl alcohol)

(PVA) is a water soluble polymer extensively used in paper coating, textile

sizing, and flexible water soluble packaging films.11 These same applications

stimulate an interest in improving mechanical, thermal, and permeability

properties of thin nanocomposite films, ultimately with the hope of retaining

the optical clarity of PVA. PVA/layered silicate nanocomposite materials may

offer a viable alternative for these applications to heat treatments (that may

8
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cause polymer degradation) or conventionally filled PVA materials (that are

optically opaque).

Polymer crystallization behavior near an inorganic surface has been the focus

of extensive study.12 In most cases the inorganic surface is shown to produce a

nucleating or epitaxial effect,2,13±15 which often stabilizes the bulk crystal phase

or, in some cases, promotes growth of a different crystal phase. The polymer

mechanical and thermal properties can be enhanced through this mechanism,

where the surface-nucleated crystalline phase has better mechanical and thermal

characteristics than the bulk crystal phases.2,14±17 Fillers with large surface area

maximize these filler-induced enhancements of the material properties; a

dramatic manifestation of such a response is found in nylon-6/montmorillonite

nanocomposites.2,14,15 Less dramatic property enhancements are found in

systems where the bulk crystalline phase is simply stabilized via the incor-

poration of heterogeneous nucleation sites, such as in polypropylene/organo-

montmorillonite systems.18

The nylon-6/inorganic hybrids show dramatic enhancements in their mechanical

and thermal properties upon addition of a minute amount (2±10wt.%) of

montmorillonite (MMT),2 a nanometer thin mica-type layered silicate with a

surface area of about 750 m2/g. This was later attributed to a filler-stabilized 

crystalline phase of nylon-6 formed at the silicate surface.14,15,19 PVA/layered-

silicate nanocomposites also possess such filler-induced property enhancements,19

which were also attributed to the existence of a non-bulk-like crystalline structure

promoted when Na+ montmorillonite (MMT) is added to PVA.17

8.2 Dispersion of Na+ montmorillonite in water
soluble polymers

Bright field TEM is used to view directly the hybrid structure for the nano-

composites formed, with the emphasis on the dispersion of the nanometer thin

layered fillers in the polymer matrix. A typical TEM image is shown in Fig. 8.1

for the 20wt.% MMT nanocomposite. Extensive TEM observations reveal a

coexistence of silicate layers in the intercalated (label `A') and the exfoliated

(`B') states. We refer to intercalated layers/structures where the inorganic layers

maintain the parallel registry of pristine silicates, and are separated by ultra-thin

(1.3±5 nm) PVA films. Due to the periodic parallel assembly of the silicates, the

intercalated structures give rise to X-ray diffraction peaks. We refer to exfoliated

layers/structures where the layers are much further apart (�5 nm), and in

general both the layer registry and the parallel stacking are lost.

The periodic intercalated structure can be quantified through powder XRD.

Comparison of the intercalated gallery height with that of the pristine MMT

(9.7AÊ ) measures the thickness of the PVA/Na+ film. Fig. 8.2 shows XRD scans

for concentrations of 20, 40, 60, 80 and 100wt.% MMT; the inset shows the

corresponding d-spacing distributions for the same concentrations. The
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8.1 TEM image of 20wt.% MMT/PVA nanocomposite revealing the coexist-
ence of intercalated (A) and exfoliated (B) MMT layers. Copyright ß Chem.
Mater. 2000, vol. 12, pp. 2943±2949.

8.2 X-ray diffraction of the PVA/MMThybrids as a function of �MMT. The inset
shows the distribution of the MMT intercalated d-spacings for the respective
hybrids. Copyrightß Chem.Mater. 2000, vol. 12, pp. 2943±2949.
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distribution of the intercalated d-spacings is calculated at half maximum of the

d001 peak and the range of observed periodicities is given by bars (Fig. 8.2, inset)

for each sample. Both the d-spacings, as well as their distributions, decrease

systematically with higher silicate loadings, from 40 to 90wt.% MMT. For

lower inorganic filler concentrations, the XRD diffraction peak that corresponds

to the silicate gallery d-spacing moves below 2� � 1:5ë. This suggests that, if

there still exist periodic assemblies of intercalated MMT layers, these are

characterized by d-spacings larger than 5 nm. In addition, for all the

nanocomposite XRDs, the background is higher than expected for simple

mixtures of PVA and MMT, suggesting the existence of exfoliated inorganic

layers throughout the polymer matrix. Thus, both XRD and TEM consistently

show that these samples are in a hybrid structure where both intercalated and

exfoliated silicate layers coexist in considerable ratios.

At first glance, this dependence of the intercalated structure and d-spacing on

the polymer/silicate mass ratio seems to be at odds with the theoretical

expectations.20,21 The equilibrium hybrid structure predicted from the thermo-

dynamics corresponds to an intercalated periodic nanocomposite (with a d-

spacing around 1.8 nm) which is expected to be independent of the polymer/

silicate composition.20 However, thermodynamics can only predict the

equilibrium structure. In our case, though, the hybrid structure that we find is

actually kinetically dictated: In the water solution of poly(vinyl alcohol) and

montmorillonite the layers remain in colloidal suspension. Where this

suspension is slowly dried, the silicate layers remain distributed and embedded

in the polymer gel. With further drying, to remove all water, although

thermodynamics would predict the MMT layers to reaggregate in an intercalated

fashion, the slow polymer dynamics trap some of the layers apart, and therefore

remain dispersed in the polymer. Obviously, these kinetic constraints by the

polymer become less important as the polymer-to-silicate fraction decreases,

and consequently, for higher �MMT, intercalated structures are formed. For these

periodic structures, the variation of the d-spacing with �MMT reflects the

different polymer/silicate weight ratios, and with increasing �MMT the

intercalated d-spacing converges to the theoretically predicted value of 1.8 nm.

Dispersion of silicates in water soluble polymers need not result in kinetically

trapped systems, and such is the behavior of PEO/Na+MMT hybrids. The

structure of these polymer/inorganic hybrids is well known (Fig. 8.3), studied

extensively both experimentally,9,10,22 as well as by molecular simulations,23,24

and is markedly independent of the filler loading. When enough PEO exists in

the composite an intercalated structure is formed (with d-spacings distributed

around 1.7 nm, which corresponds to a PEO bilayer of about 0.8 nm thickness).

For composites with extremely small amounts of PEO (`polymer-starved'

composites at montmorillonite loadings of �MMT > 90%), an intercalated

monolayer of PEO can also be observed, with an intercalated d-spacing of about

1.37 nm. These latter structures are of no interest to this present work. For the
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montmorillonite loadings of interest here (�MMT � 1±10wt.%) the layered

silicates retain their pristine parallel registry, but there is an increase in the d-

spacing (Fig. 8.3(d)) due to the intercalation of PEO in the interlayer gallery

(Fig. 8.3(c)). Successive single layers self-assemble in stacks (tactoids, Fig.

8.3(a)), in a highly parallel stacking that can give rise to 00l XRD diffraction

peaks up to the 11th order.9 These micron size tactoids are dispersed in the PEO

matrix ± either isolated or in groups of tactoids (agglomerates, Fig. 8.3(b)) ±

separated by regions of pure polymer (Fig. 8.3).

8.3 Schematic of the PEO/Na+ MMT intercalated nanocomposites. The
layered inorganic MMT layers assemble in a parallel fashion, creating stacks of
layers referred to as tactoids (a), and most times tactoids are found in groups
referred to as agglomerates (b), separated by bulk-like polymer regions.Within
the tactoid, MMT layers are separated by a 0.8 nm film of PEO (c), which is
stable through a wide range of MMT loadings as seen in the X-ray diffraction
data (d). The MMT layers bear a large number of Na+ (one cation per 70Ð2),
depicted by dots in (c). Copyrightß Chem.Mater. 2003, vol. 15, pp. 844±849.
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8.3 Crystallization behavior

Methods used to compare and contrast the crystallization behavior of water

soluble crystalline polymers with dispersed silicates may include cross-

polarization optical microscopy (CPOM) or atomic force microscopy (AFM),

depending upon physical properties of the materials such as spherulite size and

optical properties. Other methods used to study crystallization behavior of such

materials include differential scanning calorimetry (DSC) and x-ray diffraction

(XRD).

8.3.1 Cross-polarized optical microscopy and atomic force
microscopy

PEO crystallization

Cross-polarized optical microscopy (CPOM) was used to compare the crystal

morphology between filled and unfilled PEO, and subsequent DSC studies were

used to further quantify the relevant crystallization kinetics. We focus on

systems with low silicate loadings ranging from neat PEO (0wt.% MMT) to

PEO with 10wt.% MMT. In Fig. 8.4 we compare the CPOM images of neat

PEO and a PEO/5wt.% MMT intercalate, both crystallized at 45ëC. The

morphology of the crystals is shown at an early stage (neat: Fig. 8.4(a),

intercalate: Fig. 8.4(c)) and at the final stage of crystallization (neat: Fig. 8.4(b),

intercalate: Fig. 8.4(d)). For the neat PEO, it can be clearly seen that the

spherulites are similar in size, and prior to impinging upon one another they

appear circular, suggesting an isotropic (spherical) three dimensional shape. For

the intercalated system (Figs 8.4(c)±(d)) the spherulite sizes vary a lot, and they

are typically much smaller than the ones seen in neat PEO. Moreover, in these

systems the spherulites are characterized by very anisotropic, non-spherulitic

shapes (Fig. 8.4(d)) with jagged edges, even before impinging upon one another

(Fig. 8.4(c)).

A CPOM time series, following a crystalline growth front in the same

intercalated material, can provide some clues on the origin of these crystal

morphologies. In Fig. 8.5 a progression of a growing crystallite is shown for the

PEO/5wt.% MMT system. The early and late stages are shown in Fig. 8.5(a) and

Fig. 8.5(f), where silicate tactoids can be seen, manifested as either bright/white

features (near the focused plane) or dark features (below and above the focused

plane). Figs 8.5(b)±(e) are a higher magnification of the selected area (shown as

the box in Figs 8.5(a)±(f)) as the spherulite growth-front encounters an MMT

agglomerate (or a large tactoid). As the growth proceeds, the lamellar pathways

are interrupted and they are forced to grow around the tactoid, breaking the

spherical symmetry of the crystallite, and crystallization is delayed in the region

downfield from the tactoid. The same behavior is also observed for the smaller

tactoids in the image, albeit at smaller scale. At the end of crystallization (Fig.
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8.5(f)) we see that the effect of the MMT on the crystallite growth resulted in

`spherulites' grown in a haphazard fashion with tortuous lamellar pathways and

jagged edges. Also, the crystallite size is markedly smaller than the spherulites

developed in neat PEO (Fig. 8.4(b) and (d)).

PVA crystallization

Before we consider the differences between neat and filled PVA systems, we

shall briefly discuss how the crystallization of PVA develops in films cast from

PVA/water solutions. As cast these films are mostly amorphous, and crystallites

initiate predominately in the final drying stages; crystallization proceeds slowly

thereafter, aided by the ambient humidity. If the ambient humidity is too low or

absent, the drying polymer becomes glassy and crystal growth becomes arrested

before extended crystallites can develop and impinge. Though PVA has a Tg

8.4 Cross-polarization optical microscope images of neat PEO (a,b) and PEO
containing 5wt.% MMT (c,d). Images on the left (a,c) are early in the
crystallization process, while those on the right (b,d) are the final images. The
scale bar is the same for all images (100 microns). White spots in (c) are
tactoids found in the nanocomposite system. Image (d) illustrates the fact that
later in the process many smaller spherulites grow to fill the space in the
composite system. Thegrowth front of the composite system (c) appears highly
jagged in contrast with the very smooth front found in the neat PEO spherulites
(a). Copyrightß Chem.Mater. 2003, vol. 15, pp. 844±849.
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above room temperature, water cast films still form crystals at ambient

temperatures due to the slow drying nature of the hydrophilic polymer.

Subsequently, plasticization by ambient humidity allows for a slow, cold

crystallization of PVA resulting in crystals, which are reminiscent of structures

as those from row nucleated crystallization in the earlier stages, dendritic in the

mid to latter stages (Fig. 8.6), and spherulitic in final stages after they impinge

and fully develop. The final systems include mature crystallites of all these

morphologies, and this mixture of morphologies can only be described loosely

as PVA dendrites or hedrites25 due to the branched nature of the crystalline

lamellae. These mature crystal structures are still not sufficiently birefringent to

be observed with cross polarization microscopy. Before impinging on each

other, the prevailing shape of the PVA crystallites on the surface of the film is a

multi-directional `wheat sheaf' structure as shown in Fig. 8.6. These crystallites

are not spherically symmetric, i.e. they do not have a spherulitic symmetry,

however, they do conjure up images of young or immature spherulites grown

from the melt. The fact that these crystals are grown from water cast films has no

bearing on the fundamental foci of this research; this preparation was only

chosen as it allows for crystallization studies at room temperature and over

extended time scales.

8.5 A time series of cross polarization optical microscopy images of a
nanocomposite region from PEO containing 5wt.% MMT. Images (a) and (f)
have the samemagnification and are at the beginning (a) and the end (f) of the
crystallization. The box in (a and f) outlines the area shown in (b±e) at a higher
magnification,which focus on the growth of a spherulite `front' as it encounters
an MMT agglomerate. The scale bar in all images is 10 microns. Copyright ß
Chem.Mater. 2003, vol. 15, pp. 844±849.
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PVA crystal morphology

AFM was performed in all the above modes on bulk PVA films and on PVA

filled with inorganic layers (4, 10, and 20wt.% MMT) in order to measure

differences in crystal morphology, with the emphasis on the initial stages of

crystallization. As can be seen in Fig. 8.7(a), the bulk PVA has crystals which

grow to sizes of about 5 microns and larger, before impinging upon neighboring

crystallites and arresting further growth. In contrast, when inorganic filler layers

are present (Fig. 8.7(b)) the crystallites are smaller and more linear in shape than

the bulk crystallites. Crystallite sizes in the MMT-filled system are about 1±2

microns, when grown in the vicinity of the inorganic particles. The color scales

used in both images, show the crystalline regions in lighter color, corresponding

to higher apparent topography (i.e. smaller deformation under the constant

applied force in addition to any true topography features). The behavior of PVA

systems loaded with 10 and 20% MMT is similar to that of Fig. 8.7(b); i.e.

crystals grow in a linear fashion, albeit in much higher density on the surface.

Due to the higher crystallite densities the crystalline regions overlap, making it

impossible to assign a diameter or length to these structures.

In order to elucidate the crystallization mechanisms responsible for this

difference in morphology, we followed the evolution of the PVA crystals

growing next to silicate layers or tactoids (the silicate particles imaged can be

easily designated as layers or tactoids through their size: single layers are 1 nm

thin, whereas tactoids ± stacks of parallel packed single layers ± are much larger,

on the order of 100 nm). In Fig. 8.8, we follow the time evolution of PVA

crystals in a 2.5 � 2.5�m region of a PVA/4wt.% MMT sample, at room

8.6 AFM images of bulk PVA (40 � 40 �m, and 20 � 20 �m) obtained in
contact mode (lateral force images shown). A variety of branched crystal
morphologies ± nearly impinging ± are found throughout the film, however the
same film is non-birefringent when viewed under a crossed polarized optical
microscope. CopyrightßMacromolecules, 2001, vol. 34, pp. 8475±8482.
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temperature and 50% relative humidity (due to its strong hydrophilicity, PVA

tends to absorb water from the ambient humidity, resulting in plasticization as

well as crystallization of PVA well below its known crystallization temperature

of 193ëC). This image depicts well the general behavior found in the silicate

filled system, i.e. the crystalline material found in Fig. 8.8 is indicative of the

crystallites found in most images of the PVA/silicate systems studied here, as is

evident in Fig. 8.7. Figure 8.8 shows a time series of height images, obtained by

tapping AFM in the vicinity of a protuberant inorganic filler particle (a tactoid in

this case). The crystalline PVA regions correspond to the apparent `higher'

features in Fig. 8.8; concurrent phase and force imaging show that these `higher'

features are much stiffer than the surrounding material, which is also confirmed

by subsequent lateral force contact imaging. Thus we may safely conclude that

the light-colored material is crystalline, and the darker-colored regions are

amorphous. The PVA crystal initiates next to the inorganic surface (Fig. 8.8(a)),

grows in size (Figs 8.8 (b)±(d)), and eventually covers completely the surface of

the silicate (Fig. 8.8(e)). Furthermore, once the silicate becomes covered with

PVA, it appears to continue to recruit amorphous polymer for crystallization in

the same region (Fig. 8.8(f)), albeit more slowly than before. The tendency of

the PVA to completely cover the tactoid in Fig. 8.8, which is typical also in all

other regions of this sample, is driven by the strong specific interactions between

the PVA and the silicate,16 which cause a strong wetting of the polymer on the

8.7 Comparison between bulk PVA (a) and PVA/4wt.%MMT (b), both 15 �
15�m.Contactmode (height) images are shownunder the high normal forces;
the `apparent topography' under these scanning conditions shows crystalline
material in lighter colors, since it undergoes smaller compressive deformations.
The modulus of the amorphous polymer in the PVA/MMT system (b) is much
higher than the amorphous bulk (a), resulting in much smaller deformation
under the same normal force, and thus in less contrast of the `apparent
topography'. There is amarkeddecrease in crystallite size and a change in shape
when submicron inorganic particles are introduced in the PVA. Copyright ß
Macromolecules, 2001, vol. 34, pp. 8475±8482.
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inorganic surface. The fact that these crystals grow in a linear fashion suggests

that nucleation prefers to begin near the inorganic surface, and that once

nucleated, the crystals tend to grow upon one another.

The PVA vinyl alcohol group forms hydrogen bonds with the silicate

oxygens, which dominate the cleavage plane of MMT. Moreover, due to the

atomically smooth MMT surface, these specific interactions are expected to

force chains to create long adsorbed trains,26 which in turn will promote a

strongly interacting second layer of PVA to crystallize on top of them. Thus this

MMT surface epitaxial/nucleating effect can be `felt' through many layers of

polymer, causing a long range collection and crystallization of PVA from the

surface of the silicate (Fig. 8.8). Therefore, these sites tend to act as nucleating

sites for the PVA crystallites. Accordingly scans of the PVA/4wt.% MMT show

many more crystallites per area compared to the neat PVA, as all the inorganic

silicate fillers nucleate polymer crystallites. The PVA/MMT specific inter-

actions decrease the surface energy necessary to create/nucleate a polymer

crystal, and thus, the crystalline regions tend to nucleate around the silicate

surfaces. Furthermore, since the silicate surface can be felt through only a small

8.8 A time series of height images (2.5 � 2.5�m), obtained by tapping mode
AFM in the vicinity of a protuberant inorganic filler tactoid. Time after casting is
as follows: (a) 36 hours, (b) 3 days, (c) 4 days, (d) 6 days, (e) 20 days and (f)
21 days. The height scale (light to dark) is 400 nm (a±d) and 500 nm (e±f). The
PVA crystal initiates next to the inorganic surface (a), grows in size (b±d), and
eventually covers completely the surface of the silicate (e). The same
crystallization behavior observed near the central protuberant tactoid, can also
be seen for a smaller inorganic particle in the top right corner. Copyright ß
Macromolecules, 2001, vol. 34, pp. 8475±8482.
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distance, the new crystallites formed only grow to a limited size of about 2

microns. Hence, it is not unexpected that the size falls from 5 microns, in the

neat PVA, to 1±2 microns in the MMT filled PVA (Fig. 8.7).

8.3.2 Differential scanning calorimetry and X-ray diffraction

PEO crystallite size

The difference in crystallite size for PEO crystallized in the presence of silicates

can be quantified by enumerating the number of crystallites/spherulites per area.

In Fig. 8.9 we show the density of crystallites, as measured in the isothermal

crystallization CPOM experiments at temperatures (Tiso) of 45 and 50ëC. It is

seen that the density of crystallites increases by more than an order of magnitude

when MMT layers are introduced in PEO, even at very small silicate loadings.

Moreover, CPOM reveals that almost all of the crystal nuclei initiate in the bulk

PEO, i.e. far away from the MMT fillers. Albeit this huge difference in the

number of crystallites between neat and intercalated PEO, the polymer

crystalline fraction ± as measured through DSC experiments ± does not show

a marked change between these two systems. In Fig. 8.10 we plot the enthalpy of

melting (�Hm) as measured by DSC, showing no strong effect of the silicate

loading and/or the crystallization temperature on the final crystallinity of the

systems. One of these DSC experiments is shown in Fig. 8.11(a) for neat PEO

and PEO/5wt.% MMT. The onset and peak crystallization temperatures (Tc) can

also be measured from the cooling response (Fig. 8.11(b)). The addition of

8.9 The nucleation density as a function of silicate loading, as measured from
cross polarization optical microscopy. Crystallization is done at 45ëC (squares)
and 50ëC (circles). The number of nucleated spherulites per unit area increases
by more than tenfold, even at low silicate loadings. Copyright ß Chem. Mater.
2003, vol. 15, pp. 844±849.
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MMT fillers in the PEO decreases the polymer Tc for all cooling rates used,

suggesting that the MMT hinders the PEO crystallization, a conclusion which is

in concert with the behavior seen in Fig. 8.5. As expected, the DSC-observed Tc
decreases with increasing cooling rate, and the crystallization temperature of

PEO/MMT composite deviates more from the neat polymer's Tc as more MMT

filler is added. The fact that the dependence of Tc on the cooling rate is similar

for the neat PEO and the filled PEO suggests that these differences are due to

genuine changes in the polymer crystallization, rather than changes of the

thermal conductivity caused by the incorporation of the inorganic fillers. In the

latter case, if the DSC-observed decrease of Tc were actually due to changes in

thermal conductivity, the difference in Tc between the neat and filled PEO would

have been a strong function of the cooling rate.

PVA crystal nature

In contrast to the PEO crystal behavior, the strong interactions present between

PVA and the silicate surfaces bring about changes in the inherent crystal nature,

as evidenced by the following observations. Wide angle XRD provides evidence

that not only the crystal morphology but also the crystalline structure changes

when the inorganic filler is added to PVA. Namely, in the 2� region between

14.0 and 25.5ë (Fig. 8.12) PVA has its 100, 101, 101 and 200 crystalline

reflections (corresponding to 2� � 16:0, 19.4, 20.1 and 22.7ë respectively). The

XRD scans in Fig. 8.12 (neat PVA and 4, 20, and 60wt.% MMT) suggest that as

silicate content increases from �MMT � 0 to 20wt.%, the 101 and 101 peaks

8.10 Enthalpy of melting for PEO versus filler loading. The PEO crystallinity
does not change markedly with silicate loading, for various isothermal
temperatures of crystallization (Tiso � 40, 45, and 50ëC: squares, circles, and
up triangles, respectively). All samples were melted and then rapidly cooled to
the Tiso; after isothermal crystallization in the DSC, samples were heated at
10ëC/min and �H was measured. Copyright ß Chem. Mater. 2003, vol. 15,
pp. 844±849.
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show a concerted decrease in intensity. This depression of the 101 and 101 peaks

is accompanied by the appearance of a single peak centered at 2� � 19:5ë. This
development of the diffraction peaks indicates that a new crystal structure forms

with the addition of the silicate, at the expense of the bulk-like crystal structure.

(For clarity, the XRD of the neat MMT is not given here. The appearance of the

new peak, observed in the higher PVA loadings, is not connected in any way to

crystalline reflections from the MMT structure.) Given the multiple overlapping

peaks in the diffraction pattern, it is difficult to quantify with any accuracy either

8.11 (a) A typical DSC scan for PEO and PEO/5wt.% MMT, at a heating/
cooling rate of 10ëC/min. (b) Peak and onset of the crystallization temperature,
as a function of DSC cooling rate, for PEO and PEO/MMT nanocomposites.
The crystallization temperature is decreasingwith silicate loading, showing that
a higher degree of undercooling is needed for crystallization of composites.
Copyrightß Chem.Mater. 2003, vol. 15, pp. 844±849.
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the difference of the crystallite sizes,27 or the simultaneous change in crystalline

structure. However, the bulk-like and filler-induced crystals also have different

melting temperatures (Tm) and DSC can be employed to quantify the change in

crystalline structure with �MMT.

In Fig. 8.13(b), DSC traces are shown for the melting transitions of neat PVA

films, as well as PVA films filled with MMT. Bulk PVA has a melting transition

at Tm � 225ëC. As inorganic layers are added to PVA the polymer crystallinity

does not change markedly, however a new, higher Tm crystalline form appears

(Fig. 8.13(b)). Fig. 8.13(a) shows the inorganic content dependence of the

fractions of the two melting transitions; these fractions are defined via the ratios

of the corresponding enthalpies of melting over the total enthalpy of the sample,

both for the bulk-like Tm, as well as for the new ± higher Tm ± melting transition

observed in the presence of the inorganic fillers. Figure 8.13(a) clearly indicates

that the presence of the inorganic surface induces a new higher Tm crystal at the

8.12 XRDcurves of bulk PVAand silicate filled composites of various inorganic
compositions. The bulk PVA reflections (100, 101, 101 and 200) are at 2�:
16.0, 19.4, 20.1 and 22.7ë, respectively. With increasing inorganic content,
there appears a concerted decrease in intensity of the 101 and 101 peaks,
accompanied by the appearance of a new peak centered at 2� � 19:5ë,
suggesting a new crystalline form for the clay-induced PVA crystals. Copyright
ßMacromolecules, 2001, vol. 34, pp. 8475±8482.

220 Polymer nanocomposites



expense of the bulk-like crystals. This behavior is consistent with the XRD

observation (Fig. 8.12) of a new crystal phase that gradually appears with the

addition of the fillers, with a parallel depression of the bulk-like crystal peaks.

Our AFM scans (Fig. 8.8) show that the inorganic-induced crystals grow around

the inorganic fillers, and this suggests that the higher Tm may originate from the

specific interactions near the PVA/silicate interface, which result in a strong

polymer/inorganic adhesion.

8.4 Overview of nanocomposite structure and
crystallization behavior

Using non-isothermal and isothermal DSC, and cross-polarization optical

microscopy, we have investigated the differences of crystallization behavior in

neat PEO films and PEO films filled by MMT inorganic layers. The coordination

of PEO to the montmorillonite Na+ promotes the polymer-filler miscibility, but

renders the PEO/MMT interface not conducive to crystallization, since it

promotes amorphous polymer conformations in the vicinity of the inorganic

fillers. Thus, MMT causes a retardation of the crystal growth front, and results in

crystal morphologies which are characterized by non-spherical shapes with jagged

edges. Moreover, this PEO crystal obstruction by the MMT allows for the

8.13 DSC traces showing the melting region of PVA/silicate composites of
various chosen compositions. On the left, the fractions of the two melting
enthalpies for the two crystalline forms for all the MMT concentrations studied
[squares: bulk-like crystal (Tm � 225ëC), circles: higher Tm crystal]. The
dependence of the enthalpy fractions on the �MMT suggests that the inorganic
surface promotes a new, higher Tm crystal form, at the expense of the bulk
crystalline material. Copyright ß Macromolecules, 2001, vol. 34, pp. 8475±
8482.
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`homogeneous' nucleation of large numbers of crystallites, which grow to much

smaller sizes than neat PEO spherulites. In the Na+ MMT filled PEO,

crystallization nucleation sites occur in the bulk of the PEO matrix, i.e. far from

the silicate surfaces, in considerably larger numbers than in unfilled PEO at the

same undercooling. This higher nucleation density is a manifestation of two

effects: (a) the disruption of the spatial continuity by the inorganic layers, which

allows for the independent nucleation of PEO crystallites in the spaces between

the fillers, and (b) the characteristic PEO/Na+ coordination, which markedly

inhibits `heterogeneous' nucleation by the MMT fillers. The absence of marked

heterogeneous nucleation contrasts the PEO behavior against most of the other

polymer/MMT systems studied, where heterogeneous nucleation and/or epitaxial

crystallization are the dominant effects. Despite the different crystal morphologies

between neat and filled PEO, there is no marked change in polymer crystal

fraction for the small amounts of silicate (�MMT < 10%) studied here. For larger

MMT loadings than studied here, the introduction of more PEO/MMT interfaces

in the system decreases the PEO crystallinity proportionally to �MMT.
28,29

Using AFM, we have investigated the differences in neat PVA films and PVA

films filled by MMT inorganic layers. Mechanical variations across polymer

surfaces ± as those between amorphous and crystalline regions ± are manifested

in various AFM imaging modes, including contact, intermittent contact, and two

force modes. Since in most cases the mechanical variations are superimposed on

surface topographical features, sometimes comparative imaging with various

modes is needed to unambiguously resolve polymer crystal, amorphous

polymer, and filler particles.

When inorganic layers (MMT) are added to the PVA polymer, crystallites are

initiated and grown in the immediate vicinity of the inorganic surface. We

believe that this is due to the strong specific interactions between the inorganic

surfaces and the polymer. The crystallites found near the inorganic fillers are

about 2 microns in size, smaller than the crystallites found in the neat PVA film,

which are 5 microns or larger. Moreover, the melting temperature of these

crystals was found to be higher than the bulk Tm. At the same time, XRD also

shows differences in the PVA crystalline structure when crystallized in the

presence of MMT, suggesting that the inorganic fillers change also the crystal

structure. This new, silicate-induced PVA crystal phase is promoted by the

existence of the montmorillonite layers, and forms at the expense of the bulk

PVA crystalline phase.

8.5 Materials properties of poly(vinyl alcohol)/
Na+ montmorillonite nanocomposites

The purpose of this study is, first, to investigate the structure of the PVA/MMT

nanocomposites, with the focus on the layered filler dispersion, as well as on the

changes of the polymer crystallinity due to the inorganic layered fillers.
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Subsequently, through the study of selected nanocomposite material properties,

we attempt to correlate the hybrid structure with changes in the material

response. The structure is explored over the full range of silicate compositions.

On the other hand, properties are explored only for the low silicate loadings,

which are relevant to potential applications.

8.5.1 Thermal properties

The model water soluble polymer/silicate nanocomposite systems presented

here also possess unique thermal properties which can be studied using various

techniques. These include DSC and thermal gravimetric analysis. Thermal

properties for the PVA/silicate system are outlined in the following sections.

DSC and XRD analysis of PVA crystallites in the nanocomposite

Thermal characterization

Bulk PVA has a glass transition at Tg � 70ëC and a melting transition at

Tm � 225ëC. For fully intercalated PVA hybrids (i.e. all the polymer is

intercalated in MMT galleries) DSC does not detect any traces of thermal

transitions between 35ëC and 250ëC (Fig. 8.14), hybrids with �MMT > 60wt.%).

For these `neatly intercalated' nanocomposites, both the Tg and Tm are either too

weak and/or too broad to measure, or they are suppressed due to the polymer

confinement. Although the physical origins of this behavior are still under

debate,30,31 this absence of thermal events is in agreement with the general

behavior of polymers intercalated in clays and synthetic silicates. In a plethora

of systems studied: nylon-6,2 PEO,9,10 PMPS,30 PS,31 PCL,32 PMMA33

intercalated in naturally occurring silicates (MMT) and in synthetic layered

alumino-silicates (fluorohectorite), there exist no detectable thermal transitions

for the intercalated polymers, over a wide temperature range below the Tg and

above the Tm. Despite the use of methods with an increasing resolution and

sensitivity (such as DSC, thermally stimulated current, positron annihilation,

NMR, and so on) no transitions can be detected in neatly intercalated systems.

For example, TSC, DSC, and NMR studies9,10 of an intercalated poly(ethylene

oxide) (PEO, Mw � 100,000)/MMT hybrid (20wt.% polymer), indicated the

absence of any thermal transitions between ÿ100ëC and 120ëC, that could

correspond to the vitrification or the melting of PEO (Tg � ÿ55ëC and

Tm � 65ëC). On a local scale, intercalated polymers exhibit simultaneously fast

and slow modes of segmental relaxations for a wide range of tempera-

tures,10,30,31 but again with a marked suppression (or even absence) of

cooperative dynamics typically associated with the glass transition.

A systematic study of the DSC traces with �MMT (Fig. 8.14) shows that the Tg
and Tm signals weaken gradually, and disappear for �MMT above 60wt.%. This
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suggests that in these systems (�MMT > 60 wt.%) all the polymer is affected by

the inorganic layers, and there seems to be no bulk-like PVA present (at least not

enough to manifest itself through thermal transitions). For higher polymer

concentrations (e.g. 20wt.% MMT) there appear two distinct and overlapping

melting peaks, one around the bulk Tm and another one at higher melting

temperature.

PVA crystallinity

The PVA melting was studied by performing DSC on several high PVA

concentration nanocomposites (2 < �MMT < 30wt.%, Fig. 8.15(a).). Compared to

the neat PVA, in the nanocomposites appears also a new higher-Tm crystal

phase. This dual DSC melting trace is reminiscent of DSC endotherms belong-

ing to a PVA system studied by Tanigami et al.34 In their system, Tanigami et

al. controlled the PVA stereoregularity by using blends of a syndiotactic-rich

and an atactic poly(vinyl alcohol). What was observed was a crystalline-phase-

separated system which exhibited a dual melting point. That dual melting point

arose from two crystal phases: one formed primarily by syndiotactic sequences,

the other primarily by atactic sequences. The two types of crystals have melting

points which differ by about 15±22ëC (Tm at 228 and 250ëC). This Tm difference

is comparable to the one measured for our PVA/MMT nanocomposites, as

shown in Fig. 8.15. The width at half-maximum (FWHM), for the combined

8.14 Differential scanning calorimetry of PVA/MMT nanocomposites with
varying �MMT (20ëC/min, second heating). For clarity a featureless region is
omitted between 95 and 175ëC. Copyright ß Chem. Mater. 2000, vol. 12, pp.
2943±2949.
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DSC melting peak, was used as an indicator of how the two crystal phases were

present in the PVA blend. To calculate FWHM, the peak value of the DSC trace

is located. The full width of the melting peak is then evaluated at a distance

halfway between the peak value and the DSC trace baseline. In Tanigami's

work, the melting peak FWHM increased to 25±35ëC when the atactic-rich and

the syndiotactic-rich phases coexisted, whereas it remained approximately 10ëC

when either of the two crystal phases was in excess. The FWHM for our

nanocomposite combined/dual melting peaks is plotted in Fig. 8.15(a), as a

function of the silicate loading (�MMT). The full width increases sharply from

about 13ëC to above 25ëC as the silicate composition crosses the percolation

8.15 DSC of the melting region for the low MMT content nanocomposites
(20ëC/min); (a) FWHM of the combined melting endotherms and
corresponding DSC traces around Tm; (b) the fractional heat of fusion owing
to the MMT-induced crystal phase (circles, Tm � 235ëC) and bulk-like crystal
phase (squares, Tm � 225ëC), as determined from the DSC peak fittings.
Copyrightß Chem.Mater. 2000, vol. 12, pp. 2943±2949.
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threshold (�MMT = 4 wt.%). This suggests that we have substantial volumes of

bulk-like and of MMT-induced crystal phases coexisting for �MMT > 5wt.%.

In order to quantify the relative volumes of the two crystal phases present, we

used the standard fitting method35 and gaussian functions to estimate the melting

enthalpies (heat of fusion, �H) for each of the two melting peaks in the DSC

trace. The fraction of the two melting enthalpies (Fig. 8.15(b)) will reflect the

relative amount of the respective crystalline phases in the polymer matrix. The

new crystal form ± which appears when MMT fillers are added to the PVA ±

seems to grow linearly with the MMT concentration, and at the expense of the

bulk-like PVA crystal phase (Fig. 8.15(b)). This clearly suggests the high Tm
phase is induced by the presence of the silicate layers. The shape of the melting

peak and the relative peak areas remain the same in subsequent DSC scans, after

cooling from the melt state (exotherms not shown). This indicates that this dual

crystalline melting, is not an artifact of the solution casting or the thermal

history, but is indeed induced by the presence of the silicate.

Wide angle XRD provides evidence that we actually have a new crystal phase

in the nanocomposite. Namely, in the 2� region between 14.0 and 25.5ë (Fig.

8.12) PVA has its 100, 101, 101 and 200 crystalline reflections (corresponding

to 2� � 16:0, 19.4, 20.1 and 22.7ë, respectively). In the same region MMT also

has its 101 reflection at 19.7ë. We have annealed our samples at 245ëC for 35

minutes prior to scanning in order to allow for higher quality PVA crystals.

Samples showed some degradation by becoming brown in color and overall

crystallinity did decrease somewhat; however, the DSC of the annealed samples

remains the same qualitatively (dual melting peak) and quantitatively (heat of

fusion). The XRD scans in Fig. 8.12 suggest that as silicate content increases

from �MMT = 0 to 20wt.%, the 101 and 101 peaks concurrently become lower in

intensity and are replaced by what appears to be a single peak centered at

2� � 19:5ë. This is consistent with the DSC measured high-Tm crystal phase that

appears at these compositions, and with its gradual enhancement at the expense

of the bulk-like crystal. Unfortunately, a quantitative comparison between the

DSC and the XRD is not possible, as the existence of 5 overlapping diffracted

reflections does not allow for the unambiguous fitting of the XRD peaks.

In summary, the analysis of the PVA crystalline XRD and DSC data shows

that at low silicate loadings (below 60 wt.%) there appears a new crystalline

phase, which is induced by the presence of MMT. This phase grows linearly

with �MMT at the expense of the bulk PVA crystal phase. For �MMT � 60wt.%,

PVA is primarily intercalated and no melting endotherms are found for the

confined polymer.

Thermal degradation

In addition to having a higher melting point, thermal degradation properties of

PVA/MMT nanocomposites also show improvement. A comparative thermal
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gravimetric analysis (TGA) of pure PVA and two nanocomposites with 4 and

10wt.% MMT (10ëC/min in air) is shown in Fig. 8.16. The weight loss due to

the decomposition of PVA is nearly the same until the temperature of about

275ëC. After this point, the silicate inhibits the PVA weight loss, which reaches

a maximum lag of about 75ëC. Unlike most other polymer/MMT nanocomposite

systems,33 this PVA/MMT suffers nearly the same weight loss as the bulk for its

initial 50%, possibly due to the fact that PVA can supply oxygen from within to

initiate its decomposition.

8.5.2 Mechanical properties

Exfoliated polymer/silicate systems have been found to exhibit mechanical,

thermal and solubility properties, as well as water vapor transmission rates,

which are superior to conventionally filled systems.26 Furthermore due to their

nanoscale dispersion of filler, they retain optical clarity.36 In our PVA/MMT

hybrids, and especially at the application relevant low �MMT (below 10wt.%),

TEM and XRD reveal a coexistence of intercalated and exfoliated silicate layers.

For these systems we will briefly describe some of their materials properties.

Tensile tests were performed on PVA nanocomposite films with silicate

loadings of 0, 2, 4, 6 and 10wt.%. Because completely dry PVA films are quite

brittle, tests were performed at a nominal relative humidity of 50%, according to

the usual testing procedure for PVA.37 Prior to testing, films were equilibrated in

a humidity chamber at 90% r.h. Yielding was not found for any of the samples.

All samples had an initial period of elastic deformation followed by a nearly

monotonically increasing stress during plastic deformation, until failure. Figure

8.17 shows the Young's modulus, the stress-at-break and strain-at-break, and the

8.16 Polymer weight loss from TGA scans in air, for PVA and two nano-
composites containing 4wt.% and 10wt.% Na+ MMT. Copyright ß Chem.
Mater. 2000, vol. 12, pp. 2943±2949.
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measured fracture toughness, all as a function of silicate loading. For com-

parison, the Young's moduli are normalized by the measured bulk PVA value

(68.5MPa). At �MMT � 4wt.%, the nanocomposite is characterized by a

modulus about 300% larger than the one of the respective bulk PVA. In most

conventionally filled polymer systems, the modulus increases linearly with the

filler volume fraction; for these nano particles much lower filler concentrations

increase the modulus sharply and to a much larger extent.1 Accordingly, in the

PVA/MMT systems the dependence of modulus on �MMT is very strong at very

low content, and tends to level off after �MMT � 4wt.%, at about 3.5 to 4 times

the value for bulk PVA. This behavior has been reported before for poly-

(dimethyl siloxane)/MMT exfoliated hybrids.38,39 The dramatic enhancement of

8.17 Tensile testing results as a function of MMT weight and volume content.
Top: the Young's modulus normalized by the bulk value (68.5MPa); middle:
the maximum stress at break; bottom: the toughness of the hybrids normalized
by the bulk values (45.8 kJ/m2). Copyright ß Chem. Mater. 2000, vol. 12, pp.
2943±2949.
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the Young's modulus for such extremely low MMT filler concentrations cannot

be attributed simply to the introduction of the higher modulus inorganic filler

layers. A recent theoretical approach is assuming a layer of affected polymer on

the filler surface, with a much higher Young's modulus than the bulk equivalent

polymer. This affected polymer can be thought of as the region of the polymer

matrix which is physisorbed on the silicate surfaces, and is thus stiffened

through its affinity for and adhesion to the filler surfaces.38 Obviously, for such

high aspect ratio fillers as our MMT layers, the surface area exposed to polymer

is huge (for MMT is typically 700±800m2/g), and the dramatic increases in the

modulus with very low �MMT are not surprising. Furthermore, beyond the

percolation limit (�MMT > 4wt.%) the additional exfoliated layers are introduced

in polymer regions that are already affected by other MMT layers, and thus it is

expected that the enhancement of Young's modulus will be much less dramatic.

The stress at break (�max) is also plotted versus the silicate content in Fig.

8.17. The data shows that �max is relatively insensitive to the filler

concentration. Finally, the toughness is also plotted in the same graph, again

normalized by the bulk PVA value (45.8 kJ/m2) for comparison; the toughness

was calculated from the integrated area under the Instron stress/strain curve.

There is a very moderate decrease of the toughness (3% at �MMT � 4wt.%, and

22% at �MMT � 6wt.%) for �MMT, which is caused by a comparable decrease of

the strain-at-break.

8.5.3 Barrier properties

With the dispersion of these ultra-thin inorganic layers throughout the polymer

matrix, the barrier properties of the nanocomposites are expected to be strongly

enhanced compared to the respective polymer. The water vapor transmission

rates were measured for the pure polymer and several of its low �MMT nano-

composites, and are plotted in Fig. 8.18. In the same figure, the resulting water

permeabilities40 are plotted as well. WVT and permeabilities were measured

following ASTM E96, for PVA and PVA/MMT nanocomposite films of the

same thickness (8.98 � 0.33 � 10ÿ3 cm). The permeabilities decrease to about

40% of the pure WVT values for silicate loadings of only 4±6wt.%. We believe

that this enhancement in the water permeability originates both from the

increased path tortuosity of the penetrant molecules ± forced around the

inorganic layers ± as well as the enhanced modulus of the polymer matrix in the

nanocomposites.

8.5.4 Optical properties

Because of the nanoscale dispersion of the silicates in the PVA matrix, optical

clarity remains high at silicate contents which yield primarily exfoliated

composites. This allows its potential use in paper coatings, one of the most
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common uses for pure PVA. Figure 8.19 shows the UV/VIS transmission spectra

of pure PVA, and PVA/MMT hybrids with 4 and 10wt.% MMT. These films

have thicknesses of 0.17, 0.18 and 0.15mm, respectively. The spectra show that

the visible region (400±700 nm) is not affected at all by the presence of the

silicate, and retains the high transparency of the PVA. For the ultraviolet

wavelengths, there is strong scattering and/or absorption, resulting in very low

8.18 Water vapor permeability for the neat PVA and several PVA/MMT
nanocomposites. The inset shows the water vapor transmission raw data
collected for each composition, which were used to calculate the water
permeabilities. Copyrightß Chem.Mater. 2000, vol. 12, pp. 2943±2949.

8.19 UV-VIS transmittance spectra of PVA and PVA/MMT nanocomposites
containing 4 and 10wt.% MMT. Copyright ß Macromolecules, 2001, vol. 34,
pp. 8475±8482.
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transmission of the UV light. This is not surprising as the typical MMT lateral

sizes are 50±1000 nm.

8.6 Conclusions

We have investigated the structure and properties of PVA/MMT nano-

composites formed by water casting, a solution intercalation method. From

TEM and XRD studies, over the full range of silicate loadings, we find that there

is a coexistence of exfoliated and intercalated silicate layers. The system

becomes mostly intercalated as silicate loading increases beyond �MMT �
60wt.%. The exfoliation of layers is attributed to the water casting method used,

since the water suspended layers become kinetically trapped by the polymer and

can not reaggregate. DSC studies find a suppression of the thermal transitions

(Tg and Tm) for the purely intercalated systems. However, for the mostly

exfoliated, low MMT loading nanocomposites, DSC unveils a new melting

transition with higher Tm than the neat PVA. X-ray diffraction of the polymer

crystals suggest that this is a new, silicate-induced PVA crystal phase, that is

promoted by the existence of the montmorillonite layers at the expense of the

bulk-like PVA crystalline phase.

Some basic materials characterization was also performed for the low (�MMT

� 10wt.%) MMT loadings. For these MMT concentrations the inorganic layers

are well dispersed throughout the PVA matrix, i.e. the nanocomposites formed

are mostly exfoliated hybrids. The mechanical/tensile properties of these

nanocomposites were studied for low silicate loadings and Young's modulus

was found to increase by 300% for 5wt.% silicate, with only a 20% decrease in

toughness, and no sacrifice of the stress at break compared to the neat PVA. In

addition, for these low loadings, thermal stability from TGA measurements was

shown to be slightly enhanced, and high optical clarity was retained. Additional

properties at low silicate loadings, detailed studies of the PVA crystal

morphology, and NMR investigations of the PVA segmental dynamics in

intercalated structures, are currently under way.
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9.1 Introduction

Polybutylene terephthalate (PBT) is a conventional semi-crystalline engineering

polymer having a high degree and rate of crystallization, good chemical

resistance, thermal stability, and excellent flow properties. PBT is used in

various high volume automotive, electrical, and other engineering applications

because it possesses good tensile strength, flexural modulus, and dimensional

stability especially in water and high resistance to hydrocarbons.1,2 PBT,

however, has low impact strength. Thus, there have been attempts to improve

impact strength by blending a rubber-like polymer into PBT.

Many attempts have been made to improve the impact properties of PBT by

blending with a rubber-like polymer such as ethylene/vinyl acetate copolymer

(EVA),3,4 acrylonitrile-butadiene-styrene copolymer (ABS),5,6 acrylate rubber,7

and so on. Therefore, in the first part of this chapter, we will discuss the impact

on PBT of rubber-like materials including especially EVA.

A relatively easy and cost-effective way to produce new combinations of

properties is blending. However, most blends achieved by melt mixing are

immiscible and thus show poor properties. Therefore, compatibilization is

demanded to obtain a blend with desired properties. A common way to improve

the compatibility and interfacial adhesion between two immiscible polymers is

to add block or graft copolymers. Grafting reaction by reactive monomers, such

as vinyl silane,8 acrylic acid (AA),9 or maleic anhydride (MAH),10,11 on the

main chain of a polymer in the presence of peroxide could be achieved. When a

graft copolymer possessing functional groups reacts with a polymer, such as

PBT, poly(ethylene terephthalate)(PET), or nylon containing ÐOH, ÐCOOH

or NH2 groups on the chain end, a desired compatibilizer to improve the com-

patibility between two different polymers is produced through in situ reaction

under the conditions of high temperature and shearing.12 The compatibilizer

produced by the reactive compatibilization exhibits more improved interfacial

adhesion in blends than a common physical compatibilizer. Recently, the

reactive compatibilizers have been extensively investigated to overcome the

9
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poor properties of blends. Hence, reactive compatibilization of the PBT/EVA

blend will be discussed in the second part of this chapter.

Unfortunately, however, the existence of a rubber-like polymer often

decreased other properties of the PBT such as the tensile strength, modulus

and heat distortion temperature. The disadvantages of the elastomer-toughened

PBT can be overcome by introducing the polymer layered silicate (PLS) nano-

composite technique to the PBT/EVA blend system. Thus, PLS nanocomposites

based on PBT and PBT/EVA blend are described in detail in the later section.

9.2 Impact modification of PBT by blending

9.2.1 Property changes of PBT by blending with
functionalized polyolefins

Impact strength of PBT can be improved by blending with polyacrylate graft

rubber,12 nitrile rubber,13 styrene-acrylonitrile (SAN) grafted ethylene propylene

diene rubber (EPDM-g-SAN),14 and ethylene propylene rubber (EPR). It was

reported that the addition of about 10% polycarbonate (PC) and about 20%

EPDM-g-SAN in the PBT gave a ten-fold improvement in the impact strength.

Impact modification of PBT is usually possible by interaction between the chain

ends of PBT such as hydroxyl group and carboxylic group and another

functionalized rubber component. To be used for impact modification of PBT,

EPR are usually functionalized by alcoholic or ester group.15,16 EPDM is also

functionalized by an epoxy monomer, or MAH. Glycidyl methacrylate (GMA)

grafted on EPDM (EPDM-g-GMA) is as a good compatibilizer for PBT/EPDM

blends to enhance impact strength, that is, dispersing a small amount of a low

modulus polymer into PBT can lead to improvement in the impact strength.

In this way, the functionalization of one component in immiscible polymer

blends has attracted great interest in terms of the compatibilization.17±19 For

example, Lambla and his coworkers reported a series of works on the in situ

compatibilization of immiscible polymer blends by one-step reactive extru-

sion.20±22 They described the chemical reactions related to compatibilizing

polymer blends, especially for the PBT/polypropylene (PP) blend system. They

stressed that the monomers used for functionalizing PP, such as acrylic acid

(ACID), MAH, GMA, and oxazoline, are potentially reactive towards the

carboxylic acid and/or hydroxyl groups at the chain ends of the PBT and are

melt grafted onto the PP by free-radical reactions.

It was found that blends of PBT and EVA-g-MAH or ethylene metharylate-g-

MAH (EMA-g-MAH) show better impact strength than those of other func-

tionalized polyolefin containing blends at higher contents above 20wt.%.23 In

this sense, the two blend systems are particularly interesting in the impact

modification of PBT. As noted in the Introduction, the tensile modulus as well as

the yield strength are, however, decreased monotonously with the added
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functionalized polyolefin contents.23 The reduction in the tensile modulus and

the yield strength should be expected as the result of a flexible and amorphous

nature of the functionalized polyolefins. This is the reason why further

introduction of PLS nanocomposite technique into the PBT or PBT/EVA blend

systems is needed, which will be discussed later.

The blending of functionalized polyolefins also affects the thermal properties

of PBT. In general, PBT shows a single endotherm around 223ëC on the DSC

thermogram at the first heating scan but exhibits a second endotherm at a

temperature below that of the original endotherm as well as that of original

higher-melting of crystals at the second heating scan. The second lower-melting

endotherm peak of PBT is often displayed in a subsequent scanning thermal

analysis at a temperature below that of the original endotherm, which can be

observed at the first heating scan, when PBT is annealed. There are two kinds of

crystallization of the originally amorphous material, coupled and not coupled to

pre-existing crystals. The coupled amorphous material cannot crystallize without

molecular rearrangements within the crystalline material to which it is

coupled.24 The amorphous material that can crystallize only at higher annealing

temperature is likely to be coupled to pre-existing crystals.

Thus, the lower-melting peak on the DSC thermogram occur at the expense

of a higher-melting peak because of annealing on the second heating scan when

no chemical change is noted. Kim et al. proposed that the apparent transforma-

tion of high temperature to low temperature-melting material during annealing

of PBT arises mainly from the coupled crystallization-recrystallization of

amorphous and preexisting crystalline material.24

When EVA-g-MAH or EMA-g-MAH is added, the higher melting tem-

perature of PBT slightly decreases with increasing the EVA-g-MAH and the

EMA-g-MAH contents, but the lower melting temperature of PBT is not

appreciably changed (see Table 9.1).23 It suggests that the addition of EVA-g-

MAH and EMA-g-MAH restricts the crystallization of higher-melting crystals in

PBT but it does not affect the coupling of crystallization-recrystallization of

amorphous and preexisting crystalline material in PBT. But when EVA or EMA

is added, the higher and lower melting temperature of PBT are not changed,

meaning that the addition of EVA and EMA do not affect the crystallization of

higher and lower melting crystals in PBT.

EVA-g-MAH and EMA-g-MAH have better compatibility with PBT than

EVA and EMA. Thus, the compatibility is closely related with the increase in

the impact strength when either EVA-g-MAH or EMA-g-MAH was added to

PBT.

The enhanced compatibility of the MAH modified EVA or EMA with PBT in

comparison with non-MAH EVA or EMA may be expected because of the

intermolecular dipole-dipole interaction between the carbonyl oxygen (�ÿ) in
MAH of the EVA-g-MAH or the EMA-g-MAH and the hydrogen in the

hydroxyl group (��) of PBT. The enhanced compatibility may be also ascribed
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to the potential reactivity of MAH with the hydroxyl ends of PBT to form the

desired compatibilizer, a graft copolymer of the two component polymers, PBT-

g-EMA or PBT-g-EVA.23 The chemical aspects for the reactive compatibiliza-

tion in the PBT/EVA blend will be described in more detail in next session.

9.2.2 Reactive compatibilization of the PBT/EVA blend

Blends of PBT and EVA can be prepared by reactive compatibilization of PBT

and EVA by MAH. For a typical melt grafting,25 EVA is dried prior to use in an

oven for a given time (say, 5 h) at mild temperature (i.e. 70ëC). The EVA can be

functionalized in the presence of MAH and dicumyl peroxide (DCP) using an

intensive mixer such as a plasticorder equipped with cam rotors. The melt

grafting reaction is usually carried out at the set temperature (say, 175ëC) for a

given reaction time (i.e. ca. 10 min). EVA is mixed with MAH before adding

DCP for inhibiting pre-crosslink of EVA. The concentration of MAH can be

varied from 0.5 to 3.0 phr, and that of DCP from 0.1 to 0.4 phr. Torque±time

behaviors are recorded as a measure of grafting reaction and crosslinking

reaction. The formation of PBT-g-EVA copolymer as an in situ compatibilizer

can be identified by the reaction of hydroxyl groups and/or carboxylic groups at

the chain ends of PBT and MAH grafted onto EVA in the presence of DCP as an

initiator. The amounts of the MAH grafted onto EVA in the presence of DCP are

dependent on the concentrations of MAH and DCP, which affect final torque

values in the torque±time behaviors because of the competitive reaction of the

grafting and crosslinking of EVA (see Fig. 9.1).25

When EVA is blended with PBT, the in situ compatibilizer, i.e. PBT-g-EVA,

is obtained from the reaction of MAH grafted onto EVA and the hydroxyl

groups and/or carboxylic groups at the chain ends of PBT. The PBT-g-EVA in

the blend can be confirmed from the PBT separated by extraction using Fourier-

Transform infrared (FTIR) spectrometer.

Table 9.1 Themelting temperature of PBT/EVA and PBT/EVA-g-MAHblends
(reprinted from ref. [23] with permission fromWiley)

Contents Tm (H)a Tm (L)a Contents Tm (H)a Tm (L)a

of EVA (ëC) (ëC) of EVA-g-MAH (ëC) (ëC)
(wt.%) (wt.%)

0 223.4� 0.05 213.5� 0.04 0 223.4� 0.03 213.5� 0.04
20 222.4� 0.01 212.5� 0.02 20 222.9� 0.05 212.6� 0.04
40 222.2� 0.02 212.5� 0.02 40 222.0� 0.03 212.2� 0.04
50 222.4� 0.05 212.7� 0.05 50 221.5� 0.02 213.2� 0.05
60 222.3� 0.03 212.7� 0.05 60 221.2� 0.02 212.8� 0.04
80 221.0� 0.03 212.7� 0.03 80 220.7� 0.05 213.1� 0.03

aThe H and L parentheses denote the higher-melting crystal and the lower-melting crystal,
respectively. For example, Tm (H) indicates the melting point of higher-melting crystal of PBT.
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Figure 9.2 shows the Izod impact strength of the blends of PBT with EVA-

g-MAH as a function of MAH and DCP concentration. The Izod impact

strength of the PBT/EVA-g-MAH blends is increased with increasing the

concentration of MAH for a given concentration of DCP, but it is slightly

decreased when 3.0 phr of MAH is added. In general, the Izod impact strength

of the PBT/EVA (80/20) blend appears to a slight decrease in comparison with

that of the pure PBT, whereas that of PBT/EVA-g-MAH (80/20) blends shows

about three-fold increase. The result is surely attributed to the fact that the

formation of the PBT-g-EVA copolymer has been achieved in the blend

system. The scanning electron microscopy (SEM) micrographs also showed

that the particle size of the dispersed phase (MAH grafted EVA) is reduced

from about 5±10 to about 0.51�m due to the reactive compatibilizing effects

when EVA-g-MAH obtained at a higher concentration of DCP is blended with

PBT.25

The grafting yield and the gel content during the reactive compatibilization

processes are higher at higher DCP content. The mechanical properties of

crosslinked polymeric materials are usually improved with the degree of

crosslinking. As a result it was noticed that the flexural strength of the PBT-

EVA-g-MAH blend is apparently affected by the crosslinked components of

EVA-g-MAH, while the tensile strength is not. The tensile strength decreased

but flexural strength increases with the increasing gel contents and grafting

yield.26

9.1 Rheographs of EVA as a function of MAH concentration (DCP, 0.1phr)
(reprinted from ref. [25] with permission from Elsevier).
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Reactive compatibilization by the formation of in-situ grafting of PBT with

EVA-g-MAH takes place competitively and simultaneously with the cross-

linking of EVA and the grafting of MAH onto EVA. The maximum formation of

the PBT-g-MAH-EVA takes place at a certain MAH content, producing the best

reactive compatibilization in the PBT-EVA-g-MAH blend and thus the highest

mechanical properties. The reactive compatibilzation of PBT and EVA-g-MAH

can be also applied to other PBT-containing blend systems such as PBT/Nylon

blend system.27

9.3 PBT/organoclay nanocomposite

As mentioned in the Introduction, the further property improvement of PBT can

be done by the PLS technique, especially by the polymer melt intercalation

method. In this session, we discuss on the preparation and characterization of

PBT/organic montmorillonite (MMT) (PBT/organoclay) nanocomposites using

three kinds of organoclays, each possessing different ammonium cations, in

order to see their effects on the morphology of the PBT hybrids.28 Table 9.2

shows the related structure information of three typical kinds of commercial

organoclays produced by Southern Clay, Texas, USA (whose trade names are

Cloisite 6A, Cloisite 10A and Cloisite 30B).

In addition, epoxy resin can be added as a third component in order to

improve the dispersion state of the organoclay in the PBT matrix. Poly-

(bisphenol A-co-epichlorohydrin), a glycidyl end-capped epoxy resin are usually

used.

9.2 Impact strength of PBT/MAH-grafted EVA (80/20) as a function of MAH
and DCP concentration (at 23ëC) (reprinted from ref. [25] with permission
from Elsevier).
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9.3.1 Dispersion of organoclays in a PBTmatrix

Figure 9.3 shows the X-ray diffraction (XRD) results of the PBT/organoclay

hybrids containing 3wt.% of organoclay. It can be seen that the results of the

XRD analyses are dependent on the kind of organoclay used. The two original

peaks of Cloisite 6A (at about 2.49ë and 4.73ë) remain in PBT/Cloisite 6A

(2.44ë, 4.93ë), indicating that little or no intercalation has occurred. For PBT/

Cloisite 30B, the original peak of the Cloisite 30B (at 4.73ë) has shifted to 2.44ë,

meaning that the PBT has intercalated in the gallery of the silicate layers. The

XRD pattern of PBT/Cloisite 10A shows a shoulder around 2.35ë, indicating that

the Cloisite 10A was partially exfoliated in the PBT matrix.29,30

Table 9.2 Structural data for three kinds of organically modifiedMMT clays
(organoclays) (reprinted from ref. [28] with permission fromWiley-VCH)

Organoclay Ammonium cationa XRD peak Basal
position (2�) spacing (001)

(ë) (nm)

Cloisite 6A (CH3)2(HT)2N
+ 2.49, 4.72 3.57

Cloisite 10A (CH3)2(HT)(CH2C6H5)N
+ 4.52 2.00

Cloisite 30B (CH3)(T)(CH2CH2OH)2N
+ 4.73 1.88

aT� tallow (65% C18, 30% C16, 5%C14), HT� hydrogenated tallow.

9.3 XRD patterns of PBT/organoclay nanocomposites containing different
organoclays (reprinted from ref. [28] with permission fromWiley-VCH).
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PBT/Cloisite 10A shows the finest dispersion of the silicate particles in the

PBT matrix, based on the TEM images with lower magnification. The primary

particles of Cloisite 10A have been partially exfoliated into single layers and

thin multi-layer stacks which are disorderly and uniformly dispersed in the PBT

matrix. The PBT/Cloisite 6A system shows the largest organoclay agglomerates

and exhibits almost no further intercalation of PBT, consistent with the XRD

analysis, while the PBT/Cloisite 30B system shows an intercalated structure

with a basal spacing higher than 30nm, again in agreement with the XRD

measurements. The difference between Cloisite 6A, 10A and 30B comes from

the ammonium cations located in the gallery of the silicate layers. With two

bulky tallow groups, the ammonium cations present in Cloisite 6A are the most

hydrophobic, while those in Cloisite 30B are the most hydrophilic with their two

hydroxyethyl groups.28

In order for the polymer to fully wet and intercalate the organic MMT

tactoids, it is imperative that the surface polarities of the polymer and organic

MMT be matched.31 Polar-type interactions are also critical for the formation of

intercalated and especially exfoliated nanocomposites via polymer melt

intercalation.32 Cloisite 6A shows the biggest initial gallery spacing (about

3.5 nm), allowing for easier intercalation of the PBT chains, but is too

hydrophobic and does not match the polarity of PBT. Furthermore, lack of

strong polar interactions between the ammonium cations present in Cloisite 6A

and the PBT chains further discourages PBT intercalation. For these reasons,

Cloisite 6A dispersed poorly, with large agglomerates present, and failed to form

a nanocomposite when introduced into the PBT matrix.

Due to the existence of hydroxyl groups, the methyltallowbis-2-hydroxyethyl

ammonium cation in the Cloisite 30B interlayer has strong polar interaction with

the carboxyl groups present in PBT, favoring the intercalation of PBT chains

and the formation of PBT/Cloisite 30B nanocomposites. However, the intro-

duction of these polar hydroxyl groups also enhances the interaction of the

ammonium cation with the silicate surface. As a result, replacement of the

surface contacts by PBT chains will be less favorable, impeding the extensive

intercalation and further exfoliation of Cloisite 30B in a PBT matrix.

It is expected that the moderate surface polarity of Cloisite 10A is responsible

for the formation of a partially exfoliated PBT nanocomposite. In comparison to

Cloisite 6A, the replacement of one hydrogenated tallow group by a benzyl

group gives Cloisite 10A the proper hydrophobicity and compatibility with PBT,

which in turn favors extensive intercalation. Furthermore, the lack of strong

polar groups bound to the ammonium cation of Cloisite 10A ensures a relatively

weak interaction between the ammonium cation and the silicate layers, make it

possible to more readily delaminate the Cloisite 10A. It is again seen that

compatibility and optimum interactions between polymer matrix, organic

modifiers and the silicate layer surface itself are crucial to the formation of

intercalated and especially exfoliated PLS nanocomposite.33
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9.3.2 Effect of the addition of epoxy resin on the morphology
of PBT/organoclay hybrids

As stated above, the formation of PLS nanocomposites in melt intercalation can

be achieved by adequately matching the surface polarity and interactions of the

organoclay and the polymer used. There are, however, too many cases where the

organoclay and the polymer lack the compatibility for effective PLS nano-

composite formation. To realize nanoscale dispersion of such systems, a third

component can be added in melt processing as a compatibilizer or a swelling

agent,31,34±36 in order to assist intercalation of the polymer chains. This seems to

be a promising technique for nanocomposite formation.

Due to the existence of polar epoxy groups, epoxy resins can easily inter-

calate into the galleries of organoclay.29,37 Epoxy resin is also miscible with

PBT at temperatures above 210ëC with high agitation.38 Based on these con-

siderations, 2wt.% of epoxy resin was added during melt blending of PBT with

organoclay in order to investigate its effect on the dispersion state of the PBT/

organoclay nanocomposites. Comparing PBT/Cloisite 6A with PBT/epoxy/

Cloisite 6A, no obvious differences exist except that the average particle size of

Cloisite 6A is marginally smaller in the presence of the epoxy resin. In both

cases, the particles of Cloisite 6A are phase-separated from the PBT matrix, with

almost the same basal spacing as the original silicate layers. Epoxy resin is

ineffective in aiding the intercalation of PBT chains into the silicate galleries of

Cloisite 6A.

The partially delaminated Cloisite 10A particles are larger in size, consisting

of more silicate layers, and dispersed less uniformly than in the absence of

epoxy resin. This indicates that the presence of epoxy resin in a PBT/Cloisite

10A nanocomposite disrupts the extensive intercalation of PBT into the silicate

galleries, as well as subsequent exfoliation.

In contrast to the PBT/Cloisite 6A and PBT/Cloisite 10A systems, adding

epoxy resin to the PBT/Cloisite 30B nanocomposites is an effective way to

improve the nanostructure of the corresponding hybrids. The XRD pattern also

indicates a high degree of intercalation with layer spacings higher than 4±5 nm,

and/or exfoliation of the Cloisite 30B silicate layers.

9.4 EVA/organoclay nanocomposite

EVA/organic layered silicate nanocomposites can be also prepared by melt inter-

calation method.39 Alexandre and Dubois40 found that nanocomposites were only

formed when EVA was melt-blended at 130ëC with nonfunctionalized organo-

clay, such as MMT exchanged with dimethyldioctadecyl ammonium. Zanetti et

al.41 prepared EVA nanocomposites with fluorohectorite-like synthetic silicate

exchanged with octadecylammonium and studied their thermal behaviors.
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9.4.1 Dispersion of organoclays in EVAmatrix

Figure 9.4 shows the XRD patterns of the EVA/organoclay hybrids containing

3wt.% of organoclays. In contrast to the Cloisite 6A, the EVA/Cloisite 6A

hybrid shows no peak at 2.49ë, and the peak at 4.72ë has shifted to 4.31ë,

indicating the intercalated and even partially exfoliated hybrid structure. The

XRD pattern of the EVA/Cloisite 30B hybrid shows almost no peak, meaning a

high degree of intercalation with layer spacings higher than 4±5 nm and/or

exfoliation of the silicate layers in the EVA matrix. For the EVA/Cloisite 10A

hybrid, the original peak of the Cloisite 10A at about 4.6ë still remains, but a

new peak trace is observed at about 2ë, indicating only partially intercalated

structure of the EVA/Cloisite 6A hybrid.

In general, the outcome of polymer melt intercalation is determined by the

interplay of entropic and enthalpic factors.42 The confinement of the polymer

chains inside the silicate galleries results in a decrease in the overall entropy of

the polymer chains, and the increased conformational freedom of the tethered

ammonium cations compensates the entropy loss as the silicate layers separate

with each other. However, the small increase in the gallery spacing does not

affect the total entropy change; rather, the total enthalpy will drive the inter-

calation. The enthalpy of mixing has been classified into two components: the

interaction between polymer and ammonium cations and the interaction between

the layered polar silicates and the polymer chains. In most conventional organo-

modified silicates, the tethered ammonium cations are apolar. The apolar inter-

actions between the polymer and ammonium cations are unfavorable to the

9.4 XRD patterns of the EVA/organoclay hybrids containing 3 wt.% of
organoclay (reprinted from ref. [39] with permission fromWiley).
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polymer melt intercalation. In such cases, the enthalpy of mixing can be

rendered favorable by the establishment of polar polymer-silicate surface

interactions.

The above theoretical concepts can be used to explain the results of the EVA/

organoclay hybrids. With two bulky tallow groups, the ammonium cations

present in the Cloisite 6A are the most hydrophobic. The biggest initial gallery

spacing (ca. 3.57 nm) and the related weak interaction between the silicate

layers of Cloisite 6A allow for easier intercalation of the EVA chains. The

consequent expansion of the gallery and especially the partial exfoliation of the

silicate layers compensate the entropy loss of the chain intercalation by the

freedom of ammonium cations. On the other hand, the polar interactions

between the carboxyl group of EVA and the silicate layers are necessary to drive

the intercalation of EVA chains and partial exfoliation of the silicate layers. In

this sense, the failure of PP and low density polyethylene (LDPE) to form

nanocomposites with organoclays was reported to be in part due to the lack of

polar interactions between the apolar polymer and the silicate layers.43

In contrast to the Cloisite 6A, the ammonium cations in Cloisite 30B contain

two hydroxyethyl groups. The driving force of the intercalation and exfoliation

for the EVA/Cloisite 30B hybrid should originate from the strong polar

interaction between the carboxyl groups present in EVA and hydroxyl groups of

the ammonium cations.

The hydrophobicity of the Cloisite 10A is in between those of the Cloisite 6A

and the Cloisite 30B. In comparison to the Cloisite 30B, there are no strong

polar interactions between EVA and ammonium cations of the Cloisite 10A, and

the interlayer spacing of the Cloisite 10A is smaller than that of the Cloisite 30B.

Thus, it is difficult for the EVA chains to intercalate into the galleries of Cloisite

10A, and EVA can form only partially intercalated hybrids with Cloisite 10A.

9.4.2 Nanostructure of EVA-g-MAH/organoclay hybrid

Figure 9.5 shows the XRD patterns of the EVA-g-MAH/Cloisite 6A and the

EVA/Cloisite 6A hybrids, respectively. It is seen that the dispersion states of the

Cloisite 6A in the EVA-g-MAH matrix become much better than those in the

EVA matrix. The original peaks of the Cloisite 6A at around 2.49ë and 4.72ë

have shifted to 2.23ë and 4.45ë, respectively, indicating an intercalated structure

of the EVA/Cloisite 6A hybrid. However, the XRD pattern of the EVA-g-MAH/

Cloisite 6A hybrid exhibits only one relatively weak peaks at lower 2� of 2.17ë.

Therefore, the Cloisite 6A layers in the EVA-g-MAH matrix should be expected

to intercalate with high degree and even partially exfoliated.

For the EVA/Cloisite 10A hybrid, the dispersion states of the Cloisite 10A in

the EVA matrix have also been greatly improved by using the EVA-g-MAH

instead of the EVA in the matrix. The existence of the original peak of the

Cloisite 10A at around 4.6ë suggests no intercalation, while the new peak at
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around 1.96ë indicates the intercalation of EVA in the galleries of the Cloisite

10A. Thus, the EVA/Cloisite 10A hybrid exhibits only a partially intercalated

nanostructure.

On the other hand, the EVA-g-MAH/Cloisite 10A hybrid exhibits a relatively

small shoulder around 2.82ë, with a gradual increase in the XRD strength toward

low angle (Fig. 9.6). Completely exfoliated and dispersed PLS hybrids such as

the nylon-clay hybrid exhibit no peak, but instead display a gradual increase in

the diffraction intensity toward low diffraction angles.44 Therefore, the silicate

layers of the Cloisite 10A in the EVA-g-MAH matrix should be exfoliated and

well dispersed. This was confirmed by the TEM images showing the homog-

eneous dispersion of completely delaminated single silicate layers in the EVA-g-

MAH matrix. The effect of the grafting of MAH onto EVA on the nanostructure

of the EVA/Cloisite 30B hybrid is quite different from that of the EVA/Cloisite

6A and the EVA/Cloisite 10A hybrids.

The variable effects of the grafting of MAH onto EVA on the dispersion states

of organoclays in the polymer matrix can be interpreted based on the polymer

melt intercalation thermodynamics. As mentioned above, the strong polar

interactions between the polymer and organoclays are critical to the formation of

intercalated and especially exfoliated nanocomposites. The driving force for the

formation of mostly exfoliated EVA-g-MAH/Cloisite 6A nanocomposite and

completely exfoliated EVA-g-MAH/Cloisite 10A nanocomposite originates from

the strong hydrogen bonding between the MAH group (or ÐCOOH group

generated from the hydrolysis of the MAH group) and the oxygen groups or

hydroxyl groups of the silicates.

9.5 XRD patterns of the EVA/Cloisite 6A and the EVA-g-MAH/Cloisite 6A
hybrids containing 3wt.% of Cloisite 6A (reprinted from ref. [39] with
permission fromWiley).
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The existence of MAH groups along the EVA chains may disrupt the

optimum combination of EVA with Cloisite 30B, or too strong polymer-organic

silicate layer interactions may increase the frictional coefficient associated with

polymer transport within the interlayer and result in slower melt intercalation

kinetics.45

9.4.3 Effect of mixing temperature on nanostructure of EVA/
organoclay hybrid

According to the kinetics of polymer melt intercalation,46 the increasing

temperature leads to higher polymer diffusion rates, thus favoring the hybrid

formation. Vaia and Giannelis42 found similar results in the preparation of

polystyrene nanocomposites, in which higher anneal temperatures favor the

hybrid formation. However, for EVA/organoclay hybrids, it is obvious that the

high mixing temperature (175ëC) is unfavorable for well-dispersed PLS

nanocomposites; even though the mixing time is 5 min longer at 175ëC than

that at 140ëC, EVA/organoclay hybrids prepared at 175ëC still show worse

dispersion state of the organoclays in the EVA matrix. The exfoliated silicate

layers of Cloisite 30B are dispersed more uniformly when prepared at 130ëC. On

the other hand, the hybrid prepared at high temperature, 175ëC, exhibits a weak

peak around 6ë in the XRD pattern, and less uniform dispersion of the silicate

particles in the EVA matrix with a few large particles. Thus, we conclude that

better dispersion states of Cloisite 30B in the EVA matrix were obtained at

lower mixing temperature (130ëC).

9.6 XRD patterns of the EVA/Cloisite 10A and the EVA-g-MAH/Cloisite 10A
hybrids containing 3wt.% of Cloisite 10A (reprinted from ref. [39] with
permission fromWiley).
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The main reason for the above observations can be explained by the effect of

an external shear on the formation of polymer/organoclay nanocomposites via

melt intercalation process. The presence of an externally applied shear would

promote the exfoliation of the silicate layers.46 Huh and Balaz47 also found that

the polymer-clay mixture can readily form an exfoliated nanocomposites under

shear, which can remove the bridging force between the two confining silicate

layers. If the mixing temperature is lower, the torque or the shear will be higher

in preparation of EVA/organoclay nanocomposites via melt intercalation at

constant shear rate. This strong shear is necessary to promote the delamination

of the silicate layers in the EVA matrix, due to the proper combination of the

external shear and interaction between EVA and the organic silicate layers.

9.5 PBT/EVA-g-MAH/organoclay ternary
nanocomposite

9.5.1 Microstructure and properties of ternary nanocomposites

Very few papers have been published on the preparation of polymer blend

nanocomposite from organoclays and poly(ethylene oxide)/poly(methyl

methacrylate) (PEO/PMMA) blend by the solution blending method.48 In this

section, we discuss how the blending sequence affects the microstructure of the

ternary hybrid nanocomposites and especially the dispersion states of the

organoclays in the polymer matrix.

In sections 9.3 and 9.4, microstructures of both the PBT/organoclay and the

EVA/organoclay nanocomposites with different kinds of organoclays were

discussed. It was found that the Cloisite 30B can form nanocomposites in both

the PBT and the EVA-g-MAH matrix. Thus, the Cloisite 30B is selected to

prepare PBT/EVA-g-MAH/organoclay temary nanocomposites.49

PBT/EVA-g-MAH/organoclay ternary nanocomposites are prepared through

the melt intercalation method to obtain toughened PBT with higher tensile

strength, modulus, and so on. It may be expected for the PLS hybrids based on

the polymer blend system that the dispersion and migration of the silicate in the

two phases will give important guides to the formation mechanism of the PLS

nanocomposites.

The organoclays, PBT, and EVA pellets were dried under vacuum at 80ëC for

at least 10 h before use. The ternary nanocomposite was prepared through two-

step mixing in an internal mixer (Haake Rheocord Mixer) for 15min.: first PBT,

organoclay (3wt.%) and epoxy resin (2wt.%) to get PBT/organoclay nano-

composite, then the PBT/organoclay nanocomposite with MAH grafted EVA

(EVA-g-MAH). The rotor speed was 50 rpm and the temperature was set at

230ëC. The ratio of PBT to EVA-g-MAH is 75/25 by weight. The mixed product

was also injection molded to get bulk samples for characterization and property

measurements.
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In the previous sections, we found that the organoclay can form nano-

composites in both the PBT and the EVA-g-MAH matrix. Figure 9.7 shows the

XRD pattern of the PBT/EVA-g-MAH/organoclay ternary nanocomposite

system with 3wt.% Cloisite 30B. The ternary nanocomposites exhibit micro-

structure of intercalated PLS nanocomposites with 001 reflection moved from

4.72ë (corresponding to the basal spacing of the organoclays) to around 2.54ë. In

all cases higher order peaks were also observed.

In order to confirm the dispersion state of organoclay and the morphology of the

PBT/EVA-g-MAH blend in the presence of organoclay, TEM photomicrographs

are presented in Fig. 9.8,50 which show not only the dispersion state of the

organoclay, but also the microstructure of the PBT/EVA-g-MAH blend. The TEM

image in Fig. 9.8(a) shows clearly the two phase morphology (sea-island

morphology) of the PBT/EVA-g-MAH blend with EVA-g-MAH domains (light

portion) dispersed in the PBT matrix (dark portion). The identification of domains

and the matrix was done by selective solvent etching technique. The existence of

3wt.% organoclay influenced the dispersion of EVA-g-MAH within the PBT

matrix. Comparing the TEM photomicrographs of lower magnification (2�m scale

bar) in Fig. 9.8(a) and (b), it can be seen that the ternary nanocomposite exhibits

fine `sea-island' morphology of EVA-g-MAH in the PBT matrix, as for the one

without organoclay. Epoxy resin was used as a compatibilizer or a swelling agent to

improve the dispersion of the organoclay in the PBT matrix as for the PBT/

organoclay nanocomposite, as already mentioned in section 9.3.

In Fig. 9.7(b), the peak at 2.54ë in the XRD pattern suggests the intercalated

nanostructure of PBT/organoclay nanocomposite (3.5 nm basal spacing). The

TEM image in Fig. 9.8(b) shows clearly that the primary particles of organoclay

9.7 XRD patterns of the PBT/organoclay nanocomposite with epoxy (a) and
PBT/EVA-g-MAH/organoclay nanocomposite (b). The amount of
organoclays is 3wt.% (reprinted from ref. [49] with permission fromWiley).
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have been split to several layers of silicate crystallites dispersed uniformly in the

PBT matrix with the interlayer spacing corresponding to the XRD result.

Blending with EVA-g-MAH, the 001 reflection at 2.52±2.54ë in the XRD

pattern kept unchanged, indicating no further intercalation occurred during the

second-step mixing. The TEM image in Fig. 9.8 gives further confirmation to

the XRD results. More interestingly, no crystallites of organoclay migrated to

the dispersed EVA-g-MAH phase during the second-step mixing as can be seen

in Fig. 9.8(c) (high magnification). This is due to the strong interfacial

interaction such as hydrogen-bonding among the hydroxyl group of organoclay,

epoxy and PBT matrix,28 which keeps the silicate crystallites in the PBT matrix

from migrating to the dispersed EVA-g-MAH phase. The hydrogen bonding can

be confirmed by FTIR spectra.

Table 9.3 gives the tensile and impact properties of the PBT/EVA-g-MAH/

organoclay ternary nanocomposite as well as those of PBT and PBT/EVA-g-

MAH blend.50 It can be found that the impact strength of the ternary nano-

composite is in between that of the PBT and PBT/EVA-g-MAH blend. As

shown in Fig. 9.8, the fine dispersion of elastic EVA-g-MAH in the continuous

PBT phase is responsible for the remarkable impact strength improvement to the

PBT.

Unfortunately, however, the impact strength of the ternary nanocomposite is

lower than that of the PBT/EVA-g-MAH blend. It should be noted, however, the

uniform dispersion of the intercalated organoclay in the continuous PBT phase

leads to higher tensile strength and modulus of the ternary nanocomposite

compared to the PBT/EVA-g-MAH blend. It was also reported that the thermal

stability of the nanocomposite was improved in comparison to that of the PBT/

EVA-g-MAH blends, due to the clay layer structure.

9.8 TEM images of the PBT/EVA-g-MAH blend (a) and PBT/EVA-g-MAH/
organoclay nanocomposite with two different magnifications; (b) lower
magnification and (c) higher magnification. The amount of organoclays is
3wt.% (reprinted from ref. [50] with permission from VSP).
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9.5.2 Effect of blending sequences

The effects of different mixing sequences were also investigated by Li et al.:49

· They attempted to mix PBT, EVA-g-MAH and organoclays in one step

(Hybrid `L-1')

· They tried mixing PBT with organoclays first, then the PBT/organoclay

nanocomposite with EVA-g-MAH (Hybrid `L-2'), (already discussed in

section 9.5.1)

· They tried first preparing EVA-g-MAH/organoclay nanocomposites, then

mixing with PBT to get the final nanocomposite (Hybrid `L-3')

· They prepared the PBT/EVA-g-MAH blend first, then mixed the blend with

organoclays (Hybrid `L-4').

Table 9.4 gives the tensile and impact properties of various PBT/EVA-g-MAH/

Cloisite 30B hybrids prepared by different blending sequences. Comparing the

impact strength of all the hybrids with that of PBT/EVA-g-MAH blend and pure

PBT, the impact strengths of the ternary hybrids are between those of the PBT

and PBT/EVA-g-MAH blend. The impact strength difference among the PBT/

EVA-g-MAH/ Cloisite 30B hybrids is related to the morphology of the blends in

the presence of organoclays, and the dispersion of organoclays in the polymer

matrix as well.

The fine dispersion of elastic EVAg- MAH in the continuous PBT phase is

responsible for the remarkable impact strength improvement in the PBT. As for

the PBT/EVA-g-MAH blend, the L-2 hybrid also shows fine two-phase `sea-

island' morphology with elastic EVA-g-MAH dispersed in the PBT/Cloisite 30B

nanocomposite matrix, as already shown in Fig. 9.8. This is the reason why the

L-2 hybrid exhibits higher impact strength than all the other PBT/EVA-g-MAH

hybrids. Unfortunately, the impact strength of the L-2 hybrid is lower than that

of the PBT/EVA-g-MAH blend. Usually, PLS nanocomposites show increased

Young's modulus but simultaneously a loss in the impact strength, except in a

few instances.51 However, the uniform dispersion of the intercalated Cloisite

Table 9.3 Tensile and impact properties of PBT, PBT/EVA-g-MAHblend, and PBT/
EVA-g-MAH/organoclay ternary nanocomposite (reprinted from ref. [50] with
permission from VSP)

Sample Tensile Elongation Tensile Impact
strength at break modulus strength
(MPa) (%) (MPa) (J/m)

PBT 56.4 42.8 370 24.7
PBT/EVA-g-MAH 38.6 72.3 268 90.6
PBT/EVA-g-MAH/organoclay (3wt.%) 42.4 45.6 325 65.4
PBT/EVA-g-MAH/organoclay (6wt.%) 44.1 43.7 362 64.8
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30B in the continuous PBT phase leads to highest tensile strength and modulus

of the L-2 hybrid compared to the PBT/EVA-g-MAH blend and three other

hybrids.

The low impact strength of the hybrids L-1 and L-3 is mostly attributed to the

layer-like two-phase nanostructure with large and irregular EVA-g-MAH

domains and few large Cloisite 30B particles dispersed in PBT matrix. The

EVA-g-MAH domains and large Cloisite 30B particles act as weak points or

stress concentrators, resulting in low impact strength and tensile properties.

Though the L-3 hybrid shows similar layer-like dispersion nanostructure with

the L-1 hybrid, the existence of Cloisite 30B in the EVA-g-MAH phase makes

the tensile strength a little higher than that of the L-1 hybrid.

Though the dispersion of EVA-g-MAH in the continuous PBT phase was a

little disturbed after blending with the Cloisite 30B, the domain size of the

dispersed phase was still smaller than that of the hybrids L-1 and L-3.

Therefore, the L-4 hybrid exhibits slightly higher impact strength than that of

the hybrids L-1 and L-3.

9.6 Conclusions

PBT is a good material for the automobile industry. For instance it can be used

for wheel covers, components of door handles, and distributor caps because of

its chemical resistance, thermal stability, and hydrolytic stability.52 The

hydrophobicity of the organically modified MMT and the polar interactions

between the ammonium cations, silicate layers, and the PBT itself are critical to

hybrid formation. As it possesses the proper hydrophobicity and compatibility

with PBT, Cloisite 10A can be intercalated and partially exfoliated in a PBT

matrix. Cloisite 30B, on the other hand, can only form intercalated nano-

composites with PBT, due to the strong interactions between the ammonium

cation and silicate layers. Finally, PBT/Cloisite 6A systems exhibit the

Table 9.4 Tensile and impact properties of PBT/EVA-g-MAH/Cloisite 30B ternary
hybrids prepared through various blending sequences (reprinted from ref. [49] with
permission fromWiley)

PBT/EVA-g-MAH L-1a L-2b L-3c L-4d PBT

Tensile strength (MPa) 38.6 38.1 42.4 39.6 38.7 58.4
Elongation at break (%) 72.3 28.2 45.6 28.0 33.0 42.8
Tensile modulus (MPa) 268 277 325 282 291 370
Impact strength (J/m) 90.6 36.4 65.4 36.9 48.7 24.7

aTomix PBT, EVA-g-MAHand organoclays in one step.
b To mix PBT with organoclays in the presence of epoxy first, then the PBT/organoclay
nanocomposites with EVA-g-MAH.
c First to prepare EVA-g-MAH/organoclay nanocomposite, thenmix it with PBT.
dTomix the organoclays with PBT/EVA-g-MAH blend.
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morphology of traditional composites due to the high hydrophobicity and lack of

compatibility between the PBT and the organoclay.

As a third component in the nanocomposite preparation, epoxy resin has

varying effects on the dispersion and intercalation behavior of the three PBT/

organoclay systems studied here, depending on the compatibility and polar

interactions of the epoxy resin with the PBT and the organically modified

silicate layers. Epoxy resin enhanced the intercalation and further exfoliation of

Cloisite 30B in the PBT matrix, due to the strong hydrogen bonding interactions

and even possible chemical reactions between the epoxy and the organoclay, and

the compatibility between epoxy and PBT.

On the other hand, the dispersion of the organoclays in the EVA matrix

depends on the hydrophobicity of the organoclays and especially the polar

interactions between the silicate layers and EVA chains. For the strong hydrogen-

bonding interactions between EVA and Cloisite 30B, the EVA/Cloisite 30B

nanocomposite shows mostly exfoliated structure, while the EVA/Cloisite 10A

hybrid can only possess a partially intercalated structure due to the lack of strong

polar interactions and entropy compensation by the freedom of ammonium

cations. By introducing the strong hydrogen bonding to the EVA/organoclay

hybrids through grafting MAH onto EVA, the dispersion states of EVA/

organoclay hybrids were greatly improved for both Cloisite 6A and Cloisite 10A

hybrid systems. In the EVA-g-MAH/Cloisite 10A nanocomposite, a complete

exfoliation is observed, whereas in the EVA-g-MAH/Cloisite 6A hybrid mostly

exfoliated morphology is observed. Both hybrids show much better dispersion of

organoclays in the EVA-g-MAH matrix than the corresponding EVA/organoclay

hybrids. Though the different effects of the grafting MAH onto EVA on the

dispersion of Cloisite 30B in the EVA matrix is not easily explained.

The dispersion state of organoclays in the matrix becomes worse with

increasing the mixing temperature of EVA with organoclays, probably due to

the decreased external shear at high temperatures, as the external shear is

necessary for the nanocomposite formation.

The PBT/EVA-g-MAH/organoclay ternary nanocomposite shows much

enhanced impact strength in comparison to PBT without severely sacrificing

the tensile properties of PBT, due to fine `sea-island' morphology of EVA-g-

MAH in the continuous PBT/organoclay nanocomposite matrix, like the PBT/

EVA-g-MAH blend. The strong polar interaction between PBT and organoclay

in the presence of the compatibilizer, epoxy resin, keeps the organoclay from

migrating to the dispersed EVA-g-MAH phase.

PBT/EVA-g-MAH/organoclay ternary nanocomposite also shows enhanced

thermal stabilities compared to its pristine counterpart, due to the clay layer

structure, which restricts the mobility of the small molecules produced during

degradation.

For the PBT/EVA-g-MAH/organoclay intercalated ternary nanocomposites,

the mixing sequence significantly affects the microstructure of the prepared
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hybrids, the dispersion states of the organoclays in the polymer matrix, and thus

the mechanical properties of the hybrids. To mix the PBT/Cloisite 30B

nanocomposite with elastic EVA-g-W is the best way to prepare PBT/EVA-g-

MAH/organoclay ternary nanocomposites with the best mechanical properties

and desirable morphology. With the fine `sea-island' morphology of the EVA-g-

MAH in the continuous PBT/Cloisite 30B nanocomposite matrix, like the PBT/

EVA-g-MAH blend, this PBT/EVA-g-MAH/organoclay hybrid exhibits higher

tensile and impact strength than those of all the other hybrids that showed

irregular morphology. The strong polar interaction between PBT and Cloisite

30B in the presence of the compatibilizer, epoxy resin, keeps the Cloisite 30B

from migrating to the dispersed EVA-g-MAH phase.

Though the PBT nanocomposite was found to possess good mechanical and

thermal properties, the application of PBT nanocomposite has not been revealed

yet in detail. Recently, however, the potential application of PBT nano-

composites as high strength fibers was reported. Chang et al.53,54 synthesized

PBT nanocomposite from dimethyl terephthalate (DMT) and butane diol (BD)

by using an in-situ interlayer polymerization approach. The PBT nano-

composites were melt spun at different organoclay contents to produce mono-

filaments. The hybrids were extruded with various draw ratios (DRs) to examine

the tensile mechanical property of the fibers. At DR � 1, the ultimate tensile

strength of the hybrid fibers increased with the addition of clay up to a critical

content and then decreased.54 However, the initial modulus monotonically

increased with increasing amount of organoclay in the PBT matrix. When the

DR was increased from 1 to 6, for example, the strength and the initial modulus

values of the hybrids containing 3wt.% organoclay decreased linearly. Table 9.5

shows the results.

The report may find some potential application of PBT nanocomposites as

high strength fibers after property optimization. It is also expected that the PBT

nanocomposite will replace PBT, though this requires improved thermal and

mechanical properties in comparison to PBT for the applications where general

purpose grade PBT cannot be used. In particular, the automobile industry may

be expected to be one of the important future markets for PBT nanocomposites.

Table 9.5 Effect of the DR on the tensile properties of PBT nanocomposite fibers
(reprinted from ref. [54] with permission from Elsevier)

Ultimate Strength (MPa) Initial Strength (GPa)

Clay (wt.%) DR� 1 DR� 3 DR� 6 DR� 1 DR� 3 DR� 6

0 (pure PBT) 41 50 52 1.37 1.49 1.52
3 60 35 29 1.76 1.46 1.39
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10.1 Introduction

Plastics and textiles find many uses and add greatly to the quality of modern day

life. However, a major problem arises because most of the polymers on which

these materials are based are organic and thus flammable. Most deaths due to

fire are caused by inhalation of smoke and toxic combustion gases, carbon

monoxide being the most common, and serious injuries can result from exposure

to the heat involved. What is of major interest in the plastics and textiles

industries is not the fact that their products burn but how to render them less

likely to ignite and, if they are ignited, to burn much less efficiently. The

phenomenon is termed `flame retardance'.

Flame retardants (FR) act to break the combustion cycle, and thus extinguish

the flame or reduce the burning rate, in a number of possible ways. Today,

halogen-based fire retardants constitute the only effective systems able to reduce

the flammability of a wide range of polymers, without forgoing the mechanical

performance of the material. On the other hand, the ever increasing concern for

the negative environmental effects of halogen-based fire retardant polymer

materials has lead to intense activity in the search for halogen-free FR. More-

over, the `sustainable growth' approach requires that plastic wastes are recycled

as much as possible by environmentally sound recycling methods. In this respect

halogen-based fire retardants increase the complexity of recycling processes

since they can produce environmentally harmful toxic or supertoxic compounds

in most recycling processes. This either increases the cost of recycling and/or

may render negative the overall ecological balance of recycling the plastics

waste.

At present, the flame retardant systems used to substitute halogens

(intumescent formulation and inorganic hydroxides) are effective only at high

loadings, strongly reducing the mechanical properties of the materials. Polymer

layered silicate nanocomposites (PLSNs) constitute a new development in the

area of flame retardants and offer significant advantages over conventional

formulation where high loadings are often required.

10
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Contrary to what many people think, PLSNs are not a recent discovery. One

of the earliest systematic studies of the interaction between a clay mineral and a

macromolecule dates backs to 1949, when Bower described the absorption of

DNA by montmorillonite.1 Even in the absence of X-ray diffraction (XRD)

evidence, this finding implied insertion of the macromolecule in the lamellar

structure of the silicate. In the case of synthetic polymers, Uskov2 found in 1960

that the softening point of polymethylmethacrylate derived by polymerisation of

methylmethacrylate was raised by montmorillonite modified with octadecyl-

ammonium, while in the following year Blumstein3 obtained a polymer inserted

in the structure of a montmorillonite by polymerising a previously inserted vinyl

monomer. In 1965 Blumstein first reported the improved thermal stability of a

PMMA/clay nanocomposite. He showed that PMMA inserted between the

lamellae of montmorillonite clay resisted thermal degradation under conditions

that would otherwise completely degrade pure PMMA.4

10.2 Nanocomposites and fire

In 1976 Unitika Ltd, Japan, first presented the potential flame retardant properties

of polyamide 6 (PA6)/layered silicate nanocomposites. However, not until more

recent studies did the serious evaluation of the flammability properties of these

materials begin when Gilman et al. reported detailed investigations on flame

retardant properties of PA6/layered silicate nanocomposite.5 From this pioneering

work many attempts have been made to study the flammability properties of

polymer/layered silicate nanocomposites. A wide range of polymers has been

employed to provide either intercalated or exfoliated nanocomposites, which

exhibit enhanced fire retardant properties. These include various thermoplastic

and thermosetting polymers, such as polystyrene (PS),6±14 high impact

polystyrene (HIPS),13±15 poly(styrene-co-acrylonitrile) (SAN),16 acrylonitrile-

butadiene-styrene (ABS),13±15,17 polymethyl methacrilate (PMMA),14,18,19

polypropylene (PP),6,9,12,14,15,19±22 polyethylene (PE),14,15,19,23±27 poly(ethylene-

co-vinylacetate) (EVA),27±30 PA6,9 PA66,31 PA12,9 epoxy resin (ER)32 and

polyurethane (PU).33

10.3 Flame retardant mechanism

The cone calorimeter is one of the most effective bench-scale methods for

studying the fire retardants.34 Fire-relevant properties such as the heat release

rate (HRR), peak of HRR, smoke production, CO2 and CO yield, are vital to the

evaluation of the fire safety of materials. Heat release rate, in particular peak

HRR, has been found to be the most important parameter to evaluate fire

retardants. A typical cone calorimeter experimental result for a nanocomposite is

reported in Fig. 10.1 where are reported the HRR plots for pure EVA; EVA with

5wt.% of fluorohectorite exchanged with aminododecanoic acid, a micro-
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composite; and EVA with 5wt.% of montmorillonite exchanged with methyl,

tallow, bis-2-dihydroxyethylammonium, a nanocomposite, at a heat flux of

50 kW/m2. The nanocomposite shows a 78% lower peak HRR than the pure

polymer and 75% lower than the microcomposite.

The cone calorimetry flammability data for a variety of PLSNs are shown in

Table 10.1. The most relevant result is the delta that represents the lowering in

the peak of HRR in %. The cone calorimetry data show that the peak HRR was

reduced significantly for intercalated, exfoliated and intercalated/exfoliated

nanocomposites with low silicate mass fraction. indicating that the lowering in

peak HRR arising from PLSN is a general phenomenon, which reduced the

flammability of both thermoplastic and thermoset resins.

The clearest proof of flame retardancy has been obtained with cone

calorimetry. As a consequence, most studies done to understand the mechanism

are dedicated to the reduction in peak of HRR. Most of the mechanisms

proposed to explain the flame retardance attribute the reduction in heat release

rate to the formation of a protective surface layer consisting of clay layers

created during polymer ablation. Gilman first proposed the formation, during

10.1 Heat release rate (HRR) plots for pure EVA; EVA with 5 wt.% of
fluorohectorite exchanged with aminododecanoic acid, a microcomposite;
and EVA with 5wt.% of montmorillonite exchanged with methyl, tallow, bis-
2-dihydroxyethylammonium, a nanocomposite, at a heat flux of 50 kW/m2.
Reprinted with permission from ref. [30]. Copyright ß (2005) American
Chemical Society.
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Table 10.1 Cone calorimeter data

Polymer matrix Filler (%) Morphology Cone heat Peak HRR Delta Ref.
flux (kW) (kW/m2) (%)

ABS MMT/3MC16 (2, 5, 10) Exfoliated/intercalated 50 832, 772, 697 23, 28, 35 17
ABS MMT/3MC16 (5) Intercalated 50 772 28 56
EVA19 MMT/MOHT (2, 5, 10) Exfoliated 50 1210, 584, 436 54, 78, 83 30
EVA MMT/3MC16 (5) Intercalated 50 640 40 29, 62
EVA19 MMT/MOHT (3, 5, 10) Unknown 50 860, 780, 630 44, 50, 60 62
EVA18 MMT/M2HT (5) Intercalated 35 574 63 27
EVA28 MMT/M2HT (5) Intercalated 35 493 78 27
ER (anhydride) MMT/MOHT (5) Exfoliated/intercalated 50 1063 13 32

(tethered)
ER (anhydride) MMT/M2HT (5) Exfoliated/intercalated 50 984 19 32
ER (aromatic MMT/M2HT (5) Exfoliated/intercalated 50 1289 0 32
amine)
PA6 MMT/ ? (2, 5) Exfoliated 35 686, 378 32, 63 9
PA6 MMT/3MC16 (2) Exfoliated/intercalated 50 681 39 31, 57
PA66 MMT/? (2, 5, 10) Exfoliated 35 496, 335, 209 38, 58, 74 31
PA12 MMT/ ? (2) Exfoliated 35 1060 38 9
PE MMT/M2HT(3) Immiscible/intercalated 35 1340 35 24
PE MMT/JSAc (2, 5, 10, 15) Exfoliated 35 670, 620, 540, 390 54, 58, 63, 73 25
PE-g-MA MMT/VB16 (3) Immiscible/intercalated 35 1380 34 24
PE-g-MA MMT/MOHT (3) Immiscible/intercalated 35 1450 31 24
PE-g-MA MMT/Si18 (3) Immiscible/intercalated 35 1500 30 24
PE/PE-g-MA MMT/M2HT Intercalated 35 620 70 27
PMMA MMT/Bz16 (3) Intercalated 50 676 28 18
PMMA MMT/Allyl16 (3) Exfoliated/intercalated 50 744 20 18
PMMA MMT/Bz16 (3) Intercalated 50 676 28 18
PP MMT/VB16 (3) Immiscible/intercalated 35 1246 24 12
PP MMT/2M2C18 (2, 5, 10) Immiscible/intercalated 35 870, 459, 357 23, 60, 69 22
PP-g-MA MMT/M2HT (2, 4) Intercalated 35 450, 381 70, 75 6
PP-g-MA MMT/MOHT (5) Exfoliated/intercalated 35 382 48 21



Table 10.1 Continued

Polymer matrix Filler (%) Morphology Cone heat Peak HRR Delta Ref.
flux (kW) (kW/m2) (%)

PP-g-MA MMT/3MC18 (5) Exfoliated/intercalated 35 224 69 21
PS MMT/VB16 (1, 3, 5) Exfoliated/intercalated 35 752, 584, 534 27, 43, 48 10

(tethered)
PS MMT/OH16 (1, 3, 5) Exfoliated/intercalated 35 766, 502, 429 25, 51, 58 10
PS MMT/P16 (1, 3, 5) Intercalated 35 749, 586, 496 27, 43, 51 10
PS SMM/VB16 (0,1; 0,5, 1, 3, 5) Exfoliated/intercalated 35 758, 807, 785, 595, 26, 21, 23, 11

(tethered) 444 42, 57
PS MMT/VB16 (0,1; 0,5, 1, 3, 5) Exfoliated/intercalated 35 890, 771, 752, 584, 13, 25, 27, 11

(tethered) 534 43, 48
PS SMM/P18 (3) Intercalated 35 556 46 11
PS MMT/P18 (3) Intercalated 35 566 45 11
PS SMM/M2HTB (0,1; 0,5, 1, 3, 5) Intercalated 35 793, 814, 806, 642, 22, 20, 21, 11

517 37, 49
PS MMT/M2HTB (0,1; 0,5, 1, 3, 5) Intercalated 35 593, 697, 663, 449, 42, 32, 35, 11

412 56, 60
PS MMT/Sb18 (3) Immiscible/intercalated 35 1111 20 12
PS MMT/StyTro (3) Exfoliated/intercalated 35 960 32 9, 53
PS MMT/M2HT (3) Intercalated 35 567 48 9
PS MMT/M2HT (2, 5, 10) Exfoliated/intercalated 50 847, 537, 379 55, 72, 80 7
PS MMT/M2HT (1, 5, 10) Intercalated 35 1079, 555, 446 17, 57, 65 8
PS FH/M2HT (1, 5, 10) Intercalated 35 910, 428, 513 29, 67, 60 8
SAN MMT/MOHT (3, 6, 8, 11) Exfoliated/intercalated 35 450, 420, 345, 320 10, 16, 30, 36 16
PU MMT/M3C16 (5) Intercalated 35 472 50 33

Note: MMT: Montmorillonite, FH, Fluorohectorite, SMM: Synthetic mica, Allyl16: hexadecylallyldimethyl ammonium, Bz16: hexadecylvinylbenzyldimethyl
ammonium,MHTB:Hydrogenated tallowdimethylbenzylammonium,M2HT:Dimethyl dehydrogenated tallowammonium,MOHT:Methyl tallowbis2hydroxyethyl
ammonium, 3MC16: hexadecyltrimethyl ammonium, 3MC18: octadecyltrimethyl ammonium, 2M2C18, Dioctadecyldimethyl ammonium, JSAc: N-g-
trimethoxylsilanepropyl) octadecyldimethylammonium, OH16: N,N-Dimethyl-nhexadecyl-(4-hydroxymethylbenzyl) ammonium, P16: n-Hexadecyl
Triphenylphosphonium, P18: stearyltributylphosphonium, Si18: [3-(trimethoxysilyl) propyl] octadecyldimethy ammonium, StyTro: Styrene tropylium
(styrylcycloheptatriene), Sb18: triphenylheadecylstibonium,VB-16:N,N-Dimethyl-n-hexadecyl-(4-vinylbenzyl) ammonium.



combustion, of a multilayered carbonaceous-silicate structure arising from

recession of the polymer resin from the surface by pyrolysis with de-wetted clay

particles left behind.5 This multilayered carbonaceous-silicate structure appears

to enhance the performance of the char through structural reinforcement acting

as an excellent insulator and mass transport barrier, slowing the escape of the

volatile products generated during decomposition. Thermal protection via

ablation is achieved through a self-regulating heat and mass transfer process

involving an insulator with low thermal conductivity and the sacrificial pyrolysis

and concomitant formation of a tough refractory char on the insulator surface.

The formation of this high-performance carbonaceous-silicate char was first

observed by studying the combustion residues using transmission electron

microscopy (TEM) and X-ray diffraction (XRD).9 The structure of the com-

bustion residue of a PE/clay nanocomposite has been observed in scanning

electron microscopy (SEM):23 at nanoscale the residue resulted in a net-like

structure of clay platelets and char, while at microscale showed a sponge-like

structure, similar to those obtained from combustion of intumescent FR

systems.35

In support of these results, studies of PA6/MMT nanocomposites by Vaia et

al. found a similar fire retardancy enhancement through char formation.36

Specifically, the nanocomposites showed the formation of a tough ceramic

passivation layer on the polymer surface, when exposed to solid-rocket motor

exhaust and plasma environments.

This effect is particularly surprising for non char forming polymers, such as

EVA, PE, PP, etc. where, at the end of combustion, the residue is usually

composed of 95% clay and 5% carbonaceous char as determined in TGA

experiments performed under air flow.23 The little amount of char present in the

nanocomposite residue contributes to the flame retardant effect, acting as a

binder of the clay layers to form a graphitic/clay protective layer. Char forma-

tion during polymer degradation is a complex process. It occurs in several steps,

which include conjugated double bond formation, cyclisation, aromatisation,

fusion of aromatic ring, turbostratic* char formation and graphitisation.37

Benson and Nogia38 proposed a mechanism to explain the complex oxidation

chain reactions of organic molecules considering the existence of two competing

mechanisms: in the first, at lower temperature, the oxidation involves free-

radical chain and the main products are hydroperoxides and oxygenated species.

In the second, at higher temperature, hydrogen abstraction becomes more likely

resulting in oxidative dehydrogenation. In normal combustion conditions the

first process prevails and the thermo-oxidation causes chain scission with

* A type of crystalline structure where the basal planes have slipped sideways relative to each other,
causing the spacing between planes to be greater than ideal. In a char turbostratic structure the carbon
atoms will be aligned in layers.
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subsequent volatilisation of the polymer. On the other hand, the second mech-

anism seems to prevail in the nanocomposite where an enhanced aromatisation

and a reduced rate of oxidation were observed,39 indicating a catalyst effect of

the clay in the char forming reaction. The role of catalysis in charring is

indirectly supported by the fact that charring is only effective in the nano-

composite. In the microcomposite, volatilisation prevails over charring because

this contact is weak and the clay layers collapse to form a powder.23,28 A

catalytic effect of the nanodispersed clay layers was found to be effective in

promoting the char forming reaction in PP,39 EVA,40 PE41 and PS42

nanocomposites.

The alkyl ammonium used to render the clay organophilic is known to

decompose with the Hofmann elimination or with an SN2 nucleophilic

substitution reaction at a temperature as low as 155ëC.43,44 As result a protonic

site is created on the clay surface (Reaction 10.1).

CH3

CH2ÐCH2ÐOH CH2ÐCH2ÐOH

MM�T N ÿÿÿ! MM�T H � H3CÐN � CH2==CHÐR

CH2ÐCH2ÐOH CH2ÐCH2ÐOH

CH2ÐCH2ÐR (10.1)

At the end of the thermal decomposition of the organic modifier the amount of

this site will correspond to the cationic exchange capacity of the mont-

morillonite and the clay can be considered an acid-activated clay that possesses

comparatively strong acid sites (Hammett acidity typically quoted in the range

ÿ8.2 < H0 < ÿ5.645).
Clays are also characterised by Lewis acidity that can arise at the layer edge

from partially coordinated metal atoms, such as Al3+, or along the siloxane

surface from isomorphic substitution of multivalent species, such as Fe2+ and

Fe3+, and crystallographic defect sites within the layer. These Lewis acid sites

can accept single electrons from donor molecules with low ionisation potential,

coordinate organic radicals, or abstract electrons from vinylic monomers.

Zanetti et al.39 suggested that the clay acts as a char promoter slowing down the

degradation and providing a transient protective barrier to the nanocomposite in

combination with the alumino-silica barrier which arises from the clay.

Another mechanism proposed by Zhu et al. is radical trapping by

paramagnetic iron within the clay.11 They observed that even when the clay

was as low as 0.1% by mass fraction, the peak heat release rate of the clay/

polystyrene nanocomposite was lowered by 40%, a value not much different

from that observed with higher amounts of clay.

Char forming mechanisms are thus complementary of the clay layer

accumulation mechanism proposed by Gilman. A schematic representation is

reported in Fig. 10.2. Heat transfer from an external source or from the flame

+ +
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10.2 Schematic representation of combustion mechanism and ablative
reassembly of a nanocomposite during cone calorimeter experiments.
Reprinted with permission from ref. [30]. Copyright ß (2005) American
Chemical Society.
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promotes thermal decomposition of the organoclay and thermal decomposition of

the polymer (steps 1 and 2, Fig. 10.2). This results in the creation of protonic

catalytic sites on the clay layers that reassemble on the surface of the burning

material (step 3). The polymer undergoes competition between oxidation and

chain scission to volatile partially oxidised fragments and catalysed dehydro-

genation and oxidative dehydrogenation (step 4). The resulting conjugated

polyene undergoes aromatisation, crosslinking and catalysed dehydrogenation to

form a charred surface layer (step 5), which combines and intercalates with the

reassembling silicate layers to provide the char-layered silicate residue (step 6).

A different approach based on the migration of clay platelets to the surface

driven by the lower surface free energy of the clay has been proposed by

Lewin.46 This hypothesis is based on the fact that the organic treatment of the

organoclay decomposes at temperatures lower than the pyrolysis and

combustion of the polymer lowering the surface free energy of the clay platelet

and driving to a decomposition of the nanocomposite structure. In these

conditions the clay platelets migrate to the surface, aided by convection forces,

arising from the temperature gradients, perhaps aided by the movement of gas

bubbles. Accumulation of clay (as measured by XPS) has been observed by

Wang et al.47 on the surface of PS/clay nanocomposites at temperatures close to

the decomposition temperature of the polymer. The bubbling of the

nanocomposites during the combustion has been considered by Kashiwagi et

al. as a disturbance element: the mechanism is described in terms of

transportation of clay particles pushed by numerous rising bubbles of

degradation products and the associated convection flow in the melt from the

interior of the sample toward the sample surface.48

The ideal structure of the protective surface layer (consisting of clay particles

and char) is net-like and has sufficient physical strength not to be broken or

disturbed by bubbling. The protective layer should remain intact over the entire

burning period. Bursting of the bubbles at the sample surface pushes the

accumulated clay particles outward from the bursting area to form `island-like'

floccules instead of forming a continuous net-like structure of a clay filled

protective layer decreasing the FR effect. The parameters influencing this

phenomenon are: the initial content of clay in the polymer, the char forming

characteristics of the polymer, the melt viscosity of the sample, and the aspect

ratio of the clay platelets.

As can be seen in Fig. 10.1 the nanocomposite showed a lower time to

ignition indicating an enhanced flammability in the very early stages of the

combustion test. This can be considered a `typical' behaviour since it has been

observed in almost all combustion experiments made in the cone calorimeter.

This phenomenon can be correlated with the thermal degradation of the

organoclay. In cone calorimeter experiments the ignition takes place when a

ignitable mixture of air and combustibles arising from thermal degradation of

the polymer occurs. In other words the time to ignition depends on the thermal
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stability of the polymer. As seen in Reaction (10.1) olefins are produced at a

relatively low temperature anticipating the formation of a combustible mixture.

The RHR of a whole organoclay was recorded by Zanetti et al.20 showing that

the peak of RHR occurred at the beginning of the experiment, at a time

comparable with the ignition time of the nanocomposite. In addition, these

olefins may be created during the melt compounding at temperatures near the

decomposition temperature of the organoclay and `stored' in the bulk of the

material during the quenching. On the other hand, Reaction (10.1) can affect the

thermal degradation of the polymer since olefin could combine with oxygen to

give peroxidic radicals that would broaden the polydispersity through typical

free radical processes.

This effect is very important during the preparation of the nanocomposite via

melt blending, as observed by Gilman et al. for a PS nanocomposite, where gel

permeation chromatography analysis of the samples, extruded without a nitrogen

flow in the extruder, showed some evidence of degradation in the form of lower

molecular weight.32

A catalyst effect of clay (not only the organoclay) on degradation of polymer

matrix has also been observed by Qin et al. for a PP/MMT nanocomposite. They

suggest that the addition of MMT can catalyse the initial decomposition of PP

under oxygen because of the complex crystallographic structure and the habit of

clay minerals that could result in some catalytically active sites, such as the

weakly acidic SiOH and strongly acidic bridging hydroxyl groups present at the

edges and acting as Bronsted acidic sites, un-exchangeable transition metal ions

in the galleries, and crystallographic defect sites within the layers.22

In any case the thermal stability of the alkylammonium plays an important

role in both thermal stability of the polymer and flame retardant effect. Many

efforts have been made to generate new organically modified clays that have

greater thermal stability than the common ammonium clay comprising: phos-

ponium clays,10 imidazolium clays,49,50 crown ether clays51 stibonium clays52

and tropylium substituted clays.53

10.4 Nanocomposites and conventional flame
retardants

For the past several years there was hope that the formation of a nanocomposite

alone would permit one to impart fire retardancy to a polymer in all combustion

conditions. Flame retardancy is achieved with nanocomposites alone, but not

enough for an ignition resistance test such as the limiting oxygen index (LOI)54

and the UL-94 vertical burning test (ANSI//ASTM D-635/77).

Cone calorimeter results show a reduction in the combustion rate of nano-

composites with respect to the polymer matrix, while in other tests, such as the

UL-94, a self extinguishing behaviour is required to pass the test. The UL-94 test

is, indeed, a qualitative pass/fail test performed on a plastic sample (125 �
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13mm, with various thicknesses up to 13mm) suspended vertically above a

cotton patch. The plastic is subjected to two 10 s flame exposures with a

calibrated flame in a unit which is free from the effects of external air currents.

After the first 10 s exposure, the flame is removed, and the time for the sample to

self-extinguish is recorded. Cotton ignition is noted if polymer dripping ensues;

dripping is permissible if no cotton ignites. Then the second ignition is

performed on the same sample, and the self-extinguishing time and dripping

characteristics recorded. If the plastic self-extinguishes in less than 10 s after

each ignition, with no dripping, it is classified as V-0. If it self-extinguishes in

less than 30 s after each ignition, with no dripping, it is classified as a V-1, and if

the cotton ignites then it is classified as V-2. If the sample does not self-

extinguish before burning completely it is classified as failed.

With the exception of a PA6 nanocomposite that achieved a V-0 rating,55 no

other nanocomposites showed a self-extinguishing behaviour and at least slower

burning times are observed for some of the samples. Nowadays it is unclear

which measured parameter in the cone calorimeter experiments controls

performance in the UL-94 test.

Recently, many researchers agreed that the approach to use with nano-

composites is to combine the nanocomposite with another flame retardant, such

that the nanocomposite provides the base reduction flammability, and the

secondary flame retardant provides the ignition resistance. This improves

flammability performance and enhances the physical properties. It has been

observed that the peak heat release rate of a PP nanocomposite (organoclay,

5wt.%) was reduced still further when antimony oxide (AO, 6wt.%) or

decabromodiphenyloxide (DB, 22wt.%) was present.20 When both additives

were present, a synergistic effect resulted, consisting in an increased time to

ignition and in a further reduction in the peak HRR, which did not occur under

identical testing conditions when antimony oxide and the brominated fire

retardant were added to the virgin polymer.

Recently Wang et al. adopted the same approach to reduce the ignitability

preparing flame retardant ABS nanocomposites (organoclay, 5wt.%) by melt

blending ABS, organophilic montmorillonite and conventional flame retardants

(DB, 15wt.% and AO, 3wt.%).56 Cone calorimeter experiments, UL-94 and

LOI tests showed that the nanocomposites were superior to those of conven-

tional flame retardant microcomposites. Improved effects were found between

organoclay and DB and AO. When both ABS±DB±AO/organoclay and ABS±

DB±AO achieved V-0 grade by UL-94 test, the peak HRR of ABS±DB±AO/

OMT was 33% lower than that of ABS±DB±AO.

The advantage of this approach is the possibility to reach a desirable flame

retardant effect with a lower amount of halogenated compound. Moreover, the

addition of metal oxides, such as AO, to halogenated fire retardants increases

their efficiency through the formation of antimony trihalide, a volatile product

that slows reactions in the flame, even though the oxide itself has no effect. In
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the case of nanocomposites a synergistic effect between the nanocomposites and

the AO in absence of DB has been observed. This effect is presumably

attributable to volatilisation of antimony trichloride formed by a reaction

between AO and sodium chloride, present as an impurity in the commercial clay

as a residue of clay exchange to intercalate the ammonium ion as in the

following reactions:20

6MMTÿ�H � 6NaCl � Sb2O3 ! 6MMTÿ�Na + SbCl3 + 3H2O (10.2)

This reaction may be catalysed by the proton sites formed during Hoffman

degradation on the reticular phyllosilicate layers dispersed in the matrix.

The reduced flammability of PLSNs allowed to obtain valuable UL-94 and

LOI results even in absence of halogenated compounds. Song et al.57 achieved a

V-0 degree in the UL-94 test, preparing halogen-free flame-retarded polyamide

6 nanocomposite (organoclay, 2wt.%) using magnesium hydroxide (MH,

6wt.%) and red phosphorus (RP, 5wt.%) as synergistic flame retardant. The

LOI increased from 21 of PA6 to 31 of PA6 nanocomposite. The synergy in

flame retardancy of PU nanocomposites was studied by Song et al.33 They

prepared via polymerisation route a polyurethane/organoclay nanocomposite

based on polyether, organoclay, phenylmethane diisocyanate, diglycol,

glycerine and melamine polyphosphate (MPP, 6wt.%) as synergistic flame

retardant. Cone calorimeter experiments and LOI tests showed that a synergistic

effect occurs as MPP and OMT are added to PU. OMT and MPP co-enhanced

the formation of carbonaceous char of PU at high temperature. The results

confirmed that there are synergistic effects among clay, MPP and PU which

retard the heat release rate, suppress the release of smoke and decrease the

toxicity of gas released in the combustion process of PU.

10.5 Conclusion and future trends

Cone calorimetry experiments showed that the reduced flammability of PLSN is

a general phenomenon of both thermoplastic and thermoset resins. There is no

data indicating a preferencial morphology: the peak HRR is reduced sig-

nificantly for intercalated, exfoliated and intercalated/exfoliated nanocomposites

with low silicate mass fraction. Different views of the mechanism at the basis of

the FR effect have been proposed. These proposals can be considered

complementary since all agree on an ablative phenomenon. Exposed to heat

the PLSN promotes the formation of a protective refractory shield composed of

char and clay, that slows down the flame feeding thermal decomposition. Char

formation is promoted catalytically by the clay and acts as a binder between the

clay platelets to form a continuous net-like structure. In the absence of enhanced

charring reaction (i.e the microcomposite), a continuous protective layer is not

formed depending on the poor amount of char unable to link together the clay

platelets that collapse to form an inconsistent powder.
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However, many issues are still not resolved. There is, unfortunately, no

theory as yet to explain the relationship between the reduction in peak HRR and

dispersion of the clay in the polymer. This depends on uncertainties about the

clay dispersion in the polymer matrix since the technique most used to

characterise the PLSNs morphology is the TEM that examines only a very small

portion of the polymer and one small sample will not necessarily be

representative of the whole. On the other hand, cone calorimeter experiments

are so sensitive that Wilkie proposed that the cone calorimetry must also be

considered as another method to examine the bulk sample and infer if good

dispersion has been achieved.14

PLSNs may be considered to be environmentally friendly alternatives to

some traditional flame retardants. For instance, relatively low concentrations of

clay are necessary compared with the amounts used for conventional FR in order

to achieve a similar level of flame retardancy. Moreover, PLSNs can be

processed with normal techniques used for polymers like extrusion, injection

moulding and casting. In spite of the encouraging results obtained at the cone

calorimeter and the environmentally friendly potential, PLSNs have been

difficult to impose on the market. The main reason is because they leak in

combustion tests such as LOI and UL-94. Nevertheless, this limitation can be

avoided combining PLSNs with a conventional FR such that the nanocomposite

provides the base reduction flammability, and the secondary flame retardant

provides the ignition resistance. In this manner it is possible to reach the flame

retardancy required by the market with a reduced amount of non-environ-

mentally friendly FR and improved mechanical properties. Studies concerning

the synergy between PLSNs and conventional FR are very few and many issues

are to be understood. Once resolved, nanocomposites may fulfil the requirement

for high-performance additive type flame retardant system.

The FR effect of nanocomposites is not limited to PLSNs. Carbon nanotubes

are another candidate as FR additives because of their high aspect ratio. This

was demonstrated by using carbon nanotubes in PP,58,59 PMMA60 and also

EVA.61
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11.1 Introduction

In this chapter we review the current literature associated with the barrier

properties of polymer/layer silicate nanocomposites, with a special focus on the

use of clay nanoparticles to affect permeability to gases and vapours.

The majority of papers on nanocomposites have been focused on the use of

smectite type clays as nanoparticles. They are a group of swelling clay minerals

including montmorillonite, nontronite, saponite, sauconite, and hectorite. Mostly

smectite clays have been studied because they are naturally occurring minerals

that are commercially available and exhibit platy morphology with high aspect

ratio and substantial cation exchange capacities. The platelet structure of these

aluminosilicate materials has proven its ability to improve the barrier properties

of polymeric materials, according to a tortuous path model in which a small

amount of platelet particles significantly reduces the diffusivity of gases through

the nanocomposite. The key for nanocomposite technology is exfoliation of the

clay into its individual platelets, thereby achieving the greatest barrier

improvement as well as the lowest haze. The advantage of this approach is

based on the use of conventional cheap polymers with barrier improvement

arising from dispersion of low levels of inexpensive clay minerals.

Several models for barrier properties have been proposed for predicting the

behaviour of polymer nanocomposites. This chapter examines in some detail the

existing literature on barrier properties of polymer nanocomposites, comparing

the results and trying to correlate the different experimental results, where

possible.

11.2 Background on polymer barrier properties

Polymer materials come into contact with solvents or low molecular weight

species in several applications such as packaging, polymer processing, drying of

polymer coatings, drug release, sensors, etc.1±5 Therefore there is a need to

understand gas and liquid transport through polymers. Although numerous

11
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studies are available in the literature about gas transport in polymers6±14 the

development of a suitable polymeric system for a given application is still, to a

large extent, empirical. The reason is related to the complex relations between

the structure of both the polymer and the permeant molecules. This issue

includes both local chemical structure and longer range order described as

morphology. In addition, temperature, solubility, pressure, polymorphism,

reactivity, orientation, filler content, and composition modify the transport

process.

Polymers usually have a wide spectrum of relaxation times associated with

the motion of the polymer segments. An increase of either temperature or con-

centration of the permeant in the polymer leads to a decrease of the relaxation

times, and thus to an enhanced motion of the polymer segments. The diffusion of

liquid and gases in polymers is associated with the finite rates at which the

polymer structure changes in response to the motion of the permeant molecules.

At temperatures below their glass transition temperature the polymers are in a

glassy state. In this state, a polymer is hard and may be brittle due to its

restricted chain mobility. Glassy polymers are very dense structures, with very

little internal void space. Hence, it is not surprising that penetrant diffusivities

and, as a consequence, permeability through such a structure are low.

In contrast, polymers in the rubbery state typically are tough and flexible,

with a larger amount of free volume in which diffusion may take place.9 In this

case, larger segments are thought to participate in the diffusion process due to

internal micro-motions of chain rotation and translation, as well as vibration.

The diffusion behaviour in a rubbery state is generally well described by

Fick's laws with constant or concentration-dependent diffusivity. The rate of

diffusion is much lower than the rate of relaxation and the polymer chains adjust

so quickly to the presence of the liquid that they do not cause diffusion

anomalies. The amount of liquid transferred at time t, Ct, as a fraction of the

total amount of liquid transferred at infinite time, Ceq, is very often expressed as

a function of time by the relationship (Equation 11.1):

Ct

Ceq

� ktn �11:1�

with n � 1
2
when the diffusion is Fickian.

In glassy polymers, diffusion is very rapid compared with the rate of the

relaxation process. The liquid advances with a constant velocity; this advancing

front marks the innermost limit of penetration of the liquid and it is the boundary

between a swollen gel and the glassy part free of liquid. This process is

characterized by n � 1 in Equation (11.1). Non-Fickian diffusion occurs when

the relaxation and diffusion rates are comparable. In this anomalous diffusion

the n exponent takes an intermediate value between 1
2
and 1.

Formally, when a gas or vapour permeates through a polymer film, the global

process involves three-steps:
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1. The gas is sorbed at the entering face and dissolves there, with equilibrium

rapidly being established between the two phases.

2. The dissolved penetrant molecules then diffuse through the polymer, via a

random walk hopping mechanism, equilibrating their concentration inside

the film.

3. On the low-concentration (low partial pressure) side of the film, the

molecules can desorb into the gas phase.12

After a certain period of time, which depends on the diffusion coefficient and on

the film thickness, a steady state of flux through the film is obtained and the

concentration profile remains constant in time. The mechanism of permeation,

then, involves both solution and diffusion.

A polymeric system is, thus, characterized by three transport coefficients,

which are the permeability, the solubility, and the diffusion coefficients. The

permeability coefficient, P, indicates the rate at which a permeant traverses

polymer film. The solubility coefficient, S, is a measure of the amount of

permeant sorbed by the polymer when equilibrated with a given pressure of gas

or vapour at a particular temperature. Finally, the diffusion coefficient, D,

indicates how fast a penetrant is transported through the polymer system. For

steady state permeation of simple gases into a homogeneous film, the

permeability coefficient, P, can be written as the product of diffusion coefficient

D and solubility S (Equation 11.2):

P � DS �11:2�
When specific interactions between penetrant and polymer become important,

such as when hydrogen bonding is involved, the relationship among diffusivity,

solubility and measured permeability is more complicated. In the presence of

swelling liquids or vapours, such as water in ethyl cellulose and many hydro-

carbons in olefinic polymers, diffusivity and solubility show concentration

dependence.11 The system can progressively lose its compactness and, as a

consequence, at higher concentrations the polymeric film can dissolve

completely in the vapour.

The solubility of a penetrant in a polymer matrix is described by the sorption

isotherm. It correlates, at a constant temperature, the amount of sorbed penetrant

to the pressure or to the activity of the phase outside the polymer (Fig. 11.1).

Depending on the nature of the polymer-penetrant system, sorption isotherms

may show considerable differences in shape.11 The micro-voids in a glassy

polymer can immobilize a portion of the penetrant molecules by entrapment or

by binding at high energy sites at their molecular peripheries (Langmuir type

isotherm). As a result, this system typically shows concave shaped sorption

isotherms (I in Fig. 11.1). On the contrary, for high penetrant concentration of

vapours in rubbery polymers, the sorption isotherm turns upwards into a convex

shaped curve (II in Fig. 11.1). This kind of isotherm can be explained by a
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preference for the formation of penetrant-penetrant pairs of entering molecules,

so the solubility coefficient continuously increases with the activity (Flory-

Huggins type isotherm).11

More generally, dual sorption mode (BET-mode), that is a combination of

two isotherm types, is observed in complex polymeric systems (III in Fig. 11.1).

At low activity, there is a preferential sorption of the solvent on specific sites,

while, at high activity, strong interactions with the penetrating molecules lead to

a high mobility of polymer chains, that can induce structural transformations, as

clustering of solvent molecules, crazing or partial dissolution.10,12

The concentration at the transition point, Cg, represents the concentration of

penetrant molecules at which the glass transition temperature of the polymer-

penetrant system is equal to the experimental temperature.

In both glassy and rubbery states, solubility and diffusivity can be further

modified by the presence of the crystalline phase, by molecular orientation and

by the presence of inorganic fillers. In semi-crystalline polymers, the chains are

aligned in crystalline regions, whereas they are randomly coiled in the amor-

phous regions connecting the crystalline phase. Generally, sorption only takes

place in the amorphous phase, not in the crystalline regions. Hence crystallites

act as local constraints fixing the chains in a three-dimensional network.

Therefore, by increasing the crystallinity, there is a decrease in sorption due to a

reduced amorphous volume and a decrease in diffusion due to a more tortuous

path for the diffusing molecules.12

Inorganic fillers are believed to increase the barrier properties by creating a

maze or `tortuous path' that retards the progress of the gas molecules through the

polymeric matrix. The direct benefit of the formation of such a path is clearly

observed in all the prepared nanocomposites by dramatically improved barrier

properties.15

There is also evidence that the nano-sized clay restricts the molecular

dynamics of the polymer chains surrounding the clay, thus retarding the relaxa-

tion of polymer chains. The retarded relaxation, in turn, reduces the diffusion of

small molecules through the nanocomposites.16 Osman and Atallah17 suggest

that plate-like particles strongly reduce the permeability coefficient of the

11.1 Theoretical sorption isothermmodel. I) Langmuir type isotherm; II) Flory-
Huggins type isotherm; III) Dual sorption (BET-mode) type isotherm.

276 Polymer nanocomposites



polymer and their effect depends on the aspect ratio, which in turn depends on

the degree of exfoliation. In contrast, spherical particles do not influence the gas

permeability of the polymer, irrespective of their diameter.

Yano et al.18 prepared polyimide-clay hybrid films with four different sizes

of clay minerals in order to investigate the effect of the aspect ratio on the

properties of the hybrids. Hectorite, saponite, montmorillonite and synthetic

mica were used as clay minerals. They found18 that, at constant clay content

(2wt.%), the relative permeability coefficient decreases on increasing the length

of the clay (Fig. 11.2).

11.3 Experimental methods

The transport characteristics are related to each other obeying Equation (11.2).

Often, two of these parameters are experimentally determined and the third one

can be evaluated from Equation (11.2). However, in most cases, concentration

and time dependence of the transport parameters cannot be neglected, requiring

independent experimental measurements of the three parameters.

Experimental methods employed in the determination of the transport

parameters can be divided into two basic types:

1. sorption experiments

2. permeation experiments.

In the sorption experiments, a polymeric sample is suspended to a quartz spring

balance, having a measured extension, in a vacuum chamber. A vapour or a gas

is then introduced and maintained at a constant pressure. The gas or vapour

dissolves and diffuses into the polymer and the weight gain is gravimetrically

measured. The analysis is focused on the initial part of the mass-gain curves,

11.2 Clay length dependence on relative permeability coefficient (reprinted
from ref. [18], Copyrightß 1997, with permission of JohnWiley & Sons, Inc.).
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which provides a value of the diffusivity parameter, and on the equilibrium

vapour uptake. From measurements realized at different activities, the

concentration of sorbed solvent as a function of the applied pressures can be

obtained.

In the permeation experiments, the two sides of the membrane, which are

initially under vacuum, are sealed off from one another. Then the gas is

introduced on the upstream side and kept at constant pressure pin. On the

downstream side the pout slowly rises as the total amount permeated through the

polymer into the calibrated volume changes in time.

An initially non-linear pressure increase in the transient state is followed by a

linear increase in the steady state when an equilibrium concentration profile in

the film is reached. From the slope of the steady state pressure increase it is

possible to calculate the permeability of a penetrant through a polymeric

sample.12 The time to reach the stationary flux conditions is called lag-time and

it allows us to determine the diffusivity of the system. Alternatively, in the

pressure decay methods, a polymer sample and a gas are closed in a constant

volume. The pressure decreases in time due to the sorption of the gas into the

polymer are monitored.13

Permeability is so low that, in sorption experiments, large pressure

differences and membranes of small thickness have to be employed. These

restraints do not apply to condensable vapours or highly permeant gas. In the last

case, relaxation processes in the polymer matrix cause changes in the transport

behaviour and make the permeability time-dependent. In contrast, only vapours

of sufficiently high solubility are suitable for the gravimetric measurements used

in the sorption experiments. Consequently, there are only few systems for which

both sorption and permeation results have been reported. Low et al.16 conducted

the two types of moisture transport experiments on a polyamide 6/clay nano-

composite. The authors found that the activation energy of moisture permeation

obtained from the sorption experiment is lower than that derived from the

permeation measurement. They concluded that the interaction and contribution

of the diffusion and solubility parameters show complex transport behaviour in

these nanocomposite films.

An elegant alternative method to measure sorption into polymers is the

Attenuated Total Reflectance Fourier Transform Infrared (ATR-FTIR)

method.19,20 It allows in situ acquisition of the kinetic data and at the same

time records the changes that occur in the polymer matrix due to the influence of

the diffusant. Effects such as swelling, changes in morphology and polymer

solvent interactions can all be simultaneously monitored. To calculate the

diffusion coefficients from ATR-FTIR data, the mass uptake equation used in

gravimetric diffusion experiments has to be modified to take into account the

convolution of the evanescent field with the diffusion profile.
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11.4 Permeation and diffusionmodels relevant to
polymer nanocomposites

As reported by several authors and as proved by our studies on the transport

behaviour, nanocomposites exhibit substantial improvements in gas and vapour

permeability. This phenomenon has traditionally been explained by a tortuous

path model where the high aspect ratio platelets acts as physical barrier for

diffusion of molecules.21

In his model Nielsen21 assumed that the filler particles are impermeable to

the permeant molecules, and are uniformly and completely dispersed in the

polymer. Moreover the plates are oriented parallel to the polymer film surface

and the filler has no effect on the mobility of the polymer chains. Figure 11.3

illustrates the general type of path that molecules must take to get through the

polymer. Based on simple geometrical considerations the following Equation

(11.3) can be derived:

Peff

P0

� 1ÿ �
�
� 1ÿ �

1� L

2t

� �
�

�11:3�

where Peff and P0 are the permeabilities of the filled and unfilled polymer, � is

the volume fraction of the filler, � the tortuosity factor, L and t are the length and

the thickness of the filler particles.

These assumptions maximize the distance that the diffusing molecules must

travel and thus define the maximum decrease in permeability that geometrically

can be expected for the addition of filler to a polymer. In the same article,

Nielsen21 developed a second model for predicting a change in permeability that

can be expected when the permeant is partially soluble in the polymer and when

the concentration of sorbed molecules at the filler-polymer interface is different

from the concentration in the polymer. He proposed that around each filler

particle there is an interfacial layer which shows properties different from the

bulk polymer saturated with sorbed molecules. In this case the total permeability

is divided into two parts (Equation 11.4):

11.3 Model for the path of a diffusing molecule through a polymer filled with
square plates.
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Peff, P0 and Pi are the permeabilities of liquid through the filled polymer, the

unfilled polymer and the interfacial region, �, �i, �P and �L are the volume

fraction of the filler, the liquid collected in the interfacial region, the dry

polymer and the liquid dissolved in the bulk polymer, respectively. � and �0 are
the tortuosity factor for the polymer bulk and the interfacial part, respectively;

they may or may not be equal. The constant n ranges between zero and one and

denotes the fractional length of the average diffusional path that crosses the

polymer. It depends upon particle shape and orientation as well as upon such

factors as aggregation of filler particles.

Despite the large success of the tortuosity model in the polymer nanocomposites

literature, no one has adopted this second model. It is probably due to the numerous

numerical parameters that are not obtainable experimentally. The original idea,

however, is so interesting that very recently Beall22±24 proposed a new model

essentially based on the same considerations. This model employs the concept of a

constrained polymer region around the nano-particles. The constrained polymer

region characteristics are dependent upon a number of factors involving both the

type of nano-particle and the characteristics of the polymer. Beall defines three

regions around the clay plates.23 The first is near the surface of the clay and it is

occupied by the surface modifier utilized to compatibilize the clay with the

polymer. This region can be easily measured with x-ray diffraction of the organo-

clays. The second region is a constrained polymer region. This region is less

defined and it is determined by a number of variables including the type of bonding

between the surface modifier and the polymer, the strength of interaction between

polymer molecules, and the extent of nucleation imparted by the clay. The third

region is the unconstrained polymer that is not directly affected by the clay. The

model can explain some experimental results not predicted by the simple tortuous

path model, such as the value of the relative permeabilities depending on the type

of permeant and/or on the clay surface modification.

One of the principal assumptions of the Nielsen model is that the plates are

oriented parallel to the polymer surface. In literature some results where the

plates are randomly oriented along the film thickness are reported.25 In order to

overcome this problem, Bharadwaj26 proposed an extension of the Nielsen

model able to describe the effects of the sheet orientation on the relative

permeability. The new study addressed both of these issues by modifying a

simple model developed to describe permeability in filled polymers on the basis

of tortuosity arguments. The tortuosity factor is modified to include the

orientational order, and the relative permeability is given by Equation (11.5):

Peff
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1� 2

3

L
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where the order parameter (S) represents a conventional Hermans orientation

factor defined by relation (11.6):

S � 1

2
h3 cos2�ÿ 1i �11:6�

where � represents the angle between the direction of preferred orientation (n)

and the sheet normal vectors, the angular bracket indicate the average value over

all the system.

This geometrical approach may reduce the deviations between experimental

data and model predictions but it cannot resolve the main limitation of the

tortuous path theory. This model is based on the assumption that the presence of

nano-particles does not affect the diffusivity of a polymer matrix.

Diffusion in heterogeneous media with dispersed impermeable domains had

been described in several publications. Maxwell27 solved the problem of a sus-

pension of spheres in a continuum and obtained an expression for the effective

diffusion coefficient of the composite medium. Cussler et al.28 solved the

problem of a suspension of impermeable flakes oriented perpendicular to the

diffusion and obtained the following relation (11.7) for the effective diffusion

coefficient:

Deff

D0

� 1� �2�2

1ÿ �
� �ÿ1

�11:7�

where � is the loading, � is the particles aspect ratio, Deff and D0 are the

diffusion coefficient with and without flakes, respectively.

In order to take into account the resistance to diffusion in the slits between

adjacent flakes in the same horizontal plane, Aris29 proposed the following

model (Equation 11.8):
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where � is the slit shape (the ratio between slit width (�) and slit thickness (t),

see Fig. 11.3).

The result for flakes given in Equations (11.7) and (11.8) has experimental

support, especially for barrier membranes used in packaging.28,30,31 It also has

some analytical support as the result of Monte Carlo simulations.32,33 In the

latter case,33 Monte Carlo simulations were run in two and in three dimensions

to determine the effective diffusion coefficients for typical polymer-clay

systems. A comparison of simulation results with the predictions using Equation

(11.8) shows that the model of Aris over predicts the effective diffusion

coefficient, especially if compared to the 3D simulations.33

Very recently, Sorrentino et al.34 proposed a model that predicts effective

diffusivity in heterogeneous systems with dispersed impermeable domains of

variable orientation and distribution. In addition to the sinuous pathways
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formation, the model takes into account the formation of an interface region

between the polymer bulk and the clay sheets that can influence the barrier

properties of the composite. The relative diffusivity can be expressed by the

following relationship (11.9):

Deff

D0

� �1ÿ ���

�1ÿ �� � � 1� L� 2t

L sin �� 2t cos �

� �2
" # �11:9�

where � represents the orientation angle and � represents the ratio between the

interface diffusivity and the bulk polymer diffusivity.34 Due to the difficulty in

the interface diffusivity measurements, � can be used as fitting parameter.

Drozdov et al.35 developed a constitutive equation for moisture diffusion

through an intercalated nanocomposite made with vinyl ester resin matrix and

montmorillonite clay filler. Observations in diffusion tests showed that water

transport in the neat resin is Fickian, whereas it becomes anomalous (non-

Fickian) with increasing clay content. This transition is attributed to

immobilization of penetrant molecules on the surfaces of the hydrophilic clay

layers. Observations in uniaxial tensile tests demonstrate that the response of

vinyl ester resin is strongly elasto-plastic, whereas an increase in the clay

content results in a severe decrease of plastic strains observed as a noticeable

reduction in the curvatures of the stress-strain diagrams.35 This is explained by

the slowing down of the molecular mobility in the host matrix driven by the

confinement of chains in galleries between platelets. Adjustable parameters in

these relations are found by fitting the experimental data. Fair agreement is

demonstrated between the observations and the results of numerical simulation.

The moisture uptake by the host matrix increases on increasing the clay content.

With reference to the free-volume concept, this observation is explained by the

clustering of water molecules in the close vicinity of stacks of platelets, where

diffusivity dramatically falls down.35

11.5 Polymer nanocomposites diffusivity

Nanocomposites based on isotactic and syndiotactic polypropylene (iPP and

sPP) and synthetic fluorohectorite modified octadecyl ammmonium ions (OLS)

obtained by melt blending, were studied.36,37 Maleic-anhydride-grafted isotactic

polypropylene (iPP-g-MA) was used as compatibilizer in both cases. The

composition of the inorganic material varied between 2.5 and 20wt.%. The

transport properties were measured for dichloromethane and n-pentane. The zero

concentration diffusion parameter strongly decreased with increasing OLS

content. However, for higher vapour activities, dichloromethane is able to com-

pletely plasticize the polymer, and this leads to a high mobility of the polymer

chains that determines a transition in the diffusion-concentration curve, thus
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leading to very similar diffusion coefficients for different samples. Practically,

the system loses its compactness and diffusion becomes less dependent or even

independent of concentration.36,37

A systematic study was realized on Poly(�-caprolactone) (PCL) nano-

composites: the influence of different percentages of montmorillonite (MMT),

of MMT intercalation degree and of different organic modifiers of MMT on the

diffusion coefficient of water and dichloromethane were analyzed.38,39

In the case of water vapour transport, the micro-composites as well as the

intercalated nanocomposites show diffusion parameters very near to PCL, while

the exfoliated nanocomposites strongly deviate showing much lower values,

even at low montmorillonite content (Fig. 11.4). This is an indication that in the

former cases the water molecules on specific sites are not immobilized but can

jump from one site to another. Only in the case of the exfoliated samples, the

inorganic platelets, dispersed in a disordered distribution, can constitute a barrier

to the path of the hydrophilic molecules.

For the organic solvent (dichloromethane) also the intercalated samples show

lower values of the diffusion parameters confirming that it is not the content of

clay alone but the type and size of dispersion of the inorganic component in the

polymer phase that is important for improving the barrier properties of the

samples (Fig. 11.5).

Particularly interesting are the results on the MMT dispersion degree in the

polymeric matrix. In the case of dichloromethane, for samples with 3wt.% of

MMT it was shown that the diffusion parameter decreases going from micro-

composites (values very similar to pure PCL) to exfoliated nanocomposites;

intermediate values of diffusion were measured for the intercalated nano-

composites. In the case of water, both micro-composites and intercalated nano-

11.4 log D0 (D0 in cm2/s) to water vapour, as function of clay content for the
microcomposite (M), the exfoliated nanocomposites (E) and the 3wt.%
intercalated nanocomposites (I) (reprinted from ref. [38], Copyright ß 2003,
with permission of Elsevier Science Ltd).
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composites show diffusion parameters very near to PCL. At variance exfoliated

nanocomposites show much lower values, even for small montmorillonite

content.38

Poly(�-caprolactone) chains grafted onto montmorillonite modified by a

mixture of non functional ammonium salts and ammonium-bearing hydroxyl

groups were studied in order to understand the influence of different polymer

chain-grafting density on the diffusion coefficient. The clay content was fixed to

3 wt.%, whereas the hydroxyl functionality was 25, 50, 75, and 100%, obtaining

intercalated or exfoliated systems.39 In the case of water vapour, the diffusion

parameters decreased when the hydroxyl content increased, up to the 100%

sample, which showed zero diffusion. As the increase in polymer chain-grafting

density induces a better exfoliation of the clays, a more tortuous pathway was

created, limiting the diffusion of permeant water molecules. Moreover, a com-

bination of exfoliation and PCL crystallization lead to the formation of an even

more closed structure that further limited water diffusion by formation of a

hybrid three-dimensional labyrinth. The diffusion parameters of dichloro-

methane also exhibited a decreasing value on increasing the hydroxyl content in

the nanocomposites. In this case, however, the zero diffusion coefficients of the

samples were very similar, with the only exception of the 100% sample which

showed the lowest diffusion to dichloromethane vapours.39

The moisture diffusion in Polyamide 6/clay nanocomposites, containing 2wt.%

of clay, has been studied by Low et al.16 The Authors found that the diffusion

coefficient shows an U-shape dependence, while the solubility coefficient

monotonically decreases as the relative humidity (RH) increases. The maximum

value of the diffusion coefficient was attributed to the onset of water clustering in

the polyamide, whereas the decrease of the diffusion coefficient was attributed to

11.5 log D0 (D0 in cm2/s) to dichloromethane vapour, as function of clay
content for the microcomposite (M), the exfoliated nanocomposites (E) and
the 3wt.% intercalated nanocomposites (I) (reprinted from ref. [38], Copyright
ß 2003, with permission of Elsevier Science Ltd).
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the presence of water clusters. As the cluster molecules become larger in size, their

diffusion through the polymer is slower, resulting in a lower diffusion coefficient.

The dependence of the diffusion coefficient on the relative humidity for the

polyamide 6/clay nanocomposite shows a sharp decrease between 30% and 50%

RH if compared to that of polyamide 6. This may indicate that the presence of clay

interfered with the water clustering in the polyamide matrix. Also Murase et al.40

found from the evaluation of the Zimm-Lundberg cluster function that the

clustering tendency of water sorbed into the nylon-6 matrix was reduced by

polymer hybridization with the silicate compounds.

Shah et al.41 studied the moisture diffusion behaviour through vinyl ester

samples containing up to 5wt.% of organically treated montmorillonite. Two

different kinds of treated clay were used: a commercial montmorillonite treated

with benzyl (hydrogenated tallow alkyl) dimethyl quaternary ammonium

chloride, Cloisite 10AÕ, and a vinyl monomer clay (VMC) prepared by treating

a montmorillonite with vinyl benzyl trimethyl ammonium. TEM pictures

showed that the two different surface treatments resulted in different dispersion

characteristics. The diffusivity of moisture was measured by soaking the

samples in 25ëC water and measuring the increase of weight with increasing

time of immersion. It was found that water diffusivity was reduced to half its

value in the neat resin when the clay content was only 1wt.% regardless of the

nature of clay surface treatment. Although the diffusion coefficient rapidly and

progressively reduces, there are diminishing returns, and a plateau appears to be

reached at about 5wt.% organoclay. Since Cloisite 10AÕ platelets are better

separated and distributed than VMC platelets, it was expected that former

nanocomposites would show a larger decrease in the moisture diffusion coeffi-

cient as compared to VMC nanocomposites. Shah et al.41 theorize that the

mobility of polymer chains for the two systems is quite different. In the case of

the VMC nanocomposite samples, the clay platelets are not exfoliated but the

movement of the polymer chains is more restricted than in the case of Cloisite

10AÕ samples because of the reactive nature of the clay surface. This leads to

longer relaxation times and a slower rearrangement of polymer chains in the

former case, resulting in comparable diffusion coefficients in the two cases.

The barrier properties of biodegradable melt-mixed polyesteramide/octa-

decylamine treated montmorillonite clay have been studied by Krook et al.42

Density measurements indicated that shear-induced voids were formed in the

nanocomposite, and these were, according to transmission electron microscopy,

almost exclusively located between the clay sheets. The presence of voids

limited the improvement in barrier properties with increasing filler content. The

voids were the major reason for the low efficiency of the nano-fillers in blocking

diffusion of the penetrant molecules.

Krook et al. associated the subsequent improvement of the barrier properties

achieved by compression moulding the sample, to the combined effect of the

increase in crystallinity as well as the small decrease in void content.
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11.6 Polymer nanocomposites sorption

The transport properties of blends of a commercial high molecular weight poly(�-

caprolactone) with different amounts of a montmorillonite-poly(�-caprolactone)

nanocomposite containing 30wt.% clay were studied by Gorrasi et al.43 Water

and dichloromethane were used for the sorption and diffusion analysis in the

range of vapour activity between 0.2 and 0.8. Gorrasi et al.43 observed that at

each activity of water vapour, the sorption of the modified montmorillonite is

much higher than that of PCL, indicating the higher hydrophilicity of clay with

respect to the pure PCL polymer. The equilibrium concentration of water vapour

increases on increasing the montmorillonite content in the composites. The type

of sorption curve changes too, showing a dual sorption mode for all the blends.

However, the sorption value at very low value of clay content (2%) is equal to

that of pure PCL, indicating that at this concentration clay does not appreciably

affect the sorption. For dichloromethane, the very strong interaction between

solvent and PCL induces a plasticizing effect of the vapour, with a strong

mobilization of the polymeric matrix. However, especially at high concentration

of clay content, a significant reduction in sorption coefficient (evaluated as the

slope of the curve at low concentration) was recorded.43

Low et al.16 carried out a series of moisture sorption experiments on poly-

amide 6/clay nanocomposite film. The moisture absorption of the nano-

composites showed a maximum followed by a reduced sorption. The sorption

maximum is believed to be caused by various factors, such as restricted chain

relaxation in the presence of clay and moisture-induced crystallization.

Andrade et al.44 investigated the transport properties and the solvent induced-

crystallization phenomena in poly(ethylene terephthalate) (PET) and PET clay

nanocomposites, prepared by melt intercalation. Results of non-isothermal

crystallization showed that cold crystallization temperature, and percent of

crystallinity of nanocomposites are higher than those of pure PET. The sorption

of all the solvents is accompanied by a large-scale structural rearrangement,

leading to the induced crystallization of the original amorphous state. The

solvent induced crystallization caused an increasing of more than four times the

percent of crystallinity.

Burnside and Giannelis45 presented the relationship between nanostructure

and properties in polysiloxane layered silicate nanocomposites. It was found that

the nanocomposites show a significant decrease in swelling, even for very low

filler loading (1 vol.%), compared to conventional composites, though inter-

calated nanocomposites and immiscible hybrids exhibited more conventional

behaviour. Burnside and Giannelis suggest that strongly interacting fillers

reduce swelling, while non-reinforcing fillers result in solvent uptake which may

exceed that of the unfilled polymer. This behaviour has been attributed to the

formation of `bonds' in close proximity to the filler which is either physically or

chemically sorbed and therefore restricts swelling.
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Bohning et al.46 prepared nanocomposites from solution using poly

(bisphenol-A carbonate) as matrix polymer and the SiC nano-particles as filler.

Gas sorption was measured gravimetrically using an electronic high pressure

microbalance placed in a temperature controlled air-bath. Pressure dependent

permeation experiments revealed a significant tendency to plasticization of the

pure PC film in the region above 10 bar. Corresponding diffusion coefficients

also strongly increase above 10 bar. At variance the nanocomposite film

containing 5wt.% SiC does not exhibit this plasticization behaviour. Similarly,

Chen et al.47 found that by blending a poly(methyl methacrylate), prepared via

bulk polymerization of methyl methacrylate monomer in the presence of

montmorillonite intercalated with an ammonium salt of octadecylamine, with

plasticized poly(vinyl chloride), the resulting composite exhibited excellent

barrier property in preventing the plasticizer migration from the inner matrix to

the surface of the product.

The structural characteristics and moisture sorption properties of two kinds of

nylon-6/clay hybrids were investigated by Murase et al.40 The moisture sorption

isotherms of the hybrid samples were a typical sigmoid shape similar to that of

the pure nylon-6 sample, even if the extent of moisture regain of the hybrid films

was comparatively low. All the isotherms obtained were explained through

quantitative analysis in terms of the BET multilayer adsorption theory and

complementally with the aid of the FloryHuggins solution theory.40

11.7 Polymer nanocomposites permeability

Several studies were realized on the gas barrier in different polyimide/clay

nanocomposites.18,48±53 Chang et al.48±50 prepared poly(amic acid)/organoclay

hybrids by the solution intercalation method with organophilic montmoril-

lonites. A polyimide hybrid was obtained from poly(amic acid) hybrid by heat

treatment at various temperatures. The permeability of the hybrid films

decreased when the organoclay content increased, and it was not dependent

on the gas. With the addition of only 2wt.% clay loading, the permeability

decreased of one order of magnitude and then reached a constant low value

regardless of clay loading up to 6wt.% in the case of the O2. Dodecylamine

(C12) and hexadecylamine (C16) were used as aliphatic alkylamines in organo-

clays.50 As can be seen in Figs 11.6 and 11.7, C16-organoclay is more effective

than C12-organoclay in increasing the gas barrier in a polyimide matrix. In the

case of water vapour, the relative permeability rates of C12- and C16-organoclay

are monotonically decreased with increasing clay loading from 2 to 8wt.%.

Similar to the O2 permeability, the gas barrier effect of C16-organoclay was also

better than that of C12-organoclay in permeability to water vapour.

The best fit of the Nielsen model (Equation 11.3) to the experimental data for

O2 and water gave apparent particle aspect ratios of 46 and 130, respectively.

Chang et al. suggest that the clay retains a crystallographic regular layer

Barrier properties of polymer/clay nanocomposites 287



stacking order with a monolayer of polymer intercalated between the layers. The

retention of the crystallographic order is in part a consequence of the unique

intercalation mechanism, wherein the onium ions are displaced from the

galleries and the polyamic acid becomes encapsulated upon removal of the

solvent.

In Figs 11.6 and 11.7 the relative water vapour permeability and the relative

oxygen permeability, respectively, of different polyimide/clay nanocomposites

were reported as functions of organoclay content. It is evident from the

experimental data distribution how different organoclay, as well as different

preparation methods can produce dissimilar behaviour in the final properties.

Regarding water vapour, more flexibility in the bone or the presence of ±OH

groups reduces the relative permeability, while an opposite trend is observed in

the case of oxygen vapour. Permeability of heterogeneous media containing

impermeable anisotropic domains is strongly influenced by domain orientation

relative to the diffusion direction, as well as by their concentration and

interactions with polymer bulk. The development of interface regions between

polymer bulk and clay sheets can influence the barrier properties of the com-

posite. The presence of these regions around the single slabs can be

11.6 Water vapour permeability of polyimide nanocomposites as a function of
clay content. (A) Polyimide/dodecylamine-clay nanocomposites (from Chang
et al.50); (B) Polyimide/hexadecylamine-clay nanocomposites (from Chang et
al.50); (C) Polyimide (BATB±ODPA)±clay nanocomposite (from Yeh et al.52);
(D) Non-coplanar soluble polyimide (NSPI)±clay nanocomposite (from Yu et
al.53); (E) Polyimide/hexadecylamine-clay nanocomposites (from Chang et
al.49).
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occasionally responsible for a diffusional enhancement, as observed in some

experiments.22±24

A variety of polyurethanes have been investigated as the continuous polymer

phase in nanocomposites with dispersed clay.54±57 Tortora et al.54 prepared

nanocomposites of polyurethane and organically modified montmorillonite

covering a wide range of inorganic composition, up to 40wt.%. Sorption and

diffusion were measured for water vapour and dichloromethane. For both

vapours the sorption did not drastically change on increasing the clay content. At

variance the zero-concentration diffusion parameter strongly decreased on

increasing the inorganic content. The permeability, calculated as the product of

the sorption and the zero-concentration diffusion coefficient (D0) showed a

remarkable decrease up to 20% of clay and a levelling off at higher contents.

Therefore permeability was largely dominated by the diffusion parameter.

Adhesive nanocomposites of polyurethane and montmorillonite modified

with different organic residues have been synthesized and their permeability to

oxygen and water vapour has been measured by Osman et al.56 The oxygen

transmission rate asymptotically decayed with increasing aluminosilicate

volume fraction and a 30% reduction was achieved at 3 vol.%, when the clay

11.7 Permeability to oxygen as a function of the organoclay content in the
polyimide nanocomposite. (A) Polyimide±dodecylamine±clay nano-
composites (from Khayankarn et al.51); (B) Polyimide (BATB±ODPA)±clay
nanocomposite (from Yeh et al.52); (C) Polyimide/dodecylamine±clay
nanocomposites (from Chang et al.50); (D) Polyimide/hexadecylamine±clay
nanocomposites (from Chang et al.50).

Barrier properties of polymer/clay nanocomposites 289



was coated with bis(2-hydroxyethyl) hydrogenated tallow ammonium or alkyl-

benzyl-dimethyl-ammonium ions. In contrast, coating the clay surface with

dimethyl di-hydrogenated tallow ammonium ions led to an increase in the gas

transmission rate with increasing the inorganic fraction. This was attributed to a

probable change in morphology resulting from phase separation at the interface

between the apolar pure hydrocarbon clay coating and the relatively polar PU.

This led to a decrease in density of the organic material (higher free volume) at

the interface around the platelets and consequently to an increase in the

permeation rate through the composite. The water vapour permeation through

the PU nanocomposites was more strongly reduced than oxygen and a 50%

reduction was observed at 3 vol.% silicate fraction. This might be due to the

difference in size of the mobile units as well as to interactions of the water

molecules with the matrix. Differences in the hydrophobicity of the clay coating

influenced the water transmission rate.

The influence of the inclusion size, shape, and surface treatment on the gas

permeability of polyethylene in its micro- and nanocomposites has been

investigated in various papers.17,58,59 Kato et al.58 report the N2 permeability of

nanocomposites based on polyethylene (PE) melt compounded with maleic

anhydride grafted polyethylene (MA-g-PE) and octadecylamine (C18-MMT)

modified montmorillonite. The gas permeability coefficient for all the prepared

samples are reported in Fig. 11.8. Interestingly, polyethylene, maleic anhydride

grafted polyethylene, a 70/30 blend of PE/MA-g-PE and a blend of PE/MA-g-

PE/MMT have almost the same permeability coefficient. Only the composites

obtained by mixing the polymeric matrices with the modified montmorillonite

show for PE/MA-g-PE/C18-MMT (PECH1) a decrement of 30% in permeability

and for MA-g-PE/C18-MMT (PECH3) a decrement of 35%. The differences in

the gas barrier property were attributed to the different dispersion of the clay

silicate layers in the matrix.

In another paper, Mehrabzadeh et al.59 measured the oxygen and toluene

permeabilities of the exfoliated HDPE/modified clay with dimethyl-dihydro-

genated tallow-quaternary ammonium nanocomposites. It was found that by

addition of 5wt.% clay the oxygen and toluene permeability was reduced by

61.5% and 48% respectively.

In several papers the PLA-organically modified layered silicate nano-

composites were studied.60±62 All the nanocomposites exhibited dramatic

improvement in many properties as compared to those of neat PLA. These

improvements include the rate of crystallization, the mechanical and flexural

properties, the heat distortion temperature, and the O2 gas permeability, with a

simultaneous improvement in biodegradability of neat PLA.60,61

Nitrile rubber (NBR)-clay nanocomposites were prepared by different

methods.63±65 The NBR-clay nanocomposites exhibited excellent gas barrier

properties. Compared to gum NBR vulcanizate, the oxygen index of the NBR-

clay nanocomposites slightly increased.63,64
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The effect of clay concentration on the oxygen permeability of a modified

poly(vinyl-alcohol) was studied by many authors,66±68 it was found that sodium

montmorillonite led to an improvement in the prevention of the water-soluble

property.

Biodegradable thermoplastic starch (TPS)/clay nanocomposites were

prepared through melt intercalation method.69,70 Different kinds of clays,

modified and one unmodified montmorillonite, were chosen in the nano-

composite preparation. Park et al.69,70 found that the dispersion of the clays in

the TPS matrix depends on both the hydrophilicity of the clays and the polar

interaction between the silicate layers and TPS. The strong interaction between

TPS unmodified clay leads to higher tensile properties and lower water vapour

transmission rate than the pristine TPS.

11.8 Conclusions and future trends

In the previous pages, several examples of new barrier materials based on

nanocomposites of polymers and layered silicates have been presented. The

11.8 N2 Permeability of the polyethylene-clay hybrids. PE: Polyethylene; MA-
g-PE: Maleic anhydride grafted polyethylene; PE1: 70% Polyethylene/30%
Maleic anhydride grafted polyethylene; PECH1: 67%Polyethylene/28%Maleic
anhydride grafted polyethylene/5% C18-MMT; PECH2: 68% Polyethylene/
29% Maleic anhydride grafted polyethylene/3% C18-MMT; PECH3: 95%
Maleic anhydride grafted polyethylene/5% C18-MMT; PECC: 67%
Polyethylene/28%Maleic anhydride grafted polyethylene/5%MMT(data from
Kato et al.58).
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investigations have shown that, generally, polymers filled with impermeable

nanoparticles have a lower permeability than the corresponding virgin polymers.

However, although the diffusion and the solubility are equally important for the

overall mass transport, in the nanocomposites they can have very different

influence ± even opposite ± on the permeability.

The improvement of the barrier properties for the hybrids is maximally due to

the decreasing of the diffusion coefficient that, in the low vapour pressure range,

is significantly reduced compared to that of the unfilled polymers.

With respect to the clay particles, dispersion, polymer nanocomposites show

extremely complex morphologies. As a consequence, detailed morphological

studies results are difficult to obtain by means of electron microscopy and X-ray

diffraction alone. The transport properties characterization can be quite

successful in elucidating structural aspects at a level which may be insensitive

to the other techniques.

Micro-composites as well as intercalated nanocomposites generally have

diffusion parameters very near to the pure polymers, while exfoliated

nanocomposites show much lower values, even at low silicate content.

The uniform nano-filler distribution, combined with the presence of the

continuous silicate phase, formed during the preparation of hybrids, represents

the key to advance structural materials with simultaneous improvement of several

important physical properties, such as mechanical, thermal and barrier properties.

Although a significant amount of work has already been conducted on several

aspects of polymer nanocomposites, much research still remains in order to

understand the complex processing-structure-properties relationships in polymer

nanocomposites.

A better explanation of the mechanism that controls the transport properties

of these materials and how it can be modified by suitable thermal, mechanical or

chemical treatments may make possible the development of materials with

permeation properties more advantageous for a given application.

Furthermore, biodegradable polymer-based nanocomposites appear to have a

very bright future for a wide range of applications as high-performance

biodegradable materials.

In conclusion, due to the unique combination of their key properties and

potentially low production costs, polymer nanocomposites have opened new

technological dimensions in the development of efficient and low cost barrier

materials.

11.9 References

1. Paul D R and Yampol'skii Y P, Polymeric gas separation membranes, Boca Raton,

CRC Press, 1994.

2. Piringer O G and Baner A L, Plastic Packaging Materials for Food, Weinheim,

Germany, Wiley-VCH, 2000.

292 Polymer nanocomposites



3. Friedman M and Walsh G, `High performance films: review of new materials and

trends', Polym. Eng. Sci., 2002 42(8) 1756±88.

4. Lange J and Wyser Y, `Recent innovations in barrier technologies for plastic

packaging ± a review', Packag. Technol. Sci., 2003 16 149±58.

5. Vergnaud J M, Drying of Polymeric and Solid Materials, Berlin, Springer Verlang,

1992.

6. Fujita H, `Diffusion in Polymer-Diluent Systems', Advance in Polym. Sci., 1961 3

1±47.

7. Frisch H L and Rogers C E, `Transport in Polymers', J. Polym. Sci.: Part C, 1966 12

297±315.

8. Crank J, The Mathematics of Diffusion, 2nd edn, Oxford Science Publications, 1975.

9. Frisch H L, `Sorption and transport in glassy polymers ± a review', Polym. Eng. Sci.,

1980 20(1) 2±13.

10. Comyn J, Polymer Permeability, London, Elsevier Applied Science, 1985.

11. Van Krevelen D W, Properties of Polymers, 3rd edn, New York, Elsevier, 1990.

12. Vieth W R, Diffusion In and Through Polymers: Principles and Applications, New

York, Hanser, 1991.

13. Neogi P, Diffusion in Polymers, New York, Marcel Dekker Inc., 1996.

14. Cussler E L, Diffusion: Mass Transfer in Fluid Systems, New York, Cambridge

University Press, 1997.

15. Ray S S and Okamoto M, `Polymer/layered silicate nanocomposites: a review from

preparation to processing', Prog. Polym. Sci., 2003 28 1539±641.

16. Low H, Liu T, Loh W, `Moisture sorption and permeation in polyamide 6/clay

nanocomposite films', Polym. Int., 2004 53 1973±8.

17. Osman M A and Atallah A, `High-density polyethylene micro- and nanocomposites:

effect of particle shape, size and surface treatment on polymer crystallinity and gas

permeability', Macromol. Rapid Commun., 2004 25 1540±4.

18. Yano K, Usuki A, Okada A, `Synthesis and properties of polyimide-clay hybrid

films', J. Polym. Sci., Part A: Polymer Chemistry, 1997 35(11) 2289±94.

19. Doppers L-M, Breen C, Sammon C, `Diffusion of water and acetone into poly(vinyl

alcohol)-clay nanocomposites using ATR-FTIR', Vibrational Spectroscopy, 2004 35

27±32.

20. Sloan J M and Hsieh A, `Diffusion studies in polymerized poly (methyl

methacrylate) nanocomposites by FT-IR', Annual Technical Conference, Society

of Plastics Engineers, 2001 59(3), 3540±3.

21. Nielsen L E, `Models for the permeability of filled polymers', J. Macromol. Sci.

(Chem.), 1967 A1(5) 929±42.

22. Beall G W and Kamena K, `A new family of intercalated clays for clay/polymer

nanocomposites', Annual Technical Conference, Society of Plastics Engineers, 1999

57(3) 3973±4.

23. Beall G W, `A new model for interpreting nanocomposite behavior', Annual

Technical Conference, Society of Plastics Engineers, 2001 59 2195±202.

24. Beall G W, `Molecular Modeling Of Nanocomposite Systems', Annual Technical

Conference, Society of Plastics Engineers, 1999 57(2) 2398±401.

25. Osman M A, Mittal V, Lusti H R, `The aspect ratio and gas permeation in polymer-

layered silicate nanocomposites', Macromol. Rapid Commun., 2004 25 1145±9.

26. Bharadwaj R K, `Modeling the Barrier Properties of Polymer-Layered Silicate

Nanocomposites', Macromolecules, 2001 34 9189±92.

Barrier properties of polymer/clay nanocomposites 293



27. Maxwell J C, Electricity and Magnetism, 3rd edn, vol. 1, New York, Dover, 1891.

28. Cussler E L, Hughes S E, Ward W J, Aris R, `Barrier membranes', J. Membrane

Sci., 1988 38 161±74.

29. Aris R, `On a problem in hindered diffusion', Arch. Ration. Mech. Anal., 1986 95(2)

83±91.

30. Kamal M R and Jinnah I A, `Permeability of oxygen and water vapor through

polyethylene/polyamide films', Polym. Eng. Sci., 1984 24(17) 1337±47.

31. Perry D, Ward W J, Cussler E L, `Unsteady diffusion in barrier membranes', J.

Membrane Sci., 1989 44 305±11.

32. Falla W R, Mulski M, Cussler E L, `Estimating diffusion through flake-filled

membranes', J. Membrane Sci., 1996 119 129±38.

33. Swannack C, Cox C, Hirt D, Liakos A, `A 3D simulation study of barrier properties

of nanocomposite films', Annual Technical Conference, Society of Plastics

Engineers, 2003 61(l±2) 2100±4.

34. Sorrentino A, Tortora M, Vittoria V, `Diffusion Behaviour in Polymer-Clay

Nanocomposites', J. Polym. Sci.: Part B: Polymer Physics, 2006, 44(2) 265±274.

35. Drozdov A D, Christiansen J C, Gupta R K, Shah A P, `Model for anomalous

moisture diffusion through a polymer±clay nanocomposite', J. Polym. Sci.: Part B:

Polymer Physics, 2003 41 476±92.

36. Gorrasi G, Tammaro L, Tortora M, Vittoria V, Kaempfer D, Reichert P, Mulhaupt

R., `Transport properties of organic vapors in nanocomposites of isotactic

polypropylene', J. Polym. Sci.: Part B: Polymer Physics, 2003 41 1798±805.

37. Gorrasi G, Tortora M, Vittoria V, Kaempfer D, Mulhaupt R, `Transport properties of

organic vapors in nanocomposites of organophilic layered silicate and syndiotactic

polypropylene', Polymer 2003 44 3679±85.

38. Gorrasi G, Tortora M, Vittoria V, Pollet E, Lepoittevin B, Alexandre M, Dubois P,

`Vapor barrier properties of polycaprolactone montmorillonite nanocomposites:

effect of clay dispersion', Polymer 2003 44 2271±79.

39. Gorrasi G, Tortora M, Vittoria V, Pollet E, Alexandre M, Dubois P, `Physical

properties of poly(�-caprolactone) layered silicate nanocomposites prepared by

controlled grafting polymerization', J. Polym. Sci.: Part B: Polymer Physics, 2004

42 1466±75.

40. Murase S, Inoue A, Miyashita Y, Kimura N, Nishio Y, `Structural characteristics and

moisture sorption behavior of nylon-6/clay hybrid films', J. Polym. Sci.: Part B:

Polymer Physics, 2002 40 479±87.

41. Shah A P, Gupta R K, Gangarao H V S, Powell C E, `Moisture diffusion through

vinyl ester nanocomposites made with montmorillonite clay', Polym. Eng. Sci., 2002

42(9) 1852±63.

42. Krook M, Albertsson A C, Gedde U W, Hedenqvist M S, `Barrier and mechanical

properties of montmorillonite/polyesteramide nanocomposites', Polym. Eng. Sci.,

2002 42(6) 1238±46.

43. Gorrasi G, Tortora,M, Vittoria V, Galli G, Chiellini E, `Transport and mechanical

properties of blends of poly(�-caprolactone) and a modified montmorillonite-poly(�-
caprolactone) nanocomposite', J. Polym. Sci.: Part B: Polymer Physics, 2002 40

1118±24.

44. Andrade M L Q, Manrich S, Pessan L A, `Transport properties and solvent induced-

crystallization in PET and PET-clay nanocomposite films', J. Metastable Nanocryst.

Mater., 2004 22 51±6.

294 Polymer nanocomposites



45. Burnside S D, Giannelis E P, `Nanostructure and properties of polysiloxane-layered

silicate nanocomposites', J. Polym. Sci.: Part B: Polymer Physics, 2000 38 1595±604.

46. Bohning M, Goering H, Hao N, Mach R, Oleszak F, Schonhals A, `Molecular

mobility and gas transport properties of polycarbonate-based nanocomposites', Rev.

Adv. Mater. Sci., 2003 5 155±9.

47. Chen G, Yao K, Zhao J, `Montmorillonite clay/poly(methyl methacrylate) hybrid

resin and its barrier property to the plasticizer within poly(vinyl chloride)

composite', J. Appl. Polym. Sci., 1999 73 425±30.

48. Chang J-H and Park K M, `Polyimide nanocomposites: comparison of their

properties with precursor polymer nanocomposites', Polym. Eng. Sci., 2001 41(12)

2226±30.

49. Chang J-H, Park D-K, Ihn K J, `Polyimide nanocomposite with a hexadecylamine

clay: synthesis and characterization', J. Appl. Polym. Sci., 2002 84 2294±301.

50. Chang J-H, Park K M, Cho D, Yang H S, Ihn K J, `Preparation and characterization

of polyimide nanocomposites with different organo-montmorillonites', Polym. Eng.

Sci., 2001 41(9) 1514±20.

51. Khayankarn O, Magaraphan R, Schwank J W, `Adhesion and permeability of

polyimide±clay nanocomposite films for protective coatings', J. Appl. Polym. Sci.,

2003 89 2875±2881.

52. Yeh J-M, Chen C-L, Kuo T-H, Su W-F, Huang H-Y, Liaw D-J, Lu H-Y, Liu C-F, Yu

Y-H, `Preparation and properties of (BATBODPA) polyimide±clay nanocomposite

materials', J. Appl. Polym. Sci., 2004 92 1072±9.

53. Yu Y-H, Yeh J-M, Liou S-J, Chen C-L, Liaw D-J, Lu H-Y, `Preparation and

properties of polyimide±clay nanocomposite materials for anticorrosion application',

J. Appl. Polym. Sci., 2004 92 3573±82.

54. Tortora M, Gorrasi G, Vittoria V, Galli G, Ritrovati S, Chiellini E, `Structural

characterization and transport properties of organically modified montmorillonite/

polyurethane nanocomposites', Polymer 2002 43 6147±57.

55. Chang J-H, An Y U, `Nanocomposites of polyurethane with various organoclays:

thermomechanical properties, morphology, and gas permeability', J. Polym. Sci.:

Part B: Polymer Physics, 2002 40 670±7.

56. Osman M A, Mittal V, Morbidelli M, Suter U W, `Polyurethane adhesive

nanocomposites as gas permeation barrier', Macromolecules, 2003 36 9851±8.

57. Xu R, Manias E, Snyder A J, Runt J, `New biomedical poly(urethane urea)-layered

silicate nanocomposites', Macromolecules, 2001 34 337±9 .

58. Kato M, Okamoto H, Hasegawa N, Tsukigase A, Usuki A, `Preparation and

properties of polyethylene±clay hybrids', Polym. Eng. Sci., 2003 43(6) 1312±6.

59. Mehrabzadeh M, Kamal M R, Mollet V, `Synthesis and characterization of high

density polyethylene clay nanocomposites', Annual Technical Conference, Society

of Plastics Engineers, 2003 61(2) 2260±4.

60. Ray S S, Yamada K, Okamoto M, Ogami A, Ueda K, `New polylactide/layered

silicate nanocomposites. 3. High-performance biodegradable materials', Chem.

Mater., 2003 15 1456±65.

61. Ray S S, Yamada K, Okamoto M, Ueda K, `Polylactide-layered silicate

nanocomposite: a novel biodegradable material', Nano Letters, 2002 2(10) 1093±6.

62. Chang J-H, An Y U, Sur G S, `Poly(lactic acid) nanocomposites with various

organoclays. I. Thermomechanical properties, morphology, and gas permeability', J.

Polym. Sci.: Polymer Physics, 2003 41 94±103.

Barrier properties of polymer/clay nanocomposites 295



63. Wu Y-P, Jia Q-X , Yu D-S, Zhang L-Q, `Structure and properties of nitrile rubber

(NBR)±clay nanocomposites by co-coagulating NBR latex and clay aqueous

suspension', J. Appl. Polym. Sci., 2003 89 3855±8.

64. Nah C, Ryu H J, Kim W D, Choi S-S, `Barrier property of clay/acrylonitrile

butadiene copolymer nanocomposite', Polym. Adv. Tecknol., 2002 13 649±52.

65. Kim J, Oh T, Lee D, `Curing and barrier properties of NBR/organo-clay

nanocomposites', Polym Int, 2004 53 406±11.

66. Grunlan J C, Grigorian A, Hamilton C B, Mehrabi A R, `Effect of clay concentration

on the oxygen permeability and optical properties of a modified poly(vinyl alcohol)',

J. Appl. Polym. Sci., 2004 93 1102±9.

67. Strawhecker K E and Manias E, `Structure and properties of poly(vinyl alcohol)/Na+

montmorillonite nanocomposites', Chem. Mater., 2000 12 2943±9.

68. Yeh J-M, Yu M-Y, Liou S-J, `Dehydration of water-alcohol mixtures by vapor

permeation through PVA/clay nanocomposite membrane', J. Appl. Polym. Sci., 2003

89 3632±8.

69. Park H-M, Li X, Jin C-Z, Park C-Y, Cho W-J, Ha C-S, `Preparation and properties

of biodegradable thermoplastic starch/clay hybrids', Macromol. Mater. Eng., 2002,

287 553±8.

70. Park H-M, Lee W-K, Park C-Y, Cho W-J, Ha C-S, `Environmentally friendly

polymer hybrids. Part I Mechanical, thermal, and barrier properties of thermoplastic

starch/clay nanocomposites', J. Mater. Sci., 2003, 38 909±15.

296 Polymer nanocomposites



12.1 Introduction

Since the early days of the rubber industry, fillers in the form of fine

particulates have been used in rubber compounding. Particulate fillers are

usually divided into two groups, inert fillers and reinforcing fillers. Inert fillers

are added to the rubber to increase the bulk and reduce costs. In contrast,

reinforcing fillers such as carbon black and silica are incorporated in the rubber

to enhance the mechanical properties, to change the electrical conductivity, to

improve the barrier properties or to increase the resistance to fire and

ignition.1,2 However, a minimum of 20 wt.% of the filler content is usually

needed for a significant property enhancement. This high loading of fillers may

reduce the processability of the rubber compounds and cause the end products

to weigh significantly more than the neat rubber, and thus limit their application

in some industries. The expansion of the polymer industry and the continuous

demand for new, low-cost composites with improved properties and lower

particle content are some of the many new and exciting challenges for this

industry.3,4

Nanocomposites based on layered silicates offer the possibility for new

paradigms of material properties. Although clay nanocomposites have been

prepared and tested for many thermoplastic and thermosetting polymers, much

less attention has been given to the rubber-clay nanocomposites.5±11 Rubbery

polymers with their low modulus stand to gain much in terms of modulus and

strength from the addition of nanoparticles. In addition, the effect of clay

addition on rubber tear properties, fracture toughness and abrasion properties is

only starting to become known.

12.2 Overview of rubbers (elastomers)

The term elastomer is used to describe vulcanized polymeric materials, whose

glass transition is sub-ambient and, amongst other properties, has the ability to

12
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be extensively deformed and on release of stress, return to its original length.12

The common characteristics of elastomers are their elasticity, flexibility, and

toughness. Beyond these common characteristics, each elastomer has its own

unique properties, often requiring additives to achieve the appropriate behaviors.

It is customary when discussing the formulation of rubber compounds to classify

the additives by the function they serve. Rubber compounding ingredients can

be categorized as: vulcanizing or crosslinking agents, processing aids, fillers,

antidegradants, plasticizers and other specialty additives.1,13

The rubbers in the marketplace are of two main types: crosslinking systems

and thermoplastic elastomers. Most of the commonly-used rubbers are

polymeric materials with long chains, which are chemically crosslinked during

the curing process. This type of elastomer cannot be reshaped, softened, melted

nor reprocessed by subsequent reheating, once formed.13,14 Thermoplastic

elastomers, on the other hand, are rubbers which act at room temperature in a

manner similar to crosslinked materials but are copolymers, with one phase

being rubbery and the other crystallizable. However, it is crosslinked elastomers

which will be the subject of this review. These elastomers are generally

hydrocarbon-based polymers consisting of carbon and hydrogen atoms,

although some are polar and may contain other moieties. They include

styrene-butadiene rubber, butyl rubber, polybutadiene rubber, ethylene

propylene rubber and polyisoprene-rubber, both natural and synthetic. Such

rubbers are classified as general-purpose rubbers because of their use in high

volume rubber products such as tyres, belting, seals and hoses.13,15 Key aspects

of the structure and properties of the range of common elastomers available are

given below, prior to a discussion of work done to date in their nanocomposite

manifestations.

12.2.1 Natural rubber (NR)

Natural rubber is a linear polymer with repeat units being isoprene (C5H8), its

sub-ambient glass transition temperature is about ÿ70ëC and its specific

gravity is 0.93 at 20ëC. It crystallizes when stretched or stored at temperatures

below 20ëC due to its regularity of structure. Temperature and type (grade) of

natural rubber are factors which influence this rate of crystallization.15 NR

contains small amounts of fatty acids and proteinaceous residues, which act to

promote sulfur curing, the main route used in industry to vulcanize (cure)

natural rubber.16 Peroxide-cured, natural rubber vulcanizates are found to

have lower strength properties than those obtained by sulphur curing, but

have other good properties such as lower compression set, lower creep, and

excellent resistance to aging with suitable antioxidant incorporation.17

Important commercial applications of NR are in the production of tyres,

bumpers, and in thin-walled, high strength products such as balloons and

surgical gloves.16
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12.2.2 Synthetic polyisoprene (IR)

Synthetic polyisoprene is produced anionically and by Ziegler-Natta

polymerization. Whilst natural rubber has up to a 95% cis-1,4 microstructure,

synthetic polyisoprene may be as much as 98% stereoregular. Even though the

difference in stereoregularity is small, IR is substantially more crystallizable. IR

compounds have a lower modulus and higher elongation to failure than

similarly-formulated NR compounds due to less strain-induced crystallization at

high rates of deformation.13,15 The most important commercial application of IR

is in the preparation of chlorinated and isomerized rubbers for the surface

coatings industry.1 Synthetic polyisoprene rubber is often used in the same

applications as natural rubber,16 behaving during the mixing and processing

stages like natural rubber due to their chemical similarity.18

12.2.3 Styrene-butadiene rubber (SBR)

Styrene-butadiene rubber is the most-widely used synthetic rubber in the

elastomer industry, with the largest volume production. It is a copolymer of

styrene (C6H5CH=CH2) and butadiene (CH2=CH±CH=CH2), typically contain-

ing about 23% styrene and 77% butadiene. SBR can be produced by emulsion

and solution polymerization, but almost 85±90% of the world production of SBR

is prepared by emulsion polymerization.15 Most SBR compound formulations

use a reasonable amount of reinforcing filler, carbon black being the commonest

improving both tensile and tear properties.1,15 Conventional accelerated sulphur

systems are the usual package used to crosslink SBR. Being an intrinsically

slower curing material compared to natural rubber, SBR usually incorporates

accelerators in its compounding formulations.1

The tyre industry consumes almost 70% of the total SBR production, since

SBR has suitable properties of very good abrasion resistance, ageing resistance

and low temperature properties.1

12.2.4 Butyl rubber (IIR)

Butyl rubber is a copolymer of isobutylene with a small amount of isoprene

(2±3% by weight), which represent sites that allow crosslinking. IIR has

unusually low resilience for an elastomer with such a low Tg of about ÿ70ëC.
Since butyl rubber is largely a saturated elastomer with no double bonds, it has

excellent resistance to ozone, oxygen, chemicals and heat. Another

outstanding feature of this rubber is its low gas permeability and is thus

widely used in inner tubes and tyre liners.13,15 Other butyl rubber industrial

applications are in cable insulations and jacketing, roof membranes and

pharmaceutical stoppers.16
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12.2.5 Polybutadiene (BR)

Polybutadiene is the homopolymer of butadiene (C4H6) and is widely used in

blends with other rubbers and is a difficult material to process on its own.15 The

largest portion of the global polybutadiene production is made by solution

polymerization.15,16 Some of the good properties of polybutadiene are: heat

ageing resistance, abrasion resistance, ozone resistance, and their ability to

accommodate large quantities of fillers and oil whilst retaining good rubbery

properties.1 Poor tack, poor road grip of tyre treads, and poor tear and tensile

strength as compared those of natural and styrene-butadiene rubber are the

limitations of polybutadiene.1

The tyre industry has been attracted by these outstanding properties and BR is

often used in blends with SBR in the manufacture of car tyres, and with natural

rubber in manufacturing truck tyres. It is the third most important and consumed

(by volume) elastomer in the tyre industry after SBR and NR.1

12.2.6 Ethylene-propylene rubber (EPM, EPDM)

Ethylene propylene copolymers (EPM) are made by Ziegler-Natta and

metallocene polymerization and are the commercial rubbers with the lowest

density. EPM cannot be vulcanized and thus is not reactive to peroxide curing.

To introduce an unsaturated site suitable for crosslinking, a non-conjugated

diene termonomer such as ethylidene norbornene, 1,4 hexaadiene or dicyclo-

pentadiene, is employed to produce the rubber known as EPDM. Ethylene

propylene diene rubber has small number of double bonds, external to the

backbone, introduced in this way. In EPDM, the `E' stands for ethylene, the `P'

for propylene, the `D' for diene and the `M' indicates that the rubber has

saturated chain of the polymethylene type.13,15,16,19,20 The main desirable

properties of EPM and EPDM are:16

· aging and ozone resistance of EPM and EPDM compounds is excellent

· EPM and EPDM compounds have a low temperature flexibility compared

with that of natural rubber compounds

· high and excellent level or resistance to chemicals

· excellent electrical insulation properties

· the heat resistance of EPM and EPDM compounds is much better than that of

SBR and NBR compounds.

The applications of EPDM and EPM include roofing, sealing, gaskets, hoses,

cable insulations and jacketing, and in other goods that require heat and weather

resistance.13,15,16,19,20
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12.2.7 Silicone rubbers

Silicone rubbers are unlike the previously discussed elastomers which have

carbon-carbon backbones, but rather contain the very flexible siloxane

backbone. Silicone rubbers (polyorganosiloxanes) consist of repeat ÐSiÐOÐ

units, with the organic side groups attached to the silicon atoms. Despite the

high price of silicone rubbers, they are very important elastomers, with many

industrial applications as a result of their good thermal stability, excellent

resistance to ozone, oxygen, and sunlight, good electrical insulation properties,

and show reliable and consistent properties over a wide temperature range.1

Despite silicone rubbers having excellent characteristics, they have some

limitations such as the low tensile strength, high gas permeability, poor

resistance to hydrocarbon oil and solvent, and a fairly high price.1 It is important

in nearly all silicone rubber applications to incorporate reinforcing fillers

because of their very low tensile strength. On account of their excellent

properties, silicone rubbers are used in many applications such as shaft sealing,

spark plug caps, O-rings, embossing rollers and gaskets, cables, corona-resistant

insulating tubing, keyboards and contact mats, window and door profile seals.1

12.2.8 Nitrile rubber (NBR)

The importance of NBR (a polar rubber) is due to its excellent resistance to non-

polar or weakly polar materials (solvents) such as hydrocarbon oils, fuels, and

greases. Nitrile rubber, which is a copolymer of butadiene and acrylonitrile, is

prepared by an emulsion polymerization process.1,15,16

Acrylonitrile content varies in nitrile rubber grades from 20 to 50% by

weight, most NBR properties are greatly affected by the acrylonitrile content.

With increasing acrylonitrile content, the oil resistance increases, heat resistance

improves, cure rate increases, and processability becomes easier.15 It is very

important to incorporate reinforcing fillers during the nitrile rubber com-

pounding process to obtain compounds with a reasonable level of tensile

strength, tear strength, and abrasion resistance, since NBR lacks self-reinforcing

properties. Cure of nitrile rubber is usually achieved by an accelerated sulphur

curing system, however peroxide curing may be used in particular instances.

Sulphur has a lower solubility level in nitrile rubber than natural rubber, which

inhibits a totally uniform distribution in NBR matrix, leading to over and under-

cured regions.15 Nitrile rubber has advantage over may type of elastomers as a

result of its general vulcanizate properties:1,16 excellent resistance to hydro-

carbon materials (oil, fuels, and greases), very good heat resistance (with the air

absence) very low level of gas permeability, high electrical conductivity,

moderate tensile strength, tear strength, and ozone resistance, and low

temperature flexibility.

Rubber-clay nanocomposites 301



12.3 Fillers predominantly used in the rubber industry

Fillers have been used in the formulation of rubber compounds since the early

days of the rubber industry. Whilst their primary function is to reduce cost, it has

been found that fillers have a reinforcing effect in the rubber mechanical

properties such as tensile strength, modulus, tear resistance and abrasion

resistance and thus very few rubber compounds are prepared without substantial

quantities of filler.1,21,22 The performance of filler in the rubber matrix is

governed by its characteristics, such as the particle size and concentration,

particle shape, surface activity, degree of interactions with rubber matrix and

structure of the particle agglomerates.1,23

Increasing the area of contact between rubber matrix and filler particles

seems to be the most important factor in providing a strong reinforcement effect.

The interfacial contact area between rubber matrix and filler is controlled by the

size of filler particles and filler volume fraction.22 The degree of bonding

between rubber matrix and filler particles is a key factor in determining the

degree of an elastomer reinforcement.22,24 Carbon black is the most widely used

and most effective conventional reinforcing filler in the rubber industry because

it gives excellent properties to general-purpose elastomers.25 However, for

colored rubber compounds, non-black fillers are needed, and silicon dioxide

(silica) is the most effective reinforcing filler in this category due to its high

specific surface area.26 Since rubber compounds are largely reinforced by

carbon back and silica, these two conventional fillers will first be overviewed

before discussing layered silicate nanocomposites.

12.3.1 Carbon black

Carbon black (CB) is the most extensively used reinforcing filler in rubber

compounds, since the discovery of colloidal carbon black reinforcing qualities in

1904.27,28 Carbon black is composed of carbon particles solidly fused together

by covalent bonds, thus forming aggregates which cannot be broken into smaller

sizes during the normal material processing conditions. Another feature of the

aggregates is that the bonding between them is weak and they do not retain their

integrity during materials processing.29 Carbon black particle diameters are less

than 20 nm in some of furnace CB grads and up to few hundred nanometers in

the thermal CB, whilst the carbon black aggregate dimensions fall in the range

of 100 nm to a few micrometers.30 Carbon black surfaces contain a number of

functional groups such as carbon-oxygen, carbon-hydrogen surface groups,

carbon-nitrogen moieties, and carbon-halogen surface compounds, and the most

important groups between them are the carbon-oxygen surface groups.29

The incorporation of CB with high surface area in an elastomer results in a high

level of reinforcement and higher tensile strength, tear strength, and abrasion

resistance, but also results in a compound with high hysteresis, high cost, and one
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which is more difficult to mix and process.17,31 The dramatic improvement in

properties such as tensile strength, modulus, tear strength, and abrasion resistance

when carbon black is added to elastomers has motivated much research into the

mechanisms of such a reinforcement.21 There are likely both chemical and

physical interactions between carbon back and the rubber matrix, resulting in

property improvement, but the understanding of the nature of carbon black

reinforcement is still growing.21 Creating an interfacial contact area between a

rigid solid phase (CB) and a soft rigid phase (rubber) is a result of carbon black

incorporation in an elastomer matrix, and results in chemical or physical

adsorption of rubber molecules onto carbon black surface.29 The consequence of

this adsorption is the formation of `bound rubber' on the surface of carbon black.29

Bound rubber is the portion of elastomer which can not be separated from the filler

surface when the rubber mix is extracted by a good solvent for the rubber such as

toluene, over a specific period of time at room temperature.29,32 The formation of

bound rubber structures, are believed to enhance the mechanical and physical

properties of the carbon black-filled rubber compounds.25

12.3.2 Silica

Synthetic silicon dioxide (silica) can be produced either by precipitation or by a

pyrogenic (thermal) process.1,24 According to the method of production, syn-

thetic silicon dioxide can be classified into two groups: precipitated and

pyrogenic (fumed) silica.1,24 Precipitated silicas have been used extensively in

many rubber applications, much more than fumed silica.24 In the rubber

industry, the use of fumed silicas is limited due to expense, mainly being used as

reinforcing fillers for silicon rubbers.1,16,24 Non-black fillers such as silica are

chosen over CB for one or more of the following reasons:21,26±28,33,34

· the end products have to be white, translucent or light colored

· lower cost clay, ground limestone, and silica are cheaper than carbon black

· certain unique properties arise when silica is used, such as reduced rolling

resistance in rubber.

Silica is thus the most important filler that competes with carbon black in the

area of rubber reinforcement technology.21,33 However, in the early stages of

silica usage, their uses as reinforcing filler instead of carbon black were limited

due to a number of problems:34

· silica-filled compounds have higher viscosities

· they are more difficult to mix and process

· there is a concomitant increase in vulcanization time

· silica-filled compounds often show lower crosslinking density.

The silanol groups, which are on the surface of silica, show strong filler-filler

interactions and cause the adsorption of the polar materials such as the curatives
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on the surface. Such an adsorption of the curatives on the surface results in a

reduction in the crosslinking density and delays in the scorch time of the silica

filled rubber compounds.35

For these reasons, the use of silica as a reinforcing filler in the rubber

compounds was hampered until the discovery of silane coupling agents.27,34

Silane agents are able to react with the silanol groups on surface of silica and

form stable bonds between the filler and silane. Silanes also often contain a

second functional group, which permit the formation of covalent bonds with the

polymer.27,34,36 As well as filler/rubber coupling, silane coupling agents are used

in the silica-filled rubber compounds to improve silica dispersion in the rubber

matrix, reduce agglomerate size and prevent curative adsorption on their

surface.35

12.4 Rubber crosslinking systems

The versatile properties of rubbers result from their low glass transition tem-

peratures (Tg) and the ability to manipulate (increase) this by various types of

crosslinking or vulcanization (also known as curing).37 Sulphur and peroxide,

respectively, are the most widely-used crosslinking agents.12,38

12.4.1 Sulphur vulcanization

Vulcanization is a very complex reaction and involves activators for the

breakage of the sulphur ring (S8) and accelerators for the formation of sulphur

intermediates, which facilitate sulphur-to-double bond crosslinking. Elastomer

vulcanization by sulphur without any accelerators takes several hours and is of

no commercial importance. By using accelerators in the sulphur curing system,

the optimum curing time can be decreased to as little as 2±5 min.

In general, the most widely used technique in curing various industrial

applications is the accelerated sulphur curing method, since it provides better

physical properties, provides a considerable fast crosslinking rate and it has the

capability to provide the delayed actions needed for processing, shaping, and

forming before the formation of the rubber vulcanized network.39 According to

the level of sulphur and the ratio of accelerator to sulphur, sulphur vulcanization

systems are classified as conventional, semi-efficient (semi-EV), and efficient

(EV).37

12.4.2 Peroxide curing

The production of free radicals is the driving force for peroxide crosslinking.

Radicals are atoms or molecular fragments with unpaired electrons. These radicals

cause an unstable situation and react to allow the electron to pair with another.

Rubber peroxide crosslinking reaction consists of three basic steps as follows.40
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A. Homolytic cleavage

When peroxide is heated to a sufficient temperature, the oxygen±oxygen bond

ruptures. The resultant molecular fragments from these ruptures are called

radicals, which are highly energetic, reactive species.40

ROOR0 ÿ! RO* + *OR0

B. Hydrogen abstraction

Radicals that have been formed from the peroxide decomposing are reactive

toward hydrogen atoms in chains. Hydrogen abstraction is a process where the

radical removes a hydrogen atom from another nearby atom, and is a very

important step in the peroxide curing reaction, as it is the mechanism by which

radicals are transferred from peroxide molecular fragments to the rubber

backbone.40

RO* + P-H ÿ! ROH + P*

C. Radical coupling (formation of crosslinking)

Elastomer radicals are highly reactive species and when two of these radicals

come in contact, the unpaired electrons will couple and form a covalent bond or

crosslink between the elastomer chains.40

P*+ P* ÿ! P-P (crosslink)

The complexity of the peroxide curing system arises from a range of possible

side reactions such as �-cleavage of the oxy radical, addition reaction, polymer

scission, radical transfer, dehydrohalogenation, oxygenation, and acid catalyzed

decomposition of the peroxide.40

Rubber composites are usually a complex mixture of many additives

(curatives, oils, fillers, antidegradants and coagents) and each of these additives

is added to impart a specific benefit to the final rubber compound. The

incorporated additives can also affect the peroxide crosslinking reaction because

of the ability of the radicals to react with many of the functional groups of these

additives.40

12.5 Types of rubber-clay nanocomposite

Rubber-clay nanocomposites have attracted, in recent years, the attention and

interest of many industrial and academic researchers, since they often exhibit at

low loading levels of clay outstanding properties compared with unfilled rubber

compounds or conventional filled composites. Research on the rubber-clay

nanocomposites has focused mainly on four well-known rubbery materials,
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natural rubber (NR), ethylene propylene diene rubber (EPDM), styrene-

butadiene rubber (SBR), and nitrile rubber (NBR). However, some other reports

of work on other types of elastomers such as silicon rubber, polybutadiene

rubber, and ethylene propylene rubber also exist.

12.5.1 Rubber-clay nanocomposite preparation methods

In general, rubber-clay nanocomposite preparation methods can be divided into

four major groups according to the processing techniques:2,41,42

· in-situ polymerization

· intercalation of rubber via solution blending

· direct melt intercalation method

· intercalation of rubber via latex compounding.

In-situ polymerization

In this method, layered silicate is swollen within the monomer solution (or liquid

monomer) so the formation of rubber can occur between and around the inter-

calated layers. The polymerization can be initiated either by the incorporating of

curing agent or initiator or by increasing the temperature if it is sufficiently

reactive.2,41,42

Intercalation via solution

This method uses a solvent system in which the rubber is soluble and the layered

silicate is swellable. The organically modified layered silicate is first swollen

and comes apart in the solvent. The rubber is then dissolved in solvent and added

to the solution. Upon solvent removal, the clay layers reassemble around the

polymer, resulting in rubber-clay nanocomposite.2,41±43

Direct melt intercalation method

This is the most promising method and it has great advantages over both

previously mentioned methods being both compatible with current industrial

processes and environmentally benign, due to the absence of solvents. In this

method rubber and modified layered silicate mixture are blended in the molten

state under shear. The rubber chains reptate from the molten mass into the silicate

galleries to form either intercalated or delaminated nanocomposites.2,41,42

Intercalation of rubber via latex compounding

Latex compounding is also a promising method in preparing rubber-clay nano-

composites. The latex compounding technique starts with dispersing layered
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silicates in water that acts as a swelling agent owing to hydration of the

intergallery cations. Rubber latex is then added and mixed for a period of time,

with the dispersion of layered silicate in water followed by coagulation.42,44

12.5.2 Types of rubber-clay nanocomposite structure

The incorporation of a few weight percent of modified layered silicates which

are properly dispersed in the rubber matrix can result in very high surface areas

for rubber-clay interactions, as compared to the conventional rubber-filler

composites. According to the strength of the interfacial interactions between

rubber matrix and layered silicate four type of rubber-clay composites can be

produced:2,41,42

· Conventional composites: in the conventional rubber composite, layered

silicate acts as conventional, micron-sized fillers such as carbon black

clusters or other inorganic fillers.

· Intercalated nanocomposite: intercalated nanocomposites are formed by the

insertion of a rubber chains between the unaltered silicate layers, maintaining

their regular alternation of galleries and laminas.

· Exfoliated nanocomposite: in exfoliated nanocomposites the individual layers

of the nanoclay are totally delaminated and dispersed in the rubber matrix.

The ordered structure of layered silicate is lost and the average distances

between the exfoliated layers depend on clay loading.

· Intermediate nanocomposites: rubber-clay nanocomposites which are

partially intercalated and partially exfoliated, are an intermediate (and often

observed) type of nanocomposite.

12.5.3 Natural rubber-clay nanocomposites

Rubber nanocomposites based on natural rubber (NR) with organic-modified

layered silicate reinforcement have mainly been prepared on a two-roll mill, via

a vulcanization curing process.45±48 LoÂpez-Manchado et al.46 made NR nano-

composites with unmodified clay and with an organoclay (organic modified

layered clay), the loading content of clays being 10 phr. Another natural rubber

composite containing the octadecylamine in the absence of clay and organoclay

was also prepared to determine the effect of the pristine octadecylamine on the

crosslinking density of natural rubber.46 The untreated clay (Na+±bentonite)

presented a diffraction peak at 2� � 7ë (d-spacing � 12.6AÊ ) and the organoclay

had a peak at 2� � 5ë (d-spacing � 17.6AÊ ). Figure 12.1(a) shows the XRD

spectra of NR-clay composite, NR-organoclay nanocomposite before curing,

and NR-organoclay nanocomposite after curing.46

It can be seen from Fig. 12.1 (a and b) that the incorporation of clay in natural

rubber compounding results in the formation of a conventional rubber
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composite, with the interlayer gallery spacing remaining that of the untreated

clay. The peak that corresponded to the organoclay interlayer spacing dis-

appeared in the case of NR/organoclay nanocomposite, which indicates that the

organoclay nanolayers have largely been exfoliated in the natural rubber

12.1 (a) XRD patterns of (A) unmodified clay and (B) unmodified
organoclay.46 (Figure 1, page 1072, Löpez-Manchado, M.A., Herrero, B.,
Arroyo, M. (2003) Polymer International 52: 1070±1077.)
(b) XRD Patterns of (A) NR-clay composite, (B) NR-organoclay nano-
composite before curing, (C) NR-organoclay nanocomposite after curing.46

(Figure 4, page 1073, Löpez-Manchado, M.A., Herrero, B., Arroyo, M. (2003)
Polymer International 52: 1070±1077.)
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matrix.46 There is no significant difference between NR/organoclay nano-

composite XRD patterns before and after vulcanization, implying that the

formation of nanometer-scale dispersion structure in NR matrix is largely

achieved during the mixing process.

The cure characteristics of pristine NR have been found to be affected by the

presence of organoclay, where the optimum curing (vulcanization) time of

natural rubber was sharply reduced with the incorporation of organoclay (Fig.

12.2).46 This reduction in NR curing time is basically due to the amine groups

present in the organoclay structure which arises from the treatment of the gallery

surface.46 It is also important to note from Fig. 12.2 that the intercalation of the

octadecylamine into the organoclay galleries further facilitates the sulphur

curing reaction of NR by sharply decreasing the curing time of NR-organoclay

as compared to the blend with only octadecylamine.46

The incorporation of organoclay also resulted in a noticeable increase in the

value of mixing torque of NR-organoclay nanocomposite, as compared to the

pristine NR.6,43,46 This is due to the octadecylamine intercalation between the

layers of the clay increasing the interlayer distance, thus easing the intercalation

and confinement of natural rubber chains in the galleries of the layered-silicate.

Thus a better interaction between the silicate and natural rubber is obtained,

which also increases the torque required for blending.6,43,46

The addition of organoclays also influences the thermal properties of

natural rubber (Table 12.1).46 The glass transition temperature (Tg) of NR

shifts to slightly higher temperatures with the presence of the organoclay. This

12.2 Vulcametric curves obtained at 160ëCof all studiedmaterials.46 (Figure 5,
page 1073, Löpez-Manchado, M.A., Herrero, B., Arroyo, M. (2003) Polymer
International 52: 1070±1077.)
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is due to the intercalation of the rubber chains into the organoclay galleries,

resulting in a restriction of motion of the natural rubber chains segments.46

Organoclay addition also shifted the thermal decomposition temperature of

NR-organoclay nanocomposite to a higher temperature, due to the

confinement of NR chains into the galleries of the organoclay. The exfoliated

nanolayers form a strong interaction with the rubber chains and prevent the

volatile decomposition products from diffusing out during the thermal

degradation process.46,49

LoÂpez-Manchado et al.,43 studied and investigated two different nano-

composite production methods (mechanical and solution mixing method), in

order to find the optimal method of obtaining an exfoliated organoclay-natural

rubber nanocomposite. It was been found that the solution blending method

resulted in nanocomposites with higher amounts of bound rubber (RB) values

(15.2%) compared to those obtained by the mechanical blending (10.6%). This

implies that the compatibility between the organo-layered silicate and NR

matrix is much higher when a natural rubber nanocomposite is prepared by the

solution mixing method.43 Both mechanical and solution mixing methods

resulted in a uniform dispersion (intercalation or exfoliation) of organoclay

nanolayers in the natural rubber matrix, as can be seen from the disappearance of

the organoclay peak in the XRD spectra.43

12.5.4 EPDM-clay nanocomposites

Ethylene propylene diene rubber is a well-known general-purpose rubber with a

significant commercial importance. It has been one of the main rubbers to be

investigated with organo-treated layered silicates to study the effects of nano-

reinforcement on properties.8,9,50±52 EPDM nanocomposites with clays have

been prepared by simple static mixing in confined chamber such as Haake,

solution blending, and on a laboratory two roll mill. However, most EPDM/clay

nanocomposites have been produced by conventional, internal melt blending

process.8,9,50±53

Table 12.1 Thermal properties of the studiedmaterials.46 (Table 4, p. 1075, Löpez-
Manchado,M.A., Herrero, B., Arroyo, M. (2003) Polymer International 52: 1070--
1077)

Material TGA DSC
Degradation peak (ëC)

t50 (min) t97 (min) �Hc (Jg
ÿ1) Tg (ëC)

NR 382.9 10.81 23.00 9.20 ÿ62.0
NR-clay 385.1 8.50 21.90 11.41 ÿ60.4
NR-organoclay 393.1 1.71 6.46 19.61 ÿ57.4
NR-octadecylamine 387.9 3.02 8.13 15.82 ÿ59.7
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The nature of the curing systems (peroxide or sulphur) has an effect on the

preparations and morphologies of EPDM/organic montmorillonite (OMMT)

nanocomposites. Zheng et al.51 found that the peroxide curing system of EPDM/

OMMT composites resulted in a shift of the diffraction peak to lower angles

than of the OMMT, due to the intercalation of EPDM chains into the OMMT

galleries. However, the sulphur curing system caused the disappearance of the

diffraction peak angle of EPDM/OMMT composites, which indicates that there

is considerable delamination or exfoliation of OMMT layers throughout the

rubber matrix.51 The advantages of the internal melt blending process are its

compatibility with present polymer processing methods, its versatility, and its

friendly environmental characteristics due to the absence of organic solvents

from this process.51 The internal melt blending process was also found to result

in better physical properties than other methods, as demonstrated in a com-

parative study between two mixing techniques; internal melt blending and the

two roll mill, which showed that the internal melt blending technique at a

temperature of 100ëC imparted higher tensile strength and elongation at break to

EPDM-clay nanocomposites, than does preparation by a two roll mill.52 This

was due to the higher shear rates (shear stress) leading to nanocomposites with

better clay dispersion, and consequently higher mechanical properties. Zheng et

al.50 reported that the tensile strength and the elongation at break of EPDM/

MMT-C12 (Na-type montmorillonite treated with methylbiscocoalkylamine)

nanocomposite increased respectively up to 25MPa and 666% with increasing

the rotor speed due to the high shear stresses produced for the addition of

15wt.% clay.

Intercalation of EPDM molecules into the clay galleries, as well as the

exfoliation of clay layers in EPDM rubbery matrix, leads to outstanding proper-

ties to EPDM/clay composites.8,9,50±52 The tensile strength of EPDM/OMMT

nanocomposites was enhanced 3-4 times more than the pristine EPDM

composite for 15wt.% clay, this improvement attributed to a strong interaction

between EPDM matrix and organoclay and weaker interactions between filler

particles.50,51 The exfoliation of silicate layers in EPDM increased the

elongation at break of EPDM/MMT-C12 (100/15) by 140%, compared to

pristine EPDM compound.50 The mechanism of elongation at break improve-

ment is not clear at present, but could be due to better silicate layers dispersion

and `physical bonding' between silicate layers and the EPDM matrix.8,50 The

tear strength, a measure of rubber resistance to crack propagation, was

effectively enhanced (1.5±2.0 times higher than gum EPDM vulcanized) by the

incorporation of organic modified silicates in EPDM. This increase in tear

resistance was attributed to the uniform dispersion of the silicate nanolayers in

the EPDM rubbery matrix forming a physical barrier to the growing crack.9,50,51

Another important characteristic of EPDM/clay nanocomposites is their excel-

lent gas barrier properties, the permeability of oxygen and nitrogen decreased in

EPDM/clay nanocomposites by the introduction of organically modified
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silicates.8,9 In EPDM/LEP-C18-MMT nanocomposites the oxygen permeability

was reduced by 60%, compared to gum EPDM compounds with only 10phr

filler content, due to the uniform dispersion of silicate nanolayers with planar

orientation in the EPDM matrix increasing the tortuous path for oxygen

molecules.9

12.5.5 SBR-clay nanocomposites

Styrene-butadiene rubber is one of the promising elastomers for the future

rubber/clay nanocomposites industry. SBR-clay nanocomposites have been

successfully prepared with properties such as tensile strength, hardness, and tear

strength exceeding those of SBR composites reinforced with carbon black.44

SBR-clay nanocomposites have been prepared by solution blending, with the

solvent being toluene, but other successful SBR-clay nanocomposites have also

been produced by other methods such as latexes.5,44,54,55 SBR-clay nano-

composites prepared by this method involve dispersing the clay in water with

vigorous stirring, causing the clay layers to separate. The SBR latex is then

added to the clay-water solution and mixed for a period of time, resulting in a

uniform dispersion of the clay particles inside the latex.44 A comparative study

between two reinforcing systems showed that the latex method resulted in SBR-

clay nanocomposites with better tensile strength, tear strength, and hardness than

those prepared by the solution method. This could be due to better dispersion of

the silicate layers and better interaction between silicate layers and SBR matrix.

The solution method, however, leads to SBR-clay nanocomposites with higher

elongation at break and higher permanent set.44

Styrene content in SBR also has an influence on the mechanical properties of

SBR-clay nanocomposites, this influence has been investigated by selecting

three different grades of styrene-butadiene rubber with 15, 23, and 40% of

styrene contents. Figure 12.3 shows that increasing the styrene contents up to

40% resulted in production SBR-clay nanocomposites with higher tensile

strength and 50% modulus for clay contents of 4 phr, as well as increasing the

glass-transition temperature of the nanocomposites.55 Styrene moieties

traditionally have been found to readily enter alkyl-ammonium treated clay

galleries, and thus it is not surprising that the SBR grade with 40% styrene was

the most effective grade in increasing the spacing between clay layers, which

made the exfoliation of clay layers in the rubber matrix much easer during the

preparation process. The bulky styrene group promotes ease of intercalation and

pushes apart silicate layers.55

SBR-clay nanocomposites were cured by peroxide and sulphur curing system

to study the effect of the curing agents on their mechanical properties. The

amount of curing additives for both systems was optimized in such a way that

the volume fraction values of rubber were comparable for both systems, and is

directly proportional to the rubber crosslinking density. SBR-clay nano-
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composites with very similar crosslink density for either peroxide or sulphur

systems resulted in compounds of very comparable modulus and tensile

strength. However, the elongation at break of sulphur cured SBR-clay nano-

composites was much higher that the peroxide cured nanocomposites, the

formation of polysulfidic bonds which are more flexible than the peroxide

system carbon±carbon bonds were responsible for this increase in ductility.55

12.5.6 Nitrile rubber-clay nanocomposites

Nitrile rubber (NBR)-clay nanocomposites have been successfully prepared with

mainly exfoliated and partially-intercalated structures in some cases, and

intercalated structure in others.54,56±58 The preparation of NBR-clay has been

reported via different processing techniques such as melt intercalation (internal

blending), solution blending, ball milling of surfactant treated layered clay in

emulsified solution and followed by latex shear blending, and by co-coagulating

the nitrile rubber latex and layered silicate aqueous suspension followed by two-

roll mill compounding.54,56±58 Kim et al.56 studied the influence of clay-organic

modification on the properties of the nitrile rubber-organomontmorillonite

nanocomposites. They used three different modifiers, octylamine (CH3 (CH2)7
NH2), dodecylamine (CH3 (CH2)11 NH2), and octadecylamine (CH3 (CH2)17
NH2), to treat Na-montmorillonite (MMT), and the organically modified

montmorillonites were termed as C8-MMT, C12-MMT, and C18-MMT

12.3 Variation of the mechanical properties with the styrene content of SBR
nanocomposites filled with 4 phr of modified montmorillonite.55 (Figure 10,
page 706, Sadhu, S., Bhowmick, A.K. (2004) Journal of Applied Polymer
Science 92: 698±709.)
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respectively.56 X-ray diffraction (XRD) and transmission electron microscopy

(TEM) were used to characterize organomontmorillonite-NBR nanocomposites.

Figure 12.4 shows the X-ray diffraction patterns of pure MMT/NBR, C8-MMT/

NBR, C12-MMT/NBR, and C18-MMT/NBR hybrids.56 It has been found that

the diffraction peaks of C12-MMT/NBR and C18-MMT/NBR nanocomposites

totally disappeared, which implied that the organo-MMT layers were exfoliated

and randomly dispersed in the nitrile rubber matrix. Whilst in the case of C8-

MMT/NBR nanocomposite, the diffraction peak was significantly shifted to

3.92ë of 2� (d001 = 2.25 nm) as compared with C8-MMT of 6.5ë of 2� (d001 �
1.36 nm), this shift indicating that NBR molecules intercalated between the

galleries of C8-MMT.56 To verify these XRD data regarding the dispersion of

organo-MMT layers in NBR matrix, and to examine the nanostructure of the

organo-MMT/NBR nanocomposites, transmission electron microscopy was used

and TEM images of C18-MMT/NBR nanocomposite with 8.7wt.% have been

produced. The images reported show that C18-MMT layers have been

successfully exfoliated into nanoscale layers (about 10±20 nm thickness) from

their original particle size (40�m) and the nanoscale layers were uniformly

distributed in the nitrile rubber matrix.56

12.5.7 Silicon rubber-clay nanocomposites

Silicon rubber/organomontmorillonite hybrid nanocomposites were successfully

prepared via a melt-intercalation process.59 The organo-MMT XRD patterns

12.4 X-ray diffraction patterns of NBR hybrids with 4.52wt.% of MMT: (a)
pure-MMT/NBR, (b) C8-MMT/NBR, (c) C12-MMT/NBR, (d) C18-MMT/
NBR.56 (Figure 2, page 1060, Kim, J.-T., Oh, T.-S., Lee, D.-H. (2003) Polymer
International 52: 1058±1063.)
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showed a peak at 2� � 4:38ë, while the peak of the silicon rubber/organo-MMT

nanocomposites can be found at 2� � 2:38ë. According to Bragg equation

calculations the galleries distance of organo-MMT and silicon rubber/organo-

MMT nanocomposite are 20.2AÊ and 37.1AÊ , respectively, confirming that

silicon rubber molecules can indeed be intercalated between the layers of the

organo-MMT.59 The presence of a strong diffraction peak at 2� � 2:38ë in the

silicon nanocomposite indicates that some order of the organo-MMT layered

structure still exists in the silicon rubber hybrid, despite the enlargement in the

galleries distance due to the intercalation.59 TEM showed that the organo-MMT

particles were also exfoliated into nanoscale layers of about 50 nm dimensions

from initial 40�m dispersion, and the layers were homogeneously dispersed in

the silicon rubber matrix.59

The mechanical properties (tensile strength and elongation at break) of

silicon rubber nanocomposites were improved with the incorporation of the

organo-clay and it has been found that these properties were close to the

mechanical properties of aerosilica-filled silicon rubber composites.59

The thermal stability of silicon rubber compounds was evaluated with

thermogravimetric analysis (TGA). The decomposition temperatures of unfilled

silicon rubber, silicon rubber/organo-MMT nanocomposite, and silicon rubber/

aerosilica filled compound were 381ëC, 433ëC, and 440ëC, respectively, as

shown in Fig. 12.5. This advantageous elevation in the decomposition tempera-

tures of silicon rubber with organo-MMT or aerosilica incorporation can be

attributed to the favorable interaction between the silicon rubber matrix and

filler particles, which increases the physical and chemical crosslinks which

prevents the silicon chains from the degradation. It is also likely that these

12.5 TGA traces for silicone rubber and its composites with 8.1vol.% of filler:
(± ± ±) silicone rubber without filler; (ÐÐ) silicone rubber/organo-MMT
hybrid; and (-- -- --) silicone rubber/aerosilica.59 (Figure 5, page 1560,Wang,
S., Long, C., Wang, X., Li, Q., Qi, Z. (1998) Journal of Applied Polymer Science
69: 1557±1561.)
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incorporated fillers aided in deactivating the active centers of silicone chain

decomposition.59

12.5.8 Polybutadiene rubber-clay nanocomposites

Polybutadiene rubber-clay nanocomposites reported to date were obtained by

the solution method. The organically-modified layered clay was dissolved in

solvent (toluene) with continuous stirring, and a polybutadiene-toluene solution

was added to the organoclay-toluene solution and vigorously stirred for some 12

hours. Solvent was subsequently removed, resulting in polybutadiene rubber-

clay nanocomposite preparation.44 The data obtained by XRD showed that the

basal spacings in the modified layered clay and polybutadiene rubber-clay

nanocomposite were 1.90 and 4.41 nm, respectively. This expansion in the

galleries of the layered silicate confirms the intercalation of some polybutadiene

molecules between the galleries.44 On the other hand, TEM micrographs showed

that the layered silicates were dispersed uniformly in the polybutadiene matrix at

a nanoscale size, which indicated the formation of polybutadiene nano-

composite.44

Table 12.2 summarizes the mechanical properties of polybutadiene rubber-

clay nanocomposites. The hardness, tensile strength, elongation at break, and

permanent set all improved with increasing the clay content (5±40 phr).44 The

mechanical properties of polybutadiene rubber-clay nanocomposite with 20 phr

clay content have been compared to those of the polybutadiene composites filled

with 20 phr carbon black (SFR and N330), as presented in Table 12.3. This data

shows that the organically-modified layered silicate was as effective a rein-

forcing filler, as carbon black. Some of the mechanical properties of polybuta-

diene nanocomposite such as hardness, tear strength, and tensile strength even

exceeded those of the carbon black filled compounds.44 These excellent

mechanical properties of the nanocomposites resulted from the uniformly

dispersed layered silicate in the elastomer matrix, and the strong interaction

between the nanoclay layers and rubber chains. Thus layered silicates could be

used in the polybutadiene industry as a promising reinforcing filler, if the layers

Table 12.2 Properties of BR-clay nanocomposites.44 (Table V, p. 1882,Wang, Y.,
Zhang, L., Tang, C., Yu, D. (2000) Journal of Applied Polymer Science 78: 1879±
1883)

Clay Hardness Tensile strength Elongation Permanent set
(phr) (Shore A) (MPa) (%) (%)

5 44 1.6 225 4
10 45 3.1 360 8
20 48 6.4 724 28
40 50 8.9 670 48
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were able to be dispersed uniformly in the rubbery matrix on the nanometer size

scale.44

12.5.9 Ethylene propylene rubber-clay nanocomposites

Ethylene propylene rubber-clay nanocomposites were successfully obtained by

melt compounding maleic anhydride modified ethylene propylene rubber (EPR-

MA) and organophilic montmorillonite in a twin-screw extruder at 200ëC for

contents of 2.9 to 8.3wt.% clay (CNs). A range of carbon black and talc filled

compounds were also prepared in the same manner, for comparison purposes.

The XRD patterns of the nanocomposites showed no peak for EPR-CNs, which

indicated that these nanocomposites were well delaminated and TEM images

confirmed that the layers were exfoliated on the nanometer size scale.60

Tensile test results indicated that increasing the organophilic montmorillonite

content in the nanocomposites rubbery matrix caused the tensile modulus to

increase and the elongation at break to decrease, since the tensile modulus of

EPR-CN 8 was three times higher than the unfilled maleic anhydride modified

ethylene propylene rubber composite (EPR-MA). These mechanical property

improvements are thought to be due to the restriction of polymer chain

rearrangement by the dispersion and interaction of the montmorillonite layers.

Comparing the mechanical properties of nanocomposites with the conventional

filled compounds at the same filler content (approximately 5wt.%) showed that

the nanocomposites had much higher modulus and much lower elongation at

break. Indeed, the tensile modulus was similar to that of the conventional

compounds filled with 30wt.% carbon black.60

12.6 Comparison of properties achieved in rubber-
clay nanocomposites

The previous section has looked largely at the nanocomposites from the point of

view of the different materials, the methods of processing and degree of

dispersion. In this section, the effect of nanoclay addition of the most widely

measured rubbery properties are summarized and contrasted.

Table 12.3 Properties of BR by comparative reinforcing method (20 phr clay).44

(Table VII, p. 1883, Wang, Y., Zhang, L., Tang, C., Yu, D. (2000) Journal of Applied
Polymer Science 78: 1879±1883)

Method Hardness Tear strength Tensile strength Elongation Permanent set
(Shore A) (kN/m) (MPa) (%) (%)

Solution 48 15.7 6.4 724 28
SRF 48 19.6 3.5 476 4
N330 50 19.6 5.9 500 4
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12.6.1 Cure characteristics

The vulcanization characteristics of filled rubber compounds are expressed in

terms of scorch time, optimum cure time, and torque value.6,9,43,46 For NR

nanocomposites, the scorch time and optimum cure time were sharply reduced

with the addition of organoclay. This behavior was a result of the existence of

amine groups in the nanosilicate structure which come from the organo-

philization of the layered silicate, as well as the intercalation of octadecylamine

between clay galleries which further facilitate the vulcanization reaction.46 The

torque value of NR nanocomposites increased remarkably with the presence of

organoclay, as compared with the unfilled NR. As torque value is related to the

crosslinking density, it can be assumed that the organoclay increased the

crosslinking density of natural rubber.46 On the other hand, the curing times of

EPDM clay nanocomposites were prolonged with increasing organoclay content

in the nanocomposites, which was most probably due to the adsorption of curing

agents on the surface of organoclay.9,50 In other work, Chang et al.9 found no

difference between the torque maximum values of pristine EPDM and MMT

filled EPDM nanocomposite, which implied that organoclay did not affect the

crosslinking density of EPDM nanocomposites. Sulphur and peroxide curing

systems showed different impacts on the curing characteristics of EPDM/

organo-clay nanocomposites.51 The optimum curing time of sulphur cured

EPDM nanocomposites was increased with increasing the clay content, possibly

due to the adsorption of the curatives on the organoclay surface, whilst little

change was noticed in the optimum curing time of the peroxide cured EPDM

nanocomposites with increasing the organoclay content.9,50,51

12.6.2 Tensile properties

The tensile properties of the rubbers improved remarkably when nano-

composites are obtained with the addition of organically-modified layered

silicates. It has been found that the tensile properties of these rubbers were

influenced by one or more of the following factors: clay loading level, type of

curing system, mixing conditions, rubber grade, nanocomposite preparation

method, and type of alkyl-ammonium (clay modifier) used. NR-organoclay

nanocomposite with 10 phr octadecylamine-modified montmorillonite showed

higher tensile strength, 100% modulus, and elongation at break than those of

the NR composite reinforced with 40 phr carbon black.6 The tensile strength of

NR-organoclay (10 phr) nanocomposite was more than three times greater than

the tensile strength of the pristine NR.6 When layered-silicate was incorporated

at less that 20 phr in styrene butadiene rubber (SBR) nanocomposites, the

tensile strength of nanocomposite exceeded those of the SBR composites

reinforced with carbon black (SRF and HAF), silica, and commonly used clay

(TC).
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Increasing the filler content up to 40 phr in SBR matrix resulted in nano-

composites with tensile strengths greater than that of silica/SBR composites but

lower than carbon black (HAF)/SBR composites at the same filler loading

content.5 It should be noted that clay loading content, nanocomposite prepara-

tion methods, and the level of styrene content in SBR all have an effect on the

tensile properties of SBR nanocomposites.5,44,55 For example, increasing the

layered-silicate content or styrene level (in SBR) in the SBR nanocomposites

resulted in an increase in the maximum tensile strength, elongation at break and

modulus of the nanocomposites.44,55 The investigation on the influence of

curing systems on the tensile properties of SBR nanocomposites showed that

elongation at break is the main property affected by the type of curing systems,

and sulphur curing provides the nanocomposites with higher elongation at break

due to the formation of the flexible polysulfidic bonds.55

The addition of 30 phr of organo-montmorillonite to nitrile rubber (NBR) led

to preparation of NBR nanocomposite with tensile strength ten times higher than

that of the gum NBR vulcanizate.58 The tensile strength and modulus of NBR

nanocomposites are proportionally related with the level of clay content in the

studied range (0±16 phr clay).56 Layered-silicate (20 phr) was found to provide

polybutadiene rubber nanocomposites with good tensile properties even higher

than those provided by carbon black.44 Increasing the clay content from 5 to

20 phr in polybutadiene rubber nanocomposites led to a fourfold increase in

tensile strength and 222% increase in the elongation at break.44 In ethylene

propylene rubber (EPR) the incorporation of organophilic montmorillonite

resulted in raising the tensile modulus and lowering the elongation at break. The

tensile modulus of EPR filled with 6 phr layered silicate was similar to that of

30wt.% carbon black filled EPR.44

All improvements in the tensile properties of rubber nanocomposites were

mainly due to the intercalation of rubber chains into layered-silicate galleries,

which provided strong interaction between rubber matrix and organoclay and

this strong interaction was often seen by the decreasing of tan � height of the

glass transition relaxation and an increase of the Tg towards higher

temperatures.44,50,51,58

12.6.3 Tear strength

Tear strength represents the level of resistance to crack propagation in rubbers.

Organically-modified layered silicates effectively enhance the tear strength of

NR, EPDM, SBR, and NBR nanocomposites.5,9,44,48,50,51,57 The excellent tear

strength property of these nanocomposites was attributed to the unique layer

structure of the layered-silicate in the nanocomposites, the strong interfacial

action between clay nano-particles and rubber matrix, and the ability of layer

bundles to slide during the tearing process, which forms a physical barrier

against growing cracks and reduces the energy of crack growth.5,50,51 For
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example, the tear strength of EPDM nanocomposite was found to be twice that

of unfilled EPDM compound for 20wt.% clay.51 Sulphur curing systems, higher

mixing temperature, and higher clay loading content resulted in EPDM

nanocomposites with much improved tear strength.50.51 SBR nanocomposites

also showed outstanding tear strength, which exceeded those of SBR compounds

reinforced by carbon blacks, silica and commonly used clay even at high filler

loading level (60 phr).5 7.5wt.% was the loading level and it provided NBR

nanocomposite with the highest tear strength; further increasing the clay content

in fact resulted in a lowering of the tear strength.57

12.6.4 Hardness

Rubber nanocomposite researchers are usually interested in investigating the

tensile properties of the final nanocomposite products, but there are fewer

studies into the hardness property of pristine rubber and its organoclay-filled

nanocomposites.5,6,43,44,50 Studies performed showed that the uniform disper-

sion of the layered structured clay increased the interfacial action between clay

layers and rubber, resulting in nanocomposites with higher strength, and

therefore, higher hardness. SBR nanocomposites, for example, exhibited two

times higher hardness than the unfilled SBR and much higher than those of

carbon blacks, silica, and commonly used clay composites for the same filler

loading levels.5 The addition of 10 phr of layered-silicate to natural rubber

nanocomposites caused an improvement in hardness which was higher than NR

composite's hardness filled with 40 phr carbon black.6

12.6.5 Gas permeability

The exceptional decrease in gas permeability is another advantage of rubber-

clay nanocomposites. Layered silicate with planar orientations are believed to

improve and elevate the barrier properties of rubber nanocomposite by forming a

tortuous path which increases the gas diffusion distance, slowing down the gas

molecules forward movement in the nanocomposite matrix.9,58 For example, the

oxygen permeability of 10 phr layered clay filled EPDM nanocomposite was

reduced to 60% as compared with the pristine EPDM compound.9 Increasing the

amount of filler in the rubber matrix was also found to further decrease the

nitrogen permeability of NBR compounds.58 The barrier properties of NBR clay

nanocomposites to nitrogen was also found to be much better than the barrier

property of comprable silica-filled NBR compounds.58

12.6.6 Solvent resistance

As the gas permeability decreases with the enhancement of barrier properties of

rubber-clay nanocomposites, the solvent uptake also decreases in the few studies
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to date. A study conducted on NR-clay nanocomposites showed that the pristine

natural rubber had much higher toluene uptake at 25ëC than NR-clay nano-

composites.49 Similar behavior of swelling resistance had been noticed with

silicon±clay nanocomposites: these nanocomposites showed significant reduction

in organic solvent (toluene) uptake even at very low loading levels (1 vol.%).61,62

This improvement of rubber nanocomposites solvent uptake resistance is due to

the strong interaction between rubber matrixes and organoclay particles, as well as

to the presence of large surface area of impermeable clay layers in the

nanocomposites which increased the average diffusion path length for the

solvents.49,61,62

12.6.7 Thermal stability

Thermo-gravimetric analysis (TGA) devices are often used to investigate

rubber-clay nanocomposite thermal stability by monitoring the change in sample

weight at high temperatures. It has been found that the addition of organoclay

shifted the thermal decomposition temperature of natural rubber to higher

values, which indicated the enhancement of the NR/organoclay nanocomposite

thermal stability as compared with the unfilled NR.46 NR nanocomposite filled

with 10wt.% fluorohectorite (synthetic layered clay) were more thermally stable

than those filled with 10wt.% bentonite (natural layered clay) at 450ëC, due to

better clay dispersion and stronger interaction between NR matrix and clay

layers.49 Increasing the organoclay content in NBR nanocomposites also

resulted in elevating their thermal degradation temperatures,57 and Wang et al.59

found that the decomposition temperatures of neat silicon rubber, silicon rubber/

organo-MMT hybrid, and silicon rubber/aerosilica were increased in the order

381ëC, 433ëC and 440ëC, respectively. The improvement in the thermal stability

is probably due to the high surface area of such nanocomposites, which prevents

the volatile decomposition products from diffusing out during the high

temperature degradation process.46,49,57,59

12.7 Conclusions

Compared to the vast literature on most of the thermoplastic or thermosetting

polymer-clay nanocomposites, reports of rubber-clay nanocomposites are much

more limited. Much more research is needed to understand the complex nature

of these nanocomposites and to identify the factors that have the most significant

influence on their physical, mechanical, thermal, barrier, and dynamic

mechanical properties. The several examples of rubber-clay nanocomposite

that have been covered in this chapter indicate that to date rubber nanocomposite

research has largely concentrated on the natural rubber, ethylene propylene

diene rubber, styrene-butadiene rubber, and nitrile rubbers. The main factors

found to influence final properties were: type of clay and its treatment, clay
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loading levels, curing system used, mixing conditions, rubber grade and

preparation method. The remarkable enhancement in the physical, mechanical,

thermal, and barrier properties of rubber-clay nanocomposites at low loading

levels of organically-modified clay will likely boost the future use of such

elastomers and create new industrial applications where lighter, higher

performance rubber products are needed.
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Part II
Nanotubes, nanoparticles and

inorganic±organic hybrid systems





13.1 Introduction

Carbon nanotubes (CNTs) are seamlessly rolled sheets of hexagonal array of

carbon atoms with diameter ranging from a few AÊ ngstroms to several tens of

nanometers across. These nanometer-sized tubes exist in two forms, single-

walled carbon nanotube (SWNT) in which the tube is formed from only a single

layer of graphitic carbon atoms, and multi-walled carbon nanotubes (MWNT),

in which the tube consists of several layers of coaxial carbon tubes. The

arrangement of hexagonal carbon lattice in a CNT can further be categorized

into `zigzag', `armchair', and `chiral' tubes, as shown in Fig. 13.1. The chirality

of a CNT is defined by its chiral vector Ch � na1 � ma2, where a1 and a2 are

unit vectors, and n and m are integers. For convenience, the chirality can also be

denoted by (n, m). A zigzag tube, for instance, is specified by (n, 0). It has been

shown that the physical properties of a carbon nanotube are strongly dependent

on its chirality.1±3 Since their discovery in 1991,4 carbon nanotubes have

attracted a great deal of attention and have been the focus of extensive research

efforts as model systems in nanotechnology because of their potential

applications including electronic devices, field emitters, and reinforcement for

advanced materials. The extensive interest in CNTs arises from their unique

structural and physical properties: their small size in the nanometer scale; their

unique electronic behavior in that they can be either metallic or semi-conducting

depending on their geometrical structure; their exceptional properties of ballistic

transport; their extremely high thermal conductivity and high optical

polarizability; as well as their unparalleled mechanical properties such as high

elastics modulus and tensile strength.

CNTs can be produced using a wide variety of processes such as electric

arc-discharge, pyrolysis of hydrocarbons, laser vaporization, solar carbon

vaporization, and electrolysis of carbon electrodes. Electric arc-discharge

involves applying a direct current through two high-purity graphite electrodes
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in a He atmosphere.5±9 Both SWNT and MWNT (with the use of metal

catalyst) can be produced with high yields. Laser vaporization of graphite

targets is usually carried out at about 1200ëC, using pure graphite target in Ar

atmosphere with the use of metal catalyst.10,11 Pyrolysis of hydrocarbons (such

as methane, benzene, acetylene, etc.) involves decomposition of the

hydrocarbon gases over metal catalyst. This process is able to produce

fullerenes and CNTs in large quantities.12±18 Electrolysis of carbon electrodes

in molten ionic salts is a liquid phase process where graphite electrodes are

immersed in molten LiCl under an Ar atmosphere, with application of DC

voltage between the electrodes. The process is able to generate 20±40% of

MWNTs.19 In solar carbon vaporization, solar energy is focused on carbon-

metal target in an inert atmosphere and vaporizes the graphite-metal target, to

produce fullerenes and nanotubes.20

With breakthroughs in synthesizing long and aligned CNTs and CNT

ropes,21±26 ribbons,27 and CNT composite fibers in recent years,28 the potential

applications of CNTs as an ideal class of super strong reinforcement for high-

performance composite materials are better realized. However, many issues

pertaining to the mechanical behavior and performance of CNTs and their

composites remain unclear at present. In this chapter, we focus on issues

relating to mechanical behavior of carbon nanotubes (SWNTs and MWNTs)

and their polymer-based composites. In particular, we will discuss in some

detail CNT tensile strength and tensile strength distribution, CNT-polymer

interfacial characteristics, fatigue behavior and fatigue mechanisms of SWNT

rope reinforced composites, and a molecular level life prediction scheme for

SWNT.

13.1 Schematics of hexagonal carbon lattice arrangements in carbon
nanotubes.
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13.2 Mechanical properties: elastic properties and
strength

13.2.1 Tensile strength distribution of SWNT ropes

Remarkable progress has been made recently on experimental characterization

of CNT tensile strength. By stretching suspended SWNT bundles using an

atomic force microscope (AFM), Walters et al. estimated that the tensile

strength of SWNT was 45� 7GPa.29 By pulling 2mm long MWNT ropes, Pan

et al. obtained Young's modulus of 0:45� 0:23TPa and tensile strength of

1:72� 0:64GPa.30 Yu et al. performed tensile tests on individual MWNT and

SWNT ropes using AFM,31,32 and reported that the tensile strengths of SWNT

rope and MWNTs ranged from 11 to 63GPa and 13 to 52GPa, respectively.

Tensile strength of SWNT bundles ranging from 2:3� 0:2GPa to

14:2� 1:4GPa was obtained by Li et al..33 Zhu et al. characterized the

Young's modulus and tensile strength of SWNT strands and showed that the

tensile strength was in the range of 49 to 77GPa.23 In their study, the lowest

value of elastic modulus of SWNT was only about 100GPa, owning to inter-

nanotube defects.

Because of the difficulties in producing defect-free CNTs,34,35 CNT tensile

strength is not a single-valued quantity, and has to be described on the basis of

probability approach. However, report on the distribution of CNT tensile

strength is still absent to date. Here we present the results of a study on direct

tensile tests of SWNT bundle and use a two-parameter Weibull distribution to

describe its tensile strength distribution.

All SWNT samples used in this study were synthesized by catalytic

decomposition of hydrocarbon.18 Long (several tens of centimeters), aligned

SWNT ropes with diameter of about 100�m were obtained. These SWNT ropes

were carefully separated manually into several thinner, 3mm long SWNT

bundles for testing. The diameters of the SWNT bundles, determined by

scanning electron microscopy, were in the range of 15 to 25�m. A nano-

mechanical testing device with a force and displacement resolution of 0.2�N

and 1 nm, respectively, was used for testing. Each SWNT bundle was mounted

vertically between a rigid stage surface and a loading tip using epoxy (Fig. 13.2).

The strain rate was controlled at 0.1 sÿ1 during testing. A total of 12 SWNT

bundles were tested.

All of the samples were broken in the region between the two mounting ends,

typical images of a SWNT bundle before and after tensile testing are shown in

Fig. 13.2. Taking into account the 65% volume fraction of SWNT in the

bundle,33 the tensile strengths of SWNT bundles were estimated in the range of

10 to 52GPa (mean 23GPa), comparable to published data (Table 13.1). The

stress-strain curves of four SWNT bundles tested are shown in Fig. 13.3. Worth

noticing are the kinks on these curves. These kinks, presented in all of the

samples tested and appearing at more or less regular load intervals and span
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from low to high load (1.92±54.6GPa), are indicative of sub-bundle failures. On

average, there are nine kinks on each stress-strain curve.

The as-prepared SWNT ropes consist primarily of many rope-like sub-

bundles of SWNT with diameter of 10 to 40 nm, and it is estimated that each of

the SWNT bundles prepared for the tensile test contain from a few hundred to

13.2 A mounted SWNT bundle subjected to tensile loading: (a) before
breaking, (b) moments after being broken into two parts.

Table 13.1 A comparison of tensile strength results of CNTs

Type of CNT Young's Tensile Strain Reference
modulus strength
(GPa) (GPa)

MWNT 0.27±0.95 11±63 � 12% Yu et al.32

0.45�0.23 1.72�0.64 ö Pan et al.30

SWNT (ropes) 0.32±1.47 13±52 <5.3% Yu et al.31

(Mean: 1.0) (Mean: 30)

ö 3.6±22.2�2.2 ö Li et al.33

ö 45�7 <6.7% Walters et al.29

ö 49±77 ö Zhu et al.23

0.23±1 6±55 3.3±10% Present study
(Mean: 0.59)
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about a thousand sub-bundles. It is assumed that there is no interaction among

SWNT sub-bundles, thus each SWNT sub-bundle is equally stressed during

loading. The applied tensile load on a SWNT bundle is evenly redistributed

among the remaining intact sub-bundles after failure of one or more sub-bundles

at a specific load, until final failure of the entire SWNT bundle. Because only a

limited number of kinks is observed on a stress-strain curve, and there are at

least a few hundred sub-bundles within a SWNT bundle, many SWNT sub-

bundles could have failed at a kink point. Within a SWNT sub-bundle, however,

there could be local load-sharing as a result of weak van der Waals interactions.

It is assumed that the tensile strength of SWNT sub-bundles follows a two-

parameter Weibull distribution, a statistical model based on weakest link

concept that has been widely used for describing the strength of a broad

spectrum of engineering materials.36 The probability of failure of a sub-bundle,

Pf , at an applied stress, �, is

Pf � 1ÿ exp ÿ �

�0

� �m� �
�13:1�

where m and �0 are the Weibull modulus and characteristic strength,

respectively. Here the two parameters are evaluated by analyzing collectively

all of the stress-at-the-kink on the 12 stress-strain curves. Since the effective

cross-sectional area or the amount of ruptured SWNT sub-bundle is difficult to

measure at any instant during tensile loading, it is assumed that the amount of

13.3 Stress-strain curves of four SWNT bundles. Each kink on these curves
represents one or more sub-bundles in the bundle that have failed, while the
surviving sub-bundles bear the remaining load until final rupture of the sample.
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load drop is proportional to reduction in cross-sectional area, and that SWNT

sub-bundles are carrying equal load prior to failure.

The cumulative probability of failure, Pf , is estimated by the median rank

method: Pf � �iÿ 0:3�=�n� 0:4�, where i is the rank of tensile strength in

ascending order and n is the total number of samples. In our case, n is 114, the

total number of kinks collected from stress-strain curves of all 12 SWNT

bundles tested. The accumulative probability of failure of SWCNT sub-bundles

is shown in Fig. 13.4. Values of m and �0 obtained from linear regression of the

strength data are 1.71 and 17.8GPa, respectively, with a coefficient of correla-

tion of 0.964, indicating a reasonably good fit of data to the Weibull model. The

probability density function of the Weibull model for tensile strength using

m � 1:71 and �0 � 17:8GPa is shown in Fig. 13.5.

Also included in Fig. 13.4 are tensile strength data of individual MWNTs and

SWNT ropes from Yu et al.31,32 The Weibull modulus, m, is 2.6, and the

characteristic strength, �0, is 31.4GPa, calculated from the 19 tensile strength

data of individual MWNTs; m is 2.5 and �0 is 34GPa for the 15 tensile strength

data of SWNT ropes. The low Weibull modulus obtained from the present study

and those from Refs. 31 and 32 all indicate a wide scattering of tensile strength

of CNTs. As a comparison, the Weibull modulus for T300 carbon fiber is 8.26

(and �0 � 3:58GPa),37 indicating a much narrow distribution. Note that the

characteristic strength is considerably higher for data from Refs. 31 and 32

13.4 The cumulative failure probability versus strength of SWNT sub-bundles.
A total of 114 kinks from 12 samples are included. Also included are data from
refs 31 and 32.
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because the lengths of the samples used in those studies were substantially

shorter (average length about 5�m) than ours (3mm).

The Weibull modulus calculated from the present study and those from Yu

and co-workers all indicate substantial dispersion of CNT tensile strength,

suggesting that CNTs may contain defects of different size and form, and they

are distributed along a CNT. Moreover, these defects may interact when

stressed, leading to lower tensile strength.

13.2.2 Mechanical properties of CNT-reinforced polymer
composites

The unparalleled high elastic modulus and tensile strength of CNTs, when

incorporated in polymer matrix, does not necessarily warrant a composite with

enhanced mechanical properties. Recent research using CNTs in polymer

composites showed both encouraging and discouraging results. In some studies,

enhancement in mechanical properties were not seen when CNTs were added to

a polymer matrix. Lau and Shi showed that flexural strength of a CNT/epoxy

composite did not increase with the addition of 2wt.% CNT.38 Bhattacharyya et

al. studied melt blended SWNT/Polypropylene (PP) composite, and saw a slight

drop in tensile strength, elastic modulus, and breaking strain of the composite

with addition of 0.8wt.% CNT.39 In a study by Jia et al. on CNT/poly(methyl

methacrylate) (PMMA) composites, decrease in tensile strength, toughness, and

hardness were seen with untreated CNT. When CNT was treated with 2,20-

13.5 Probability density function (Weibull distribution) of SWNT sub-bundle
strength usingm � 1:71 and �0 � 17:8GPa.
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azobisisobutyronitrile (AIBN), a moderate increase in tensile strength was seen,

but there was little increase in toughness and hardness.40

Some studies showed moderate increase in elastic modulus with slight or no

increase in mechanical strength for CNT/polymer composites. Xu et al. studied

MWNT/epoxy composite thin films from a spin-coating process. Compared to

net resin thin films, a 24% increase in elastic modulus was seen when 0.1wt.%

MWNTs was added. However, the fracture load of the composite film is

somewhat lower than that of the neat epoxy film.41 In a study by Wong et al. on

MWNT/polystyrene (PS) rod samples from an extrusion process, it was shown

that there was a moderate increase in tensile stiffness (about 10%) and a slight

increase in tensile strength.42 Miyagawa and Drzal showed that the storage

modulus of a diglycidyl ether of bisphenol F (DGEBF) epoxy at room tem-

perature was increased up to 20% with the addition of only 0.30wt.% of

fluorinated SWNT. In the same study, the Izod impact strength showed slightly

decreased when 0.3wt.% of fluorinated SWNT was added to the epoxy.43

Haggenmueller et al. showed, for an aligned SWNT/PMMA composite,

moderate increase in elastic modulus and yield strength with an increase in

nanotube loading and draw ratio.44 Schadler et al. showed that tensile and

compressive modulus of a CNT/epoxy composite showed 20% and 24%

improvement, respectively, after adding 5wt.% of CNT to the matrix.45

In some cases, significant improvement of the mechanical properties were

seen with CNT as reinforcement. Ganguli et al. showed that 1wt.% MWNT

reinforcement increased the ultimate strength of a bifunctional epoxy and strain

to failure by about 139 and 158%, respectively, and there is a 170% increase in

the fracture toughness of the MWNT composites.46 Gong et al. studied surfac-

tant-assisted processing of CNT/epoxy composites with a nonionic surfactant,

improved dispersion and interfacial bonding resulted in a 30% increase in elastic

modulus with 1wt.% CNT.47 Liu et al. showed, compared with neat nylon-6

(PA6), that the elastic modulus and the yield strength of the MWNT/PA6

composite were greatly improved by about 214% and 162%, respectively, when

incorporating only 2wt.% MWNT.48 Allaoui et al. showed that the Young's

modulus and yield strength of a MWNT/epoxy composite were doubled and

quadrupled for 1 and 4wt.% nanotube added.49 Gou et al. showed that for a

SWNT/epoxy (EPON 862) composite, a 250±300% increase in storage modulus

can be achieved with addition of 20±30wt.% of SWNT.50 Qian et al. showed

that with the addition of only 1wt.% CNT, a 36±42% increase in elastic modulus

and a 25% increase in tensile strength were seen in MWNT/PS composite.51

These mixed experimental results on the mechanical properties of CNT/

polymer imply that further research in terms of processing methods, CNT

treatment, its dispersion and alignment in the matrix, as well as a better

understanding and control of CNT-polymer interfacial adhesion are necessary in

order to obtain CNT/polymer nanocomposites with desirable and predictable

properties and performance. In the subsequent section, we will discuss in more

336 Polymer nanocomposites



detail one of the critical issues concerning composite behavior: CNT-polymer

interfacial characteristics.

13.3 Carbon nanotube ± polymer interface

Previous studies on CNT-polymer composite systems suggested that chemical

bonding between CNT and the polymer matrix may or may not exist, and

adhesion between CNT and certain polymer systems are strong, although there

are also contrasting views. Upon close examination of the fracture surface of a

MWNT/poly(hydroxyaminoether) composite, Bower et al. observed contact and

adherence of the polymer to most of the nanotubes, and in some cases the entire

surface of the nanotube was covered with a layer of polymer.52 Chang et al. also

observed CNTs were well coated by polypyrroles in a CNT/polypyrroles

composite produced by in-situ polymerization, and Raman scattering and X-ray

diffraction data suggested there was no chemical reaction between CNT and the

polymer.53 In a study by Jia et al. on CNT/PMMA using an in-situ

polymerization process, chemical bonding between CNT and PMMA was

confirmed using infrared transmission spectra.40

From a mechanical point of view, the available literature to date also offered

evidence of strong CNT-polymer interactions. Lourie and Wagner first showed

CNT fragmentation in epoxy matrix, implying that force was transmitted to the

CNT from the surrounding matrix.54,55 From fragmentation experiments, these

authors estimated that the CNT-matrix stress transfer ability is at least one order

of magnitude larger than that measured in conventional micro fiber-based

composites. Compared to CNT-polymer interface, they attribute the lower

interfacial strength of conventional micro fiber-polymer interface to larger

defects that facilitate interfacial crack propagation.54 Furthermore, Qian et al.

showed that tensile load can be transferred effectively from the polystyrene

matrix to the CNT, because a high elastic modulus increase (42%) was seen

using just 1wt.% CNT.51 Similar results were also shown by Xu et al.,41 using

CNT/epoxy thin film composite system. Using an expanded form of Kelly-

Tyson approach, Wagner showed that high interfacial shear strength between

CNT and polymers is possible.56 Cooper et al. showed that interfacial shear

strength between MWNT and epoxy ranged from 35 to 376MPa, from pullout

experiments using atomic force microscope (AFM).57 More recently, Barber et

al. showed that the average interfacial shear stress required to remove a single

MWNT from a polyethylene-butene matrix is about 47 MPa, from direct pullout

experiments using AFM.58 Despite this positive evidence of strong CNT-

polymer interactions, that CNT-polymer interface only offers poor stress transfer

was also reported. Based on evidence of micro Raman spectroscopy, Schadler et

al. showed that load transfer between CNT-epoxy was poor.45,59 Although these

studies have provided some insights into the nature of CNT-polymer interactions

at the interface, the physics of CNT-polymer interactions still await further
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elucidation, both qualitatively and quantitatively. To illustrate, in this section,

we first show interfacial morphology of CNT/polystyrene and CNT/epoxy

composites at micro- and nanometer scale. We then describe how molecular

mechanics simulations can be used to estimate CNT-polymer interfacial shear

stress, for a range of polymers. In addition, we also show that thermal residual

stress and mechanical interlocking arise from waviness of CNTs also play a role

in the interfacial characteristics of the nanocomposites.

13.3.1 Morphology of CNT-polymer interface

We illustrate CNT-polymer interface morphology using a CNT/PS and a CNT/

epoxy system.41,42 Rod specimen of CNT/PS composite with 1mm diameter

was fabricated using an extrusion process, with a CNT content of about 1 wt.%.

Tensile failure surfaces of the CNT/PS composite rod were examined under a

field emission scanning electronic microscope (FESEM) and transmission

electron microscope (TEM). CNT/epoxy (EPON SU-8 photo resist) thin film

with 0.1wt.% CNT and 5.8�m in thickness was fabricated by spin-coating

mixture of CNT and epoxy on to a silicon wafer. The fracture surface of CNT/

epoxy specimens was examined under FESEM and TEM after shaft-loaded test

(inset of Fig. 13.7).

Results of tensile tests for CNT/PS rod samples showed that there was a

moderate increase in tensile stiffness (about 10%) and only a slight increase in

tensile strength (about 5%). Although the extrusion process is believed to align

CNTs somewhat in the flow direction, from FESEM images shown in Fig.

13.6(a), it is seen that CNTs still exist in the form of agglomerates, ranging

approximately from 5 to 20�m in diameter. The reinforcing effect of the CNT

agglomerate, if any, was offset by the fact that they were also acting as flaws or

stress concentrators in the composite. At present, effective dispersion CNT in a

polymer matrix still poses a challenge in processing of CNT composites.

Close examination of individual CNT in the agglomerate revealed that they

are all coated by PS, suggesting good wetting of CNT by PS and that surface

energies favors CNT-PS contact (Fig. 13.6(b)). Failure around the CNT

agglomerate occurred within the PS matrix but not between CNT and its PS

coating, suggesting strong CNT-PS adhesion. Extensive examinations of the

CNT/PS interface by TEM indicate that these CNTs are in intimate contact with

the PS matrix, suggesting excellent adherence between CNT and PS. In Fig.

13.6(c), a cross-sectional view of a CNT (located in the middle of the image)

embedded in the PS matrix is shown. The circumference of the CNT is seen in

close contact with the polymer matrix, with no obvious gaps observed at

nanometer resolution. The darker regions in Fig. 13.6(c) are other CNTs

embedded in the matrix. Again, they are seen tightly bound to the matrix. A

longitudinal section of a CNT embedded in PS is shown in Fig. 13.6(d), where a

change in tube diameter due to defect is obvious. This kind of mechanical
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interlocking is believed to contribute to the CNT-polymer adhesion. More will

be said on this later.

Results of shaft-loaded test on epoxy and CNT/epoxy thin films showed that

0.1wt.% of CNT can increase the elastics modulus of the epoxy thin film by

24%, suggesting that CNTs were aligned in the radial direction upon spin

coating.41 FESEM observations of the fracture mode showed that cracks

originate at the central loading point and propagate in the radial direction to the

edge of film-silicon boundary. MWNTs were found confined parallel to the

plane of the thin film, and most MWNTs were seen running circumferentially,

that is, they were oriented perpendicular to the crack direction, a consequence of

CNT realignment under the action of centrifugal force during spin coating.

A fracture surface of the MWNT/epoxy film is shown in Fig. 13.7, where

pullouts near the matrix crack are seen. Close examination indicate that these

pullouts were MWNTs covered by epoxy. The pullout morphology indicates

13.6 Images of fracture surface of CNT-PS composite: (a) FESEM image of a
CNT agglomerate being pulled half way out from the PS matrix, (b) FESEM
image of CNT bundles, note that most nanotubes are coated with PS (scale
bar is 100 nm), (c) TEM image of CNTs embedded in PS. Dark circular region
is the cross section of a CNT embedded in PS matrix. Other dark regions are
other randomly oriented CNTs (scale bar is 20nm), (d) TEM image of CNT-
PS interface, note the kink and change in diameter of the CNT, which is
believed to promotemechanical interlocking. Inmost TEM images thatwehave
examined, no physical gaps between CNT and the polymer matrix are found.
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failure of the epoxy matrix but not the CNT-epoxy interface, suggesting a

stronger interfacial adhesion between MWNT and the matrix. However, MWNT

agglomerate also existed at places, where `clean' MWNTs were found directly

separated from the matrix, a result of poor local dispersion of MWNT, and was

probably the cause of failure initiation.

A TEM image of CNT embedded in epoxy film is shown in Fig. 13.8(a).

Covered by epoxy molecules, it is seen from these images that the lattice of the

CNTs was blurred, and so were the boundaries between the nanotubes and the

epoxy matrix. Similar to the case of CNT/PS, extensive examination did not

reveal clear physical gaps between CNT and epoxy molecules. It was known

that microtoming introduces shear force to the material and may result in CNT

pullout from the matrix.60 However, no obvious CNT pullout from the epoxy

was observed in the CNT/epoxy slices after microtoming, and most of the CNTs

remained in the epoxy, suggesting good adherence of polymer to CNT. Image in

Fig. 13.8(b) for individual CNTs pulled out from the epoxy matrix clearly shows

that a thin layer of epoxy (about 3 nm thick) was adhered on the CNT,

13.7 Fracture surface of CNT/epoxy thin film, oriented in radial direction. CNT
bundles are seen coatedwith epoxy. Schematic of the shaft-loaded test setup is
shown in the inset.
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suggesting very strong CNT-epoxy interfacial adhesion. From these morphology

studies, it can be concluded that PS and epoxy adhere strongly to CNTs, as also

suggested by other workers.

13.3.2 Molecular mechanics study of CNT-polymer interface

Due to the difficulties in devising experiments to study the CNT-polymer

interface, molecular modeling may serve to elucidate the importance of various

factors constituting the interfacial characteristics of CNT reinforced polymer

composites. To extend our understanding on CNT-polymer interactions, the

interfacial adhesion characteristics between CNTs and a group of polymers

(Table 13.2) are studied through molecular mechanics simulations. In this study,

we are only concerned with non-bond interactions.

13.8 TEM of CNT in epoxy: (a) a longitudinal section of CNT, no physical
boundary is seen between CNT and the matrix, (b) CNT pulled out from the
matrix. Note that a thin layer (about 3nm) of polymeric material adheres to the
surface of CNT.

Table 13.2 Interfacial shear stress for CNT/polymer systems from
molecular mechanics simulations

CNT/polymer systems Interfacial shear stress
(MPa)

CNT/poly (iso butyl-ethylene) 224
CNT/poly (ethyl-ethane) 211
CNT/polyvinyl chloride (PVC) 198
CNT/polystyrene (PS) 186
CNT/polyethylene (PE) 170
CNT/polypropylene (PP) 164
CNT/epoxy 138
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Molecular models of SWNT embedded in a polymer block are constructed.

The SWNT is of armchair configuration with outer diameter of 13.4 AÊ and

length of 20AÊ . The outer diameter of the polymer block consists of randomly

oriented polymer chains, approximately 56AÊ about 20AÊ in thickness. No

chemical bonding exists between the CNT and the polymer. To validate the

polymer molecular model, the density for polyethylene (PE) and polypropylene

are calculated to be 0.705 g/cm3 and 0.73 g/cm3, respectively, agreeing well with

those by Frankland et al.61

Geometry optimization for each of the composite systems (i.e., both the CNT

and the polymer matrix) was performed with a SWNT fully embedded in the

matrix, and its potential energy was obtained. The SWNT was then `pulled' out

from the polymer matrix in a stepwise manner, as shown in Fig. 13.9. The

pullout energy, W, work required for CNT pullout, is related to the interfacial

shear stress, �i, between the CNT and the polymer matrix by62

13.9 A molecular model of a CNT in PS matrix, the CNT is pulled out half way
from the matrix.

342 Polymer nanocomposites



W �
Z x�L

x�0
2�r�Lÿ x��i dx �13:2�

where r is the outer radius of the CNT. It follows from Eq. (13.2) that pullout

energy is directly related to the interfacial shear stress between the CNT and the

polymer

�i � W=�rl2 �13:3�
Results of �i for seven different CNT-polymer systems are tabulated in Table

13.2.

For CNT/polymer composite systems with non-bond interactions,

electrostatic and Van der Waals forces are primary contributors to the pullout

energy and hence the adhesion strength between CNT and polymer. The nature

and magnitude of non-bond interactions rely on the chemical structure, tacticity,

and conformation of the polymer. Of the several different types of polymers

constructed, PP, PS, PE and PVC are of atactic configurations, while poly(ethyl-

ethane) and poly (isobutyl-ethylene) are of isotactic configurations. The isotactic

configuration is known to have a tendency to form helix. The stronger adhesion

between the CNTs and the polymers with helical conformation could be

attributed to the fact that it allows the polymers to form entanglement around the

CNTs more easily, which agrees with the results of Yao and Lordi.63 Comparing

CNT/PP with CNT/PE, it is expected that the pullout energy for CNT/PE is

larger than CNT/PP because the later has a small side chain that causes spatial

hindrance and the PP molecule is less conformable to the CNT surface.

However, comparing CNT/PS and CNT/PE or CNT/PP, the situation is reversed.

The spatial hindrance from rigid benzene rings of PS is thought to have a

negative effect on polymer-CNT adhesion because the polymer chain is less

conformable to CNT. Nonetheless, the interfacial shear stress or pullout energy

of CNT/PS is larger than that of CNT/PE or CNT/PP, suggesting that the

interactions between the surfaces of phenyl-groups and CNT are stronger than

the spatial hindrance effects induced by rigid benzene rings. The larger pullout

energy of CNT/PVC, as compared with CNT/PS, CNT/PE and CNT/PP, could

be attributed to the strong interaction between the CNT and the polar group of

PVC. It is found that the interfacial shear strength for SWNT/epoxy system is

the lowest, among all of the SWNT/polymer systems. This could be attributed to

the more rigid, cross-linked epoxy network.

13.3.3 Thermal mismatch

Mismatch in the coefficients of thermal expansion (CTE) between CNT and

polymer results in thermal residual radial stress and deformation along the tube

when the polymer is cooled from its melt. Compressive radial stress results in

closer CNT-polymer contact which could enhance CNT-polymer non-bond

interactions; and local CNT deformation which promotes mechanical
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interlocking. To calculate radial stress using the concentric cylinder model based

on elasticity theory,64 the elastic modulus in the radial direction of CNT, Er,

need to be known. From Lu,65 the stiffness coefficient perpendicular to the basal

plane, C33, of a SWNT is 0.397 TPa. Er is related to Cij by:

Er � C33 ÿ �2C13
2=�C11 � C12�� �13:4�

From data of graphite crystal,66 the contribution from the second term of the

previous equation is less than 1%, therefore Er for SWNT is taken as 0.39 TPa in

our calculations. The longitudinal and transverse Young's modulus of SWNT

were taken as 1 TPa and 0.41 TPa, respectively, and the Poisson's ratio of a

SWNT is taken as 0.16.66

Since CNT has a similar hexagonal arrangement of carbon atoms as the

graphite crystal, the CTE of graphite crystal, such as �c of 25� 10ÿ6/K (15±

800ëC) in c-axis and �a of ÿ1:5� 10ÿ6/K (0±150ëC) in a-axis,66 were used as

CTE of CNT in the calculations. The CTEs of PS and SU-8 epoxy are

28� 10ÿ6/K and 52� 10ÿ6/K, respectively.67 From concentric cylinder model

of elasticity,64 the radial stresses for SWNT/PS and SWNT/epoxy are estimated

to be about ÿ45MPa/K and ÿ26MPa/K. Hence thermal residual stress from

CTE mismatch could be a significant factor contributing to CNT-polymer

adhesion, in terms of promoting closer contacts and thus mechanical

interlocking mechanisms.

13.3.4 Mechanical interlocking

Local non-uniformity along a CNT, including varying diameter and bends and

kinks at places as a result of non-hexagonal `defects,' contribute to CNT-

polymer adhesion by mechanical interlocking (Fig. 13.6(d)). In the case of CNT

pullout, for instance, extra mechanical work has to be provided for CNT and the

polymer to deform at `rough contacts' in order for them to slip past each other,

compared to CNT-polymer contact along a smooth CNT surfaces. To illustrate

the idea, a molecule model of a CNT with diameter variation embedded in an

array of linear polymer is constructed and the CNT was pulled through the

polymer `brush' from the end with smaller diameter (Fig. 13.10). The diameter

of the larger and smaller ends of the CNT are 20.1 and 13.3AÊ , respectively, and

its length is about 31AÊ .

As the CNT and the polymer are being displaced relative to each other

against the `interlock' (represented by the changing CNT diameter), extra

energy is needed to deform the polymer. This is shown in Fig. 13.10, where a

steep rise in potential energy of the system is seen when the portion of CNT with

larger diameter is draw into the polymer and causes deformation of the polymer.

Close contact between CNT and polymer as well as non-uniformity in CNTs

suggest that mechanical interlocking could be an important contributor for CNT-

polymer adhesion.
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Taken together, CNT-polymer interactions have the following contributions

at the nanometer scale:

1. Under no chemical bonding between CNT-polymer, the origins of CNT-

polymer interactions are electrostatic and van der Waals forces.

2. Mismatch in CTEs is a significant factor contributing to both non-bond

interactions and mechanical interlocking, because compressive thermal

residual stress may increases the contact area between CNT and the

surrounding polymers.

3. Local non-uniformity of a CNT embedded in polymer matrix may result in

nano-mechanical interlocking, an effect similar to the clenching of gears.

It is believed that the high CNT-polymer interfacial shear stress obtained from

molecular simulation is attributed, to a large extent, to the intimate contact

between CNT and the polymer matrix at nanometer scale. CNTs offer a much

13.10 A molecular model of a CNT embedded in two layers of short linear
polymer array. Extra energy is needed to pull the CNT through the `interlock',
modeled as a change in CNT diameter.

Single-walled carbonnanotubes in epoxy composites 345



smoother contact surface deprived of local cavities for polymer adsorption, in

contrast to polymer-micro fiber interface which might be full of local

irregularities that are prone to micro crack development under applied load.

13.4 Long-term performance of unidirectional CNT/
epoxy composites

Although many important mechanical properties of CNT, such as tensile

strength and elastic modulus have been measured and/or simulated, as discussed

earlier, studies on the long-term performance of CNT or CNT reinforced

composites are still lacking. An understanding of their behavior under repeated

mechanical loads will enable the potentials of CNT for structural applications to

be better realized. In this section we present a study on the fatigue behavior of

unidirectional, aligned SWNT rope reinforced epoxy composite, its fatigue

failure mechanisms, and a molecular mechanics-based life prediction scheme for

CNT time-dependent behavior.

13.4.1 Fatigue behavior

The SWNT ropes used were the same as those used for bundle strength

measurements discussed earlier. The matrix material used was Epicote 1006

epoxy resin, a room temperature curing system. 32 dog-bone SWNT/epoxy

specimens with dimensions of 40mm � 3.5mm � 0.4±0.6mm were obtained.

The gauge length of the specimens was about 15mm, and the length of SWNT

ropes embedded in the epoxy was about 20mm. Details of the fabrication

method can be found elsewhere.68 The volume fraction of SWNT ropes in the

composite was controlled within the range of 0.1±0.9%. Specimens were

cyclically tested by an Instron 8800 Microforce Tester under tension-tension at

5Hz, using a sinusoidal wave function at R ratio (ratio of minimum to maximum

cyclic stress) of 0.1.

The S-N data of the SWNT/epoxy composite is shown in Fig. 13.11. Also

included in the figure is the tensile strength data of SWNT, obtained previously.33

Since the SWNT volume fraction varied from sample to sample, stress on SWNT

cannot be inferred directly if the composite stress were used in the S-N plot.

Therefore, the maximum cyclic stress of SWNT, calculated using rule-of-

mixture, is plotted against the number of cycles to failure of the composite. The

Young's modulus of SWNT was estimated as 800GPa,33 and the maximum

cyclic stress of SWNT was calculated to be between 5.37 and 24GPa.

The S-N data of unidirectional carbon fiber reinforced epoxy, shown in the

gray rectangular region of Fig. 13.11, are adapted from Ref. 69, which encom-

passes unidirectional carbon/epoxy data from a variety of sources. In Fig. 13.11,

the maximum cyclic stress of the carbon fiber instead of that of the composite is

used in order to make a comparison with the data from the present study. A
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simple linear relation often used for S-N curve is �a=�ult � 1ÿ m log N , where

�a and �ult are applied and ultimate stress, respectively, N the number of cycles

to failure, and m the slope of the normalized S-N curve. Despite considerable

scattering within 103 cycles, the S-N curve of the SWNT/epoxy composite is

quite flat, similar to the characteristics of the unidirectional carbon/epoxy

composites. According to Ref. 69, slope m for most unidirectional carbon/epoxy

composites ranged from 0.035 to 0.057. For SWNT/epoxy composites, a m value

of 0.042 was obtained from linear regression, which is within the range of the

unidirectional carbon/epoxy composites. However, it is should be mentioned

that the estimated maximum cyclic stress of SWNT is at least twice that of the

carbon fiber in unidirectional composites. In other words, the fatigue strength of

SWNT in epoxy is at least twice that of carbon fibers.

13.4.2 Fatigue mechanisms

All fatigue fracture of SWNT/epoxy samples occurred within the gauge region.

Nanotube-matrix splitting is not seen, as compared to fatigue damage of carbon

fiber composites where fiber-matrix splitting is a common damage mode.

Macroscopically, the SWNT/epoxy composite exhibited a brittle type fatigue

13.11 S-N diagrams. Filled circles are data obtained from this study. Quasi-
static tensile data (square with white circle) are adapted from Ref. 33, error bar
represents standard deviation. The gray rectangular region covers most S-N
data for unidirectional carbon fiber reinforced epoxy composites, adapted from
ref. 69.
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failure with flat fracture surfaces, similar to the fracture surface of unidirectional

carbon/epoxy composites. However, local failure modes around the SWNT

ropes showed ductile-like failure with plastic deformation of the epoxy and

pullout of SWNT ropes, as are seen from Fig. 13.12. Matrix cracks bridged by

SWNT ropes are also obvious. Pullout of SWNT bundle can be seen on the

fatigue fracture surface. Pullout length of SWNT ropes from the epoxy matrix,

examined from SEM images, is about 30�m, some can even reach 40�m or

longer. Long pullout length of SWNT ropes from the epoxy matrix and the

strong interfacial shear stress suggests that CNT can be ideal reinforcement for

composites with high fracture toughness.

TEM was used extensively to unravel SWNT fatigue failure mechanisms at

the nanometer level, and several fatigue damage/failure modes were revealed:

· splitting of SWNT bundles,

· kink formation in the SWNT bundle and subsequent failure, and

· fracture of SWNT bundles.

Splitting

Two kinds of SWNT splitting are seen: (a) dendrite-like splitting at the very

fracture tip, and (b) splitting within a rope away from the fractured tip (Fig.

13.13(a)). Both kinds of splitting are observed extensively. Splitting of SWNT

rope is believed caused by differences in interactions between the SWNTs of the

outer-layer of a bundle with the polymer matrix, and inter-tubular interactions

within a bundle during cyclic loading. The dendrite-like morphology of pulled-

out SWNT ropes at the fractured tips is found to be a ubiquitous damage mode,

possibly as the result of debonding and splitting of individual SWCNT from a

rope inside the matrix during fatigue.

13.12 FESEM images of SWNT/epoxy fracture surface: (a) Pulled out CNT
bundles as long as 30±40�m can be seen. Plastic deformation of the matrix is
obvious. Scale bar is 2�m. (b) Fracture surface in lower magnification. The
failure modes of the composite portion include SWNT pullout, matrix cracks
bridged by SWNT. Scale bar is 10�m.
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Kink formation and failure of SWNT ropes

Kinks on the SWNTs are characterized by sharp angle on the convex side, with

occasional failures, as shown in Fig. 13.13(b). It is likely that they are the

result of repeated loading of misaligned SWNTs, or SWNTs debonded from

the matrix. CNTs have been found to have excellent resilience, even larger

bending deformations would not produce plastic deformation involving the

observed kink formation. Thus the kink formation and subsequent failure

suggest possible fatigue damage (i.e., accumulated carbon bond dissociation

over time) has occurred within the vicinity of the kink. Kink formation is

observed extensively. Repeated kinking could eventually lead to rupture of

SWNT bundles. Since kinks are associated with splitting, and a split SWNT

rope does not necessarily contain a kink, it can be deduced that kinks come

after splitting.

13.13 TEM images of fatigue failure surfaces: (a) very tips of pulled-out
SWNTs on a fracture surface. The pulled out SWCNT bundles showed a
dendrite-like morphology, believed resulted from splitting of SWCNT rope
during fatigue, (b) kink-induced failure of a SWNT bundle, (c) brittle-like
failure and (d) ductile-like failure of SWNT bundle.
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SWNT fatigue fracture mode

SWNT fractures are observed at the very tips of pulled-out SWNTs (Fig.

13.13(a)), and within SWNT bundles away from the tips. Some of the SWNT

failures are characterized with rather flat fracture surfaces, a characteristic of

brittle-like failure (Fig. 13.13(c)). It should be mentioned that the fractured

bundle shown in Fig. 13.13(c) may contain many SWNTs. In Fig. 13.13(d),

tearing fractures are seen, where SWNT ropes are torn apart, leaving a ductile-

like fracture surface. For some SWNT ropes, stepwise, abrupt changes in

diameter are seen, indicating that SWNTs within a rope may not be broken at the

same time or at the same location.

Recent studies on CNT defects and fractures suggested that topological

defects of CNTs could be explained by the Stone±Wales mechanism,35,70 and

fracture of CNTs can be attributed to the plastic deformation of CNTs as a

result of the gliding and separation of 5-7-7-5 defects. Molecular mechanics

simulations of fracture patterns of six different SWNTs (defect-free armchair

and zigzag SWNT, and these two types of SWNT with a single Stone-Wales

defect) suggest that simulated results do bear a resemblance to the observed

fracture surfaces shown in Fig. 13.13(c)±(d),71 and they also agree with the

simulation results of Belytschko et al.70 The subsequent question is, can we

predict time-dependent behavior of CNT based on molecular level

simulations?

13.4.3 Prediction of SWNT time-dependent behavior

Based on the kinetic concept of fracture of Zhurkov,72 it is assumed that a CNT

will rupture along the direction where the bond has the comparative larger strain

energy, due to the result of the atomic thermal motion and the preference of

bond dissociation under a strain that is smaller than the critical value. The

process of CNT fracture is described in a statistical scheme where the

probability of bond breakage is only determined by two parameters, the energy

gap of the bonds before and after the dissociation, and the temperature.

To illustrate the idea, we consider the time-dependent fracture of a zigzag

type SWNT subject to axial tension, as shown in Fig. 13.14, where the process

of onset and propagation of an atomic-sized crack (shaded region) in the

nanotube is illustrated. The two C-C bonds at the crack front (represented in

bold) oriented parallel to the axis are sustaining greatest strain. We identify

each of the discrete crack geometries with i, the number of broken C-C bonds

within the crack, and denote u0 and ui the strain energy associated with the C-

C bond of an intact nanotube, and an i-th mode crack front C-C bond oriented

parallel to the tube axis, respectively. In light of Zhurkov's model,72 we

postulate that the lifetime, ti, of a strained i-th mode crack front C-C bond in a

CNT is
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ti � �0 exp
U0 ÿ ui

kT

� �
�13:5�

where k is the Boltzmann constant, U0 is the bond dissociation energy, and ui
represents the strain energy of the bond near absolute zero before dissociation,

such that U0 ÿ ui is the energy barrier.73

At present direct experimental determination of ui is not possible due to

CNTs' extremely small size. Alternatively, the strain energy can be estimated

through molecular mechanics calculations. Owing to the discrete atomic

structures of CNTs, we propose `strain energy concentration' for CNT fracture

analysis. The strain energies, Ei, for the nanotube and ui for the crack front C-C

bond can be approximately fitted into quadratic functions at small strains, �,

such that

Ei � ai�
2 �13:6a�

ui � bi�
2 �13:6b�

The tensile force per unit length (of the nanotube circumference), Ti, applied at

the ends of the CNT is the first-order derivative of the strain energy

Ti � @Ei

@�
� 2ai � �13:7�

Taking into account CNT bundles as solid ensembles in a matrix material, we

approximate the cross-sectional area, A, of a CNT by ��r � h�2, in which r is the

radius of the nanotube and 2h the gap between two adjacent nanotubes. Using

Eq. (13.7), the stress at the end of the nanotube is

� � 2�rTi
A
� 4air

�r � h�2 � �13:8�

Substituting Eq. (13.8) into Eq. (13.6b), the strain energy of the bond is

ui � i�2 �13:9�
where i is the coefficient of strain energy concentration and it reads

13.14 Schematic diagramof crackingmodes of a zigzag type carbonnanotube.
The number of broken bonds is denoted by parameter i. The crack front C-C
bond with strain energy ui is represented in bold.
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i � bi�r � h�4
16a2i r

2
�13:10�

i is a function of the cracking mode, radial dimension, and chirality of the

nanotube. It characterizes the non-uniform local strain energy distribution as a

result of a flaw in the CNT. Knowing i, the lifetime, ti, of a bond and the time-

to-failure of a nanotube can be determined.

Here we consider a zigzag type (18, 0) carbon nanotube. Molecular

mechanics simulations reveal that a crack expands along the circumference of a

zigzag SWNT perpendicular to the loading direction, thus the time-to-failure of

an intact nanotube, t, is the summation of the lifetime, ti, of each individual C-C

bond around its circumference

t �
X17
i�0

ti �
X17
i�0

�0 exp
U0 ÿ i�2

kT

� �
�13:11�

In the present case there should be 18 C-C bonds to be broken for complete

separation. According to Ref. 70, the strain at the inflection point on the curve of

the potential energy of C-C bond, which is believed to be the critical point for

bond dissociation, is 19%, and the corresponding bond dissociation energy, U0,

is 1.84 � 10ÿ19 J. The reciprocal of the fluctuation frequency of atoms, �0, is
usually taken as 10ÿ13 s, the Boltzmann constant k is 1.38 � 10ÿ23 J/K, and
room temperature is assumed to be 300K. Using r of 1.4 nm, 2h of 0.34 nm (the

representative distance between two adjacent graphite layers64), and simulation

results of ai and bi in Eq. (13.10), i are obtained for a range of crack size and

applied strains. The increase of i as the crack grows leads to a rapid decline of

C-C bond lifetime, ti, in Eq. (13.11). The results of time-to-failure are shown in

Fig.13.15: the dashed lines are lifetime curves of crack front C-C bonds with i

broken bonds within a crack (i = 0 - 5), and solid lines are time-to-failure curves

of a nanotube with a crack of the i-th mode (i � 0±5). Thus time-to-failure for a

zigzag (18, 0) SWNT with a preexisted defect of i-th mode is the summation

from ti to t17, according to Eq. (13.11), i.e., each solid line in Fig. 13.15 is the

superposition of the dashed lines underneath. It is seen that the i-th solid curve

(of the SWNT) is very close to the dashed curve of ti when the stress is relatively

large, implying that the time-to-fracture of a nanotube is dominated by the

lifetimes of a few C-C bonds after initial bond dissociation. When the stress is

low, more bonds contribute their lifetime to the total time-to-failure of the

nanotube, resulting in a flattening of the solid curve, so that the stress versus

logarithm of time-to-failure curve is approximately linear. A comparison of the

model prediction and fatigue data presented earlier is also shown in Fig. 13.15.

Note that each data point in Fig. 13.15 represents failure of a SWNT rope/epoxy

composite sample. The `composite effect' begins to emerge at low load, long

life region, where fatigue data `outperforms' predictions. Nonetheless, the data

do fall within the range of predications of the current kinetic model. It is realized

352 Polymer nanocomposites



that frequency effect, SWNT size effect, and multiple SWNT fractures, may also

exercise influence, to various extent, on the lifetime of a SWNT, which could be

topics for further studies.

13.5 Conclusions

In this chapter we have addressed several issues concerning strength, interface,

and long-term behavior of carbon nanotubes and carbon nanotube reinforced

polymeric composites, from mechanics point of view. Although tensile strength

of CNTs was experimentally determined and simulated at the molecular level in

previous studies, a fundamental understanding of the atomic mechanisms

leading to the observed wide statistical distribution is still lacking. In particular,

what kind of defects exist in the CNTs from a specific synthetic process, how

they are distributed along a CNT, how they interact under applied load, and

more importantly, how they can be controlled in synthesis are problems to be

addressed in the future.

Intricate experiments and modeling at both molecular and microscopic level

have been performed to elucidate CNT-polymer interactions at the interface.

13.15 Time-to-failure of zigzag (18, 0) SWNTs versus applied stress. Dashed
lines are lifetime curves of crack front C-C bond; solid lines are time-to-failure
curves of intact nanotube (i � 0), and of nanotubes with preexisted flaw
(i > 0). Only the results of the first six cracking modes are shown. Solid circles
are results of fatigue experiments.

Single-walled carbonnanotubes in epoxy composites 353



The majority of the results seem to suggest that CNT-polymer interfacial

strength is much higher than that of conventional micro-fiber reinforced

polymeric composites. Nonetheless, mysteries still remain. For instance, it has

been observed in some cases that `interfacial failure' during CNT pullout was

not occuring at the CNT-polymer boundary but rather it was a polymer failure

near the CNT-polymer boundary. Despite our very limited current under-

standing, there is still a lot of room for clarifying the physics at the CNT-

polymer interface. A better understanding on the strength (and weakness) of

CNTs and CNT-polymer interface issues enable us to design and create

nanocomposites with predictable properties and performance.

We have just begun to study the long-term behavior of CNT/polymer

composites, but are far from understanding it. Although only a few studies on

CNT/polymer composite long-term behavior are available to date, the results are

encouraging in comparison with unidirectional carbon fiber reinforced

composites. Continuing and extended efforts in this direction are needed to

better realize the potential of CNT/polymer composites for long-term structural

applications. It should be mentioned that currently there is no creep or creep

rupture data for CNTs and CNT/polymer composites, nor is there data for

fatigue behavior of CNTs, to the best of our knowledge. Although a simple

molecular framework has been proposed for predicting the time-dependent

behavior of CNTs, many related issues, such as the effects of defects and defect

interactions on the time-dependent behavior still await future efforts for a more

accurate description of the physical processes.
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14.1 Introduction

This chapter focuses on the preparation of nanocomposite materials using carbon

nanotubes (CNTs) as the fibre material and carbon 60 (C60) crystals as the matrix.

CNTs are a type of higher order fullerene and have a seamless cylindrical

structure formed by the rolling of a graphene sheet.1 The transmission electron

microscope (TEM) image of a CNT and its atomic structure models are shown in

Fig. 14.1. In several cases, the atomic configuration of the hexagonal carbon

network of CNT takes a helical structure. Band structure calculations predict that

chiral CNTs are either semi-conducting or metallic depending on their diameter

and helical angle;2,3 therefore, the CNT is a candidate for novel electronic

devices. The remarkable features of CNTs are not limited to the electrical

properties but extend to the mechanical properties. It has been reported that the

Young's modulus of a CNT is extremely high and is of the order of TPa.4±7

Moreover, CNTs are not brittle and can be bent plastically. In-situ TEM

observations show that bending of a CNT above the elastic limit leads to

structural defects, such as the folding of the cylindrical wall or an exfoliation of

the layers, which result in a plastically deformed CNT.8,9 On the other hand,

bending of conventional carbon fibre above the elastic limit causes brittle

fracture. Owing to the mechanical properties, CNTs are expected to be an ideal

fibre material for composites.10,11 For practical applications, the development of

a CNTmass production process is indispensable. The technical problems are now

being solved by the application of chemical vapour deposition (CVD) techniques.

In the near future, CNTs will be widely used as fibre materials for composites.

On the other hand, C60 is a type of fullerene with a highly spherical molecular

structure. The spherical molecules crystallise at room temperature in the form of

a face-centred cubic (fcc) structure with C60 molecules at eight corners and six

centres of a cube (Fig. 14.2). The C60 crystal has unique mechanical properties

owing to its highly symmetrical fcc structure. Similar to common metals, the

{111} <110> slip system allows the deformation of C60 crystals. The elongation

of a nanocrystalline C60 specimen (approximately 50 nm in grain size) is larger

14
Fullerene/carbon nanotube (CNT) composites

T KU ZUMAK I , The University of Tokyo, Japan



14.1 High-resolution TEM image and typical atomic structure models of a
CNT.
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and the work hardening rate is either similar to or lesser than those of

polycrystalline C60.
12,13 Moreover, the C60 crystal is known to be polymerised

by ultra high pressure sintering.14±19 The polymerised C60 crystal is insoluble in

organic solvents such as toluene, and it hardens in comparison with a pristine

C60 crystal. These characteristic differences of C60 crystals are interesting in

terms of material design.

The above-mentioned features of these novel carbons may contribute to the

production of novel carbon/carbon (C/C) composites. This chapter consists of

three main sections. The first section discusses the fabrication of the C60/CNT

14.2 Molecular structure of C60 and a vapour-grownC60 crystal.

Fullerene/carbonnanotube (CNT) composites 361



composite by the drawing process. A novel C/C composite was produced at

room temperature by drawing a silver tube containing CNTs as the fibre material

and nanocrystalline C60 as the matrix. An aim of this preparation method is to

control the orientation of the CNTs in the matrix. The second section discusses

the fabrication of the composite by ultra high pressure sintering. The obtained

structure of the C60 matrix was characterised by X-ray diffraction (XRD), TEM

and electron energy loss spectroscopy (EELS). In the third section, a possible

application of the drawn composite is presented. The application potential of the

composite as an electron source is investigated by evaluating the electron

emission characteristics of the CNTs.

14.2 Fabrication of the composite by the drawing
process

14.2.1 Introduction

The composite structure design involving orientation of the fibres in the matrix

is an important factor in fibre-reinforced composite fabrication. Since CNTs can

be deformed plastically by the application of external forces, plastic working

such as drawing and extrusion can be applied for the production of composites.

In this section, the preparation of the CNT reinforced nanocrystalline C60 matrix

composite by the drawing process is presented, followed by a description of the

composite structure and mechanical characteristics.20,21

14.2.2 Preparation of the composite

The CNTs and C60 were synthesised by the carbon DC arc discharge method

(25V, 300A) in a helium (purity: 99.999%) atmosphere at 5.3 kPa.8,9 The

carbon powder obtained from the cathode debris on a graphite block was

dispersed into ethanol by sonication to separate CNTs from other admixtures.

The CNT content of the refined carbon powder used in this experiment was

approximately 60 vol.%. The average length and diameter of the CNTs were

approximately 2.1�m and 15 nm, respectively.

The nanocrystalline C60 powder was prepared by the inert gas condensation

method. C60 purified by high performance liquid chromatography was

evaporated in a helium (purity: 99.9999%) atmosphere at 1.3 kPa. Ultra fine

particles were collected on the surface of a stainless steel cylinder cooled by

liquid nitrogen. The average grain size of nanocrystalline C60 was determined to

be approximately 50 nm by TEM. A mixture of nanocrystalline C60 and carbon

powder (C60:C powder = 6:4) was packed in a silver sheath and drawn to

produce a multicore wire, as shown in Fig. 14.3. In the first step, the mixture

packed in the sheath was drawn to produce a hexagonal shaped wire with a

diameter of 1mm. Next, seven such wires were closely packed in another
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sheath, and the diameter of the new sheath was reduced from 6.0mm to 0.1mm

by the drawing process.

14.2.3 Nanostructural characterisation

Structure of the as-drawn composite specimen

The specimen with seven composite regions can be observed in a cross section

of the drawn wire, as shown in Fig. 14.4. The CNTs are not damaged and are

aligned along the longitudinal direction of the wire, as shown in Fig. 14.5. The

14.3 Processing scheme of the C60/CNT composite.

14.4 Cross-sectional view of the drawn composite.
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microstructure of the composite is complex and comprises straight CNTs,

deformed CNTs and carbon nanoparticles.

Structure of the heat-treated composite specimen

C60 crystal is thermally unstable and sublimes above approximately 853 K in an

open atmosphere. In the present composite, however, the original morphology

remained unchanged when subjected to a heat treatment at 1243K for 54 ks. The

Raman scattering spectrum shown in Fig. 14.6 exhibits no obvious peak of C60,

diamond or graphite; however, a broad spectrum is observed near the graphitic

and disordered bands. High-resolution TEM observations of the heat treated C60

matrix revealed an amorphous phase along with the (111) plane of a C60 crystal.

These results suggest that the C60 matrix loses much of its molecular

crystallinity and becomes amorphous during the heat treatment. The CNTs in

the matrix are not damaged by the heat treatment.

14.2.4 Bonding interaction at the interface

Tensile test of the heat treated composite

The mechanical properties of the composite that was desheathed by the

evaporation of silver during the heat treatment at 1243K and 54 ks were investi-

gated by a conventional tensile test (Autograph, AGS-D Type 3, Shimadzu) at

room temperature. The desheathed composite specimen yielded a tensile strength

14.5 TEM image of the tip of the drawn composite. CNTs were aligned along
the longitudinal direction of the composite wire.
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of 18MPa and a fracture strain above 10% (Fig. 14.7). The fracture stress of the

composite was found to be approximately 20 times that of polycrystalline C60

(1MPa). Neither an elastic region nor a yield point of the specimen could be

specified. Necking of the specimens was rarely observed during the tensile test.

The fractured surface of the composite specimen indicates that the CNTs were

pulled out without breaking the C60 matrix (cf. Fig. 14.5). The inhomogeneity of

the composite, which is due to the fact that the carbon powder used in this

experiment contained impurities such as carbon nanoparticles or flake like glassy

carbon, resulted in the scattering of the data points in the tensile tests, yielding the

average values of the tensile strength and fracture strain as 17MPa and 11%,

respectively.

Hardening mechanism of the matrix

The new C/C composite shows an excellent fracture strain greater than 10%. On

the contrary, the fracture strain of conventional carbon materials is only 1±2%,

although they have an extremely high strength and rigidity.

14.6 Raman spectrum of the composite that was heat-treated at 1243 K.
Raman measurement was carried out at room temperature by an Ar+ laser
(514.4nm) with an incident power of 0.1mW/1�m�. The spectra of graphite,
diamond and C60 crystal are shown for reference.
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The nanocrystalline C60 specimen exhibits a behaviour similar to that of

superplasticity and demonstrates a large strain at room temperature, which may

be due to grain boundary sliding that originates from the weak bonding of

molecular forces.12 In the present experiments, however, the stress-strain curve

and the fractured surface indicate an absence of the superplastic behaviour. This

may be due to the decomposition of the C60 phase into the amorphous phase

during the heat treatment.

This decomposition is supported by the Raman spectrum and TEM

observations, which clarify that the structural features of the C60 crystal

disappear due to the heat treatment along with the appearance of the amorphous

phase. The Vickers hardness of polycrystalline C60 is known to increase with the

heat-treatment temperature. Therefore, it can be speculated that the amorphous

phase contributes to the hardening of the matrix and suppresses grain boundary

sliding in the remaining nanocrystalline C60. These considerations suggest that

the possible role of the plasticity of matrix due to crystallographic slip or grain

boundary slip may not affect the observed ductility of the composite.

Mechanical properties and nanostructure of the matrix/fibre interface

Microstructural observations of the composites suggest that their elongation

originates due to sliding that occurs at the interface between the CNT and the

C60 matrix. In this subsection, the interfacial structure is observed by using an

electron microscope, and the mechanical properties of the interface are

14.7 An example of the stress-strain curve of the heat-treated composite.
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examined by a micro pull-out test performed using pitch-based high modulus

carbon fibres deposited by the C60 single crystal instead of the C60/CNT

composite.20±22

A single crystal of C60 was grown on a CNT by vapour phase growth, as

shown in Fig. 14.8. The CNTs and C60 powders were placed separately at the

opposite ends of an evacuated and sealed quartz tube and heated in a tem-

perature gradient (873±723K).

For the pull-out test, a single crystal of C60 was vapour deposited on high

modulus pitch-based carbon fibres (Young's modulus: 700GPa, Tohnen Co. Ltd.)

by the above-mentioned method. The fibres have a diameter of 10�m and their

surface structure is similar to that of the CNTs. The shear strength of the interface

was estimated from the load-displacement (L-D) curve of the pull-out test, which

was performed in an Instron-type tensile testing machine (Autograph AGS-D

Type 3, Shimadzu) at room temperature with a cross head speed of 0.5mm/min.

The fine C60 single crystal grown on a CNT is faceted by {111} planes of the

fcc structure as in the case of a large bulk specimen. The epitaxial orientation

relationship of the C60/CNT interface is restricted to the parallel direction

because of the cylindrical shape of the CNT. The fibre axis of the CNT is

observed to be parallel to <110> of the C60 crystal, as shown in Fig. 14.9. In the

case of a carbon fibre-C60 composite, C60 crystals of sizes ranging from

micrometres to millimetres were formed on the carbon fibre (Fig. 14.10). As

shown in Fig. 14.11, the interfacial structure of C60/CNT is morphologically

similar to that of the C60/carbon fibre. The pull-out tests were performed on

three specimens in which the carbon fibre axis was parallel to <110> of the C60

crystal. The L-D curve exhibits a nonlinear behaviour; the `steps' are indicated

by arrows from the beginning of the test (Fig. 14.12). The fibre was pulled out

immediately once the maximum load was realised. Load fluctuation due to

14.8 Schematic diagram of the equipment used for the preparation of the
composite.
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14.9 TEM image of a C60 crystal epitaxially grown on a CNT.

14.10 SEM image of a C60 crystal grown on a carbon fibre.
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pulling out of the fibres, i.e. `stick slip' could not be detected within the

experimental resolution.

In the scanning electron microscope (SEM) image of the C60 crystal obtained

from the pull-out test, no substantial evidence of the plastic deformation, such as

the slip line, is observed near the hole edge. This result indicates that the

nonlinear behaviour of the composite is caused by the microscopic debonding of

the interface that begins at the surface and moves along the fibre and the

sequential interfacial sliding, but not by the plastic deformation of the matrix.

The shear strength of the interface was evaluated by the maximum load

(� 1:4mN) and embedded length of the carbon fibre (� 1:0mm) to be

approximately 4.4 � 10ÿ2 MPa.

The fracture behaviour and mechanical properties of the composites are

generally influenced by the interfacial structure or the fibre/matrix interactions.

The nonlinear behaviour in the L-D curve and the pull-out of the fibre from the

matrix without plastic deformation have demonstrated experimentally that the

weak bonding between the fibres and C60 by the van der Waals force allows the

shear sliding deformation at the interface. The weak interaction between the

14.11 TEM image of a C60 crystal grown on a carbon fibre.
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fibres and C60 can be comprehended qualitatively from the following structural

analyses of the interface.

The geometrical configuration of C60 molecules in the graphitic basal plane is

shown in Fig. 14.13. The epitaxial orientation relationship between the CNT and

C60 crystal is ineffective in reducing the interface energy even if the composite

has a planar interface because the lattice constant of C60 crystals (1.147 nm, the

nearest neighbour intermolecular distance is 1 nm) is significantly different from

that of the graphitic basal planes (the a-axis lattice constant is 0.236 nm).

Moreover, the bonding of the graphitic basal plane with C60 is weaker than that

with the metallic substrate. Further, the graphitic basal plane has no specific trap

sites for the C60 molecules because graphite, unlike the silicon substrate, lacks

dangling bonds. This explains why the long-range epitaxial relationship is

difficult to achieve in the C60/graphite interface.

If the rotations of the C60 molecules occurring in the fcc lattice can be

prevented by the �-electronic interaction at the interface with the graphite

substrate, there exists a possibility that the epitaxial relationship may hold

locally because of the correspondence of the hexagonal carbon ring in C60 with

that in graphite. However, the epitaxial relationship between C60/CNT is likely

to be ineffective in reducing the interface energy because the curved plane (side

wall) of the CNT with a small curvature radius restricts the area of the epitaxial

relationship to the range of 2±3 unit cells in the C60 crystals.

14.12 An example of the load-displacement (L-D) curve of a C60/carbon fibre
composite during the pull-out test.
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The scanning tunnelling microscope observation of the C60 molecules that are

vapour deposited on highly oriented pyrolytic graphite (HOPG) revealed that the

bonding at the C60/graphite interface is not strong and the C60 molecules can

easily migrate to the HOPG. Therefore, interfacial debonding and sliding defor-

mation can easily occur in the C60/graphite interface. The experiments have thus

indicated that the ductility of the C60/CNT composite does not originate from the

matrix deformation but from the interfacial sliding between the C60 matrix and

CNT. Further discussions with energy calculations are required in order to

perform a quantitative analysis of the C60/CNT interface.

Moreover, if C60 molecules rotate on the graphite surface, they will behave as

molecular bearings at the interface, which is interesting from a tribological

viewpoint.

14.2.5 Summary

A novel C/C composite with excellent ductility was prepared using CNTs as the

fibre and nanocrystalline C60 as the matrix. The CNTs were not damaged during

the drawing process and were aligned in the longitudinal direction of the wire.

The composite wire that is desheathed by the evaporation of silver has a fracture

stress approximately 20 times that of polycrystalline C60 and a high fracture

strain greater than 10%.

The pull-out test of the C60/carbon fibre specimen is performed to analyse the

effect of the interaction at the interface on the mechanical properties of the C60/

14.13 Comparison of the lattice spacing at the interface betweenC60 andCNT.
The shaded circles represent the configuration of the C60 (111) plane in the
CNT.
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CNT composite. The sliding deformation readily occurs at the C60/graphite

crystal interface with slight deformation of the matrix. Structural analyses of the

C60/CNT composites based on high-resolution TEM observations indicate that

the epitaxial relationship of the interface is ineffective in stabilising the inter-

face. It is concluded that the ductility of the C60/CNT composite is caused by the

sliding at the interface between the CNT and C60, which is due to the weak

bonding between the graphitic basal plane and C60. Interfacial sliding is

observed between single crystals of C60 and carbon fibres without either

deformation of the C60 matrix or the fracture of fibre. It is inferred that shear

sliding, which is caused by the weak bonding between C60 and the graphitic

basal plane, is responsible for the pull-out of the carbon fibre from the C60

matrix. The experiments also indicate that the ductility of the C60/CNT com-

posite probably originates from the sliding at the interface between the C60

matrix and CNT.

14.3 Fabrication of the composite by ultra high-
pressure sintering

14.3.1 Introduction

The C60 crystal is known to be polymerised by heating under a high pressure.

The structural change effects a change in the chemical or mechanical charac-

teristics. To date, the structural characterisation of the high-pressure sintered C60

has been performed by XRD, Fourier transformed infrared spectroscopy and

Raman scattering spectroscopy.14±19 Four polymerised structures, namely, fcc,

rhombohedral, tetragonal and orthorhombic structures have been proposed on

the basis of the experimental results and theoretical calculations. However, very

few studies have been conducted on the microstructural analyses using TEM.23

Further, the behaviour of the CNT under high compression stress is noteworthy.

In this section, the C60/CNT composite is fabricated by heating in a high

pressure, and the nanostructures of the C60 matrix and the CNT are subsequently

characterised by high-resolution TEM observations and EELS measurements.24

14.3.2 Preparation of the composite

The CNTs and C60 were synthesised by the carbon DC arc discharge method.8,9

The CNTs were purified from the fibrous masses by using a combination of an

ultrasonic processor and centrifugation in a disperse medium. C60 powders of

99.95% purity were mixed with 20mass% CNTs in an agate mortar. Approxi-

mately 130mg of this mixed powder was encapsulated in a gold case. The

specimen was precompacted into a cylindrical shape and was compressed in a

belt-type compaction apparatus for 1 h at 1073K and 5.5GPa. Figure 14.14

shows a schematic diagram of the cross-sectional view of the high-pressure
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anvil. The rates of applying stress and heating were 0.18GPa/min and 35.8K/

min, respectively. The specimens were furnace cooled to room temperature and

then the pressure was released. The obtained specimen is pellet shaped with a

thickness of 1mm.

14.3.3 Nanostructural characterisation

XRD was performed on the compaction surface, cross section and crushed

powder of the specimen. The XRD profiles shown in Fig. 14.15(b) reveal the

(200) reflection that does not appear in the pristine C60 phase. The relatively

strong intensity of the (220) reflection may be due to the <110> preferred

orientation along the compact direction, probably caused by the (111) <110>

slip system that allows considerable deformation of the C60 crystals.
13 The XRD

chart in Fig. 14.15(b) indicates that the matrix phase can be indexed as the fcc

structure with a lattice constant a .�. 1.31 nm. The lattice constant decreases by

approximately 8% relative to that of the pristine C60 (a � 1.42 nm) and is

approximately equal to the minimum value (a .�. 1.32 nm) reported by Takahashi

et al.23 In this specimen, an endothermic peak at approximately 563K has been

confirmed by differential thermal analysis. These results suggest that the h-C60

phase, a C60 phase that is subjected to high pressure, can be regarded as a

polymerised C60 phase.
14,24

14.14 Schematic diagram of the cross-sectional view of a high-pressure anvil.
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It is assumed that a more densely-packed structure may be stabilised under high

pressure such that the three-dimensional polymerisation of C60 may proceed with

the fcc symmetry. However, the XRD charts shown in Fig. 14.15(b)±(d) suggest

that the polymerised structure does not consist of the simple fcc phase. Figure

14.16 shows a TEM image of the matrix and the electron diffraction pattern. The

TEM observation was performed at an accelerating voltage of 120 keV. Although

the observed structure closely resembles the fcc structure, the angle between the

(111) planes (� 69ë) slightly deviates from that of the cubic structure angle (angle

between (111) and (111) � 70.5ë). The observed angle is closer to the angle of

either the tetragonal distortion (a .�. 1.25 nm, c .�. 1.32 nm, angle between (111)

and (111) = 69.1ë) or the rhombohedral distortion (a .�. 0.98 nm, � � 56:3, angle
between (020) and (002) � 69.1ë). Hence, the obtained polymerised structure

cannot be confirmed from the TEM image alone. As a result of the chart fitting,

the distorted structure can possibly be approximated by the rhombohedral

14.15 X-ray diffraction chart obtained using monochromated Cu k� for (a)
pristineC60, (b) compaction surface, (c) cross section and (d) crushedpowder.
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structure, as shown in Fig. 14.15(c) and (d). The inhomogeneity of the

polymerised structure may be ascribed to the mechanical characteristics of the

C60 crystal, the stress distributions or the anisotropy of the pressure during the

high pressure treatment.

On the other hand, a typical example of the fcc structure is shown in Fig.

14.17. In several cases, the fcc phase is accompanied by stacking faults. The

polymerisation of C60 with maintaining fcc symmetry is severely restricted by

the symmetry of C60 molecule,23 so that the minor deviations of the

intermolecular bonding may not be allowed to form the long-range ordering

of the fcc C60 polymerisation. It is expected that the minor deviations resulting

from the loss of the fcc symmetry during the polymerisation of C60 molecules or

14.16 High-resolution TEM image of a polymerised C60 crystal and the
electron diffraction pattern.

14.17 High-resolution TEM image of a polymerised C60 with stacking fault.
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the lattice distortion caused by anisotropic high compression may be relaxed by

introducing the stacking fault.

Figure 14.18 shows the result of the EELS measurements. The EELS

spectrum was obtained by a TEM equipped with a Gatan PEELS spectrometer

with an energy resolution of 1.5±1.8 eV. The h-C60 phase can be distinguished

from the pristine C60 by EELS. The EELS spectrum of pristine C60 shows a

peculiar peak near 290 eV (the arrowed peak in Fig. 14.18(b)). In contrast, such

a peak is scarcely obtained in the h-C60 specimen within the experimental

resolution, as shown in Fig. 14.18(a). An EELS spectrum simulation estimated

by the multiscattering method (FEFF 725) suggests that the difference in the

spectra near 290 eV is possibly caused by the difference in the intermolecular

distance in C60.

The cylindrical structure of the CNT is also affected by the high-pressure

compaction. Figure 14.19 is an example of a partially collapsed CNT. A contrast

corresponding to the bend contour of the compressed part is observed. As shown

in Fig. 14.20, the innermost layer shows the �-bonding interaction due to the

interaction between p electrons. The interlayer spacing of the bonded layer is

14.18 EELS spectrum of (a) high-pressure treated C60 and (b) pristine C60

specimens.
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14.19 TEM image of a partially collapsed CNT.

14.20 High-resolution TEM image of the collapsed CNT. The arrows indicate
structural damage in the carbon layers.

Fullerene/carbonnanotube (CNT) composites 377



larger (.�. 0.44 nm) than that of the other interlayers (.�. 0.34 nm). The high-

pressure compaction causes certain structural defects in the CNT such as the

fracture of the graphitic layer and mismatches of the tube walls (see arrowed

sections in Fig. 14.20). The existence of these defects in the CNT suggests that

the dissociation of the C±C covalent bonding and the reconstruction of the

graphitic layer possibly occur under the high-pressure sintering.

The geometric configuration of the polymerised C60 on the CNT may be

predicted from the interfacial structure of C60/CNT.
20, 22 Further investigations

are required on the details of the intermolecular bonding of the polymerised C60

and the interfacial polymerisation between C60 and CNT.

14.3.4 Summary

The high-pressure sintering transformed the C60 matrix into a polymerised phase

with the fcc structure or a distorted phase. The polymerised C60 matrix phase

can be distinguished from the pristine C60 by EELS. The cylindrical structure of

the CNT was also affected by the high compression stress. A partially collapsed

CNT with structural defects was observed in this experiment. The nanoscale

porous structure of the polymerised C60 matrix may be advantageous for use as

materials in negative electrodes of secondary lithium ion batteries or hydrogen

occlusion. However, the charge±discharge characteristic of lithium ion or the

hydrogen occlusion characteristic is insufficient for practical use. Further

investigations are required for the elucidation of these mechanisms.

14.4 Application potential

14.4.1 Introduction

CNTs possess not only excellent mechanical characteristics but also electrical

characteristics that are important in engineering applications. After the mech-

anism of field electron emission from CNTs was elucidated, one of the most

expected applications of the CNT is as an electron source for novel thin flat-

panel displays.26±31 However, fundamental investigations related to the emission

mechanism of the CNTs are insufficient to estimate their potential as an electron

source, although the practical application of CNTs in field emission displays is

expected. As regards the electronic states of the various tip structures that were

applied to field emission microscopy and scanning tunnelling microscopy,32±36

few investigations are available for reference. A direct observation using TEM

will provide more reliable information on the electron emission mechanism of

CNTs. The C60/CNT composite that has the oriented structure of CNTs is not

only an ideal material as an electron source but also an ideal specimen for the

evaluation of the field emission characteristics of individual CNTs by TEM

observations. In this section, the field emission characteristics of CNTs37 and a
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tip structure during field emission38 were investigated in order to evaluate the

potential of CNTs as an electron source.

14.4.2 Field emission characteristics of CNTs

In order to measure the field emission characteristics, the C60/CNT composite,

which was produced by the drawing process, was mounted on a copper grid

using an adhesive and a silver paste and was used as an electron emission source

(Fig. 14.21). Six readings of the emission current (I) in a sample for the applied

voltage (V) were measured in a high vacuum chamber with a base pressure of

approximately 6.5 � 10ÿ6 Pa. The distance between the electrodes was fixed at

200�m using a mica spacer.

The I±V characteristics of the CNTs are shown in Fig. 14.22(a). For the first

run, the threshold voltage was high and the current increased quickly. However,

after the second run, the emission began at a rather lower voltage and increased

gradually. The Fowler-Nordhiem (F-N) plots (inset in Fig. 14.22(a)) show that

the first run cannot be expressed as a straight line and is separated into different

stages. This characteristic emission suggests that the electron emission is

affected by surface conditions such as gas adsorption or structural changes in the

CNT tips. On the other hand, another emission experiment conducted after

exposing the sample to the atmosphere shows identical behaviour in terms of the

electron emission. A decrease in the threshold voltage after the second run

suggests the structural change of the CNT tip.

14.21 SEM image of the sample. The inset shows the surface morphology at
the tip of the rod. The CNTs were aligned along the longitudinal direction of
the rod within an angular deviation of 30ë.
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It is possible to number the individual CNTs during the TEM observations to

identify the same CNT tip before and after the field emission. A typical tip

structure of the closed CNT is shown before and after field emission in Fig.

14.22(b) and (c), respectively. The field emission causes a structural change of

the CNT tip. The high-resolution TEM image revealed that the deformation of

the CNT occurred at the local domain containing an isolated pentagonal carbon

ring in the polyhedral cap and a protrusion was formed along the normal to the

electric field, as indicated by the arrow in Fig. 14.22(c).

14.4.3 Dynamic TEM observation of the CNT tip during field
emission

Dynamic observation of the CNT tip in an applied electric field was carried out

by using a TEM equipped with a dual specimen holder system, as shown in Fig.

14.22 I-V characteristics of the CNT: (a) High-resolution TEM images of the
CNT tip, (b) before field emission and (c) after field emission. A protrusion
appears in the direction of the electric field, as indicated by the arrow in (c).
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14.23.39,40 The tip of each specimen holder can be moved by the piezo driving

device. The rod specimen with aligned CNTs was mounted on the tip of a

specimen holder as a cathode. A gold-coated silicon cantilever for atomic force

microscopy was fixed on the other tip as an anode. Both holders were inserted

into the specimen chamber maintained at a pressure of 10ÿ5 Pa. The TEM was

operated with an accelerating voltage of 200 keV.

Figure 14.24 shows a series of the TEM images of the CNT tip in the applied

electric field. The thick arrow in Fig. 14.24(a) indicates the anode direction. The

distance between the tips is 30 nm and the applied bias is 200V. During the

observation, the emission current fluctuated widely by approximately 8±12�A.

The background current was 0.23±1.48 nA. At the applied bias (Fig. 14.24(b)±

(f)), bending of the outer layers of the CNT tip was observed. This resulted in the

formation of a nanoscale protrusion towards the anode direction, as shown in

Fig. 14.24(f). Figure 14.24(b)±(f) also shows that the interlayer spacing of the

CNT is wider than that of the original. The total observation time is

approximately 270 s and structural damage is rarely observed in the CNT. In

order to verify the deformation mechanism, the surface structure of the CNT tip

should be observed on an atomic scale. The atomic configuration of the

outermost surface can be observed by field ion microscopy (FIM).

For the FIM experiments, one of the composite specimens was fixed on a

hairpin shaped tungsten filament (diameter 0.3mm) with carbon binder, and it

was introduced into an ultra high vacuum (UHV) chamber of 3 � 10ÿ8 Pa. The
detector composed of microchannel plates and a screen for the FIM was placed

at a distance of 50mm from an electron emitter. In order to clean the surface of

the CNT tips, the composite specimen was heated to 1000K in the UHV

chamber. The experiments were carried out at the specimen temperature of 30K.

The FIM experiments demonstrated that the reconstruction process of the

honeycomb structure of the CNT tip began in an applied electric field.38 The

reconstruction process is very complicated. For example, during the recon-

struction of the carbon atoms, three pentagonal carbon rings occur adjacent to

each other.38 The arrangement of the pentagonal carbon rings is inconsistent

with the isolated pentagon rule which was empirically determined. The FIM

14.23 Schematic illustration of the in-situ TEM observation system.
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14.24 Series of high-resolution TEM images of a CNT tip at an applied bias of 200V in the 30 nm gap. The thick arrow in (a) indicates
the anode direction.



experiments indicate that the deformation process proceeds not only with the

Stone-Wales transition8,9,41 of the carbon atoms but also with the bonding state

change mechanism (bonding state atoms similar to sp2 to sp3).8,9,42 The

formation mechanism of the nanoscale protrusion observed by the in-situ TEM

can be explained on the basis of the reconstruction process. The deformation of

the CNT tip might be due to the electrical attraction caused by the application of

the bias voltage between the electrodes.

Observations of the carbon network by FIM enable us to identify the electron

emission sites on the CNT tip. Figure 14.25(a) shows the FIM image of the CNT

tip. This image shows some fragments of the honeycomb structure composed of

hexagonal and pentagonal structures (Fig. 14.25(a) and (b)). In this case, it is

possible to identify the emission site of the electrons by comparing the FIM

image with the corresponding FEM image. Figure 14.25(b) shows the peculiar

electron emission image of the cleaned CNT by FEM. This image can be

classified into three patterns. The first pattern is a coalescence of six bright rings

with five-fold symmetry (A0). The second pattern is of four bright rings with

straight lines in the boundary regions between neighbouring rings (B0). The third
pattern considers the other bright spots that correspond to either the edge species

or adsorbates deposited on the CNT tip. These emission patterns (A0) and (B0) in
Fig. 14.25(b) reflect the surface structure of the CNT observed by FIM. The

FEM pattern (A0) in Fig. 14.25(b), which reflects the honeycomb structures,

indicated a part of the CNT tip structure obtained by introducing a pentagonal

carbon ring, as seen in the FIM pattern (A) in Fig. 14.25(a). This result indicates

that the emission probability of electrons from a pentagonal carbon ring is low.

The FEM pattern (B0) in Fig. 14.25(b) may be due to the interference of the

coherent electron beams, which are emitted from the isolated bright areas that

represent the protruding sites on the surface of the CNT tip. It has been predicted

that the pentagonal carbon ring is an emission site of electrons. However, the

electrons were emitted from the nanoscale protrusion formed by introducing a

14.25 FIM image (a) and the correspondingFEM image (b)of theCNT tip. The
tip voltages of FIM and FEMare 6.3kV andÿ1.6 kV, respectively. The emission
current detected in FEM is 6� 10ÿ7 A.
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pentagonal carbon ring in the hexagonal carbon network, rather than from the

ring itself. Pentagonal carbon rings play an important role in the formation of

emission sites because they form nanoscale protrusions in the carbon network.

The FEM image with interference fringes is not the image that originated from

pentagonal carbon rings, but an interference image caused by coherent electron

emissions from different sites in the CNT tip.

14.4.4 Influence exerted by an electric field on the CNT tip

The high electric field applied on the CNT tip influences the tip structure in

different ways. Figure 14.26 shows a time sequence series of TEM images for the

surface of a CNT tip during field emission. A single carbon strand gradually

emerges from the carbon cluster that was deposited on the CNT tip. The carbon

strand grows along the normal to the electric field, as indicated by the arrows in

Fig. 14.26(b) and (c). The detected emission current was approximately 16�A.

The current density obtained from the specimen was approximately 200mA/cm2.

In Fig. 14.26(c), there are three dark spot contrasts in the strand. The sequential

dark spots became dimmer from the bottom towards the tip. The spots in the strand

are located at a regular spacing of approximately 0.24 nm. These spots reflect the

14.26 Series of high-resolution TEM images of the surface of a CNT tip at an
applied bias of 200V. The distance between the electrodes is 30 nm. These
images were processed to highlight the carbon strand. The proposed structural
model of the carbon strand and the multislice simulation image estimated from
the model are shown in (d) and (e), respectively.
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atomic configuration. However, the spacing between the spots is not in agreement

with that of the atomic configuration of graphite. Simulations performed by the

multislice method43 are used for the structural analysis. The proposed structural

model of the carbon strand and the multislice simulation image estimated from the

model are shown in Fig. 14.26(d) and (e), respectively. The simulation image

shown in Fig. 14.26(e) is similar to the observed one. The spot contrasts observed

in the strand can be represented by the overlapped images of the nearest

neighbouring atoms of a grapheme sheet observed from the armchair plane ([110]

direction) rather than from a single atomic configuration. The decrease in the

contrast of the individual spots is explained on the basis of a triangular structure

with a varying number of carbon atoms stacked along the depth direction (z-axis),

as shown in Fig. 14.26(d). By assuming that the proposed model is correct, the

distance between the observed spot contrasts is increased by approximately 14%

along the normal to the electric field. The atomic structure at the very tip of the

carbon monolayer was barely visible due to its vibration. The formation of this

carbon monolayer implies that the unravelling process of the CNTs, reported by

Rinzler et al.,26 will occur when the applied electric field is high. The lifetime of

the carbon strand is extremely short. During the observation, it vibrated and then

broke in a few minutes. The formation of the emission site by structural change

has contributed to the excellent field emission characteristics of the CNT.

However, the structural change observed in this experiment can be regarded as

damage to the CNT that is caused by the interaction with the high electric field.

Therefore, a detailed investigation is required for evaluating the lifetime as an

electron source when a high electric field is applied in a narrow gap.

14.4.5 Summary

The in-situ TEM observations of the CNT tip in an applied electric field

demonstrated that the field electron emission from the CNT is accompanied by a

local structural change of the tip. The deformation mechanism can be explained

not only by the Stone-Wales transition mechanism but also by the bonding state

change mechanism. It has been predicted that the pentagonal carbon ring is an

emission site of electrons. However, the electrons were emitted from the

nanoscale protrusion formed by introducing a pentagonal carbon ring in the

hexagonal carbon network, rather than from the pentagonal carbon ring itself.

The pentagonal carbon rings play an important role in the formation of the

emission sites because they form nanoscale protrusions in the carbon network.

The FEM image with interference fringes is not the image that originated from

pentagonal carbon rings, but an interference image caused by coherent electron

emissions from different sites in the CNT tip. The composite specimen that has

oriented structures of the CNTs shows excellent field emission characteristics.

However, in order to use CNTs as electron emitters in field emission displays,

further investigations on their lifetime are required.
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14.5 Conclusions

Two types of composites were produced using novel carbons. C60 and CNT are

expected to be among the most important materials in this century. Although

there are several problems that should be solved in the future, the composite

preparations described in this chapter may be one of the methods for using these

novel carbons as engineering materials. Recently, the development of a CNT

reinforced resin matrix composite has been advanced in the field of engineering.

In order to use CNTs as fibre materials, it is important to evaluate the

mechanical characteristics of individual CNTs. The development of the

nanoscale evaluation technique in TEM is indispensable to the assembly of

nanocomposite materials.
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15.1 Introduction

The �-conjugated polymers with semi-conducting properties have recently

attracted much attention due to their applicability in the field of optic and opto-

electric devices such as light-emitting diodes and lasers. The light-emitting

diodes based on conjugated polymers have attracted much attention because of

their potential application to flat, large area displays, which can be operated at

low driving voltage. However, the potential use of polymer-light-emitting

diodes is ultimately limited by their low quantum efficiency as well as by their

poor stability due to oxygen. In this chapter, some unique studies to improve the

luminescent stability are introduced.

15.2 Organic and polymermaterials for light-emitting
diodes

Electroluminescence (EL), the generation of light (other than black-body

radiation) from condensed matter by electrical excitation, has been investigated

in organic molecular solids since the 1950s.1 In particular, the work of Pope et

al.2 and Helfrich and Schneider3 on single crystals of anthracene in the early

1960s initiated considerable efforts to creat light-emitting devices from organic

molecular crystals. In spite of the principal demonstration of an operating organic

electroluminescent display that even incorporated an encapsulation scheme

similar to those used in present commercial display applications,4 there were

several drawbacks to the practical use of these early devices. Such drawbacks

included insufficient current densities and light output, as well as instability.

Other major obstacles included the high operating voltage, which was a con-

sequence of the crystal thickness in the micrometer range, difficulties in repro-

ducible crystal growth, and preparing stable and sufficiently well-injecting

contacts to them. Nevertheless, these investigations have established the basic

15
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and fundamental processes involved in organic injection-type EL, namely

injection, transport, capture, and radiative recombination of oppositely charged

carriers inside the organic materials (for a review see references 5 and 6).

Further progress towards applicable organic electroluminescent devices was

made in the 1970s by the use of thin organic films prepared by means of vacuum

vapor deposition or the Langmuir-Blodgett technique, instead of single

crystals.7±9 The reduction of the organic layer thickness to well below 1�m
allowed the realization of electronic fields comparable to those that were being

applied to single crystals, but at a considerably lower voltage. In addition to the

morphological instability of these polycrystalline films, fabricating pin-hole-free

thin films from these materials was still a problem. These problems were

overcome in the early 1980s by the use of morphologically stable amorphous

films, as demonstrated by Partridge's work on films of polyvinylcarbazole

doped with fluorescent dye molecules.10

The development of organic multi-layer structures considerably improved the

efficiency of light-emission by achieving a better balance of the number of charge

carriers of opposite signs and further lowered the operating voltage by reducing

the mismatch of energy levels between the organic materials and the electrodes.

The consequence of this development was well demonstrated by the organic light-

emitting devices (OLEDs) of Tang and Van Slyke, which showed true potential

for lighting and display applications.11,12 These authors achieved astonishingly

high light output, efficiency, and life-time at relatively low operating voltage. This

was possible using hetero-layer structures, a few tens of nanometers thick and

made of a hole conducting aromatic amine and an electron conducting aluminium

chelate complex (Alq3), sandwiched between indium-tin-oxide (ITO) and Mg:Ag-

alloy electrodes. This breakthrough initiated great developments of new molecular

materials and device structures, especially in Japan.13±15 By the end of the 1990s,

OLEDs have entered the stage of commercialization16 and are considered

promising candidates for the next generation of large area flat-panel displays.17,18

Additionally, since the discovery of EL in conjugated polymers by the Cambridge

group in the 1990s,19 these materials have been widely examined and are going to

be commercialized with equally as good prospects for display and lighting

applications as the low molecular weight materials.20,21

Figure 15.1 shows a mechanism of electroluminescence. Organic/polymer EL

devices have the structure which has an organic emitting layer between

transparent anode like ITO and metal cathode with low work function (Ca, Li,

Al:Li, Mg:Ag, etc.). Under the electric field, the electrons injected from the

cathode and holes injected from the anode meet each other in the emitting layer.

The excitons excited by this recombination energy of eÿ and h� fall on the

electronic ground state through radiative decay, and they generate luminescence,

thermal energy, and vibrational energy.

The first polymer used for the fabrication of LEDs was poly(p-phenylene

vinylene) (PPV). PPV is a conjugated polymer, that is, a polymer having
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alternative single (�) and double (�) bonds along its backbone. The carbon

orbitals in these polymers are overlapped, leading to a delocalized � electron,

which is able to move along the polymer backbone. The band structure of the

conjugated polymer, which originates from the interaction of the � orbitals with

the repeating units of the backbone, is similar to that of a classical semi-

conductor. The highest occupied band is called the valence band, while the

lowest unoccupied band is called the conduction band, the difference in energy

between these bands is called the band gap. The band gap energy is determined

principally by the chemical structure of the material and to a certain extent by

the delocalization of the � electrons, which is also called the effective con-

jugation length. In fact, the conjugation length of polymers depends on

conformational randomness or chemical defects in the backbone. As it is not

possible to control precisely the defect density, the conjugated length can not be

adjusted to a specifically desired value. Instead, the use of conjugated oligomers

with defined sequences and determined chain lengths enable precise control over

the luminescence (color tuning). Depending on the colors emitted, the

conjugated polymers can be arranged into three families: the poly(p-phenylene

vinylene), the poly(p-phenylene), and the substituted poly(3-alkylthiophene),

namely green, blue and red.

15.3 Luminescent polymer for device applications

In recent years, a second wave of interest in molecular electronics and organic

compound-based devices began.22±27 Polymer electronics, including the use of

polymer nanocomposite-based devices provided a number of alternative

approaches, such as the usage of adaptive circuits or neural network-based

15.1 Mechanism of electroluminescence in organic/polymer EL device.
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processor architectures. Combined with a better understanding of the

conductivity mechanism in conjugated polymers such as poly(p-

phenylenevinylene) and poly(thiophenes), these developments have brought

about renewed interest in low molecular weight organic and polymer-based

optoelectronic, electronic, and photonic devices. Thus, we have seen the recent

creation of various polymer-based devices, such as light emitting diodes,23

photodiodes,24,25 solar cells, gas sensors, field effect transistors,26,27 all of

which have been developed and intensively studied in research groups and

R&D centers worldwide. Some of these devices are being produced

commercially at the pilot scale.

Conducting polymers are novel, one-dimensional semiconductors, which are

studied for their attractive electronic and optical properties.22±27 The electronic

properties of conducting polymers arise from electrons delocalized in �-bonds
along the polymer backbone. This electron delocalization leads to stable and

mobile charge carriers, as well as to uncharged excited species, i.e., polaron-

excitons (excitons). An exciton in conducting polymers consists of a correlated

electron-hole pair lightly bound to each other (with binding energies of a few

tenths of an electron volt) and confined along the polymer backbone. The

luminescent species in most conducting polymers is the spin zero singlet

exciton. There is some controversy over the nature of the primary

photoexcitations in conducting polymers, but at the absorption edge, it is

15.2 Photo-oxidation mechanism in luminescent conjugated polymers.
Reprinted with permission from J.H. Park et al.,Chem.Mat. 16, 688 (2004).
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considered likely that singlet excitons are preferentially excited. The singlet

excitons may either decay radiatively with a sub-nanosecond lifetime or may

undergo intersystem crossing to form spin 1 triplet excitons. The triplet

exciton-ground state transition is dipole-forbidden, thus the triplet excitons are

long-lived, exhibiting a non-radiative lifetime of 50�s to 10 ms. These

processes are shown in Fig. 15.2.28 The charge carriers in conducting polymers

consist of an electron and hole polarons. The polarons mean the charged

particle (either an electron or hole) trapped on the polymer backbone by lattice

relaxation caused by the particles Coulomb interaction with the delocalized �-

electrons. The polarons move readily along the polymer backbone and hop

between polymer chains. Electroluminescent devices based on conducting

polymers work on the basis of electron and hole polaron injection and

recombination into singlet and triplet excitons. For luminescent device

purposes, one very attractive feature of conducting polymers is the sizable

Stokes shift between the polymer absorption and emission. In general, this shift

is on the order of 50 nm. This large Stokes shift is advantageous because the

conducting polymer-based device exhibits almost no self-absorption of the

emitted light.

15.4 Photo-oxidation of emitting polymers

The last decade has seen the development and refinement of many

optoelectronic devices that rely on conducting polymers, such as LEDs,23

photodiodes,24,25 flat-panel displays, solar cells, and transistors.26,27 In several

cases, such devices are rapidly nearing commercialization. However, a

significant obstacle to the commercial development of conducting polymer-

based devices has been their high susceptibility to photo-oxidation under

ambient conditions,29,30 which degrades the device performance and limits

device lifetime.

The most widely used method for improving conducting polymer-based

device lifetime is encapsulation. Present encapsulation methods available are

limited to low temperatures due to the degradation of the polymer active layer at

temperatures approaching its melting point (generally less than 200ëC). Typical

encapsulation methods for polymer-based devices include deposition of multiple

organic or inorganic layers, which may be doped with oxygen scavengers,31,32 or

sandwiching the device between glass substrates bonded with epoxy,33 or a

combination of these two methods. Devices using a combination of these

techniques have been demonstrated to have operating lifetimes in excess of

10,000 hours and storage lifetimes of at least two years, determined by

accelerated testing conditions (elevated temperature and humidity).34 However,

these techniques are limited to devices on rigid substrates. One possible

advantage of conducting polymer-based devices over inorganic devices is the

ability to fabricate devices on flexible substrates, allowing for simple mass
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production by reel-to-reel coating.23 Successful encapsulation of flexible

polymer devices has not yet been reported.

Another method of protecting conducting polymer films against photo-

oxidation is the addition of a stabilizer material to block the action of oxygen.

Several materials to prevent oxidation in polymers, such as polyethylene, have

been studied in polythiophene derivatives.34 The addition of 1-phenyldodecan-

1-one(PDK) provided polythiophene derivatives with significant protection

against photo-oxidation, but the additive was shown to protect the polymer by

adsorbing UV light without transferring energy to the polymer.35 This protection

will be of no use in electroluminescent devices, which operate on the principle

of electron-hole recombination, instead of photon absorption to form radiative

species. Addition of C60 to polyphenylenevinylene derivatives has been shown

to drastically reduce photo-oxidation of the polymer.36 Unfortunately, C60 has

the additional undesirable effect of efficiently quenching the luminescence of

the polymer.37

A general picture of the photo-oxidation process in conducting polymers is

presented in Fig. 15.2. Singlet oxygen reacts with the polymer and forms exciton

traps. The result of the photo-oxidation process is that the polymer backbone is

cut and exciton traps are formed on the chains.38 Photo-oxidation of alkyl-

substituted PPVs has been studied extensively,29,39,40 and one possible reaction

route is shown in Fig. 15.3.

Singlet oxygen formed via energy transfer from the polymer triplet exciton

attacks the vinyl double bond to form a dioxetane, which then decomposes,

resulting in decreased conjugation length and the formation of carbonyl species.

The dioxetane may also react further with the polymer side groups, but this

reaction also results in chain scission and chain termination with carbonyl

15.3 Photo-oxidation mechanism in PPV derivatives.
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groups. The carbonyl groups formed on the ends of polymer chains have been

identified as efficient exciton quenchers in alkyl-substituted PPVs.38 The strong

electron affinity of the carbonyl groups leads to charge transfer between pristine

polymer conjugation units and defect units, causing exciton dissociation. Since

this leads to free charge generation, it is consistent with the observation of

increased photoconductivity in photo-oxidized PPV.39 The singlet excitons in

PPV have a sub-nanosecond lifetime. Thus, the process of singlet oxygen

formation by energy transfer from the polymer singlet excitons to oxygen is very

inefficient. Experiments have shown that the alkyl-substituted PPVs triplet

exciton transfers energy to oxygen efficiently.41

The proposed method for impeding this reaction is shown in Fig. 15.4. A

triplet exciton quencher is added to the polymer film to compete with the

formation of singlet oxygen, resulting in a reduction in the number of exciton

traps formed. In the following section, we discuss a metal nanoshell, the optical

resonance of which was specially designed for the triplet energy state of a

polymer and which would be used as triplet quencher. During the photo-

luminescence experiments, the triplet excitons are formed primarily by

intersystem crossing from the singlet exciton state. Spin statistics indicate that

the triplet excitons will be formed in a 3:1 ratio with the singlet excitons. Thus,

the role of the triplet exciton in photo-oxidation is of primary importance to

electroluminescent device operation and lifetime.

15.4 Proposed mechanism of impediment of photo-oxidation of luminescent
conjugated polymers by doping triplet quencher. (Metal nanoshells whose
plasmon resonance was specially designed to the triplet state of polymers were
used as triplet quencher.)
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15.5 Nanoparticles approaches to enhance the
lifetime of emitting polymers

15.5.1 Green emitting polymer/metal nanoshell
nanocomposite

Poly(p-phenylenevinylene) (PPV) and its derivatives are versatile conjugated

polymers that have been employed for polymer-based light-emitting devices,42

lasers,43 and photovoltaic cells.44 Recently, a great deal of effort has been

focused on improving the lifetimes of these devices. It has been found that the

operating lifetimes of devices based on PPVs are sensitive to exposure to air.45

One of the primary degradation mechanisms in polymer electroluminescent

devices is photo-oxidation.46 Photo-oxidation in many conjugated polymers

begins with the formation of singlet oxygen via energy transfer from long-lived

triplet excitons, resulting in chain scission and carbonyl defect formation on the

polymer chain ends.46 Since these carbonyl end-groups have lower ground and

excited state energies relative to pristine chains, they can serve as exciton

dissociation sites that trap electrons and produce mobile holes. Dissociation of

the radiative singlet excitons at these sites results in quenched photo-

luminescence (PL), while at low levels of oxidation, the production of mobile

holes from the dissociation of excitons can also increase the photoconductivity

of the polymer.46 Therefore, a precise understanding of the effects of photo-

oxidation in conjugated polymer films is a necessary step in the optimization of

polymer-based materials and devices.

The utilization of nanoparticles in optoelectronic devices leads to the

enhancement of optical, electrical properties, and stability.47±52 In previous

studies, it has been suggested that nanoparticles, such as, SiO2 and TiO2 can act

as charge carrier promoters, or electro-optically active centers to influence the

optical and electronic properties of PPV. Approaches to enhance stability of

conjugated polymers by incorporating them with SiO2
48 and metal nanoshells30

have also been reported. Recently, our group synthesized a new type of gold-

coated silica (SiO2 @ Au) nanoparticles, by using a novel approach, which has

proven to be convenient and versatile, as compared with conventional methods.53

Our group has prepared PPV nanocomposite films doped with SiO2 @ Au

nanoparticles prepared by the novel method and has characterized the PL

properties of the films. The optical resonance of SiO2 @ Au nanoparticles was

specifically designed to interact with the triplet excitons of PPV. It has been

observed that the rate of photo-oxidation in poly(p-phenylenevinylene) was

drastically reduced by doping with SiO2 @ Au nanoparticles, as expected.

Schematic diagrams for the synthetic schemes are illustrated in Fig. 15.5. To

briefly summarize, silica nanoparticles were synthesized by the Stober-method

and then coated with a Sn layer, which acts as a linker site for gold deposition.

Gold layers were coated on the Sn-functionalized silica nanoparticles by

reduction of HAuCl4. Finally, the gold-coated silica nanoparticles were covered
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by another SiO2 layer, which acts as a stabilizer for the composite particles. A

PPV precursor (poly (xylylidene tetrahydrothiophenenium chloride)) was also

prepared by well-known methods.54 1,4-Phenylenedimethylene-bis(tetra-

methylene sulfonium chloride) was prepared from 1,4-bis(chloromethyl)

benzene and tetrahydrothiophene. The precursor of PPV was prepared from

1,4-phenylenedimethylene-bis(tetramethylene sulfonium chloride) and aqueous

NaOH, following the published procedure.54

The SiO2 @ Au nanoparticles were then dispersed in the PPV precursor

solutions which were subsequently spin coated onto glass substrates. The

experimental schemes are depicted in Fig. 15.6.53 The substrates were held

under vacuum at 180ëC for 5 h for the thermal conversion of the film. PL spectra

were measured by exciting 410 nm monochromatic light. The PL decay of

pristine PPV and PPV nanocomposite films was measured by exciting 310 nm

light. While filtering the light through a UV cutting filter, the PL intensity was

detected using an optical power meter connected to a photodiode with the

function of time. There was no visible difference between the pristine PPV thin

film and the PPV nanocomposite film.

15.5 Schematic diagram for the synthesis of gold-coated silica nanoparticles.

15.6 Experimental scheme for preparation of PPV nanocomposites dopedwith
gold-coated silica nanoparticles. Reprintedwith permission fromY.T. Lim et al.,
Synth.Mat. 128, 133 (2002). Copyrightß 2002 Elsevier.
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Figure 15.4 illustrates the proposed mechanism for the impediment of photo-

oxidation in PPV nanocomposites doped by SiO2 @ Au nanoparticles. Because

photo-oxidation of many PPV derivatives begins with formation of singlet

oxygen via energy transfer from long-lived triplet excitons, triplet exciton

energetics and dynamics play a primary role in the photo-oxidation process.46 In

photo-oxidation, reactive singlet oxygen undergoes 1,2-cycloaddition across the

vinyl double bond to form a dioxetane, which in turn either cleaves to form two

terminal aldehydes or produces a biradical, which reacts with the alkyl side-

chains. The result is the formation of carbonyl groups at the end of the polymer

chains. These carbonyl defects act as exciton traps, quenching the luminescence.

Thus, the triplet excitons which play a primary role in the photo-oxidation

process can be quenched by overlapping the energy level of the triplet state with

the optical absorption of SiO2 @ Au nanoparticles added.

Recently, optical properties of triplet excitons in PPV have been studied in

detail.55 Energy states in the triplet manifold in films of PPV have been

investigated, using a multitude of optical spectroscopies, including photo-

induced absorption, PL, optically detected magnetic resonances, and photo-

generation action spectra. From the threshold energy for singlet fission, it was

deduced that the lowest-lying, odd parity triplet excitonic state is located at

1.55 eV (� � 799:9 nm) from the ground state, which is about 0.9 eV lower than

the lowest-lying, odd-parity singlet state.

The TEM images and the absorption spectrum of SiO2 @ Au nanoparticles

are shown in Fig. 15.7.53 The optical resonance of SiO2 @ Au nanoparticles is

located at a broad region of around 720±800 nm, which nearly overlaps with the

triplet excitons in PPV. The diameter of composite nanoparticles is about

380 nm. The radius of silica core particles is about 170 nm, while the thickness

of the gold shell is about 20 nm. The outer silica layer has a thickness of 20 nm.

Figure 15.8 shows the optical absorption and emission properties of PPV and

SiO2 @ Au nanoparticle doped PPV.53 The optical absorption and PL spectra of

the PPV polymer film after thermal conversion at various temperatures have

been studied previously.56 The optical and luminescent properties of our PPV

agreed well with the previously reported results.56 The relative height of the two

features observed in each PL spectrum vary slightly between samples, but show

no dependence on SiO2 @ Au nanoparticle concentration, suggesting that the

small height difference arises from minor variations in the local structure or film

thickness of the polymer and polymer- SiO2 @ Au nanoparticles composites.

The PL decay patterns for polymer nanocomposites films with two different

SiO2 @ Au nanoparticles are shown in Fig. 15.9. The rate of PL decay in PPV

nanocomposites doped with SiO2 @ Au nanoparticles was drastically reduced,

as compared with that of the pristine PPV.53 This suggests that the rate of

luminescence-quenching by exciton trap formation is slowed considerably. The

protection against photo-oxidation inherited by SiO2 @ Au nanoparticles in PPV

could be accomplished with an extremely low concentration, corresponding to
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about 0.05% volume fraction. This concentration corresponds to about 1.6�m
separation between nanoshell particles in the film. It is noticeable that such a

large separation between nanoshells yields a high level of protection against

photo-oxidation.

One possible explanation for this enhanced energy transfer could be related to

the nature of polymer excitons and the fact that the SiO2 @ Au nanoparticles can

exhibit greatly enhanced local field intensities. Since metal nanoparticle

resonances have excitation lifetimes of only a few picoseconds, the donor-

15.7 TEM images (a) and optical absorption spectra (b) of gold-coated silica
nanoparticles (Davg � 340nm). Reprinted with permission from Y.T. Lim et al.,
Synth.Mat. 128, 133 (2002). Copyrightß 2002 Elsevier.
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acceptor interaction between the comparatively long-lived excitons of the PPV

and the nanoparticles will result in a strong quenching of the triplet excitation of

the PPV, to which the SiO2 @ Au nanoparticles resonance have been tuned.

Furthermore, the excitons in the conjugated polymer are highly mobile along the

polymer backbone and can hop between chains readily, finding the lowest-energy

region of the film. It is possible that the SiO2 @ Au nanoparticles dispersed in the

polymer film will cause variations in the local energy environment of the triplet

15.8 Optical absorption (a) and PL (b) spectra of pristine PPV and PPV
nanocomposites (doped 0.05 vol.% gold-coated silica nanoparticles).
Reprinted with permission from Y.T. Lim et al., Synth. Mat. 128, 133 (2002).
Copyrightß 2002 Elsevier.
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excitons, attracting them to the SiO2 @ Au nanoparticles, where the triplet

exciton- SiO2 @ Au nanoparticles interaction can take place easily.

Another experiment of time-resolved photo-induced absorption spectroscopy

is necessary to characterize the dynamics of triplet-triplet absorption in detail.

After the addition of SiO2 @ Au nanoparticles into the PPV films, the dynamics

of the triplet-triplet photo-induced absorption charateristic would be monitored.

In addition, SiO2 @ Au nanoparticles used in this work will not work directly in

light-emitting diodes (LED), because typical conjugated polymer-based LED

active regions are only 100 nm thick.

15.5.2 Blue emitting polymer/gold nanoparticle
nanocomposites

Polyfluorenes have been investigated as a prospective blue emitting material for

polymer light-emitting diodes. These materials display extremely high

luminescence efficiencies with emission wavelengths primarily in the blue

spectral region. However, for the commercialization of PLEDs, the long-term

stability of the blue emitting polymers is a crucial factor because their high

bandgap energy requires severe operating conditions.

The gold nanoparticles were synthesized according to the method reported

earlier.57 A 30mM aqueous metal chloride solution (HAuCl4) was added to a

15.9 Retarded photo-oxidation in PPV nanocomposite films dopedwith gold-
coated silica nanoparticles. (Nanocomposite-1 (0.05vol.%), Nanocomposite-
2 (0.1vol.%). Reprinted with permission from Y.T. Lim et al., Synth. Mat. 128,
133 (2002). Copyrightß 2002 Elsevier.
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25mM solution of tetraoctylammonium bromide in toluene (80mL). The

transfer of the metal salt to the toluene phase can be clearly seen within a few

seconds. A 0.4M solution of freshly prepared NaBH4 (25mL) was added to the

mixture while stirring, which caused an immediate reduction reaction. After

30min, the two phases were separated and the toluene phase was subsequently

washed with 0.1M H2SO4, 0.1M NaOH, and H2O (three times), and then dried

over anhydrous NaSO4 to obtain the gold nanoparticles. The oxidative

polymerization of fluorine, as well as 9-alkyl substituted derivatives has been

reported.58 We synthesized the emitting polymer material, PDOF, according to

the reported synthesis scheme. PDOF was dissolved in chlorobenzene and the

gold nanoparticles were then dispersed in this solution. The volume fraction of

gold nanoparticles in PDOF was kept within 0±3 � 10ÿ5. Transmission electron

microscopic (TEM) specimens were prepared by dropping the solution on a

copper grid. Bright field images were obtained with a JEOL JEM-2010 TEM

operating at 200 kV. PL spectra and PL decay characteristics of the pristine

PDOF and the PDOF/gold nanocomposite films were measured using an ISS

PC1 Photon Counting Spectrofluorometer while exciting the specimens at

380 nm using a dual grating monochromator (Spex 270M). The polymer light-

emitting devices of the PDOF/gold nanocomposite films were fabricated as

follows: The polymer films (80±100 nm thick) were obtained by spin-coating

their solutions in monochlorobenzene on a PEDOT/PSS coated ITO glass anode.

An aluminum cathode, 150 nm thick, was vacuum (5 � 10ÿ6 torr) coated onto

the emitting layers. Electroluminescence (EL) spectra were measured using the

ISS PC1 Photon Counting Spectrofluorometer.

The TEM image and the UV absorption spectrum of the gold nanoparticles

are shown in Fig. 15.10.59 The optical absorption band of the gold nanoparticles

with a diameter of 5±10 nm is located in a broad region, between 500 and

550 nm, which overlaps with the energy level of the triplet excitons in PDOF

(539 nm).60 Recently, silica core-gold shell nanoparticles, also known as `gold

nanoshells', have been used to reduce the rate of photo-oxidation in poly(p-

phenyleneviyllene), poly[2-methoxy-5-(20-ethylhexyloxy)-1,4-phenylene-
vinylene] (MEH-PPV), and poly(3-octylthiophene) (P3OT).49,57 In these studies,

the size of the gold nanoshells was larger than 150 nm, and hence could not be

applied to the PLED, because emitting layers of typical conjugated polymer-

based LED are about 100 nm thick. General triplet energy transfer from the

donor to dopant molecules proceeds by Dexter energy transfer or electron-hole

capture at the guest molecule. The Dexter transfer mechanism involves

mechanical tunneling of electrons between the host and guest, and is therefore

a shorter-range process that requires the molecular separation of only a few AÊ .

Electron-hole capture is favored by the overlap between the plasmon resonance

of the metal nanoparticle and the polymer triplet state. Thus, the triplet excitons,

which play a primary role in the photo-oxidation process, can be quenched by

overlapping the energy level of the triplet state with the optical absorption of
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metal nanoparticles and by increasing the contact area between the polymer and

the metal nanoparticles.

The gold nanoparticles dispersed in the PDOF solution were spin cast on

glass substrates. No visible differences between the pristine polymer films and

the polymer nanocomposite films were observed. Figure 15.11 shows the optical

absorption and emission properties of PDOF and the gold nanoparticle doped

PDOF films. The relative heights and shapes of the absorption and PL spectra

were nearly unchanged by the addition of gold nanoparticles in the pristine

PDOF.59 These observations suggest that the local structure and/or thickness of

the composite films are perfectly identical. In addition, the PL peak wavelength

was not affected by the interaction between the polymer and the gold nano-

particles. These are unique in that other polymer/nanoparticle composite

systems showed small PL peak heights and shape differences between the

pristine and the nanocomposite films. We surmise that the identical PL

behaviors of all specimens originate from the very low volume fraction, as well

as from the small size of the gold nanoparticles.

The PL decay of the PDOF/gold nanoparticle composite films with different

nanoparticle volume fractions is shown in Fig. 15.12.59 The rate of PL decay in

the PDOF nanocomposite film was greatly reduced, as compared with that of the

pristine PDOF. In general, excited chromophores can return to the ground state

through a number of pathways involving both intermolecular and intramolecular

interactions. While the system changes the state, both physical and chemical

changes may occur. Two major chemical degradation processes, oxidation and

cross-linking, can change the chemical structure of the original chromophore,

15.10 Optical absorption of gold nanoparticles dispersed in chlorobenzene
solution. A TEM image of the gold nanoparticle is shown in the inset. Reprinted
with permission from J.H. Park et al.,Rapid Commun. 24, 331 (2003).
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resulting in increased non-radiative relaxation rates. Regarding the chemical

route, Bliznyuk et al.61 reported that oxidation of a polymer leads to the

formation of carbonyl-containing species, which quench fluorescence. Because

photo-induced oxidation of conjugated polymers begins with the formation of

singlet oxygen via the energy transfer from long-lived triplet excitons, the triplet

15.11 Optical absorption and PL spectra as a function of gold nanoparticles
volume fraction. Reprinted with permission from J.H. Park et al., Rapid
Commun. 24, 331 (2003).

15.12 Retarded photo-oxidation in PDOF nanocomposite films with varying
doped gold nanoparticles. Reprinted with permission from J.H. Park et al.,
Rapid Commun. 24, 331 (2003).
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exciton energetics and dynamics play a primary role in the photo-oxidation

process. Thus, the triplet excitons can be quenched by overlapping their energy

level with the optical absorption of the added gold nanoparticles. Although

metal nanoparticle resonance has an excitation lifetime of only a few pico-

seconds, the donor-acceptor interaction between the comparatively long-lived

triplet excitons of PDOF and the nanoparticles will result in a strong quenching

of the triplet state.

It is notable that the gold nanoparticle concentration in the nanocomposite

film is about 30 times lower than that of previously reported polymer/gold

nanoshell systems. This can be explained by the particle size effect. As the size

of particles decreases and approaches the nanometer scale, the surface area of

the particles increases dramatically, and the nanoparticles act as effective

scavengers of the polymer triplet state. This behavior is very important with

regard to the use of the polymer/nanoparticles nanocomposite film as the active

layer of PLEDs. Due to the high conductivity of gold nanoparticles, the injected

electrons from the cathode can be transported directly to the anode resulting in

the diode breakdown. As the nanoparticle volume fraction in the polymer

increases, the device stability will decrease.

Finally, it should also be noted that the previously reported polymer/metal

nanoshell nanocomposite systems could not be applied to PLEDs, because the

typical emitting layer thickness of PLEDs is about 100 nm. In contrast, our

PDOF/gold nanoparticle nanocomposite film can be directly employed to PLED.

To confirm our hypothesis a representative EL spectrum of PLED, using pristine

PDOF and the PDOF/gold nanocomposite films as emitting layers is shown in

Fig. 15.13.59 The EL spectra of the composite films were slightly red shifted, but

showed no dependence on gold particle concentration. The EL peak wavelength

was not affected seriously by the interaction between the polymer and the gold

nanoparticles. Due to the statistical ratio of 3:1 for the triplets and singlets

formation under electroluminescence conditions, a much higher level of

protection against the degradation of PDOF is expected. We are currently

conducting a detailed study of the EL long-term stability.

Triplet energy transfer from donor to acceptor molecules generally proceeds

via Dexter-type energy transfer or electron-hole capture by the acceptor

molecules. The Dexter transfer mechanism involves the tunneling of electrons

between the donor and the acceptor, and is therefore a short-range process that

requires an intermolecular separation of only a few AÊ ngstroms. Electron-hole

capture is favored by overlap between the plasma resonance of the metal nano-

particles and the polymer triplet state. Thus the triplet excitons that play a

primary role in the oxidation of luminescent materials can be quenched as a

result of the overlap of their energy levels with the optical absorption bands of

metal nanoparticles. The excitation lifetimes of the metal nanoparticles and the

host polymer are also important factors affecting energy transfer from the

polymer to the metal nanoparticles. Gold nanoparticles of 5±10 nm size were
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selected because their excitation states interact with the triplet exciton energy

band of PDOF centered at ~530 nm. As the size of particles decreases and

approaches the nanometer scale, the specific surface area of particles increases

dramatically. Thus as the gold particle size decreases, the contact area between

the polymer and the nanoparticles also increases and the nanoparticles become

effective scavengers of the polymer triplet state. To investigate the dispersal of

the gold nanoparticles within the nanocomposite film, morphological

characterization of the PDOF/gold nanocomposite film with a volume fraction

(� 1� 10ÿ3) was investigated by means of TEM as shown in Fig. 15.14. TEM

revealed a uniform distribution of spherical shaped particles, 5±10 nm in size,

throughout the bulk of the film.28

The normalized electroluminescence (EL) spectra of the PLEDs prepared

using a pristine PDOF film and the PDOF/gold nanocomposite films are shown

in Fig. 15.13. The EL spectral features of the PDOF PLED are virtually

unaffected by the addition of gold nanoparticles to the luminescent polymer

matrix. The stability of the devices was investigated under air atmosphere by

recording their EL peak intensity as a function of time while applying a driving

voltage of 10V. The EL decay profiles of the nanocomposite devices with

different gold nanoparticle concentrations were also investigated. The addition

of gold nanoparticles to the PDOF PLED at a low volume fraction of 1:5� 10ÿ6

retards the EL intensity decay rate of the device. Since the resonance of the

metal nanoparticles has an excitation lifetime of only a few picoseconds, their

donor-acceptor interaction with the relatively long-lived triplet excitons of

15.13 Normalized electroluminescence (EL) spectra of the PDOF/gold
nanoparticle nanocomposite devices with different nanoparticle volume
fractions. Reprinted with permission from J.H. Park et al., Chem. Mat. 16, 688
(2004).
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PDOF effectively quenches the triplet state of PDOF. Accordingly, the

performance of our devices has been improved significantly. We believe the

device longevity can be improved more significantly if it is run in argon.

Recently, Bliznyuk et al.61 reported on the degradation mechanisms of

PLEDs based on blue-emitting polyfluorene polymers. In the presence of

oxygen, they showed that the changes in fluorescence are accompanied by

evidence for photo-oxidation. Chemical oxidation formed via energy transfer

from the polymer triplet state attacks the polymer main chain, resulting in

decreased conjugated length and the formation of carbonyl species. The

carbonyl groups formed on the ends of polymer chains have been identified as

efficient exciton quenchers in emitting polymers. The strong electron affinity of

the carbonyl groups leads to charge transfer between the pristine polymer

conjugation unit and defect units, causing exciton dissociation. The effects of

electrical degradation on emission have been studied in failed polymer devices,

after dissection. After electrically degraded devices in air were peeled apart, PL

spectra were obtained. The data from Fig. 15.15 clearly show the effects of

electrical degradation on PL emission characteristics.28 The primary

characteristic of the pristine PLED is a decreased exciton-to-excimer ratio, as

compared to the PLED with a 1:0� 10ÿ5 gold volume fraction.

Chemical changes that occur during and after degradation were also

monitored using FTIR spectroscopy. Figure 15.16 shows the IR transmission

spectra of (1) a fresh PDOF film, (2) a film with a 1:0� 10ÿ5 gold volume

fraction after electric degradation in air, and (3) the PDOF film after electric

degradation in air.28 The most obvious changes in the IR spectra of degraded

15.14 TEM image of the PDOF/gold nanoparticle nanocomposite film (� 1 �
10ÿ3 volume fraction). Reprinted with permission from J.H. Park et al., Chem.
Mat. 16, 688 (2004).
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samples are observed between 1500 and 1800 cmÿ1 region, but only in the case

of pristine PLEDs are the spectroscopic changes well pronounced.

In both the electrically degraded pristine PDOF film and the nanocomposite

film, two new bands appeared around 1717 and 1606 cmÿ1. The former band is

consistent with carbonyl stretch of an aromatic ketone or ester, and the latter

may be interpreted as a stretching mode of an asymmetrically substituted

benzene ring.19 The intensities of these two peaks may results in photo-

oxidation. For the pristine PDOF sample, the intensities of these two peaks are

more obvious and clear compared with those of the nanocomposite film.

15.15 Photoluminescence (PL) spectra of the PDOF layer before and after
electrical degradation of a working device: (a) pristine PDOF film; (b) PDOF/
gold nanoparticle composite film. Reprinted with permission from J.H. Park et
al.,Chem.Mat. 16, 688 (2004).
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15.6 Conclusions and future trends

In this chapter, we have discussed both the design of inorganic nanoparticles for

specified functional properties (optical and electrical) and the fabrication of

fundamental polymer nanocomposites doped with those nanoparticles. By

controlling a nanostructure with specified functionalities, the photo-stability can

be drastically enhanced. Metal nanoparticles and nanoshell-type particles could

be the best candidates, with applications in a variety of fields. These nano-

particles are ultra small particles, whose light-absorbing properties can be

specifically designed for specific purposes in the visible and infrared regions of

the spectrum. In addition, the composite nanoparticles can be used in various

fields where the optical resonance properties of metal nanoshells are specifically

designed for specific purposes. The particles can be made to selectively absorb

or scatter light at virtually any wavelength, even at wavelengths for which no

light-absorbing materials exist. In the present work, we presented only a few

examples of applications that we strongly expect to be developed before long.
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16.1 Introduction

Polymer nanocomposites (PNC) have received increasing attention in recent

years. The research efforts in this area, as reflected by the number of articles,

patents, or the amount of R&D funds, have been growing exponentially

worldwide.1 In contrast to conventional particulate-filled polymers, i.e. so-called

micro-composites where the reinforcement is on the order of microns, PNC

comprise discrete constituents of less than 100 nm in at least one dimension.

PNC often exhibit dramatic improvements in performance at relatively low filler

loadings, which provides value-added properties not present in a neat resin

without sacrificing the resin's inherent processability or adding excessive

weight.1±2 Furthermore, with the dispersion of fillers at nanometer length scale,

a level of filler-matrix interaction previously not achievable in conventional

composite systems can now be attained. This often leads to interesting

modifications to the polymer matrix, giving rise to new structures and new

properties.

Among various nanofillers, two of the most extensively investigated par-

ticulates are layered silicates, i.e. clay, and carbon nanotubes, which are two-

and one-dimensional elements in geometry, respectively, thus with large aspect

ratio (usually 100). Recently increasing attention has also been paid to low

aspect ratio, such as spherical or cubic-shaped, nanoparticles, in particular nano-

calcium carbonate (nano-CaCO3) due to its wide range of potential applications

and low cost. Academic interest in this area has also arisen as PNC containing

low aspect ratio nanoparticles are a critical bridge between the conventional

micro-composites and the ones filled with high aspect ratio nanoparticles where,

from the nanoparticle perspective, size is reduced and number density increased

prior to the additional complexity of orientational correlations introduced by an

extreme aspect ratio.1

This chapter provides a snapshot of the current status of the rapidly

developing science and technology in the field of polymer/CaCO3 nano-

composites, which includes preparation and modification of nano-CaCO3,
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fabrication and characterization of the nanocomposites as well as their

applications. The future research directions and challenges in the field are also

addressed briefly.

16.2 Preparation and surface modification of nano-
CaCO3

16.2.1 Preparation of nano-CaCO3

Various nanoparticle preparation methods, such as physical vapor deposition,3

chemical vapor deposition,4 reactive precipitation,5 sol-gel,6 microemulsion,7

sonochemical processing8 and supercritical chemical processing,9 have been

developed and reported in the literature. Among these methods, reactive pre-

cipitation is of high industrial interest because of its convenience in operation,

low cost and suitability for massive production. The conventional precipitation

process is, however, often carried out in a stirred tank or column reactor, and

moreover the quality of the product is difficult to control and the morphology

and size distribution of the nanoparticles usually change from one batch to

another during production.

Recently, Chen et al. developed a novel technology, high-gravity reactive

precipitation (HGRP), for synthesis of nanoparticles.10 Using the HGRP

approach, reactive precipitation takes place under high-gravity conditions. The

experimental apparatus for HGRP is shown schematically in Fig. 16.1. A

rotating packed-bed (RPB) reactor is used to generate acceleration higher than

the gravitational acceleration on earth. The key part of the RPB is a packed

rotator,11 in which vigorous mixing and mass transfer occurs under a high stress

16.1 Schematic of experimental setup for HGRP. Reprinted with permission
from ref. 10 (Figure 1). Copyrightß (2000) American Chemical Society.
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field. This generates uniform concentration distribution at almost molecular

level in the reactive precipitation process and hence yields nanoparticles with

narrow size distribution. By means of this new approach, synthesis of CaCO3,

aluminum hydroxide, and strontium carbonate nanoparticles with narrow size

distribution has been successfully achieved. A histogram of particle size

distribution (PSD) of cubic nano-CaCO3 prepared by HGRP is given in Fig.

16.2(a). Without any addition of crystal growth inhibitors, the mean size of

CaCO3 particles can be adjusted in the range of 15±40 nm by controlling the

operation conditions, such as high-gravity level, fluid flow rate and reactant

concentration. As a comparison, a histogram of PSD of nano-CaCO3 prepared

by conventional precipitation technology is shown in Fig. 16.2(b). It can be seen

that the PSD of CaCO3 synthesized by HGRP is much narrower and the mean

particle size much smaller than that prepared by the conventional precipitation

method.10

It is worth noting that this cost-effective HGRP technology has been

commercialized in China12 and Singapore13 recently, which led to massive

production of nano-CaCO3 with narrow size distribution at relatively low cost

and spurred more intensive research on polymer/CaCO3 nanocomposites.14-18

16.2.2 Surface modification of nano-CaCO3

There are generally two kinds of interactions existing in particulate-filled

polymer composites.19±20 On the one hand, a polymer matrix adheres to the

surface of the particles forming an interphase with properties differing from

those of the matrix;21 on the other hand, the particles may also interact with each

other creating aggregates.22 Usually, homogeneous dispersion of nanoparticles

in a polymer is very difficult to achieve due to the strong tendency of the ultra

fine particles to agglomerate and the high melt viscosity of the matrix.

Therefore, as with many other particulate-filled polymer systems, the two key

16.2 Particle size distributions of nano-CaCO3 prepared by different methods:
(a) by HGRP and (b) by conventional precipitation. Reprintedwith permission
from ref. 10 (Figure 9). Copyrightß (2000) American Chemical Society.
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factors controlling the performance of a polymer/CaCO3 nanocomposite are: (1)

dispersion of nano-CaCO3 in the matrix, and (2) the polymer-filler interface.

Fine dispersion (without significant particle aggregation) and adequate

interfacial adhesion are essential if high performance is to be achieved.

Surface treatment of fillers is a well-known way to modify the interfacial

adhesion in polymer/CaCO3 composites.23 For instance, CaCO3 particles are

often modified by organic agents to provide a hydrophobic surface to increase

the interfacial adhesion with hydrophobic polymers. Non-reactive treatment

results in a decrease in the surface tension of fillers leading to a decrease in

particle-particle and particle-polymer interactions. As a result, aggregation of

the fillers decreases, homogeneity, surface quality and processability improve,

but the yield stress and tensile strength of the composites decrease.24 The non-

reactive filler coatings include calcium and magnesium stearates, silicone oils,

waxes, and ionomers.25±27 Reactive coupling assumes the presence of reactive

groups both on the surface of fillers and in polymer matrices.24 Various reactive

surface modifiers, such as alkylalkoxysilanes, alkylsiyl chlorides, dialkytitanates

and stearic acid, have been used. CaCO3 does not have active ±OH groups on its

surface which could react with silanes. Thermoplastics, especially apolar

polyolefins, are also inactive since their polymer chains do not contain any

reactive groups. Reactive coupling is thus not expected in such systems.

However, studies by Demjen et al. showed that apparent reactive coupling of

CaCO3 to polypropylene (PP) has been achieved with the application of amino-

functional silane coupling agents.24 Detailed studies proved that amino-

functional silane coupling agents adhered strongly to the surface of CaCO3

and formed a polysiloxane layer probably due to the catalytic effect of the amino

group in the polycondensation process. The silane coupling agents used

successfully in their model reactions, i.e. surface modification of CaCO3, are

listed in Table 16.1.

Table 16.1Silane coupling agents used in surfacemodification of CaCO3. Reprinted
from ref. 24, Copyright (1999), with permission from Elsevier

Abbr. Formula Grade Producer

MPTMS CH2�C(CH3)-CO-O-CH2-CH2-CH2-Si-(O-CH3)3 GF31 Wacker
(3-methacryloxypropyl)trimethoxysilane

CVBS CH2�CH-ph-CH2-NH-(CH2)2-NH-(CH2)3-Si- Z6032 DowCorning
(O-CH3)3�HCl
(ph = benzene ring)
N-(4-vinylbenzyl)-N'-(3-trimethoxysilylpropyl-
ethyl)enediamine, hydrochloride

AMPTES NH2-CH2-CH2-CH2-Si-(O-CH2-CH3)3 GF93 Wacker
(3-aminopropyl)triethoxysilane
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For apolar polyolefin systems, an alternative approach is grafting, i.e.

introducing polymer chains onto nano-CaCO3 by irradiation grafting

polymerization28 or incorporating grafted polyolefins, such as maleic anhydride

or acrylic acid grafted PP,29 to obtain ternary-phase composites. In the case of

grafting polymerization, owing to their low molecular weight, the monomers can

easily penetrate into the agglomerated nanoparticles and react with the activated

sites of the nanoparticles inside as well as outside the agglomerates.28

Introducing a third component with good compatibility with nano-CaCO3 can

lead to encapsulation of the nanoparticles by the third component and hence a

finer dispersion of the nanoparticles due to the reduced surface tension.30 Clearly,

the ternary phase can improve both the degree of nanoparticle dispersion and the

interfacial interactions between nano-CaCO3 and polymer matrices.

The significant influences of surface treatment on the morphology and

properties of polymer/CaCO3 nanocomposites have been clearly illustrated by

the research work of Huang et al.31 and Lorenzo et al.32 In the first case, nano-

CaCO3 fillers were treated with stearic acid under different shear forces in a high

and ultra-high speed mixer, respectively, and then melt-blended with PP.31

Scanning electron microscopy (SEM) study showed that (a) micron-sized

aggregates were formed in the PP matrix when using untreated nano-CaCO3 due

to high surface energy of the fillers (Fig. 16.3(a)); (b) the dispersion of nano-

CaCO3 was slightly improved when using nano-CaCO3 surface-treated by

stearic acid in the high speed (2000 rpm) mixer; (c) the degree of dispersion was

greatly improved when using nano-CaCO3 surface-treated in the ultra-high

speed (6000 rpm) mixer (Fig. 16.3(b)). It can be concluded that:

1. higher shear force breaks up the agglomerates of nanoparticles more

effectively during the surface treatment

16.3 SEM images of PP/nano-CaCO3 composites (content of CaCO3 �
11.7 vol.%). (a) Nano-CaCO3 was untreated. (b) Nano-CaCO3 was treated
with stearic acid in an ultra-high-speed mixer. Reprinted from ref. 31 (Figure
1), Copyright ß (2002), with kind permission from Springer Science and
BusinessMedia and Professor Rui Huang, Sichuan University, China.
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2. uniform surface coverage of nano-CaCO3 by stearic acid decreases filler

surface energy thus improving the nanoparticle dispersion in the matrix. As

a consequence, the mechanical properties (tensile modulus, yield strength

and notched Izod impact energy) of the PP nanocomposites prepared from

treated nano-CaCO3 are evidently superior to those from untreated nano-

CaCO3.

In the second case, Lorenzo et al. prepared poly(ethylene terephthalate) (PET)/

CaCO3 nanocomposites via in-situ polymerization, and the effects of surface

treatment on the dispersion morphology and thermal behavior of the nano-

composites were studied.32 For untreated nano-CaCO3, a large number of very

small discrete particles were observed. For the nanocomposites with stearic acid

treated nano-CaCO3 the discrete particles were still evident, but they were better

welded to the PET matrix, suggesting that the stearic acid coating improves

adhesion between the nano-CaCO3 and the PET matrix. The improved com-

patibility between the phases is probably due to the hydrophobic characteristics

of the treated nano-CaCO3 imparted by the stearic acid coating.

16.3 Fabrication of polymer/CaCO3 nanocomposites

Several methods, including in-situ polymerization, melt blending, sol-gel pro-

cess and solution-casting, have been used to fabricate polymer/CaCO3 nano-

composites. Each of these methods has its unique advantages and disadvantages.

16.3.1 In-situ polymerization

Using the in-situ polymerization approach, polymer nanocomposites are

prepared by polymerizing the monomers or precursors in the presence of

nanofillers. Usually, the nanoparticles are first dispersed into the monomers or

precursors, and the mixture is then polymerized by adding the appropriate

catalyst.18,32±38 Particular attention is paid to this method because it permits one

to synthesize nanocomposites with effectively tailored physical properties. The

advantages of the in-situ polymerization technology with respect to the other

methods are:35

· a direct and easier dispersion of the nanoparticles into the liquid monomers or

precursors, avoiding agglomeration of the nanoparticles in the polymer

matrix and improving the interfacial interactions between the two phases

· the possibility of using less expensive nanoparticles (e.g. CaCO3 rather than

silica particles) and conventional polymer processing technologies.

The in-situ polymerization method has been proved to be a successful approach

for preparation of polymer/CaCO3 nanocomposites with significantly enhanced

properties.

Polymer/calcium carbonate nanocomposites 417



Avella et al. successfully utilized the in-situ polymerization technology for

preparation of poly(methyl methacrylate) (PMMA)/CaCO3 nanocomposites.35,36

To obtain the required homogeneous dispersion of the nanoparticles, the PMMA

polymerization process has been modified and performed in two steps as

follows. The acrylic monomer, in which the organic peroxide was previously

dissolved, and the nano-CaCO3 particles were added to a cylindrical reactor. The

reaction was carried out under vigorous stirring at 100ëC until viscosity of the

mixture reaches a critical value. In this step, pre-polymerization of the acrylic

monomer in the presence of the nanoparticles occurred. It was observed that the

time to the point of critical viscosity of the solution depended on the amount of

nanoparticles. In the second step, the mixture was put into a mold and kept in an

oven at 100ëC for 24 h to complete the polymerization process. As a result, the

nanoparticles were fairly homogeneously dispersed in the PMMA matrix, even

at relatively high contents of nanoparticles, with size of 40±70 nm.

Xi et al. prepared PMMA/CaCO3 nanocomposites using reverse micro-

emulsion approach.38 Water in oil (w/o) microemulsion generally consists of

small water droplets surrounded by a surfactant monolayer and dispersed in an

oil-rich continuous phase. The particle size of the water droplets is less than

100 nm, allowing the controlled synthesis of inorganic nanoparticles. Hence, the

water droplet is called a microreactor and has been used for chemical

preparation of relatively monodispersed nanoparticles of various inorganic

materials. Xi et al. took advantage of the good dispersion of such microreactors

in an oily phase to modify nano-CaCO3 with methyl methacrylate (MMA),

rather than a non-reactive solvent, as the oil phase and to polymerize MMA in

the presence of nano-CaCO3 subsequently. The advantage of this approach is

that the processes of modifying nano-CaCO3 with organic agents and dispersing

the modified nanoparticles into the precursors are combined together. The

dynamic mechanical analysis (DMA) performed on the nanocomposites proved

that an interface layer was formed around the nanoparticles. The motion of

polymer chains in the interface layer was restricted because of the strong

interactions between the nanoparticles and the matrix. The glass transition

temperature of the interface layer was higher than that of the matrix because the

mobility of the polymer chains was reduced, i.e. the nanoparticles functioned as

crosslinkers in the interface layer.38

Although poly(vinyl chloride) (PVC) is a major commercial thermoplastic,

its processability, thermal stability and mechanical properties are inferior to

other commodity plastics such as polyethylene and PP. Incorporating inorganic

fillers into PVC can improve these properties. The mechanical properties of

these composites are strongly influenced by the filler aspect ratio. Polymer/clay

nanocomposites are known to exhibit high strength, superior modulus, good heat

distortion temperature, enhanced barrier, and flame retardant properties. Their

low fracture toughness has, however, limited their applications.39 To tackle this

issue, Xie et al. prepared a series of PVC/CaCO3 nanocomposites by in-situ
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polymerization of vinyl chloride in the presence of CaCO3 nanoparticles.18 It

was found that in the presence of 5wt.% or less nano-CaCO3 the nanoparticles

could be uniformly distributed in the PVC matrix at nanometer-scale during the

polymerization. At the optimum filler content of 5wt.% the nanocomposite

provided good thermal properties as well as the highest Young's modulus,

tensile yield strength, elongation-at-break, and impact resistance.

16.3.2 Melt compounding

The melt compounding method has been extensively used to fabricate polymer

nanocomposites14±17,31,40±53 for several reasons. Firstly, it is environmentally

benign due to the absence of organic solvents. Secondly, it is compatible with

conventional industrial processes, such as extrusion, injection molding and other

polymer processing techniques, thus can be easily commercialized. It is also a

convenient and flexible process capable of producing a variety of formulations

on a variety of product volume scales. Thirdly, the high-shear environment in an

extruder or mixer may permit the incorporation of significantly higher loadings

of nanoparticles in comparison with the nanoparticle loadings achievable by a

commercial in-situ polymerization process. And finally, the melt compounding

method may allow the use of polymers which are not suitable for in-situ

polymerization.2

Nevertheless, direct melt-compounding of polymers with nanofillers

achieved only limited success for most systems due to the high tendency of

the nanoparticles to form larger aggregates during melt-blending, which dimi-

nishes the advantages of their small dimensions. In addition, polymer degrada-

tion upon melt compounding is sometimes severe, which cannot be overcome

easily.53 These limitations should be considered when using the melt com-

pounding method to prepare nanoparticle-filled polymer composites. In addition

to surface treatment, size and loading level of nanofillers, melt-processing

conditions, such as processing temperature and time, shear force and con-

figuration of the processing machines, can also be adjusted in order to achieve

good dispersion of nanoparticles in polymer matrices.31 Sometimes, appropriate

compatibilizers are added to obtain ternary systems in order to improve the

particle dispersion, and/or miscibility and adhesion between the nanofillers and

the matrix.16,44

Chen et al. prepared PVC/nano-CaCO3 and PVC/acrylonitrile-butadiene-

styrene terpolymer (ABS)/nano-CaCO3 composites by melt-mixing different

concentrations of stearic acid modified nano-CaCO3 with the matrices in a high-

speed two-roll mixer at different processing temperatures.40 TEM study revealed

that the nano-CaCO3 particles with size of 30±45 nm were dispersed uniformly

at nanometer-scale in both PVC and the PVC/ABS blend. In particular a mono-

dispersion of nano-CaCO3 in the PVC matrix was observed at filler content of

10 phr. This is a rare example where nano-CaCO3 can achieve truly mono-
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dispersion at relatively high filler contents through melt-mixing. The mechanical

properties of PVC have been significantly enhanced after the addition of 10±

15 phr nano-CaCO3 fillers.

To facilitate uniform dispersion of nanoparticles and avoid severe property

deterioration caused by degradation, master-batch method, i.e. melt-blending

nanoparticles with a resin at a relatively high filler content first and then

compounding the product with the raw resin again to a low filler content, is often

used in nanocomposite fabrication. The application of this method to achieve

better dispersion of nano-CaCO3 in a PP matrix has been reported by Ren et al.48

The PP/nano-CaCO3 composites were prepared through one-step and two-step

melt compounding, respectively. The results showed that with the same filler

loading the two-step compounding (master-batch method) led to predominantly

nanometer-scale dispersion of the nano-CaCO3 while the one-step extrusion

resulted in agglomeration of the nano-CaCO3.

16.3.3 Solution-casting

Solution-casting is rarely used for fabrication of nanocomposites. It is viable

only if in-situ polymerization and melt compounding processes are unsuitable

due to the nature of a polymer matrix. An example is that biodegradable poly(L-

lactide) (PLLA) composite films containing nano- and micro-CaCO3 particles

were prepared by Fukuda et al. via solution-casting using methylene chloride as

a solvent.54 The CaCO3 particles were first surface-treated by different agents to

improve the compatibility of filler with the matrix. The treated CaCO3 particles

were then dispersed into a polymer/methylene chloride solution by ultra-

sonication. After that, the solution was cast on a Petri dish, followed by rapid

solvent evaporation at room temperature. The solvent trapped in the resulting

solid was extracted with methanol and dried in vacuum for a few days. Finally,

the as-cast films were compression molded using a hot press to form the

composite films. It was found that the composites exhibited higher weight loss

rates than the pure PLLA film during enzymatic hydrolysis, which implies that

the solution-casting has led to a good dispersion of the CaCO3 particles,

resulting in enormously large interfacial area susceptible to enzymatic

hydrolysis.54

16.4 Characterization

16.4.1 Morphology and dispersion of nano-CaCO3

As discussed in the previous sections, polymers filled with nano-CaCO3 may

exhibit superior properties over their counterparts filled with micro-CaCO3 only

if the nanometer-scale dimension of the dispersed phase is retained within the

polymer matrices. Examination of morphology of polymer/CaCO3 nano-
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composites is, therefore, a critical step for understanding processing-

morphology-property relations of the nanocomposites.

Transmission electron microscopy (TEM)

The nanometer-scale dispersion of CaCO3 particles in polymer matrices is best

investigated with TEM. A good example is TEM micrographs of melt-mixed

PVC/nano-CaCO3 and PVC/ABS/nano-CaCO3 composites presented in ref. 40.

The TEM micrographs show a mono-dispersion of nano-CaCO3 in the PVC

matrix as indicated by the regular shape and narrow size distribution of the

nanoparticles. In contrast, at the same filler content, the nano-CaCO3 particles in

the PVC/ABS blend apparently have a wider size distribution and the shape of

some larger particles appears to be irregular, which implies that these large

particles are actually agglomerates. This work demonstrated the capability of

TEM in determination of the degree of dispersion of nano-CaCO3 in polymer

matrices precisely.

TEM is also useful in identification of aggregation morphology of nano-

CaCO3 in polymer matrices. For example, Wang et al. presented TEM

micrographs showing the formation of chain-like aggregates along the melt-flow

direction in a injection-molded PP/high density polyethylene (HDPE)/nano-

CaCO3 composite sample.52 With the aid of TEM, the effects of matrix,40 filler

content,14,18,40,52 composite fabrication methods48 on morphologies of various

polymer/CaCO3 nanocomposites have been studied.

Scanning electron microscopy (SEM)

Scanning electron microscopy (SEM) has been widely used to examine

morphological features of polymer/CaCO3 nanocomposites due to the simplicity

of preparation of fractured surfaces compared to ultra-microtome sectioning

required for preparation of TEM samples. While TEM provided unambiguous

evidence for nanometer-scale dispersion of CaCO3 particles, SEM is not

particularly effective in this respect. It is mainly used in examining micron-scale

agglomeration.

SEM is also a useful tool for evaluation of interfacial interactions. If severe

agglomeration occurs, debonded agglomerates and holes may be observed on

fractured surfaces of polymer/nano-CaCO3 composites, which is a sign of

extremely poor interfacial adhesion. When agglomerates are small and the

majority of agglomerates are embedded in the matrix on the fractured surface, a

sharp interface boundary also implies weak interfacial adhesion between the two

phases. Sharp interfacial boundaries can be observed clearly under SEM even if

a predominantly nanometer-scale dispersion of CaCO3 is achieved,
31 and it is a

distinctive morphological feature for most melt-compounded polymer/nano-

CaCO3 systems. In contrast, with adequate surface modification of nano-CaCO3,
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in-situ polymerization may yield not only a homogenous dispersion of the

nanoparticles but also strong interfacial adhesion. For example, SEM studies

showed that the nano-CaCO3 particles in in-situ polymerized PET/nano-

CaCO3
32 and PMMA/nano-CaCO3

35,38 were largely embedded in the matrices

on the fractured surfaces without clear interfacial boundaries between the two

phases.

Numerous SEM studies have been devoted to investigation of toughening

mechanisms of polymer/nano-CaCO3 composites, which will be discussed

together with mechanical properties of the nanocomposites in section 16.4.4.

16.4.2 Thermal transitions and properties

Glass transition temperature (Tg)

The presence of rigid fillers in a polymer matrix generally leads to a slight

increase of Tg with respect to the neat resin, usually only a few degrees,

depending on the nature of the polymer matrix and the filler. In the case of nano-

CaCO3 filled polymers, the increase of Tg could be much more significant under

some circumstances. Avella et al. reported Tg of in-situ polymerized PMMA/

nano-CaCO3 measured using differential scanning calorimetric (DSC).35 The

presence of nanoparticles shifted Tg to much higher values, as shown in Fig.

16.4. It was attributed to the strong interfacial interactions between the nano-

CaCO3 and the PMMA matrix, which hindered the motion of polymer chain

segments. A significant increase of Tg with the addition of only 2wt.% nano-

CaCO3 was also observed in in-situ polymerized PET/nano-CaCO3.
32 The

addition of untreated nano-CaCO3 into PET led to a moderate increase of Tg
(5ëC) while with the addition of stearic acid treated nano-CaCO3 the Tg rose

much more significantly (14ëC), which demonstrated the importance of

16.4 Glass transition temperature of in-situ polymerized PMMA/CaCO3

nanocomposites as a function of filler content. Adopted from ref. 35 (Table 2).
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interfacial interactions. The much higher Tg values were confirmed as not being

caused by PET crystallinity change as in both cases the crystallinity was either

reduced or unchanged.

As the effect of nano-CaCO3 on Tg of the nanocomposites is strongly

dependent on filler-matrix interactions, it is not surprising that it varies largely

from system to system. In contrast to the aforementioned systems, there are also

many polymer/nano-CaCO3 systems where nano-CaCO3 fillers only impose

slight changes on Tg.
18,40,55,56 Chen et al. used DMA to measure Tg of PVC/

nano-CO3 and PVC/ABS/nano-CaCO3 prepared by melt-mixing and observed

only about 2ëC increase in Tg at filler contents of up to 15 phr despite the fact

that excellent nanometer-scale dispersion was achieved for the two systems.40

Xie et al. observed a slight increase of Tg from in-situ polymerized PVC/nano-

CaCO3 at filler concentrations up to 5wt.%, while at 7.5wt.% Tg was almost the

same as that of the neat PVC due to agglomeration of the nano-fillers.18

KovacÏevicÂ et al. reported a moderate increase of Tg in poly(vinyl acetate)

(PVAc)/nano-CaCO3 prepared by emulsion blending.56 A second tan � peak

was, however, also observed at about 60ëC above the Tg at a high filler loading

of 24wt.%, as shown in Fig. 16.5. The peak was assigned to the restricted

motions of PVAc chains in the interface region due to the strong interactions

between PVAc and the fillers. The appearance of two transitions was the result

of the heterogeneously distributed regions of very different molecular mobilities.

Similar behavior was also observed from a PMMA/CaCO3 nanocomposite

16.5 Change of storage modulus E0 (MPa) and tan � with temperature for the
PVAc/nano-CaCO3 composites with filler loadings: (1) 12 vol.% and (2)
24 vol.%. Reprinted from ref. 56 (Figure 6), Copyright ß (2002), with
permission from Koninklgke Brill NV, Leiden, The Netherlands.
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prepared by reverse microemulsion where the PMMA matrix had much lower Tg
than the interfacial layer because a part of surfactants was dissolved in the

matrix.38

Positron annihilation has been proven to be an effective tool to probe the

interfacial characteristics of polymer nanocomposites. Zhang et al. used positron

annihilation to study structures of melt-compounded HDPE/CaCO3 nano-

compositites in which nano-CaCO3 fillers were treated with a coupling agent.57

A rapid decrease of free-volume concentration with increasing nano-CaCO3

weight fraction was observed. An interfacial layer between the nano-CaCO3

fillers and HDPE was also detected, which verified that the interactions between

the nano-CaCO3 and HDPE matrix indeed restricted the chain segmental motion

and reduced the mobilization of polyethylene chains.

Crystallization behaviors

In semicrystalline polymers, nano-CaCO3 can also induce crystalline structural

and morphological changes of the matrices, which may exert a great impact on

mechanical properties of the nanocomposites. In this respect, the most

extensively studied system is PP.

It is well known that isotactic polypropylene can simultaneously crystallize into

three crystalline forms, namely �-, �- and -forms. Their relative amounts are

essentially determined by crystallization conditions such as crystallization

temperature, pressure and cooling rate. The �-phase crystallites are usually the

predominant part in neat PP, while the �- and the -phase crystallites may develop

substantially under some special circumstances, such as using �-phase nucleating

agents or under high pressure.58,59 The toughness of the �-phase PP is higher than

that of the �-phase PP at temperatures both below and above glass transition

temperature.60 Several groups consistently reported that the addition of nano-

CaCO3 into PP could promote the formation of the �-phase PP crystallites,14,17,48,61

which is an interesting comparison to a recent report that nano-clay could

significantly inhibit the �-phase formation.62 Zhang et al. measured �-form index

(K value) of PP/CaCO3 nanocomposites using wide angle X-ray scattering, as

shown in Fig. 16.6, and found that the K value was significantly increased with the

addition of nano-CaCO3 into PP.17 With the presence of polyoxyethylene

nonyphenol as an interfacial modifier the increase of the K value was more

prominent. Yang et al., on the other hand, reported that nano-CaCO3 whiskers

(average size 100 nm) significantly promoted the �-phase formation while spindle-

shaped submicro-CaCO3 (average size 500 nm) promoted the �-phase formation

very slightly.61 These results imply that the formation of the �-phase is affected by
both the surface area and the nature of the surface. More systematical and in-depth

studies are required to clarify the mechanisms behind this.

Nano-CaCO3 also have profound influence on crystallization temperature,

crystallization rate, crystallinity and crystalline morphology of PP.14,17,29,49,61 In
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general, nano-CaCO3 fillers exhibit heterogeneous nucleation effect in PP as

indicated by an increase in crystallization temperature in cooling processes and a

decrease in spherulite size.14,17,49 Well-dispersed nanoparticles can act as multi-

nuclei leading to a huge number of very small spherulites,14,17,49,63 which may

have a positive effect on fracture toughness of the nanocomposites. The nucleating

effect is dependent on filler content as the agglomeration occurring at high filler

contents can weaken the effect.49 For crystallinity and overall crystallization rate,

the effects of nano-CaCO3 are more complex. The nanoparticles may promote

crystallization by acting as nucleating agents while they may also decrease the

spherulite growth rate by hindering orderly packing of chain segments at late

stages. The trend thus varies from system to system depending on the degree of the

dispersion and the extent of the interfacial interactions.14,17,29,49

The synergistic effect of nano-CaCO3 and an organic nucleating agent on

crystallization behavior of PP copolymers has been studied by Zhu et al.37 The

nanocomposites were made by in-situ copolymerization of propylene with a low

content of ethylene units in the presence of nano-CaCO3 and an organic

phosphate nucleating agent. The results of Avrami analysis showed a dramatic

decrease in the half-life of crystallization and a significant increase of the overall

crystallization rate in the presence of the organic nucleating agent, and the

effects were further enhanced in the presence of both the organic nucleating

agent and the nano-CaCO3. Incorporation of the nano-CaCO3 particles into the

PP copolymer both formed much finer spherulites and increased the crystal-

linity, thus significantly augmenting the flexural modulus and impact strength as

well as heat distortion temperatures.

16.6 X-ray diffraction of neat PP and PP/nano-CaCO3 composites. From
bottom to top: neat PP; PPwith 15wt.% nano-CaCO3; PPwith 15wt.% nano-
CaCO3 and 0.75wt.% nonionic modifier; PP with 15wt.% nano-CaCO3 and
1.50wt.% nonionic modifier; PP with 15wt.% nano-CaCO3 and 2.25wt.%
nonionic modifier. Reprinted from ref. 17 (Figure 4), Copyrightß (2004), with
permission from Elsevier.
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Although most efforts in this area were devoted to PP/CaCO3 nano-

composites, nucleating effect of nano-CaCO3 was also detected in other

systems. In our laboratory (Nanyang Technological University), two types of

nano-CaCO3 fillers treated with stearic acid and Portuguese gum rosin,

respectively, were melt compounded with HDPE in the filler concentration

range of 0 to 10wt.%. With increasing the filler content both showed a slight

increase in crystallization temperature upon cooling, while the influence of rosin

treated nano-CaCO3 was very weak probably due to the reactive nature of rosin.

Crystallization behaviors of in-situ polymerized PET/nano-CaCO3 has been

studied by Lorenzo et al.32 Without surface treatment, the nano-CaCO3 fillers

slightly retarded the crystallization of PET while nano-CaCO3 particles coated

with stearic acid were effective nucleating agents for PET.

Thermal stability

Thermogravimetric analyses (TGA) have confirmed the general enhancement of

thermal stability of various polymer/CaCO3 nanocomposites relative to the base

polymers. Di Lorenzo et al. reported that the presence of 2wt.% nano-CaCO3 in

PET raised the degradation temperature (temperature at 5% weight loss) of the

material by about 15ëC.32 Xie et al. reported a marginal increase of the degradation

temperature of in-situ polymerized PVC/CaCO3 nanocomposites with increasing

filler loading.18 It was proposed that the higher thermal degradation temperature

may be related to the reduced long-range chain mobility in the nanocomposites18 or

modified polymer thermal degradation mechanism32 due to polymer-filler

interactions. Both hypotheses are subject to further experimental verification.

16.4.3 Thermal dynamic properties

Thermal dynamic properties of a few polymer/nano-CaCO3 systems have been

investigated using dynamic mechanical analysis (DMA). In general, the addition

of nano-CaCO3 fillers would lead to an increase of storage modulus (E0), albeit
small, in a wide range of temperatures due to the reinforcement effect from the

rigid nanoparticles. An example has been shown in Fig. 16.5, where the storage

modulus of PVAc/nano-CaCO3 increases with increasing the filler content.57

Similar behavior was also observed for melt-mixed PVC/nano-CaCO3 and PVC/

ABS/nano-CaCO3,
40 and in-situ polymerized PVC/nano-CaCO3

18 systems.

16.4.4 Mechanical properties

Corporative stiffening and toughening effect in thermoplastics

It has long been known that micron-sized CaCO3 can serve as reinforcing fillers

to improve stiffness of thermoplastics, while the enhanced stiffness is usually
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accompanied by a depression of toughness. In 1980s researchers discovered that

if relatively high concentrations of sufficiently fine CaCO3 particles are well

dispersed in quasi-ductile polymer matrices, such as PP and HDPE, they may

also play the role of toughening agents.64,65 The findings spurred great interest

on polymer/CaCO3 nanocomposites. Through extensive research in the past few

years, prominent toughening effect of nano-CaCO3 in common thermoplastics

has now been well established, although the mechanisms behind it are still

subject to debate. Moreover, the corporative stiffening and toughening effect can

be achieved by nano-CaCO3 at fairly low filler contents, as exemplified in Table

16.2. This makes nano-CaCO3 fillers a unique choice in the plastics industry.

Tensile behaviors of nano-CaCO3 filled thermoplastics

Among tensile properties, modulus and yield strength have primary importance,

which give information on the stiffness and the maximum allowable load

without considerable plastic deformation. For polymer/CaCO3 nanocomposites,

in general, with increasing filler content, the tensile modulus increases, while the

yield strength may increase or decrease depending, to a great extent, on the

degree of dispersion and the interfacial adhesion between the matrix and the

fillers.14,17,18,66,67 An example is given in Fig. 16.7, in which the stearic acid

modified nano-CaCO3 fillers gave rise to better tensile properties, especially the

yield strength, because they provided stronger interfacial adhesion than the

untreated ones. The increase of Young's modulus with increasing nano-CaCO3

content was attributed to the stiff nature of the fillers. Various classic theories

have been used to simulate the quantitative relations between the tensile

properties and the filler content for the nanocomposites,14,17,18 but most

experimental results indicated the limitation of the theories when applied to

Table 16.2Corporative stiffening and toughening effect of nano-CaCO3 in common
thermoplastics. Adopted from refs 18, 31 and 51

Matrix Average filler Change of mechanical properties with respect Ref.
diameter (nm)/ to the matrix at the filler content of 5wt.%

surface
treatment Tensile Tensile Notched

modulus yield strength impact strength

PVC 44/stearic acid �19% increase No change �70% increase 18
(Charpy)

PP 70/stearic acid �38% increase �4% increase �137% increase 31
(Izod)

HDPE * �10% increase �10% increase �80% increase 51
(Izod)

* not disclosed.
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nanocomposites.14,18 For semi-crystalline matrices, it is believed that both the

reinforcing effect and nanofiller-induced variation of crystallinity and crystalline

morphology would affect tensile properties.

Toughening effect of nano-CaCO3 and the mechanisms

Impact property of polymer/CaCO3 nanocomposites has been extensively

investigated.14,17,18,31,40,46±53,67,68 In brittle or quasi-ductile matrices like PVC,

PP and HDPE, in general as nano-CaCO3 loading increases, the impact energy

of the nanocomposites would increase until reaching a maximum, and then

decrease continuously. An example is given in Fig. 16.8 where notched Izod

impact energy of melt-compounded PP/CaCO3 nanocomposites was plotted as a

function of filler content.31 The filler loading corresponding to the maximum

impact strength and the extent of enhancement of the impact strength with

respect to the neat resin vary from system to system, which depend primarily on

the degree of dispersion of nano-CaCO3 fillers and interfacial properties. In Fig.

16.8 the highest impact strength corresponds to the nano-CaCO3 treated by

stearic acid in an ultra high speed mixer because the fillers treated in this way

were dispersed most uniformly in the matrix, as shown in Fig. 16.3(b).31 In

contrast, for the untreated fillers the impact strength was only marginally

increased at very low filler contents. At high filler contents severe

agglomeration caused the decrease of the impact strength.

The general idea behind using rigid fillers as toughening agent mimics the

cavitation mechanism in rubber toughened thermoplastics.64 The rigid particles

act as stress concentrators because they have different elastic properties from

that of the polymer matrices. Stress concentration causes building up of triaxial

stress around the filler particles, which leads to debonding at the particle-

polymer interface. The voids created by debonding alter the stress state in the

polymer matrix surrounding the voids. This reduces the sensitivity towards

16.7 Tensile properties of PP/CaCO3 nanocomposites as a function of filler
content. (a) modulus; (b) yield strength; Reprinted from ref. 31 (Figure 2),
Copyright ß (2002), with permission from Springer Science and Business
Media and Professor Rui Huang, Sichuan University, China.
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crazing since the volume strain is released. The shear yielding mechanism thus

becomes operative and the material is able to absorb large quantities of energy

upon fracture. Moreover, the tip of the crack is blunted and the stress concen-

tration is alleviated, resulting in slowing down of the propagation of cracks. Use

of nanoparticles, on the one hand, would make the number of stress concen-

trators per volume much larger than that in micro-composites so that a larger

number of voids can be created to induce shear yielding and hence absorb a

greater amount of impact energy at fairly low filler loadings. On the other hand,

it would ensure the voids that are created are small and do not act as initiation

sites for the fracture process. A homogeneous dispersion of CaCO3 particles in

polymer matrices at nanometer-scale is, therefore, the key to the toughening

effect, and a severe particle aggregation would alter the deformation mechanism

and induce brittle failure.67

Successful toughening of rigid PVC with nan-CaCO3 provided experimental

evidence to the cavitation theory.18,40 Xie et al. reported that the notched Charpy

impact energy of an in-situ polymerized PVC/CaCO3 nanocomposite with the

filler content of 5wt.% was 70% higher than that of the neat PVC. The

corresponding impact-fractured surface of the nanocomposite was examined

using SEM. Typical ductile characteristics, a rough fractured surface with a few

elliptical voids around CaCO3 particles due to interfacial debonding, were

observed, as shown in Fig. 16.9.18 Obviously, cavitation and the cavitation-

trigged-matrix shear contributed to the energy-dissipation. While for the neat

PVC, a surface typical of brittle failure was observed.

The cavitation mechanism presumably also works for nano-CaCO3 filled PP

and HDPE systems. Some evidence has been found through morphological

16.8 Impact energy of PP/CaCO3 nanocomposites as a function of filler
content. Reprinted from ref. 31 (Figure 3), Copyright ß (2002), with per-
mission from Springer Science and Business Media and Professor Rui Huang,
Sichuan University, China.
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studies.14 It is, however, important to note that PP and HDPE are semi-crystal-

line polymers with relatively high crystallinity. Although the addition of

nanofillers usually does not lead to a marked change in crystallinity, it does alter

the crystalline morphology enormously, which includes increasing the number

of spherulites per volume, reducing spherulite size, creating a large number of

imperfection sites, and the possibility of formation of an interfacial layer with

amorphous14 or unique crystalline morphological features.69 These factors have

been accounted for when discussing the toughening effect of nano-CaCO3 in PP

and HDPE, but it is not clear to what extent they contribute to the impact energy

absorption. The addition of nano-CaCO3 into PP presents extra complexity as

the fillers may also promote the �-form formation, as discussed earlier. There

was indeed such an example that impact energy absorption of a PP/CaCO3

nanocomposite was increased to about three times that of the neat PP but there

were few signs of plastic deformation or debonding even in the region near the

notch root.17 Much further work is necessary to unfold the toughening

mechanisms due to these rigid particles.

Blending of a thermoplastic with a rubber is an effective way to increase its

toughness but one drawback of rubber toughening is the significant loss of both

tensile strength and stiffness, especially at relatively high rubber concentrations.

The mechanical properties of rubber toughened plastics are critically controlled

by morphology of the blends, and may be severely deteriorated by coalescence

of dispersed rubber domains at high rubber concentrations. Hrnjak-Murgiñ et al.

reported that the addition of 5wt.% nano-CaCO3 into a rubber toughened

styrene-acrylonitrile copolymer (SAN) caused significant improvement of

compatibility between the two polymer phases, especially when the filler was

16.9 A SEM micrograph showing the surface of an impact-fractured PVC/
CaCO3 composite with 5.0wt.% nano-CaCO3. Reprinted from ref. 18 (Figure
12), Copyrightß (2004), with permission from Elsevier.
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surface treated with sodium stearate.30 As the extent of the surface modification

increased, the rubber domain size decreased because interfacial tension was

reduced. The impact strength, tensile strength and elongation at break were thus

improved cooperatively. The work demonstrated that synergistic use of rubber

and properly surface-treated nano-CaCO3 may help fine control of the phase

morphology of multiphase polymer blends and impark desirable mechanical

properties of these materials.

Reinforcing effect of nano-CaCO3 in rubbers

In addition to the stiffening and toughening effects of nano-CaCO3 in plastics,

its reinforcing effect in rubbers has also attracted great attention. Research

showed that the addition of nano-CaCO3 into rubbers provided them with higher

tensile strength and elongation at break, better tear and abrasion resistance,

greater flexibility and lower hardness in comparison with their counterparts

filled with micro-CaCO3 at the same loadings.70 The improvements were

attributed to the larger surface area of the nano-CaCO3 fillers and their ability to

form chain-like morphology in rubbers.

Nano-CaCO3 alone as reinforcement cannot yield adequate mechanical

properties, especially strengths, for most practical applications. It is usually used

together with carbon black to achieve synergistic reinforcing effect. For

example, when carbon black was used as reinforcement in styrene-butadiene

rubber (SBR) alone, the strength of the rubber was greatly improved but

elongation at break was relatively low and the hardness relatively high.71 When

nano-CaCO3 and carbon black were used together, elongation at break was

increased significantly and hardness reduced while the tensile and tear strengths

only deteriorated slightly, as shown in Table 16.3.

The reinforcing effects of nano-CaCO3 in various rubbers, which include

natural rubber (NR) and butadiene rubber (BR),70 SBR, SBR/NR and SBR/BR

blends,71 nitrile rubber72 and ethylene-propylene-unconjugated diene ter-

polymers (EPDM),70 have been studied. Property improvements were found

Table 16.3Mechanical properties of styrene-butadiene rubber (SBR) filled with
nano-CaCO3 (CC) and/or carbon black (CB). Adopted from ref. 71

Property Filler content

0 25 phr CC 50 phr CC 50 phr CB 25 phr CC +
50 phr CB

Tensile strength (MPa) 1.51 1.75 3.05 20.67 17.94
Elongation at break (%) 251 256 387 389 478
Tear strength (kN/m) 6.71 11.85 18.26 35.73 34.60
Shore A hardness 45 50 54 70 63
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in all systems but to fairly different extents, which depended not only on rubber

type but also on formulations and processing conditions.

16.4.5 Rheology

Rheological properties of polymers are important for their processing. To

characterize rheological behaviors of polymer/CaCO3 nanocomposites usually

their viscosities are measured as a function of shear rate and temperature using a

capillary rheometer.

Xie et al. studied rheological behavior of in situ polymerized PVC/CaCO3

nanocomposites.18 It was found that at low filler loadings (< 2.5wt.%) and very

low shear rates (< 100 sÿ1), apparent viscosity of the nanocomposites was

slightly higher than that of the neat PVC, while when the filler contents were

relatively high (up to 7.5 wt.%) or at shear rates of above 100 sÿ1, apparent
viscosities of the nanocomposites were lower than that of the neat PVC, as

shown in Fig. 16.10. They proposed that the nanoparticles served as `ball

bearings' reducing the interlayer interaction of PVC melts and hence the

viscosity. The bearing effect became more prominent at high filler loadings and

shear rates. Liang studied rheological behavior of melt-compounded ABS/nano-

CaCO3 and found that when the filler content was smaller than 10wt.% entry

pressure drop was relatively small at low shear stress.41 The results were also

interpreted using the concept of bearing effect, it was claimed that the effect

acted only at relatively low filler loadings (< 10wt.%) and at higher filler

loadings the particles inhibited the polymer chain motion and hence the flow

16.10 Rheological curves for neat PVC and PVC/nano-CaCO3 composites at
175ëC. Reprinted from ref. 18 (Figure 5), Copyrightß (2004), with permission
from Elsevier.
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resistance increased. More experimental data from different systems need to be

collected to confirm the `ball bearing' effect of cubic nano-CaCO3 in polymer

melts.

Wang et al. studied shear viscosity of plasticized PVC filled with micro- and

nano-CaCO3, respectively, at room temperature using a rotational rheometer.73

With the addition of nano-CaCO3 the pastes were pseudoplastic with a yield

point. They experienced significant shear thinning at a certain shear rate when

the nano-CaCO3 content was higher than 20 phr while the extent of shear

thinning was much less in micro-CaCO3 filled PVC pastes even at the filler

contents of up to 50 phr. It was proposed that the presence of nano-CaCO3 at

high concentration has created a reversible gel-like structure. The relatively

weak inter-particle interaction led to aggregation of modified nano-CaCO3

particles at low shear rates while the aggregation could be destroyed at high

shear rates which resulted in shear thinning. At high filler contents, thixotropy

behavior of the nano-CaCO3 filled pastes was also improved over that of micro-

CaCO3 filled ones.

16.4.6 Other properties

Abrasion resistance

It has been reported that the presence of nano-CaCO3 strongly improved the

abrasion resistance, as well as wear resistance, of PMMA.36 The findings were

attributed to the fact that the nanoparticles supported part of the applied load,

thus the penetration into the polymer surface was reduced and only

microploughing and/or microcutting phenomena could be generated. The wear

behavior was significantly different from that of conventional micro-composites.

Weathering resistance

Most thermoplastics degrade rapidly when used outdoors because of photo-

oxidation promoted by ultraviolet (UV) irradiation. A recent study on natural

weathering of micro-CaCO3 filled PP showed that the composites filled with

surface treated CaCO3 provided better retention of mechanical properties than

those filled with untreated fillers, which demonstrated the importance of

interfacial properties.74 Weathering behaviors of nano-CaCO3 filled polymers

have not been reported, and a study on this topic would be useful for exploring

applications of the nanocomposites.

16.5 Applications

Nano-CaCO3 is widely used in plastics, rubbers, coatings/paints, papers, printing

inks, cosmetics, pharmaceuticals and other synthetic or natural materials as
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fillers or additives.75 This section focuses on the applications of nano-CaCO3

fillers in common thermoplastics and rubbers.

There are three main reasons for choosing nano-CaCO3 as fillers in plastics:

· to improve mechanical properties, such as stiffness and toughness, of the

materials

· to modify processing behaviors of the materials

· to reduce the cost of final products.

For example, nano-CaCO3 filled PVC/chlorinated polyethylene (CPE) blends

have been used for manufacturing window profiles where high stiffness and

toughness, good flow property and low cost are essential.68,76 Another example

is that PVC pastes filled with nano-CaCO3 have been used as car underbody

paints because of the improved rheological properties.73,76 Moreover, the

corporative stiffening and toughening effect of nano-CaCO3 in commodity

thermoplastics like PP and HDPE may allow the nanocomposites to be used for

products which are traditionally made of engineering thermoplastics. Significant

cost reduction can, therefore, be achieved. Lightness is another interesting

aspect of polymer/CaCO3 nanocomposites. The nanocomposites can possess

excellent mechanical properties at fairly low filler loadings which indeed barely

exceed 10% in weight. On the contrary, their micro-CaCO3 filled counterparts

for appliance applications usually have loading levels ranging from 15 to 50% in

weight leading inevitably to heavier products.

Polymer/CaCO3 nanocomposites also exhibit enhanced optical clarity and

reduced haze in comparison with conventional micro-CaCO3 filled polymers,

which encourages their usage for packaging and optical applications. As an

example, PMMA/CaCO3 nanocomposites with low filler contents can provide

improvements of mechanical and thermal properties over neat PMMA without

significant loss in clarity, and may be used in optical devices.35

Nano-CaCO3 can be used as reinforcing fillers in rubbers as a partial

replacement for carbon black or silica. It has been used together with carbon

black or other ceramic fillers, such as TiO2 and MgCO3, for seals, oil-resistant

rubber pipes, shoe components, bicycle tires, car tires, etc.77 It is particularly

suitable for use in light-colored rubber products.

16.6 Conclusions and future trends

Polymer/CaCO3 nanocomposites have developed rapidly in the past few years.

Cubic nano-CaCO3 particles with narrow size distribution can now be produced

on a massive scale at relatively low cost. Nanometer-scale dispersion of CaCO3

particles in common polymer matrices has been successfully achieved via in-situ

polymerization and/or melt-compounding with the aid of organic modification

of filler surface. The nanocomposites fabricated possess a combination of good

mechanical properties, processability and improved temperature resistance at
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low filler loadings. Their performance clearly exceeds that of related micro-

composites. One notable difference is the corporative toughening and stiffening

effect of nano-CaCO3. The technology has been developed to the point where

they are ready be applied to commercial products.

Polymer/CaCO3 nanocomposite technology is still advancing quickly. The

areas for future progress are:

· Preparation of nano-CaCO3 particles. In addition to preparation of cubic

nano-CaCO3, some efforts have been made to synthesize high aspect ratio

nano-CaCO3 particles.13 Further studies with these high aspect ratio fillers

should also be fruitful, particularly in building a bridge to other nanofiller

systems to advance the fundamental understandings of nanocomposites. The

high aspect ratio nano-CaCO3 may also bring the nanocomposites unexpected

behavior, much as cubic nano-CaCO3 provided its own surprises.

· Filler surface modification and nanocomposite fabrication. Agglomeration of

nano-CaCO3 in the surface modification process has remained a major

problem because of the enormous interfacial area of the nanoparticles. The

uniform dispersion of nano-CaCO3 in polymer precursors and melts,

therefore, still presents a key challenge for the in-situ polymerization and

melt compounding approaches. Carefully engineering and full understanding

of interfacial properties are needed, and ultimately many perspectives will

develop, dictated by the final applications of each specific system.

· Characterization. The studies completed so far leave several fundamental

questions unanswered. The toughening mechanisms, especially the relative

contributions of debonding, shear yielding and filler-induced crystallization

variation to impact energy absorption, are still unclear. Progress in this area

will require concerted efforts in both fracture mechanics and nanometer-scale

structural characterization. Further rheological characterization is also

demanded to understand the mechanism behind the `ball bearing' effect of

nano-CaCO3. Data collection on environmental resistance and flame retard-

ancy will be useful for defining the application areas of the nanocomposites.

· Applications. The extensive research work in the past few years has laid the

ground for the transfer of polymer/CaCO3 nanocomposites into production

applications. A rapid growth in the use of the nanocomposites in commercial

products, such as light-duty mechanical parts and small appliances, is

therefore anticipated in the future.
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17.1 Introduction

Magnetic polymer nanocomposites can be defined as materials composed of an

inorganic magnetic component in the form of particles, fibers or lamellae with at

least one dimension in the nanometer range (1±100 nm) embedded in an organic

polymer or vice versa. The basic idea in a composite is to integrate several

component materials and their properties in a single material. In magnetic

polymer nanocomposites, organic-inorganic synergies add new properties that

cannot be achieved in just organic or inorganic materials. The magnetic

component has nanometer dimensions, therefore its magnetic properties can

differ qualitatively from the bulk, and they vary with the particle size. The

polymer brings high processability, and interesting mechanical, optical, and

electrical properties. In addition the magnetic properties can be strongly affected

by the polymer interphase, and the capacity of polymers for structuring can be

used to control the interparticle magnetic interactions. Thus, magnetic nano-

composites open a great number of possibilities for the design of materials in

terms of reducing functional space, improving magnetic performance, modulat-

ing magnetic properties, multi-functionalization, and the development of

materials with unique properties. The realization of these expectations passes

through a better understanding of the physics at the nanometer scale, the

development of characterization techniques, and the design of low cost

production methods. This last is probably the most important challenge, because

the performance of magnetic nanocomposites is very dependent on a fine control

of size, size dispersion, shape, interface, and organization of the component

materials.1

The history of magnetic nanomaterials is relatively recent. The scientific and

patent production in nanotechnology was relatively low before 1989. In six years

the number of publications increased by three orders of magnitude and that of

patents by two orders of magnitude.2 It was then that the issue came to the

forefront of government and industry research.3±6 About a quarter of the total

production corresponds to magnetic nanomaterials. This roaring growth comes
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as a result of the development of characterization techniques at this scale (SPM,

SAXS, EELS, HRTEM, STEM, XMCD), the development of biomimetization

synthetic methods,7 the trend to reduce the size of devices, and the discovery of

new nano-related phenomena8 (superparamagnetism, ferro-antiferro bias-

exchange, GMR, TMR, quantum tunnelling). A bibliometric study of

publications in the period 1996±2002, and patents active in 2002 is shown in

Fig. 17.1.

The polymer can play several roles in magnetic nanocomposites:

· as a template to control size, shape and organization

· as a coating protecting from the environment, an isolator, a separator or a

compacting medium

· endowing the magnetic material with the mechanical properties and

processability of the polymers

· as a functional component, adding its own optical, electrical or chemical

properties, enhancing the properties of the magnetic component, or creating

new properties by interaction with the magnetic component.

Polymers can also be useful as tools for moulding, templating, and structuring

inorganic magnetic nanomaterials. Thus, the area of interest of magnetic

nanocomposites extends to most of the fields in nanomagnetism. Patterned media

for information storage, MRAM and magnetic sensor applications are often made

through the intervention of polymers at intermediate stages, if not in the final

product. In fact, magnetic nanocomposites are strong candidates for patterned

media in ultrahigh density recording. Nevertheless, biomedicine is probably the

area gathering the highest activity, actual realizations, and expectations in

magnetic nanocomposites. The first application in this field was as contrast

agents in magnetic resonance imaging9 (MRI). Just as an example, the diagnosis

of lymphatic metastasis has improved from 60% to 94% with the use of

17.1 Comparison of (A) the number of publications in the years 1996±2002
and (B) the number of patents active in 2002 in different areas withinmagnetic
nanomaterials.
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nanoparticles. Nowadays, their interest extends onto many other areas:10 drug

targeting,11 diagnostics,11,12 immunoassays,13 molecular biology,14 DNA

purification,15 cell separation and purification, and hyperthermia therapy.16

Other current applications of magnetic ferrofluids are: magnetic inks, sealing of

rotating shafts, speakers, shock absorbing systems, magnetic sensors, etc. Their

applications in radioelectronics, microelectromechanical systems (MEMS),17

and advanced photo systems are under progress.18 Magnetic refrigeration and X-

Ray Switching are also of industrial interest. Moreover, polymer nanocomposites

are used as intermediate materials in the fabrication of nano-organized inorganic

magnetic materials, such as patterned media,19,20 mesoporous magnetic

ceramics,21 magnetic hollow spheres.22 Apart from their industrial value, they

are very interesting in basic magnetism and other scientific fields, e.g. life

science23 and in earth and planetary sciences. Iron oxides in nature are usually in

the form of nanoparticles. The study of their magnetic properties is an important

tool to follow geological evolution. For instance, a relevant evidence of extra

planetary life comes from the finding of magnetite nanoparticles in a Mars

meteorite that are very similar to those produced by magnetotactic bacteria.24

Magnetic studies are also evidences on the study of the evolution of sediments,

sea floor, soils and rock formation. Iron oxide magnetic nanoparticles are also

produced by animals that use them as orientation tools25,26 (bacteria, eels, trout ,

pigeons, dauphins, sea turtles, etc). They are also employed for iron storage in

mammalians and their formation can occasionally be related with diseases27

(Alzheimer).

Magnetic polymer nanocomposites may present a large variety of forms.

Within each of these forms, they are designed to yield an optimal performance for

a certain application. Following the basic chain in materials research in an

inductive direction, the performance of composites is related to their properties,

which are determined by their composition and structure, which are leading to the

development of methods for their preparation. Thus, in the next section of this

chapter, the different types of magnetic nanocomposites will be presented

accordingly with this scheme. Then, in further sections, each of the elements of the

materials research chain will be revised, starting with an exposition of methods for

the synthesis of magnetic nanocomposites, and following with a description of the

basic techniques for the characterization of their structure, and their main physical

properties. Finally, we will comment on the future trends in this field.

17.2 Classification of magnetic polymer
nanocomposites

Magnetic polymer nanocomposites can be in the form of: powders and

suspensions, fibers, films and multilayers, or tridimensional solids. In each of

these forms, they can be used in a large number of applications accordingly with

their properties. A scheme of this classification is shown in Fig. 17.2.
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17.2.1 Powders and suspensions

Biomedical applications

They are mostly based on the use of superparamagnetic nanoparticles. Their

performance is related to two elemental magnetic properties:

1. a high magnetic moment that permits the detection, separation, and/or

direction of biological entities attached to the particles; and

2. their heating power in an oscillating magnetic field that is useful for

hyperthermia therapy.

Magnetic biomedical materials are typically composed of a magnetic core, a

biocompatible shell, and one or more biologically active molecules (drug,

antibody, enzyme, etc.) anchored to the surface. As detection agents, they are

very useful in diagnosis. In combination with recently developed magnetic

biosensors (10ÿ13mole/L), they have opened new frontiers in early detection of

diseases,12 and inmunoassays.13,14,28 Their use in MRI permits the real time in

17.2 Classification of magnetic polymer nanocomposites.
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vivo visualisation of biological processes, such as cell tracking29a and DNA

expression,29b with a resolution close to molecular level.29c They are currently

used in the diagnosis of cancer, specially lymphatic and brain tumours.30 As

separation tools, they have been extensively used for cell sorting,31 DNA

separation,15 and blood purification.32 As targetable drug carriers they are used

to retain drugs in areas of low blood irrigation, and to localize the drugs in the

damage area in order to avoid side effects on the rest of the body. In

hyperthermia, they can play two roles:

1. enhancing drug action or tissue regeneration by heating to temperatures

below 41ëC;30 and

2. cytolysis of cancer cells by heating to temperatures above 45ëC.16

The preferred magnetic component for biomaterials is maghemite (-Fe2O3),

because it is highly biocompatible, and then ferrites. Other proposed compounds

are metals (Co) and metal alloys (CoPd, CoNi and NiCoPd). Polymers suitable

for the shell are: (a) natural polymers, such as carbohydrates, proteins, lipids, or

oligonucleotides; or (b) artificial polymers, such as polyols (polyvinyl alcohol,

PVA, polyethylenglycol, PEG), polysaccharides (dextran), polycarboxylic acids

(polymethylmetacrylate, PMMA), polyamines, polyimines, polyvinylpyridine

and polyethylene.

Ferrofluids33

Their performance is linked to a high magnetic moment and suitable rheological

properties. Suspensions of polymer coated magnetic nanoparticles are or might

be used in low temperature cooling, vacuum sealing, lubricants in rotating

shafts, magnetic inks, printing systems,34 stamps, shock absorbing systems,

speakers, and other uses.35 Magnetic components for these applications are

usually magnetite, Fe or Co. The polymer shell can be made of polycations,

amphyphile polymers, polyols, etc. The dispersing fluid is usually kerosene,

water, oil, or a liquid metal (Hg, Ga alloys).

Magnetic nanoparticles in ferrofluids can incorporate chemically active

agents in order to fix them or separate them from a solution. Ferrofluids of this

type have been designed for environmental applications, catalysis,36 ion

recovery processes, etc. For instance, magnetite polymer poly(1-vinylimidazole)

nanocomposites have been used for the selective separation/recovery of metal

ions in water.37

17.2.2 Fibers

Polymer fibers filled with magnetic nanoparticles are magnetoactive and they

show magnetostriction. Therefore, fabrics made with these fibers can be used in

magnetic shielding (military and civil), and high strain actuators.38 Examples of
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this type of materials are:39 fibers containing oriented magnetic particles of

Fe(CO)5 in low-density polyethylene (PE-LD), cellulosic fibers filled with ferrite

nanoparticles, and fibers of spider silk coated with magnetite nanoparticles.

17.2.3 Films

Magnetooptical materials

Magnetic nanoparticles showing Faraday rotation effect, and/or Kerr effect can

be of interest in the fabrication of switches and devices. Size dependant

transmittance and Faraday rotation have been found in maghemite ferrofluids

and ferrite films.40 Multilayered assemblies of yttrium garnet nanoparticles

show magnetization-induced second harmonic generation (Kerr effect).41 In

metal/PMMA nanocomposites, the main absorption band narrows and additional

peaks appear when decreasing the particle size.42

Sensor applications43

Nanocomposites of magnetic particles in isolating polymer matrixes show

tunnelling magnetoresistance (TMR),44 and nanocomposites with a conductive

polymer matrix exhibit giant magnetoresistance (GMR).45 Iron-poly(p-xylylene)

nanocomposites display a significant magnetoresistance (36%) at room

temperature.45 Nanocomposites of metals (Ni, Cu and FeNiCo) in polyimide

show magnetoresistance also in ac current (magnetoimpedance). Important

advantages of polymer nanocomposites are the elimination of undesired eddy-

current losses, and the protection from oxidation.

Ultrahigh density recording media

It is generally assumed that the next generation of magnetic recording materials

will consist of a highly ordered arrangement of ferromagnetic nanoparticles,

each of them supporting a bit. Polymer nanocomposites are good candidates,46

thanks to the extraordinary capability of polymers for templating and self-

assembly. A magnetic nanocomposite film with a 5 nm grain size would provide

a recording density as high as 1010 bit/cm2. Magnetic compounds proposed for

this application are cobalt ferrite,47 maghemite,48 magnetite,49 metals50, and

metal alloys. The preferred one is FePt51±54 because it has a high saturation

magnetization and a high coercivity. The ordering can be achieved by self-

assembly of nanoparticles coated with a surfactant,51 or by `in situ' growth of

the particles in a block copolymer template.47,49,50,54±56 Materials consisting of

nanocomposite grains embedded in a second polymer have also been proposed

for magnetic recording.57 The performance of magnetic nanocomposites for

magnetic recording can be improved by using elongated particles, with
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enhanced shape anisotropy,56 or ferro-antiferro core-shell particles (Co-CoO or

Fe-FeO), that show a high magnetic stability thanks to exchange coupling

between the two magnetic phases.58±60

Membranes and sensors

Ordered films of magnetite in cellulose can be used as magnetic membranes,61

and assembled multilayers of clay, polymer polycations, and magnetite

nanoparticles have been proposed as sensor arrays.62

17.2.4 Tridimensional solids

Polymer bonded magnets63

The role of the polymer in this type of materials is to compact the magnetic

nanoparticles. Polymer-iron composites begin to replace laminated materials in

selected electromagnetic applications due to their large possibilities for design

and their corrosion resistance. Their application in MEMS and NEMS are

specially interesting.64 Nanocomposites of NdFeB in epoxy resins,65,66 and earth

alloys in polyimides67 have shown a high performance for these applications.

Magnetic nanocomposites are also employed in soft magnetic materials due to

their extremely low hysteresis loss.

Materials with high microwave permeability

There is a strong demand of materials with a high permeability and a low power

loss at high frequencies in order to improve the performance of electromagnetic

devices such as small power converters, inductors and antennas in communi-

cations technology,68 magnetic shielding,69 and microwave absorbers for civil

and military purposes.69 The microwave properties of a magnetic material are

determined by the ferromagnetic resonance. To obtain high microwave perme-

ability, both the frequency and the amplitude of the resonance should be as high

as possible.69 Nanoparticles display a strong increase of the real and imaginary

parts of the permeability, and a narrowing of magnetic resonance peak compared

to composites made of micron-sized particles.70 That explain the remarkable

microwave absorption of metal nanocomposites in the 0.1±18GHz frequency

range.71 Nanocomposites of ferrites or metals in epoxy resins have been

proposed for ultra high frequency application, i.e. as inductive components in

mobile communications.72

Piezoelectric materials

Polymer bonded nanocomposites with orientated nanoparticles show high

magnetostrictive strain under relatively low magnetic field, and, additionally, a
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high modulus of rupture.63 That is the case with TbDyFe Terfenol-D polymer

bonded magnets.73

Nanocomposites of iron oxide in a polystyrene resin have also been proposed

as magnetic refrigeration materials,74 and nanocomposites of magnetic nano-

particles in thermosetting or thermoplastic adhesive compound are available for

magnetic gluing. Nanocomposite polymer gels show striking phenomena in

response to impressed magnetic fields: giant deformational effects, high

elasticity, anisotropic properties, temporary reinforcement and quick response

to magnetic field.75 Gels of this type have been prepared from hydroxypropyl

cellulose and magnetite.76

Multifunctional materials

Multifunctional materials are basic ingredients in the design of modern sensors

and devices. Some of the many possibilities of combination of magnetism with

other property in a polymer nanocomposites are:

· Conductive magnetic materials are useful in the fabrication of sensors and

devices.77 They consist of magnetic nanoparticles in a conductive polymer

matrix. A charge transfer can be established between the particle surface and the

polymer, so that the material acts as a united electronic system.78 Some proposed

compositions are: magnetite-polyanyline,78,79 maghemite-polypyrrole,80 cobalt

ferrite- polypyrrole,81 and several metal-polymer combinations.45

· Transparent magnetic materials. Magnetic oxides are considerably more

transparent to visible light as nanoparticles than in the bulk.82 Thus, magnetic

nanocomposites can be made with a reasonable transparency and a magnet-

ization greater by more than an order of magnitude than those of the strongest

transparent magnets.83

· Luminescent magnetic materials. They can be useful in combined detection

and separation in bioanalytical assays. For instance, polymer coated -Fe2O3

cores and CdSe/ZnS shells with immobilized anticycline E antibodies have

been used for the separation and observation of MCF-7 breast cancer cells.84

Materials joining potentially tunable optical and magnetic properties have

been proposed that are composed of three-dimensional binary superlattices of

self-assembled -Fe2O3 and PbSe nanoparticles.85

17.3 Synthesis

It is apparent from previous sections that magnetic nanocomposites may adopt a

large variety of compositions and structures. It is also clear that the performance

of these materials is closely related to the dimensions of the magnetic

component, the organization of the components, and the organic-inorganic

synergies. Therefore, synthetic methods must be versatile, and they must
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guarantee a fine control of particle size, particle size dispersion, particle-

polymer interactions, and particle-polymer ordering. In a top-down approach,

the starting point is a bulk material and it proceeds by mechanical attrition.86

This procedure is energy consuming and yields high particle size dispersion,

therefore its utility is quite limited. In a bottom-up approach, the starting

materials for the synthesis of magnetic nanocomposites are a monomer and a

molecular precursor of the magnetic component. The basic processes for making

a magnetic nanocomposite are: polymerization of the monomer, formation of the

magnetic component (precipitation), and mixing of the magnetic and polymer

components. These processes can be carried out in several ways:

1. separated precipitation of the magnetic component and polymerization, and

then mixing of the magnetic nanoparticles and the polymer;

2. precipitation of the magnetic component, mixing the magnetic nanoparticles

with the monomer, and then in-situ polymerization;

3. polymerization, mixing of the precursor with the polymer, and then in-situ

precipitation;

4. mixing monomer and precursor, and then simultaneous precipitation and

polymerization.

Figure 17.3 schematically illustrates these four routes. In this section we will

comment on the several steps included in these four routes for the synthesis of

magnetic nanocomposites, and we will dedicate an extra subsection to methods

for the fabrication of nanostructured composites.

17.3.1 Precipitation of the magnetic component

There are several stages in the process of precipitation: reaction of the precursor

to generate the growth units, formation of stable nuclei, particle growth, and

particle aggregation that must be avoided. As it has been pointed out above, the

key question in this process is the control of particle size. Consequently, several

procedures have been developed to achieve size control.

Reaction of the precursor

The choice of the precursor will depend on the reaction medium. High vacuum

deposition methods use volatile organometallic precursors or ion, atom or

molecule beams. Normal pressure vapor methods use similar volatile precursors,

or sprayed metal salt solutions. Aqueous solution methods use water soluble

salts, and organic solution methods use organometallic soluble compounds.

Typical chemical reactions to generate the growth units are:

· Hydrolysis of metal salts. It is widely used to obtain magnetite

nanoparticles.86 This iron oxide phase is precipitated by addition of a base
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to a solution of Fe(II) and Fe(III) salts in a 1:2 ratio, at a pH between 8 and

9.6. Magnetite oxidizes easily to maghemite, and therefore it is frequently

used to obtain mixtures of both phases. A method to obtain pure magnetite is

described by Schwertmann.87 Ferrites are also prepared by hydrolysis of

Fe(III) ions and metal divalent ions. Maghemite is not a direct product of iron

salt hydrolysis. It must be obtained by transformation of other iron oxide

phases.87,88

· Hydrolysis of metal alkoxides. It is used in the synthesis of garnets. A typical

procedure to prepared yttrium garnet (YIG) nanoparticles89 can be: mixing

iron ethoxide and yttrium butoxide in a 5:3 molar ratio, and then hydrolyzing

with an excess of water. It results in amorphous YIG nanoparticles that yield

crystalline YIG after heating at 650±700ëC.

· Decomposition of metal carbonyl compounds. This is a very useful reaction

for the preparation of metal and metal alloy nanoparticles in the vapor phase,

or in organic solvents. Iron pentacarbonyl decomposes at temperatures above

170ëC.51 Cobalt nanoparticles can also be prepared in a similar way. In the

presence of a mild oxidant the final product of iron pentacarbonyl

decomposition is maghemite.48

· Redox reactions. The chemical reduction of metal salts by sodium boron

hydride is a common procedure in the preparation of metals and metal alloys.

Nanoparticles of iron,89 FeZrB,90 FeCoB and FeCoB have been obtained

from the corresponding sulphate salts, and NdFeB compounds from

neodymium and iron chloride salts.91 Cobalt nanoparticles have been

prepared from cobalt acetate using 1,2 dodecanediol as a mild reducing

agent.92 FePt nanoparticles are produced by the decomposition of iron

pentacarbonyl and the reduction of platinum tetrachloride complexes in an

organic solvent.51a Redox reactions can also be produced by electrochemical

methods,93 or in the solid phase.94,96

Nucleation and growth

After the generation of growth units, the next step in precipitation is the

formation of nuclei larger than the critical size for thermodynamic stability.97

Above the threshold value for critical nuclei formation, the nucleation rate

increases exponentially with the supersaturation, whereas the growth rate

increases with a low power of the supersaturation.98 Thus, the production of

nanoparticles requires that:

· the size of critical nucleus is small (it depends on surface tension and

temperature),

· the initial supersaturation is high enough to allow fast nucleation, and

· the supersaturation decreases very fast after nucleation in order to avoid

extensive particle growth.

450 Polymer nanocomposites



Different strategies have been followed based on the above requirements. In

normal pressure vapor methods, the reaction is activated for a short time by

either an arc discharge, a flame, a laser beam,88 a plasma,99 or a collision with a

hot wall, etc. In solution, a high initial supersaturation is built up by abrupt

addition of reactants or non-solvents, or by fast cooling. A rapid reaction can

also be triggered by ultrasound, UV or gamma irradiation.100,101

Aggregation

Fine particles tend to aggregate in order to reduce their high surface energy.102

Additives that adsorb on the particle surface can restrain aggregation by

reducing the surface energy, or by steric hindrance. In the first mechanism,

additives such as polyions (citrate, tartrate, etc.), create a double electric layer

around the particle lowering the zeta potential. In the second mechanism,

additives are surfactant amphiphilic molecules which form a hydrophobic layer

around the particle preventing particle aggregation.

Control of particle size

In normal pressure vapor methods,103,104 the average size and the size distri-

bution can be controlled by tuning the gas flow, the concentration of reactants in

the carrier gas, and the heating power. Laser methods yield size standard

deviations around 10%. In solution methods, a certain control of particle size can

be achieved by adjusting the kinetics of the reaction conditions. For example, in

the Massart method the size can be varied with the strength of the precipitating

base105 (NH3: 6 nm, CH3NH2: 10 nm, NaOH: 19 nm). However, aqueous

precipitation usually yields a broad size distribution (in between 20% and 30%).

A better size control can be attained in the presence of surfactants especially in

organic solvents. Monodisperse nanoparticles of various metals (Fe, Co, Ni) and

metal alloys (FePt, CoNi) are obtained in nonpolar organic solvents (decaline,

diphenyl ether, octyl ether) by decomposition or redox reaction of precursors.

The size of the particles can be varied with the reactant/surfactant ratio,48,101 the

charge of the surfactant hydrophilic head, or the length of the hydrophobic tail.92

Fatty acids (oleic and stearic acids), bis(2-ethylhexyl)sulfosuccinate (AOT) and

sodium dodecyl sulfonate (SDS) are commonly used as strong anionic sur-

factants. Trialkyl amines (tetramethylammonium, cetyldimethylethylammonium

bromide (CTAB)), and trialkyl phosphines (tributylphosphine, trioctyl-

phosphine) are employed as cationic surfactants. Non-ionic surfactants have

also been used (octadecanetiol). Small polycarboxylic acids such as citrate and

tartrate also show a certain size modulation effect in the precipitation of iron

oxides.106

Another strategy for the control of particle size is to confine the reactants in

flexible nanocages. In spraying techniques, the reactants are enclosed in liquid
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drops, and the particle size can be tuned with the concentration and volume of

the liquid drops.88 In solution, the reverse micelle technique consists of

enclosing solutions of the reactants in regions delimited by a surfactant wall

surrounded by an immiscible solvent.35,107 Block copolymers can be very

effective as surfactants in reverse micelles. Another method, known as sono-

chemical cavitation,108 consists of performing the reaction in nanobubles

generated by ultrasound radiation, or a rapid pressurization of a sol-gel solution.

Finally, a fine control of size and shape can also be attained by enclosing the

precursors or the growth units in rigid nanocages, such as carbon nanotubes.109

The size distribution can be further narrowed by size-sorting procedures such

as: centrifugation,110 magnetic separation,111 field-flow fractionation, size-

exclusion chromatography,112 and size-selective precipitation.113

17.3.2 Mixing of the polymer and the magnetic component

Films and bulky materials can be prepared by dispersing the magnetic

component in a polymer solution or a polymer melt, and then evaporating,

spin-casting,60 or cooling. Core-shell structures can also be prepared from

dispersions of particles and polymer in a common solvent. A key question is the

binding of the polymer to the particle surface. Metal oxide nanoparticles have

abundant surface charges that can bind to polyelectrolyte polymers by

electrostatic forces. They can also form M±O bonds with alcohol groups in

the polymer, M±N coordination bonds with N-base groups, or hydrogen bonds.

Metal nanoparticles may need surface activation with suitable functional groups

like ±SH, ±CN, ±COOH, ±NH2 and silanes. The stability of the nanocomposite

suspension can be reinforced by crosslinking of the polymer after coating.114

Another procedure to produce stable suspensions employs bifunctional polymer

layers.115 A simple way to get polymer coated particles is to precipitate the

dispersion by addition of a non-solvent, and then fast cooling.116

17.3.3 `In-situ' polymerization

The polymerization can be carried out in a dispersion of the particles in a

monomer solution or in a monomer melt. Monomers are far less viscous and

more soluble than polymers. Thus, this route is specially suited for the prepara-

tion of nanocomposites with a high density of particles, when the polymer is

insoluble or when it does not melt. Polyimide-bonded magnets of rare earth

alloys have been prepared in this way.67 In order to enhance cohesion, the

polymer can be grafted to the particle surface by irradiation polymerization.117

High homogeneity is achieved by sonochemical polymerization.118

Polymerization in solution is the preferred route for the fabrication of core-

shell particles. If the polymerization is carried in a micellar system, the shell

thickness can be modulated.119 This route facilitates a strong particle-polymer
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binding by pre-activation of the particle surface with reactive residues, polymer-

ization initiators, or the own monomer. In polypyrrole-maghemite composites,

polymerization is activated by citrate ions adsorbed on the particles.120 Nano-

composite microparticles containing several magnetic nanoparticles in the

interior have also been prepared by in-situ polymerization.121

17.3.4 `In-situ' precipitation

This route is suitable for the preparation of films and bulky materials. It allows a

controlled particle growth, a regular particle-polymer interphase, a uniform

distribution of particles in the matrix, and even microstructural organization.

Polymer and metal precursor can be mixed by:

· absorption of metal ions in ionic exchange resins or in polymer gels;

· dissolution of the precursor in a polymer melt, or a polymer solution;

· deposition of the precursor in a porous polymer by chemical, electro-

chemical, or vapor methods.

Then, particle growth is carried out by one of the procedures already described

in section 17.3.1. The size and the shape of the particles can be modulated with

the precursor/polymer ratio, the molecular weight of the polymer, and the

relative chain length in block copolymers.

Iron oxide nanocomposites have been prepared by hydrolysis of iron salts in

sulfonated polystyrene resins,82 mesoporous sulfonated styrene-divinylbenzene

copolymer,122 acrylonitrile-methyl methacrylate-divinylbenzene copolymer,55

cross-linked high amylose starch,123 polyimides,124,125 polyvinylpyridine,126,127

polypyrrole,69c cellulosics.39b Nanocomposites of metals (Cr, Mo, W, Fe, Co,

Ni) with a variable particle size (2±10 nm), have been prepared from solutions of

metal precursors in a molten polymer (polyethylene, polypropylene, polytetra-

fluoroethylene, polyamide, polyarylate, polycarbonate, polystyrene, polyethers,

polyphenyleneoxide, siloxane).128 There are also many examples of in-situ

precipitation of iron oxides in aqueous solution of polymers, such as dextran,129

PVA,129 polyethylene glycol,79 etc. In this case, size dispersion and aggregation

are frequent, but they can be minimized by using reverse micelles.130

`In-situ' precipitation takes full profit of the templating capacity of polymers

and organic-inorganic hybrids, emulating biological processes.131 In solution,

dendrimers,132 and natural proteins133 may act as nanoreactors with variable

shapes and sizes. In the solid state, block copolymers allow monodispersion and

organization in magnetic nanocomposites. In polymer microgels, it is possible to

obtain nanoparticles with a predetermined shape.134 Some examples of polymer

templating are: apoferritine yield monodisperse magnetite nanoparticles by

precipitation of NH4Fe(SO4)2n encapsulated in the interior;135 magneto-

liposomes are prepared from phospholipids vesicles in a similar way;136

polycarbonate membranes are used as moulds for the fabrication of Co, Ni and
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NiFe nanowires by electrodeposition,137 and multilayers of alternating

polycations and polyanions have been used for the fabrication of magnetite

nanocapsules138 and films.139

`In-situ' precipitation is also compatible with vapor deposition methods.

Magnetic recording tapes are prepared by deposition of metal vapors of a

polymer substrate.140 Nanocomposites of Co141 and FePt142 have also been

produced in this way. An original variant consist of high pressure sputtering on

low-vapor-pressure liquids to obtain nanoparticle suspensions of high purity.143

17.3.5 Simultaneous precipitation and polymerization.

This can be performed by co-condensation of monomer and precursor vapors.

The main advantages of this method are a high homogeneity and a strong

polymer-particle binding. It is frequently used for nanocomposites of metals in

polyamides, polyimides, polystyrene or Teflon.144 Co-condensation at low

temperature in combination with gamma or UV irradiation yield metal-polymer

nanocomposites of variable particle size and high particle density.145

17.3.6 Nanostructured composites

This subject has already been treated in previous sections. However, owing to its

relevance, it deserves a few words apart. Nanostructural ordering can be worked

out146 by means of the polymer (matrix confinement, programmed assembly by

molecular recognition), the inorganic component (interparticle conjugation,

shape directed assembly), a substrate (substrate engineering), or a magnetic

field.

There is a large variety of strategies for the ordering of organic-inorganic

composites in a laminar stacking.147 Langmuir-Blodgett films,148 sequential

deposition of polyelectrolites,136 and two-dimensional perovskites149 are some of

them. Layer by layer assembly is also useful for the preparation of core-shell

multilayered nanoparticles.150,151 However, the most versatile route for the

fabrication of ordered magnetic nanostructures is based on the use of block

copolymers. Diblock-copolymers of linear (A)n(B)m chains form self-assembled

structures in the solid state that can be maintained in a length scale of centimeters.

The shape of the structures can be changed with the values on n and m from

spheres to cylinders, gyroids, and lamellae. The selective dissolution of one of the

blocks followed by crosslinking and selective degradation lead to a large variety

of nanostructures: hairy nanospheres, shaved nanospheres, porous nanospheres,

hollow nanospheres, nanospheres with crosslinked shells, crosslinked polymer

brushes, nanofibers, and nanochannels in polymer thin films.152 Block

copolymers proposed for the fabrication of ordered magnetic nanocomposites

are: aniline and formaldehyde,54,153 poly(norbornene-dicarboxylic acid) and

poly(norbornene),47,154 poly(4-vinylpyridine) and vinylstyrene-4-vinylpyridine,49

454 Polymer nanocomposites



poly(styrene-b-2-vinyl pyridine),50a acrylonitrile-methyl methacrylate-divinyl-

benzene,55 polystyrene-polymethylmethacrylate,56 etc.

Structural orientation can be induced by a fixed magnetic field,155 whereas

alternating magnetic fields have been used to produce nanocomposites with

rotationally free particles.156

It has been pointed out that nature is the master in the creation of

nanostructures. Thus, why not using living organisms to produce high quality

magnetic nanocomposites? There are several lines open in this direction:

· magnetotactic bacteria are manipulated genetically to produce magnetite-

protein nanoparticles with different sizes and shapes;157

· viruses have been used to produce magnetic nanoparticles with a controlled

size shape and organization.158

17.4 Characterization

Continuing with the chain in materials research, both the development of

synthetic methods and structure-properties models of magnetic nanocomposites

require an adequate structural characterization of the materials. It has been

shown in sections 17.2 and 17.3 that magnetic nanocomposites are composed of

magnetic particles, wires or layers, which are coated or imbedded in a polymer

matrix. Thus, the specific characterization for magnetic nanocomposites must

focus on the determination of particle size and shape, coating thickness,

interparticle distance, and particle-polymer interphases, and magnetic structure,

in the nanometer scale. To this concern, scanning probe microscopies and

electron microscopy give direct information on nanostructure but they are

restricted to a small volume of the material, and their application is limited. On

the contrary, radiation scattering methods are indirect but non-invasive, sample

preparation is easy, and they give useful information about particle size, coating

layer thickness, and particle ordering. Moreover, electron energy loss

spectroscopy yields local chemical information (interphases), and holography

and neutron scattering give about local magnetic structure. In the following, we

will present in more detail some of these methods.

17.4.1 Transmission electron microscopy

The transmission electron microscope (TEM) is a choice instrument for the

characterization of materials and devices at the nanoscale. Nanoparticles shape,

and distribution can easily been determined by conventional TEM while the

atomic resolution in real space capability offers the possibility to resolve their

structure. In addition to this high intrinsic spatial resolution, TEM offers a number

of signals which can be exploited to obtain chemical and structural information

concerning the specimen (see, for example, Wang, 2000159). Recent years have
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seen considerable advances in the use of electron microscopy and new techniques

have been developed thanks to improved methodology, instrumentation and data

acquisition systems. Here we describe three such techniques for analysing

structure, chemistry and magnetism at the near atomic scale in nanomaterials.

17.4.2 High-resolution electron microscopy

High-resolution electron microscopy (HREM) differs from conventional

electron microscopy in that images are formed of the atomic lattice (see Fig.

17.4). It is beyond the limits of this review to explain how the images are

formed. For the present purposes it is sufficient to know that the position of

lattice fringes seen in the image is closely related to the atomic planes in the

specimen. (For more ample details, see Spence, 2003160). It was realised early

that intereticular distances can easily be measured as well as angles between

crystallographic planes as observed in the HREM micrograph in Fig. 17.4. This

can be done with sufficient accuracy on the power spectrum of the Fourier

Transform (FT) of the HRTEM micrograph, measuring both the lattice spacing

in the reciprocal space and angles between the corresponding reflections. Non-

periodic nanostructures are, however, difficult to resolve since the HRTEM

fringes contrasts are no more directly connected to lattice planes. Moreover

slight tilts of the nano-object far from a low indices crystallographic direction

will induce drastic changes in the contrast inducing wrong interpretation.161

Therefore, the exact resolution of the structure of nanomaterials requires the use

of HREM image simulations.162 The accuracy of such a determination is

obviously improved when combining TEM local imaging with averaging

techniques, e.g. WAXS and EXAFS, the latter giving starting models for image

simulations. As example, in Fig. 17.5(a) is a HRTEM micrograph of a 1.5 nm

diameter Co nanoparticle which exhibits a low periodical contrast suggesting a

periodic structure. In reality it corresponds to the non-periodic polytetrahedral

17.4 General scheme for transmission electronmicroscopy.HREMmicrograph
of one PbSe nanoparticle connected to a CdS rod (Unpublished E. Snoeck,
2004).
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structure of Fig. 17.5(b) that has been deduced from WAXS experiments whose

corresponding simulated image has been reported in163 (Fig. 17.5(c)).

Further examples illustrating the necessity to combine local HREM experi-

ments with averaging techniques are given by the study of iron oxide nano-

particles. Magnetite (Fe3O4) and Maghemite (Fe2O3) have similar lattice spacing

that makes their differentiation difficult from the unique analyse of HREM

contrast. The phase determination of the iron oxides nanoparticles in Fig. 17.6 is

therefore not obvious. However, as will be discussed below, the EELS spectra of

Fe3O4 and Fe2O3 is drastically different as well as their radial distribution

17.5 (a) HREMmicrograph of a 1.5nm diameter non-periodic polytetrahedral
Conanoparticle schematized in (b)with its correspondingHREMsimulation in
(c).

17.6 HREM micrograph of an assembly of maghemite nanoparticles with its
Fourier Transform inset.
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function (RDF) than can be achieved from WAXS or EXAFS experiments.

Combination of these techniques allows the structure of these nanoparticles to be

fully elucidated.

17.4.3 Electron energy loss spectroscopy

The combination of an electron microscope with a parallel electron energy loss

spectrometer (PEELS) or imaging filter is well suited to the investigation of

structural, chemical and electronic properties of individual nanostructures and

interfaces. Major technical improvements have opened the field of image-

spectra at sub-nanometric level and demonstrated its efficiency for mapping the

composition of nano-objects (see Fig. 17.7), to the limit of single atom iden-

tification.164 Furthermore, the detailed study of EELS fine structures enables the

investigation of the unoccupied electron density of states, and therefore the local

environment and bonding properties at specific atomic sites. As an example, Fig.

17.8 displays the O-K and Fe-L2,3 edges from different iron oxides.165 Fine

structure position and intensity give an indication of the nature of the oxide

formed. Latest attempts in exploring the EELS signal have led to estimate local

physical properties such as magnetic or electric ones.165,166

17.4.4 Mapping magnetic and electric fields

Off-axis electron holography in the transmission electron microscope can image

magnetic fields at the nanometer scale. The high-energy electron beam is split in

two coherent waves with the aid of a bi-prism, one passing through the specimen

17.7 Images reconstructed from the Fe, Co and O EELS signals, imaging their
distribution within FexCo1-x particles of 30nm size embedded in silica matrix.
They highlight the thin oxygen layer at the surface of the particle as well as the
higher Fe content in the particle. At the right side is the elemental profile of Fe,
Co and O along a diameter of a particle; vertical axis is proportional to atomic
content. Experiments are done on a STEMVGHB 501microscope.165
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17.8 (a) O-K and (b) Fe-L2,3 edges at about 532 and 708 eV respectively,
from different iron oxides compared to the ones from a sample called Mag4.
The analysis of the fine structures in O-K and Fe-L2,3 (marked by arrows in
the figure) allows identification of the presence of maghemite in sampleMag4.
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and the other through the vacuum (see Fig. 17.9). Subsequent interference

allows the amplitude and the phase shift of the high-energy electron to be

recorded. The phase shift is sensitive to electric and in-plane magnetic fields in,

and around, the sample. It is expressed by:

�� � e

�h

I
�V :dt ÿ A:ds�: �17:1�

The first term corresponds to the phase shift induced by the electrostatic potential

and the second is due to the magnetic field. An important distinction with

magnetic force microscopy (MFM) is that electron holography is fully

quantitative giving the integrated field strength within particles and not restricted

to just surface fields. The phase of the holographic fringes is measured from

Fourier analyses selecting the fringe periodicity in the reciprocal space then

extracting from the inverse Fourier transform the local phase and amplitude of the

holographic fringes. Only specially equipped microscopes can, however, carry

out holography experiments. Firstly, it is necessary to have a highly coherent

electron source such as a field emission gun (FEG) which combines excellent

temporal coherence (�E � 0:4 eV) with high brightness. This explains why the

original idea of Gabor167 (1948) has only been exploited relatively recently

(1990s). Holography also benefits from the development of slow-scan CCD

cameras for quantitative image acquisition. Finally, the study of magnetic fields

17.9 Principle of electron holography.A bi-prismdeviates the part of the highly
coherent electron wave which passes through the vacuum with that having
interacted with the specimen. The resulting set of interference fringes contains
the information concerning the phase of the electron wave.
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at high spatial resolution has required the development of special lens called

Lorentz lenses. This is because the traditional objective lenses affect the sample

with intense magnetic fields, of the order of one tesla, thus saturating the

magnetic structure of the sample with magnetization parallel to the electron beam

axis, undetectable by electron holography. The advantage of the Lorentz lenses,

although less powerful, is that the specimen is in field-free conditions.

Resolutions of some few nanometers are nevertheless possible. A technical

difficulty is that the phase depends on both the electric and magnetic fields in the

sample. The phase will therefore depend strongly on the mean inner potential of

the material, which is not necessarily of interest. Various schemes have been

developed to remove this component, thus allowing the observation of magnetic

fields168 or electric fields within a device.169 An example of the effect of the

mean inner potential is shown in Fig. 17.10. In this case, the magnetic FeNi

nanocrystal is magnetized out of the plane by the objective lens. The main

component to the phase is therefore the mean inner potential of the material. The

phase is then simply proportional to the thickness of the sample viewed in

projection. Iso-phase contours clearly show the spherical nature of the particle.

An example of the measurement of magnetic fields in 4 nm thick Co

nanowires is shown in Fig. 17.10. Here, the Co wire was magnetized in the

observation plane with the objective lens switched off. A Lorentz lens was used

to obtain high magnification. The components due to the mean inner potential

and the magnetization of the Co were separated by reversing the magnetization

in the wires thanks to the field of the objective lens. Figure 17.11 presents the

results obtained by holography on one single Co nanowire and on crossing

wires.170 Figures 17.11(a) and 17.11(b) represent the phase shift due to the mean

inner potential whose profiles along lines `1' and `2' are given in Figs 17.11(e)

and 17.11(g) respectively. The phase shifts due to the magnetic induction of the

17.10 Mean inner potential measurements by electron holography. The phase
of the holographic fringes (see the displacement of the fringes) is proportional
to the mean inner potential and thickness of the specimen. The widely spaced
fringes are from Fresnel effects from the edges of the bi-prism wire and can be
removed by taking reference holograms in the absence of a specimen.
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two nanowires are reported in Figs. 17.11(c) and 17.11(d).

The phase shift due to the magnetic induction is about 10 times less than the

one corresponding to the mean inner potential and its value across the wire (0.03

rad) corresponds to a nanowire fully magnetized along its axis with B = 1.7

tesla. The magnetization lies along the wire axis which is the Co-hcp `c' axis

(Fig. 17.11(b)) while it presents a peculiar vortex structure around the junction

of the Co wires in Fig. 17.11(d).

17.4.5 XRD/WAXS

From the X-ray diffraction point of view, magnetic polymer nanocomposites can

be considered as the mixture of a polymeric matrix and of a large set of

randomly oriented very small crystals, thus their study does not introduce

theoretical difficulties. However, when compared to the study of more usual

crystallites of micrometric size, several practical drawbacks quickly appear:

17.11 (a) MIP contribution to the phase shift for a single Co nanowire. (b)
Contours� 0.005 radian spacing generated from the magnetic contribution to
the phase shift for the nanowire, superimposed onto the MIP contribution. (c)
As for (a) but for a multibranch nanowire, (d) as for (b) but for the multibranch
nanowirewith a 0.015 radian contour spacing. (e) and (f) line profiles obtained
along line 1 from theMIP and magnetic contributions to the phase shift across
the isolated nanowire, respectively. (g) and (h) as for (e) and (f) but for line 2
and themultibranch nanowire.170
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· the intensity of a diffracted beam is directly related to the number of atoms

included in the crystallites and only low count rates are obtained with that

class of materials;

· according to the well known Scherrer relation, strong peak broadening is

observed at the nanometric scale; for very small crystallite size, the peak to

baseline ratio is so much reduced that nanometric powders can, wrongly, be

perceived as amorphous;

· the scattering produced by the particles is, of course, mixed with the one

generated by the polymeric matrix which can itself be more or less

`amorphous'.

These size-related difficulties can, and often do, combine with more common

ones such as the reduced amount of powder available or the necessity to preserve

the nanocomposite from oxygen or moisture exposure. They all point to specific

measurement procedures providing the highest possible signal to background

ratio. Slow measurements on powders sealed inside thin-walled glass capillaries

have proved to be satisfactory in all respects. The size of the capillary should be

adjusted to optimize the absorption and is of course composition dependant.

Measurements of the matrix alone are mandatory and are combined with the

nanocomposite ones taking into account all corrections in order to accurately

extract the scattering pattern of the magnetic particles alone. The usual analysis

in the reciprocal space can be performed, however, for a range of dimensions of

some few nanometers, the Fourier transform approach is an efficient way to

exploit the total wide angle X-ray scattering (WAXS). Data measurement up to

large angles (typically 130ë) using a short wavelength, i.e. molybdenum or silver

radiation, reduces termination effects. The one-dimensional radial distribution

function ± RDF171 obtained provides useful and easily readable information (see

Fig. 17.12): the global shape and extent of the function envelope are related to

the size and shape of the objects (the coherence length is not, however, a true

size measurement since twinning or disorder also terminate the RDF); first

peak(s) location is a direct measurement of bond-length in the material; finally,

the complete set of distances is a signature of the order inside the objects and can

immediately be compared with reference structures. Metallic nanoparticles

(single metal or binary alloys) and nanowires have been successfully studied by

this method which also applies to well-crystallized oxides.172±173

17.4.6 Small angle scattering

Small angle scattering of light, x-rays and neutrons are very useful techniques

for the examination of structures. They are non-invasive and do not require

much sample preparation. Therefore, they have been widely used for polymers,

composites and biological materials. The length scale accessible by light

scattering is hardly reaching the nanometer region. Although, multi-angle
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dynamic light scattering is a useful tool for making rapid rough estimations of

particle size in polymer, nanoparticle or nanocomposite suspensions. Small

angle scattering of x-rays and neutrons is an excellent technique for the

observation of structural features in the range from 1 nm to near 1�m.174

Compared with TEM and force microscopy, it has the advantages of easy

sample preparation, rapid measurements, large areas of observation, and

possibility of `in-situ' observation of processes. SAXS technique consist of

measuring the scattered intensity of an X-ray beam as a function of the

scattering vector q � �4�=� sin ��, where � is the wavelength of the radiation

and � is one half of the scattering angle. The scattered intensity in a

nanocomposite can be expressed as:

17.12 Cobalt magnetic nanocomposites ± top curve: RDF computed from a
spherical model with bulk cobalt hcp structure (320 atoms); middle: cobalt
nanoparticles in polyphenyloxide (PPO), 4.2 nm in diameter (from HRTEM);
bottom: cobalt nanoparticles in polyvinylpyrrolidone (PVP), 1.4 nm in
diameter; for the bigger size, particles are structurally close to bulk metal
whereas the very small size induces both a lower symmetry structure
(polytetrahedral) and a strong increase of magnetization.163
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I�q� � I0P�q�S�q� �17:2�
where P�q� corresponds to the Fourier Transform of the distance distribution

function in a nanoparticle, p�r�, and S�q� is a structure factor that is related to

the distribution of interparticle distances g�r�. Therefore, intensity curves yield

information about particle size and shape in monodisperse nanocomposites,174

particle size distribution in polydisperse systems,175 interparticle distances in

dense nanocomposite solids and ferrofluids,176 and shell thickness in

ferrofluids.177 Neutron scattering can also yield information about the magnetic

structure and magnetic properties of nanoparticles,178 specially when using

polarised neutrons.179 Figure 17.13 shows SAXS curves of pellets of PVP-iron

17.13 (a) SAXS log plot of PVP (1), maghemite-PVP nanocomposites
containing spherical particles of different sizes (2±4), and goethite-PVP
nanocomposite with rod-like particles. (b) SANS of the same sample as in
curve (4) of (a).
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oxide nanocomposite powdered samples. Three regions can be distinguished in

these plots. The low q region corresponds to surface scattering from the polymer

grains, and the high q region corresponds to surface scattering from the iron

oxide nanoparticles. The curves in this regions are very closed to a Porod

regime, thus, information about particle specific surface, particle volume and

particle volume fraction can be derived from SAS general theorems.180 The

central region yields information about particle size distribution and interparticle

distance. In curve (5), the central region is a straight line of slope near 2 that is

typical of rod-like particles.

17.5 Magnetic properties

It has been stressed in previous sections: the need for a good control of particle

size in the preparation and a fine characterization at the nanoscopic level. This is

because, while magnetic properties of coarse grain materials are mainly depen-

dent on composition and crystal structure, magnetic properties of nanoparticles

are also very much dependent on size. Moreover, magnetic nanostructured

materials show unique properties at certain sizes that are not found in bulk

materials. First, particle sizes are similar or smaller to that of magnetic domains,

something that affects the magnetization properties particularly the hysteresis

cycle and coercive field. Second, finite-size and surface effects providing

structural and magnetic disorder become increasingly influential as the size

reduces. In sufficiently small magnetic particles, whether ferro or ferrimagnetic,

the magnetization may be reversed by thermal agitation, a phenomenon that is

known as superparamagnetism. Finally, very small particles of the size of some

few nanometers at sufficiently low temperature can switch the direction of the

magnetization through quantum tunnelling. Interaction between the polymeric

matrix and the particles has the effect of introducing some further disorder at the

particle surface, particularly in the presence of strong covalent bonds between

the particle and the matrix. Moreover, in the case of conducting matrices, charge

carriers may interact with the particle magnetic moment and conductivity may

become field-dependent. In this section we will briefly describe these

phenomena and will discuss recent results from the literature. Since the

particles are considered to be well dispersed in the polymeric matrix we will

assume they do not interact magnetically with each other.

17.5.1 Single domain particles

A material possessing net spontaneous magnetization generally consists of many

domains. These are the consequence of the demagnetization field and the

minimization of the free magnetic energy of the system. However, this is not the

case for magnetic particles smaller than a critical diameter, below which the

exchange forces may dominate and in spite of the presence of demagnetization
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energy only one domain is energetically favored and the particle is uniformly

magnetized.181 The critical diameter for such `single domain' particles can be

estimated as 2 J1/2/MS , where J is the exchange constant and MS the moment per

unit volume.182,183 Monodomain particles should behave as a paramagnetic gas

following the Langevin equation. In practice, magnetization data can be fitted to

Langevin behavior only when a distribution of magnetic moments is assumed.184

Two important phenomena occur around the critical size for monodomain

formation. As the grain size approaches this critical value, the coercive field,Hc, is

roughly inversely proportional to the particle size.185 Thus, optimal grain size for

hard magnetic materials is around a few hundreds nanometers. However, below

this size, Hc decreases very rapidly with the particle size.185 Therefore,

nanocrystalline alloys have a large potential as soft magnetic materials.

17.5.2 Finite-size and surface effects

As the particle size decreases finite-size and surface effects become increasingly

important.1,186 The lattice symmetry breaks at the surface resulting in large

perturbations in the crystal field or in the electronic structure, differences in the

magnetocrystalline anisotropy with respect to the core, spin disorder and

magnetic frustration, particularly in ferrimagnets. Surface ions have incomplete

coordination shells, which alters their moment orientation and results in a

disorder spin configuration near the surface and a reduction in the magnetization

as compared to bulk materials.187 Then, in the case of either ferro- and ferri-

magnetic particles, strong differences can be observed in the particle

magnetization as compared to the bulk for the same isotherms.188,189 An

example of a decrease of the magnetization with decreasing particle size for

maghemite nanoparticles is shown in Fig. 17.14(a). In the case of antiferro-

magnetic particles the appearing of net magnetization has also been observed

associated to the `uncompensated' moments and to spin casting effects due to

the breaking of symmetry and differences in the magnetocrystalline anisotropy

at the surface boundary.190,191 In this case, the magnetization increases with the

particle size (Fig 17.14(b)). Other phenomena related to finite-size and/or

surface effects are a lowering of the Curie temperature, high closure fields in

hysteresis loops and shifted loops after field cooling.192

17.5.3 Superparamagnetism

In sufficiently small ferro- or ferrimagnetic particles with an effective uniaxial

anisotropy per unit volume Ka the relaxation of the magnetization will vary

exponentially with the temperature following a NeÂel-Brown process193,194

characterized by a relaxation time given by

� � �0e�=kBT �17:3�
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17.14 (a) Magnetization curves for maghemite-PVP samples containing
particles with specific surface: 1.50 (1), 0.87 (2), 0.65 (3), 0.36 (4). (b)
Magnetization curves for goethite-PVP samples containing particles with
specific surface: 0.27 (1), 0.14 (2), 0.13 (3).
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where �0 is a frequency factor, normally of the order of 10ÿ9 to 10ÿ13 s, E is the

height of the energy barrier, which in a first approximation can be estimated to

be proportional to the particle volume, V, and effective anisotropy, Keff ,

E � Keff V �17:4�
and kB is the Boltzmann constant. In noninteracting very fine particles the

effective anisotropy is governed by surface anisotropy and shape anisotropy

contributions whilst (core) magnetocrystalline anisotropy can be negligible.195,196

The existence of different particle sizes and shapes leads to a distribution of

relaxation times, with an average value �av, that, in general, is also temperature

dependent. The time � is then the average time needed for a given kind of

particle to reverse its magnetization after removing the external applied field.

The practical consequence is that when the measuring time, �m, is greater than �

one observes a behavior similar to a paramagnet. However, for �m < � the

complete reorientation of the magnetic moments of the cluster cannot take place

during the measuring time. Thus, below a blocking temperature TB, given by the

condition �m�TB� � �m, the system appears `blocked' and its behavior is strongly

dependent on �m. There is a number of techniques to experimentally observe

superparamagnetism: magnetization, ac susceptibility, neutron scattering and

MoÈssbauer spectroscopy. Each of these experimental techniques can provide

information related to different relaxation rates since each has a different

characteristic measuring time, which ranges from 10±100 s for dc magnetization

measurements to 10ÿ14±10ÿ12 s for neutron scattering experiments. Figure 17.15

17.15 In-phase ac magnetic susceptibility of several maghemite-PVP samples
withdifferent particle sizes in a range from4nm(1) to16nm(9) (the curves are
rescaled).

Magnetic polymer nanocomposites 469



illustrates the variation of the blocking temperature with the particle size in

maghemite-polyvinylpyridine nanocomposites. Superparamagnetic behavior

sets a limit for the size of particles in magnetic recording. When the thermal

energy, kBT , is higher than the magnetic anisotropy energy, Keff V , magnetiza-

tion reversal can freely occur.

In the presence of an oscillating magnetic field, superparamagnetic

nanoparticles can absorb energy by two resonance mechanisms:

1. NeÂel magnetic relaxation, and

2. ferromagnetic resonance (FMR).

The energy absorbed can be expressed as:197

E � !

2�
�00h2�1�; �17:5�

where ! is the frequency of the alternating field, �00 is the out-of-phase

susceptibility and h is the external field. Relaxation resonance occurs in the

radiofrequency region (MHz), and FMR in the microwave region (GHz). The

first is useful for hyperthermia therapy16,30,198 and the second for microwave

absorption.69±72

17.6 Future trends

There are two main areas of development for magnetic nanocomposites. One of

them is dealing with applications in biomedicine, and the other with the

development of methods for the fabrication of nano-organized structures and

their applications in recording media, sensors and devices. These are very

current in the main nanotechnology initiatives in the USA199 and Europe.200 In

biomedicine, the usefulness of magnetic nanoparticles for imaging, separating,

directing and heating is fully demonstrated. Looking to the future, there is a

large number of biological processes to be followed, diseases to diagnose, drugs

to deliver or localize, therapies to be improved by hyperthermia, substances and

cells to be purified or separated, devices for microanalysis to be designed, for

which magnetic nanoparticles can be used. However, the performance of

available materials is far from being optimal. That would require joint expertise

in: colloidal chemistry (monodisperse particles), organic-inorganic chemistry

(stable shells appropriate for anchoring biological vectors), biochemistry (find-

ing biological vectors), hematology and toxicology (biocompatibility assays),

diseases (i.e. cancer), characterization and magnetism (structure-properties

models), engineering (building magnetic instruments to generate and measure

magnetic fields). Up to now, the research in this field has been somewhat

fragmented. The future lies in the formation of multidisciplinary teams that can

tackle the question with a global perspective. Several extensive programs have

been launched in this direction.199,200 Among them we can mention: the
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BioMagnetICs program from the Defense Science Office oriented to the

development of biosensors, magnetic base microanalysis devices, magnetically

targeted therapeutics.201 A number of companies are also fabricating and

developing magnetic nanomaterials for biomedical applications.201±203

Concerning nanostructured magnetic nanocomposites, a large part of the

research effort in this field is oriented to the control of particle size and

organization by self-assembly, block copolymers, dendrimers or liquid crystals.

These methods open the possibility of an easy fabrication of nanodevices at mild

conditions and they have attracted the interest of the big companies in the

field.204 An illustrative example of research in this field can be found in the

work of the magnetic materials group at NIST.205

Other uses, such as printing, magnetic shielding, microwave applications,

etc., have the added difficulty of high manufacturing costs. Thus, another area

for future developments is the design of low cost production methods for

magnetic nanoparticles and films.

The list of companies dedicated to the manufacture of magnetic nanoparticles

and nanocomposites is very extensive. Some of them are mentioned in ref. 206.

More information about publications and developments in magnetic polymer

nanocomposites can be found on the websites of `magnetic microspheres',207

and `Nanoforum',208 and in the books cited in refs 209±212.
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18.1 Introduction

The organic-inorganic hybrid materials are new types of composites which have

attracted much interest in recent years. Of the several kinds of inorganic

components, metal oxides such as silica,1,2 alumina3,4 and titania5±8 are

preferred in hybrid materials because they are readily prepared in-situ by the sol-

gel process using the corresponding organic metal alkoxide. In particular, silicon

alkoxide and silica are perhaps the most widely used for this purpose since the

sol-gel reaction of silicon alkoxide is both mild and easily controlled. The

fabricated materials possess the advantages of both organic polymers and

inorganic ceramics. These materials are termed `Ceramers' by Wilkes9 or

`Ormosils' by Schmidt.10 Several polymers have been investigated as the

organic phase of the hybrids including, but not limited to, polyimides,11,12

polybutadiene and polydimethylsiloxane.13

The sol-gel process14±22 has provided promising opportunities for the

preparation of a variety of organic-inorganic hybrid materials at the molecular

level. The in-situ development of a three-dimensional cross-linked inorganic

network structure using an organic precursor such as an alkoxide, M(OR)4, can

be carried out within the polymer matrix. The hydrolysis and condensation

reactions involved in the process may proceed as follows:23

(18.1)

(18.2)

(18.3)
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(18.4)

M � Si or Ti, etc.

The microstructure of the metal oxide obtained by using the sol-gel process is

dependent on the hydrolysis and condensation reactions, which are largely

controlled by the pH of the solution.24±26 In the acid catalyzed reaction, the

relative rate of the hydrolysis step is faster than the condensation step, thus

resulting in more extended and less highly branched network structure. In the

base-catalyzed reaction, the rate of condensation is faster than hydrolysis, thus

resulting in highly condensed species, which may agglomerate into fine particles.

Moreover, the sol-gel process is a very complex reaction involving many

variables such as the type of alkoxide, pH value, the amount of water present, the

type of cosolvent, and the temperature and drying method, for example.27±30

Phenolic resin is one of the common synthetic resins that have been used in a

wide range of applications such as paints, adhesives, and composites. Phenolic

resin is one of the thermoset class of polymers which has two types, namely resole

type and novolac type, the formation of which depends on the synthetic method

and catalyst used. Many attempts have been made to enhance the toughness31±35

and thermal properties of phenolic resin. By the fundamental concept of hybrid

materials preparation, the sol-gel method can be utilized to incorporate inorganic

components into the phenolic resin and improve its properties. These systems

have been studied by Haraguchi et al.36,37 and Lin et al.38,39

It is well known that the sol-gel process is a useful technique for the

preparation of organic-inorganic hybrid materials. In hybrid materials, the

inorganic phase is formed within the organic polymer matrix by the sol-gel

process. In a simple sol-gel process, hydrolysis and condensation reactions of

inorganic alkoxides occur in a cosolvent containing water and are either acid or

base-catalyzed at low temperature. The sol-gel process thus provides a method

for the preparation of variety of organic-inorganic hybrid materials at the

molecular level40±47 for the in-situ development of a three-dimensional cross-

linked inorganic network structure using an organic precursor such as alkoxy

derivatives of metals such as Si or Ti for example. The most common precursor

is tetraethoxysilane (TEOS) yielding a silica network.

Organic polymer matrix when combined with inorganic particles has been

developed in past decades as a method for preparing organic-inorganic hybrid

materials. These materials possess unique properties including improved physical,

mechanical and thermal properties of the polymer systems. Material properties of

physically mixed components depend on the concentration of the particle, its

adhesion to polymer matrix, the uniformity of particle dispersion, etc. In the past
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decade, a variety of elastomers, thermoplastics and thermosetting systems have

been reinforced with inorganic fillers.48±54 This in-situ formation of the organic-

inorganic system becomes a new class of composites made by the sol-gel tech-

nique, frequently described as organic-inorganic hybrid materials. These new

hybrid materials possess a controllable combination of the properties of both

organic polymers and inorganic glasses. Due to the small size of the formed

inorganic particles, usually in the order of nanometers, these hybrid materials are

also called nanocomposites, thus often resulting in an optically transparent system.

In this study, two different coupling agents have been utilized to form the

covalent bonding between organic and inorganic phases. The different coupling

agents possess the different functional groups to react with the phenolic resin.

Isocyanatopropyltriethoxysilane (IPTS) has the isocyante(NCO-) group to react

with hydroxy(-OH) group. 3-Glycidoxypropyltrimethoxysilane (GPTS) uses the

epoxy group to react with the hydroxy(-OH) group. We measured the feasibility

of preparation to form the nanocomposites. This promoted the miscibility of

hybrid ceramers. The inorganic components were dispersed uniformly in the

organic matrix. The particle size was less than 100 nm, hence the formed

products were nanocomposites. The inorganic components enhanced the thermal

stability of polymer at high temperature. The nanocomposites will possess

excellent flame retatardance and highly transparency. The properties imparted

by the modification will increase the industrial uses for the polymer system.

FTIR and 29Si NMR were used to identify the structures of the hybrid ceramers.

The thermal properties were investigated by thermogravimetric analysis (TGA)

and differential scanning calorimeter (DSC). The flame retardance of hybrid

ceramers was determined by limiting oxygen index (LOI) test and the UL-94

vertical test. Mechanical and thermal properties were also studied.

18.2 Experimental

18.2.1 Materials

Phenol and formaldehyde monomers are supplied by the Union Chemical Works

Ltd, Taiwan. The novalac-type phenolic resin was synthesized in this laboratory.

Hexamethylenetetramine (hexamine) was a purified industrial grade reagent

obtained from Chu-Chung Resin Co., Taiwan. The concentrated sulfuric acid

was obtained from the Osaka Chemical Co., Japan. Isocyanatopropyltriethoxy-

silane (IPTS) was purchased from United Chemical Technologies Inc., Bristol,

PA, USA. 3-Glycidoxypropyltrimethoxysilane (GPTS) was purchased from

Acros Organics Co., New Jersey, USA. Hexamethylene Tetramine (Hexa) was

used as the curing agent, which was obtained from Acros Organics Co., New

Jersey, USA. Tetraethoxysilane (TEOS) was also supplied from Acros Organics

Co., Tetrahydrofuran (THF) was reagent grade supplied by Echo Chemical Co.

Ltd., Taiwan.
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18.2.2 Preparation of novolac phenolic resin

The novolac-type phenolic prepolymer was synthesized in a 1.0 L glass reactor

equipped with a thermometer, reflux condenser, and stirrer. The reagents, 188 g

phenol (2mol) and 135 g formaldehyde (in 37wt.% water solution, 1.67mol),

were fed into a flask reactor. The reaction was catalyzed by adding dilute

sulfuric acid solution (2 g of sulfuric acid dissolved in 10ml of water) and

reacted at 100ëC for 7 hr in the reactor. The reaction was continued until the

prepolymer with the desired viscosity (500±2000 cps at 25ëC) was obtained. At

the end of the reaction, the calculated amount of NaOH (1.63g) was dispersed in

10ml of water and added to neutralize the sulfuric acid catalyst and then stirred

for an additional 30min. The mixture was dehydrated under a pressure of

100mm H2O at 120±130ëC until the resin was clear.

18.2.3 Preparation of hybrid ceramers

IPTS was used as a coupling agent

Preparation of the hybrid ceramer involved the mixing of two solutions, A and

B. Solution A consisted of modified phenolic resin and THF. The modified

phenolic resin was synthesized as follows: 4 g 3-isocyanatopropyltriethoxy-

silane (equivalent weight 247 g) was added into 10 g phenolic resin (OH

equivalent weight 90 g) at 60ëC, then it was stirred for 4 h until the charac-

teristic peak of NCO group disappeared by FTIR spectra. Solution B contained

H2O/HCl/TEOS with a molar ratio 9:0.63:1. HCl was used as the catalyst for

hydrolysis. DGEBA type epoxy (epoxy equivalent weight 180 g) was poured

into the mixture of solutions A and B. DGEBA type epoxy was used as the

curing agent for the modified phenolic resin. 3-Isocyanatopropyltriethoxysilane/

phenolic resin/epoxy with the equivalent ratio was 0.3:1:1. The mixture was

stirred until the solution became clear. The solution was cast to an aluminum

dish to form a gel at room temperature. The wet gel was aged at room

temperature for 48 h, then dried at 80ëC for 24 h. The samples were put in a

vacuum oven at 150ëC for 24 h.

GPTS was used as a coupling agent

The preparation of the hybrid materials involved mixing with two solutions, A

and B. Solution A was prepared as follows: 5 g of neat novolac type phenolic

resin was dissolved in THF, the solid content was kept at 50%. Two grams of 3-

Glycidoxypropyltrimethoxysilane (GPTS) was used as coupling agent to modify

phenolic resin. GPTS was added slowly into the solution of phenolic resin and

THF, the GPTS content was 10 phr (parts per hundred resin, it means the weight

ratio of component to the main resin). Then, the mixture was stirred at 70ëC for

20±24 h. The modified-phenolic rein was obtained through the ring-opening
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reaction of GPTS with hydroxyl groups in phenolic resin. This modified-

phenolic resin/THF solution was called solution A.

Solution B composed of TEOS/H2O/THF/HCl. In solution B, 1.25 g of

TEOS was added to 1.25 g of THF solvent. The TEOS content was 20wt.% (i.e,

based on 100 parts of phenolic resin). The TEOS/H2O molar ratio was 1:4, so

0.024 g of H2O was added into the mixture. HCl was used as the catalyst for

hydrolysis and its content was 0.03wt.%. Then, the mixture was stirred at 25ëC

for 30 min.

Hexamethylene tetramine was used as the curing agent, 0.6 g of

hexamethylene tetramine was added into solution A. Then, solution A and

solution B were mixed. The final solution was cast into aluminum dishes and

aged at room temperature for 2±3 days. Then the samples were dried at the rate

of 2ëC/h from 25ëC to 80ëC and then kept at 80ëC for 2 h. The samples were

finally cured at 120ëC for 4 h, 180ëC for 2 h, and post-cured at 230ëC for 8 h.

18.2.4 Reaction scheme

IPTS used as coupling agent

Phenolic/silica hybrid ceramer was prepared as described in Fig. 18.1

GPTS used as coupling agent

Novolac type phenolic resin/SiO2 hybrid ceramer was prepared as described in

Figs 18.2 and 18.3.

18.2.5 Fourier transform infrared spectroscopy (FT-IR)

FTIR spectra of the hybrid ceramers were recorded between 4000±400 cmÿ1 on
a Nicolet Avatar (USA) 320 FT-IR spectrometer. Thin films were prepared by

the solution-casting method. A minimum of 32 scans was signal-averaged with a

resolution of 2 cmÿ1 at the 4000±400 cmÿ1 range.

18.2.6 Solid state 29Si nuclear magnetic resonance
spectroscopy (29Si NMR)

29Si NMR was performed by a Bruker (Germany) DSX-400WB. The samples

were treated at 180ëC for 2 h and then were ground into fine powder.

18.2.7 Thermogravimetric analysis (TGA)

Thermal degradation of phenolic hybrid nanocomposites was measured by a

thermogravimetric analyzer (Du-Pont, model 951) from room temperature to
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800ëC with a heating rate of 10ëC/min under a N2 atmosphere. The

measurements were conducted using 6±10mg samples. Thermogravimetric

curves were recorded.

18.2.8 Differential scanning calorimeter (DSC)

The glass transition temperatures (Tg) of the phenolic hybrid ceramers were

measured by a differential scanning calorimeter (Du-Pont, model 10). The

heating rate was 10ëC/min. The measurements were made with 3±4mg sample

on a DSC plate after the specimens were quickly cooled to room temperature

following the first scan. Glass transition temperatures were determined at the

18.3
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midpoint of the transition point of the heat capacity (Cp) changed, and the

reproducibility of Tg value was estimated to be within 2ëC.

18.2.9 Limiting oxygen index (LOI) test

The LOI is defined as the minimum fraction of O2 in a mixture of O2 and N2 that

will just support flaming combustion. The LOI test was performed according to

the testing procedure of ASTM D2836 Oxygen Index Method with a test

specimen bar of 7±15 cm in length, 6.5 � 0.5mm in width, and 3.0 � 0.5mm in

thickness. The sample bars were suspended vertically and ignited by a Bunsen

burner. The flame was removed and the timer was started. The concentration of

oxygen was raised if the specimen extinguished before burning 3min or 5 cm.

The oxygen content was adjusted until the limiting concentration was

determined.

18.2.10 UL-94 vertical test

The UL-94 vertical test was performed according to the testing procedure of

ASTM D 3801 with a test specimen bar of 127mm in length, 12.7mm in width

and about 1.27mm in thickness. Five sample bars suspended vertically over

surgical cotton were ignited by a Bunsen burner. A flame was applied twice to the

lower end of the specimen for 10 s. The class of UL-94 V-0 is achieved if each

after-flame time does not exceed 10 s, and sum of the after-flame time for the five

samples does not exceed 50 s. Meanwhile, for UL94 V-0, the surgical cotton

below the specimen could not be ignited with the flaming drippings. The class of

UL-94 V-1 is achieved if each after-flame time does not exceed 30 s, and sum of

the after-flame time for the five samples does not exceed 250 s. Meanwhile, for

UL-94 V-1, the surgical cotton below the specimen could not be ignited with the

flaming drippings. If the surgical cotton below the specimen was ignited with the

flaming drippings, the sample was assigned UL-94 V-2 class.

18.2.11 Morphological properties

The morphology of the fracture surface of the composite was examined using a

scanning electron microscope (SEM) (JEOL JSM 840A, Japan) and a trans-

mission electron microscopy (TEM) (Hitachi, H-7500, Japan). Samples were cut

at room temperature with a diamond knife in an Ultracut Uct microtome (Leica

Company, Austria).

18.2.12 Flexural strength test

Flexural tests were following the ASTM D790 method with a span-to-depth ratio

of 40 and crosshead speed of 1.0mm/min. The dimensions of samples were
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60:0� 13:0� 3:0mm (length � width � thickness). Six specimens were tested

in each composition. All tests were performed at ambient temperature of 25 �
2ëC.

18.2.13 Si mapping technology or energy dispersive X-ray
spectroscopy (EDX)

The distribution of Si atoms in the hybrid ceramers were obtained from SEM

EDX mapping (JEOL JSM 840A, Japan). The white points in the figures denote

Si atoms. Semaphore image recording system operated at 15 kV. Analyses were

performed directly in the SEM by the PGT Imix EDX microanalyser. The

voltage for the energy dispersive analysis was 15 kV, and the time of X-ray

collection 60 s.

18.3 Results when IPTSwas used as a coupling agent

18.3.1 Characterization

Figure 18.4 shows the FT-IR spectra of the reaction between novalac phenolic

and 3-isocyanatopropyltriethoxysilane. The figure displays the change of the

characteristic peak of NCO group of 3-isocyanatopropyltriethoxysilane at

18.4 FT-IR spectra of the reaction between novalac phenolic resin and 3-
isocyanatopropyltriethoxysilane, at various reaction times: (a) initial reaction
(b) 4h (c) 8h (d) 12h.

Phenolic resin/SiO2 organic-inorganic hybrid nanocomposites 493



2270 cmÿ1. As the reaction proceeded, the intensity of the NCO group decreased

and finally disappeared. Results reveal that the novolac type phenolic resin had

reacted with 3-isocyanatopropyltriethoxysilane at various times.

Figure 18.5 exhibits the curve of solid-state 29Si NMR spectra of phenolic

nanocomposite. Condensed siloxane species for TEOS in which a silicon atom

through mono-, di, tri, tetra-substituted siloxane bonds were designated as Q1,

Q2, Q3, Q4, respectively. The definition of Qs is shown in Fig. 18.6. The

chemical shifts ÿ91, ÿ101, ÿ109 ppm of Q2, Q3, Q4, respectively, were in good

agreement with the literature.55

For 3-isocyanatopropyltriethoxysilanes with mono-, di-, tri-, tetra-substituted

siloxane bonds were designated as T1, T2, T3. The definition of Ts is shown in

Fig. 18.7. The chemical shifts ÿ56, ÿ65 ppm of T2, T3, respectively, confirmed

the values in the literature.55 Results revealed that Q4, Q3, T3 were the major

environments, i.e., it formed network structure.

18.5 The curve of solid-state 29Si NMR spectra of phenolic hybrid ceramer.

18.6
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18.3.2 Thermal properties of hybrids

Figure 18.8 shows the TGA curves of the hybrids for different TEOS

compositions from room temperature to 800ëC in the N2 atmosphere. The char

yields of the hybrids increased with increasing TEOS content. Increasing char

formation can reduce the production of combustible gases, decreases the

exothermic nature of the pyrolysis reaction and inhibits the thermal

conductivity of the burning materials.56 As the TEOS content increases, the

rates of degradation will be slower. The inorganic components can retard the

degradation of the hybrids. The char yield has been correlated to the flame

retardance.56 Therefore, through the condensed phase mechanism, the flame

retardance of the hybrids is promoted. The inference will be discussed in the

following LOI and UL-V test section. Figure 18.9 presents Td5 (the degradation

temperature of 5% weight loss) of the hybrids for different TEOS contents.

Table 18.1 shows Td5 of hybrid ceramer. When TEOS content was 20%, the

Td5 of the hybrid is 290ëC. As the TEOS content increases to 80%, Td5 of the

18.7

18.8 TGA curves of phenolic resin/silica hybrid ceramer with various TEOS
contents.
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hybrid raises to 312ëC. TEOS inorganic components enhance the heat stability

of hybrids. Figures 18.10 and 18.11 show the isothermal degradation curves of

phenolic/silica hybrids at different temperatures. From Fig. 18.10, it can be

found that the hybrid containing 80% TEOS content at 200ëC is very stable, it

still maintained 93wt.% for 300 min. Even when it was kept at 800ëC for 300

min, the weight retention was 45%. The hybrid exhibited good heat resistance.

Figure 18.11 possessed a similar trend as shown in Fig. 18.10.

Figure 18.12 presents the DSC thermograms of the phenolic/silica hybrid

ceramers. From these curves, the glass transition temperature was not able to be

clearly deduced. Table 18.1 summarizes the Tg of phenolic/silica hybrid

ceramers. The Tg of the hybrid increased with the incorporation of inorganic

18.9 Td5 (the temperature of degradation atwhich theweight loss ofmaterial is
5%) of the hybrid with different TEOS contents.

Table 18.1 Glass transition temperature (Tg) and 5%weight loss
degradation temperature of the phenolic/silica hybrid ceramers

System Glass transition temperature 5%weight loss degradation
wt.%TEOS Tg (ëC) temperature Td5 (ëC)

20 140 290
40 152 300
60 ö 302
80 ö 312

ö: not available.
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components. It revealed that the networks of inorganic components restricted the

motion of the chains. This result confirmed the data of 29Si NMR spectra for the

phenolic/silica hybrid ceramers. The hybrid ceramers possess the structures of

networks.

18.10 The isothermal degradation curves of phenolic/silica hybrid ceramer for
60wt.% TEOS at different temperatures.

18.11 The isothermal degradation curves of phenolic/silica hybrid ceramer for
80wt.% TEOS at different temperatures.
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18.3.3 Morphological properties

The compatibility of organic polymer and silica greatly affects the thermal,

mechanical and optical properties of nanocomposites. The morphology of the

fractured surfaces was observed by SEM, and the mapping technique was

utilized to elucidate the distribution of silica and the separation of the micro-

phase in the hybrid matrix. Figure 18.13 presents the SEM microphotograph of

the nanocomposite. Figure 18.14 shows Si mapping of phenolic nanocomposite.

18.12 DSC thermograms of phenolic resin/silica hybrid ceramer.

18.13 SEM of phenolic nanocomposite.
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In the figure, the white dots represent the silicon atoms. The transmission

electron microphotograph (TEM) of phenolic nanocomposite is shown as Fig.

18.15. The dark domains represent SiO2 particles. According to SEM and TEM

micrographs, the particles were uniformly dispersed throughout the polymer

matrix with sizes below 100 nm. The phenomena showed the hybrids are

nanocomposites. This result revealed that the nanocomposites exhibit good

miscibility between organic and inorganic phases.

18.14 Si mapping of phenolic nanocomposite.

18.15 TEM of phenolic nanocomposite.
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18.3.4 LOI and UL-94 test

The flame retardant properties of the obtained hybrids were examined by

measuring the LOI of the hybrids. From Table 18.2, a significant increase in LOI

was observed when TEOS was utilized in the phenolic resins. This indicates that

incorporating silica shows a significant effect on promoting the flame retardance

of phenolic resins. This result is coincident with the char yield data. Moreover,

the UL-94 test was also applied to probe the flame retardance of the hybrids and

to rank them into an industrial expression. The results of UL-94 test are also

shown in Table 18.2. From this table, the neat phenolic resin may be classified

into the UL-94 V-1. The hybrids containing 20wt.% TEOS content can be

classified as UL-94 V-0 grade. The phenolic hybrids with good flame retardancy

(LOI: 32±44, UL94 V-0 grade) and excellent thermal stability (Tg is above

300ëC) are considered to be sufficient for applications as green flame retardant

materials.

18.4 ResultswhenGPTSwas used as a coupling agent

18.4.1 Characterization

Figure 18.16 shows the FT-IR spectra of the reaction between novolac type

phenolic resin and 3-glycidoxypropyltrimethoxysilane. The figure displays the

change of the characteristic peak of epoxy group of 3-glycidoxypropyltri-

methoxysilane at 914 cmÿ1. Due to the ring-opening reaction of 3-glycidoxy-

propyltrimethoxysilane, the peak of 914 cmÿ1 disappeared and the bending red

shift of C-H out of plane was moved to 889 cmÿ1. Since the ring-opening

reaction causes different hydroxyl group types, the characteristic peak of

hydroxyl group at 3000±3600 cmÿ1 became broad. Results confirmed that the

novolac type phenolic resin had reacted with the 3-glycidoxypropyl-

trimethoxysilane.

Figure 18.17 shows the solid-state 29Si NMR spectra of the modified hybrid

nanocomposite. Condensed siloxane species for TEOS, the silica network

structure of the hybrid nanocomposite in which a silicon atom through mono-,

Table 18.2 The UL-94 and LOI test results of novolac type phenolic/TEOS hybrids

TEOS content (wt.%) Flaming drops Cotton ignited UL-94 standard LOI

Neat phenolic N/A N/A 94V-1 32
20 N/A N/A 94V-0 35
40 N/A N/A 94V-0 37
60 N/A N/A 94V-0 40
80 N/A N/A 94V-0 43

N/A: not available.
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di, tri, tetra-substituted siloxane bonds were designated as Q1, Q2, Q3, Q4,

respectively. The chemical shifts ÿ91, ÿ101, ÿ110 ppm of Q2, Q3, Q4,

respectively, are in good agreement with the data in the literature.55 For 3-

glycidoxypropyltrimethoxysilane with mono-, di-, tri-, tetra-substituted siloxane

bonds are designated as T1, T2, T3. The chemical shifts ÿ51, ÿ58, ÿ65 ppm of

T1, T2, T3, respectively, confirm the literature values.55 Results reveal that Q4,

T3 were the major microstructures in the modified hybrid nanocomposite, i.e., it

formed network structure.

18.4.2 Morphological properties

In order to investigate the distribution of silica and micro-phase separation in

the hybrid matrix, the morphology of the fractured surfaces was observed by

SEM and a mapping technique. Figure 18.18 shows the SEM microphotographs

of fractured surface of unmodified hybrid composite and modified hybrid

nanocomposite. Figure 18.19 shows the mapping image of modified hybrid

materials. As a coupling agent was added, the cluster of silica was decreased

and the phase separation was improved. The cluster size of silica could be

controlled to below 100 nm. This phenomenon exhibits the good miscibility

which existed between organic (polymer) and inorganic (silica) phases. Figure

18.20 and Figure 18.21 were given by EDX spectroscopy. Figure 18.20 shows

the Si-mapping image of the modified hybrid nanocomposite. The Si-mapping

18.16 FT-IR spectrum of GPTS-Phenolic resin at different reaction times. (a)
Initial, (b) t � 6h, (c) t � 20h, (d) final.

Phenolic resin/SiO2 organic-inorganic hybrid nanocomposites 501



image confirms the silica particles were distributed uniformly in the modified

hybrid nanocompsite. Therefore, when GPTS content is 10 phr, the modified

hybrid materials were nanocomposites and showed good transparency similar to

neat phenolic resin.

18.4.3 Thermal properties and flame retardance

Figure 18.21 shows the TGA curves of the hybrid composites with different

coupling agent (GPTS) content. The TGA curves range from room temperature

to 800ëC in the N2 atmosphere. According to the TGA curves, the char yields of

the hybrid materials increased with the increase of GPTS. As silica network was

added, the degradation was slower. The inorganic components could retard the

thermal degradation of the nanocomposite. Table 18.3 summarizes char yield,

Td5 and Td10 (the temperature of degradation at which the weight loss is 5% and

18.17 29Si-NMR spectra of GPTS-Phenolic resin/SiO2 modified hybrid
nanocomposite.
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18.18 The SEM microphotographs of fractured surface of unmodified hybrid
composite and modified hybrid nanocomposite.

18.19 The Si-mapping image of modified hybrid nanocomposite.

18.20 The EDX spectrum of modified hybrid nanocomposites.
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10%) of the hybrids materials for different coupling agent (GPTS) contents. Td5

and Td10 of the neat novolac type phenolic resin were 281.8ëC and 365.3ëC,

respectively. Td5 and Td10 of the hybrid material (GPTS content was 0 phr) were

315.1ëC and 401.1ëC. As GPTS content increased to 10 phr, Td5 and Td10 of the

hybrid material raise to 350.8ëC and 439.9ëC, respectively. The char yield of the

hybrid materials raised from 56.13 wt.% to 63.29 wt.%. The silica inorganic

components enhanced the thermal stability of the hybrid materials.

The flame retardant properties of the hybrid composites were examined by

measuring the Limiting Oxygen Index (LOI) and Underwriters Laboratory 94

(UL-94) of the hybrid composites. Table 18.4 illustrates a significant increase in

LOI (from 33 to 37) was observed. This indicates that incorporating silica shows

a significant effect on promoting the flame retardance of novolac type phenolic

18.21 TGA curves of neat phenolic resin (a), unmodified hybrid composite (b)
and modified hybrid nanocomposite (c).

Table 18.3 Comparison of the degradation temperature at 5%, 10%weight loss and
the char yield of neat phenolic resin, unmodified hybrid composite and modified
hybrid nanocomposite at N2 atmosphere

Systems Temperature of 5% Temperature of 10% Char yield (wt.%)
weight loss (ëC) weight loss (ëC)

Neat phenolic
resin 281.8 365.3 56.1

Unmodified
hybrid composite 315.1 401.1 61.4

Modified hybrid
nanocomposite 350.8 439.9 63.3
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resin. This result is coincident with the char yield data. The results of UL-94 test

are also shown in Table 18.4. From this table, the neat phenolic resin may be

classified into the 94V-1. The nanocomposite (GPTS content 10 phr) can be

classified as 94V-0 grades. The hybrid phenolic nanocomposites of good flame

retardance and excellent thermal stability are considered to be sufficient for

applications as flame retardant materials.

18.4.4 Mechanical properties

The mechanical properties of the hybrid phenolic composites were examined

by measuring the flexural mechanical properties. Figure 18.22 and Table 18.5

Table 18.4 TheUL-94 and LOI test results of neat phenolic resin, unmodified hybrid
composite and modified hybrid nanocomposite

Systems Flaming drops Cotton ignited UL-94 standard LOI

Neat phenolic resin N/A N/A 94V-1 33
Unmodified hybrid
composite N/A N/A 94V-0 36

Modified hybrid
nanocomposite N/A N/A 94V-0 37

N/A: not available.

18.22 The flexural strength (·) and modulus (�) of neat phenolic resin (A),
unmodified.
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show the flexural strength and modulus of neat phenolic resin and hybrid

phenolic composites. The improvements in flexural mechanical properties of

hybrid phenolic composites were affected by silica particle size and the

compatibility between organic and inorganic phase. The flexural strength and

modulus of the hybrid phenolic nanocomposite were 50% and 100% higher

than that of the neat phenolic resin. The coupling agent, GPTS, reduces the

serious phase separation from macro-phase to micro-phase and derives the fine

silica particles in phenolic resin. Therefore, the results of flexural mechanical

properties reveal that the hybrid phenolic nanocomposites containing fine

silica particles (GPTS content 10 phr) have excellent properties, and

incorporating the silica inorganic ingredients into the novolac type phenolic

resin could enhance the flexural properties of the hybrid phenolic composites

further.

18.5 Conclusions

Two novel phenolic/silica hybrid ceramers synthesized by the sol-gel process

have been demonstrated. FTIR and 29Si NMR was used to characterize the

structure of the hybrids. Results revealed that Q4, Q3, T3 was the major

microstructure, thus it formed the network structure. The thermal properties

were investigated by thermogravimetric analysis (TGA). The char yields of the

hybrids increased with increasing TEOS contents. TEOS inorganic components

enhanced the heat stability of hybrids. SEM microphotographs revealed that the

silica particles were aggregated in the unmodified hybrid composite. The Si-

mapping image confirms the silica particles were distributed uniformly in the

modified hybrid nanocompsite. Both SEM and TEM micrographs reveal that the

particles were uniformly dispersed throughout the polymer matrix with sizes

below 100 nm. The phenomena showed that hybrids are nanocomposites. The

nanocomposites showed good transparency close to that of the neat phenolic

resin. LOI and UL-94 test results revealed that the hybrid ceramer possesses

excellent flame retardance characteristics. Mechanical properties testing showed

that the flexural strength and flexural modulus of silica-containing phenolic

nanocomposites were improved.

Table 18.5 Flexural strength andmodulus of phenolic resin/SiO2 hybrid
systems with different TEOS contents

Systems Flexural strength Flexural modulus
(MPa) (GPa)

Neat phenolic resin 27.8� 0.6 1.96� 0.05
Unmodified hybrid composite 36.1� 2.0 4.05� 0.21
Modified hybrid nanocomposite 41.9� 0.9 3.80� 0.25
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19.1 Introduction

Polymer materials are well known for exhibiting electrically insulating behavior.

However, conductive fillers can be incorporated as a second phase into these

polymer matrices, leading to an increase in the electrical conductivity of the

resulting composites. The conducting properties of these composites are mainly

varied as a function of the filler content. At a critical value (so-called percolation

threshold in percolation theory1), a sharp transition of the conductivity of the

composites occurs with a slight increase of filler content. The transition value

varies for different conducting systems.2 Moreover, the value is greatly affected

by the properties of the fillers and the polymer matrices, processing methods,

and dispersion of the fillers within matrices. For macro-composites, relatively

large quantities of filler were required to reach the critical value.3 High filler

content generally leads to the high density and detrimental mechanical

properties for a composite. In this regard, much effort has been devoted to

produce composites with minimized critical filler concentration.4

Generally, nanocomposites exhibit a significant increase in the properties of

polymer matrices, and even yield certain new properties that cannot be derived

from macro-composites or counterparts.5,6 The pioneer work of polymer/layered

silicate nanocomposites was reported by Usuki et al.,7 followed by series of

reports on this topic.8±9 Both intercalated and delaminated nanocomposites,

where layered silicates were well dispersed within the polymers, resulted in the

dramatic enhancement of mechanical, thermal, and barrier performance in

comparison with conventional composites.10

Like layered silicates, natural flake graphite is also a layered material with

good electrical conductivity in the range of about 104 S/m at room temperature.

Because of the weak van der Waals forces between graphene layers, graphite

intercalation compounds (GICs) can be prepared by intercalating various small

compounds into graphene layers.11 It is well known that expanded graphite (EG)

can be formed when GICs are subjected to a thermal shock. During the process,

the intercalants vaporize and tear the layers apart, leading to an expansion in the

19
Polymer/graphite nanocomposites

Y MENG , Sun Yat-Sen University, People's Republic of China

c direction and resulting in a puffed-up material or EG, with a very low



density.11±12 The layered structures of parent graphite were maintained in the

EG, whereas the volume expansion ratio of the resulting EG to GICs was

typically as high as 200±300.11 Consequently, polymer/graphite nanocomposites

can be synthesized using EG via different intercalation methods, including in-

situ polymerization,13,14 melt polymer intercalation, exfoliation-adsorption, and

direct solution or exfoliation-adsorption intercalation.15

The conducting polymer/graphite nanocomposites have attracted consider-

able attention and been extensively reported in recent years because of their

potential applications in advanced technologies, for example, in antistatic

coatings, electrochemical displays, sensors, catalysis, redox capacitors, electro-

magnetic shielding and in secondary batteries.16,17 Due to their importance in

both industry and academia, the features of natural graphite flake, GICs and EG,

as well as the preparation, properties and applications of polymer/graphite

nanocomposites are reviewed in this chapter.

19.2 Features of graphite

19.2.1 Features of natural graphite flakes

Natural graphite exists in three different types: graphite flakes, amorphous

graphite and crystalline graphite. In general, graphite is found in nature in the

form of natural graphite flakes (NGF) or powder of various particle sizes in

purity greater than 99%. Graphite flake is naturally abundant and highly

conductive.11 As shown in Fig. 19.1, NGF are composed of graphite sheets,

which are generally less than 100 nm in thickness.18 The microstructure of the

graphite sheets could be further described as the illustration in Fig. 19.2. Each

sheet is further divided in aggregates of several graphite nanosheets,19 which is

2±8 nm in thickness. The aggregate structures have a c-axis lattice constant

ranging from 7 to 16AÊ .18±19 They also contain a number of graphene layers or

carbon layers with a single carbon atom thickness. Those carbon layers have a

19.1 Schematic view of graphite layer structure.
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spacing of 3.35AÊ as depicted in Figs 19.1 and 19.2.19 Each carbon layer

contains hexagonal arrays of carbon atoms hybridized in sp2 to form 1.42AÊ

sigma bonds with three nearest neighbors in the layer. Those covalent bonds

between the carbons within a graphene layer are much stronger than those

bondings between the graphene layers.18 The delocalized � bonds, resulting

from the sp2 hybridization, are responsible for the highly electrical conductivity

of graphite. Moreover, the softness and lubricating nature of graphite arises from

the weak bindings between the carbon layers that are joined together via weak

van der Waals forces. Like other layered materials, such as montmorillonite and

vermiculite, graphite is also a kind of layered material, the weak interplanar

forces allow the possibility for certain atoms, molecules and ions to intercalate

into the interplanar spaces of the graphite aggregates. The interplanar spacings,

also called galleries, are thus increased.20±25

19.2.2 Formation of GIC

Unlike lamellar silicate solids,11 whose exfoliation can be achieved by ion

exchange reactions, the exfoliation of graphite cannot be afforded using the

same approach as it does not bear any net charge. Nevertheless, owing to the

weak van der Waals forces among graphene layers, some appropriate atoms or

molecules, known as intercalating agents, can enter the graphite galleries by

diffusion from the edge planes of graphite to form layered crystals. The resulting

products composed of guest intercalants and host graphite layers are named

graphite intercalation compounds (GICs) as mentioned in section 19.1.12,13,26±31

The graphite structure consists of carbon layers in an alternating stacking

sequence. It has been reported that the lamellar graphite can be intercalated with

alkali metals.23,24,32 For example, potassium can insert into the graphite structure

to give a number of compounds, called stages as shown in Fig. 19.3. The figure

describes two different models for the formation of GICs. The stage is defined as

the number of graphene layers between two intercalants. The first stage material,

19.2 Illustrative model of the expanded graphite consisting of graphite
nanosheets and graphene layers.

KC8, has an orthorhombic orientation and the d-spacing of graphene layer
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increases from 3.35AÊ to 5.41AÊ . The second stage, or KC24, it shows a d-spacing

of 8.72AÊ . The stages n can be calculated from Equation (19.1):

n � �Icÿ d1�=C0 � 1 �19:1�
where d1 � di � C0, Ic is the repeat value of 001 peak in X-ray trace; d1 is the

thickness of intercalant; and C0 is the spacing between graphene layers

(3.35AÊ ).

Upon various intercalants being intercalated into the interlayers of graphite to

produce GICs, the GICs can then carry out many reactions to yield expanded

graphite or EG, that can be used as a layered filler to fabricate polymer/graphite

nanocomposites. Therefore, the preparation of GICs is of great importance. The

various synthesis methods of GICs include:

1. Vapor phase transportation.33,34 Metal-GICs can be prepared using this

method by heating alkali metal compounds, which pass through a separated

tube to intercalate into the galleries of graphite. The temperature difference

between heated graphite and metal is crucial to control the stages of

resulting metal-GICs.

2. Liquid intercalation, including molten liquid and solution liquid.35±41 The

typical examples are the use of immersing graphite in molten metal

chlorides or liquid bromine. The detailed procedure is given in the related

literature.35±41

3. Intercalation by electrochemical technology.42±49 The method can be used

to intercalate organic acids such as concentrated sulfuric acid, nitric acid

into the graphene layers. Also alkali metal and metal chlorides can be

intercalated into the graphite using this way. The driving force for the

intercalation is electricity flow. The stages of a GIC are generally controlled

by the concentration of a solution liquid.45

4. Co-intercalation and sequential intercalation approaches. The atoms or

19.3 Scheme illustration of the stage structure of GICs. Black line: graphite
layer; light black line: intercalated compound.

molecules with relatively larger size such as Na, Cs or K find it difficult to
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penetrate and enter the galleries of graphite because of the very small

interlayer spacing. These atoms can enter the graphite galleries upon the

formation of the alloy with other metals.50 Similarly, small atoms such as

H2 also cannot intercalate into the graphite interlayer. However, by using

both H2 and potassium as co-intercalant, a stage 2 GIC can be produced via

the formation of C16K2H4/3.
51

GICs have been reported to find wide applications as summarized in Table

19.1.52±54 To prepare polymer/graphite nanocomposites, exfoliated or expanded

graphite has to be used because high molecular weight polymers cannot diffuse

into the extremely small galleries of pristine graphite. For the purpose of

preparing EG, the easiest method is to rapidly heat a GIC and the most com-

monly used GIC is H2SO4-GIC. A typical preparation of the GIC derived from

NGF and concentrated sulfuric acid is hence given as follows:13 a mixture of

Table 19.1 Applications of GICs

Application Comment

1. Highly conductive materials
HNO3, SbF5, AsF5, CuCl2, FeCl3, F2, K-Bi,
residual Br2

Combinations between host
graphite and intercalates

2. Electrodematerials in batteries
Primary battery
(CF)n, (C2F)n, graphite oxide, F2, CoCl2,
TiF4, etc

Efficiency enhancement of
function of intercalates

Second battery
H2SO4, Ni(OH)2, Mn(OH)2, HF
Thermocell Intercalation and
Br2, HNO3 deintercalation process

3. Catalyzers for organic synthesis
Li, K, K-Hg, K-FeCl3, SbF5, Br2, H2SO4,
HNO3, etc

Efficiency enhancement of
function of intercalates

4. Materials for storage and isotope-separation of
hydrogen
K, Cs, Rb Creation of functional space

in intercalation compounds
5. EMI shielding

Br2-GIC-epoxy composite Large skin depth
IBr-GIC-epoxy composite

6. Others
Exfoliation of graphite Intercalation and
H2SO4, HNO3, FeCl3, K-THF, Na-THF deintercalation process
Electrochromic
Li-DMSO-GIC
Photosensitizable
CuCl2ÿ, FeCl3ÿGIC
Tribological
FeCl3ÿGIC
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concentrated sulfuric acid and hydrogen peroxide (H2O2-H2SO4 system) (1:

0.08, v/v) is mixed with NGF (80 mesh). The mixture is stirred at ambient

temperature for about 1 h to allow H2SO4 to intercalate into intra-galleries of

graphite. The resulting H2SO4-GIC is carefully washed and filtrated with

deionized water until the pH value of the filtrate reached 6, and then dried at

100ëC for 24 h. The intercalation reaction between graphite and H2SO4 can be

expressed as follows:

n (graphite) + n H2SO4 + 0.5 n [O]

! n (graphite�HSO4) + 0.5 n H2O (19.2)

where O is oxidant and (graphite�HSO4) is GIC. The resulting GIC comprises

graphene layers and intercalated layers stacked on top of one another in a

periodic fashion. The stacking form can be of the form of ±C±C±I±C± and ±C±

I±C±C±I±C±, where C is the graphene layer, and I is an intercalated layer. The

number of carbon layers between each pair of intercalated layers is the stage

number. The above structure, for example, shows a stage 2 intercalated graphite.

The stage structure of intercalated graphite depends greatly upon the inter-

calation conditions. Generally, stage 2 to stage 5 GICs are obtained in case that

conventional intercalation conditions are employed.

19.2.3 Preparation of expanded graphite

It has been well documented that when GICs are subjected to a thermal shock,

the intercalants within graphite interlayers are led to a rapid volatilization. This

can then tear the layers apart and lead to an expansion in the c-axis direction,

perpendicular to the carbon layers of the GIC, resulting in a puffed-up material

termed expanded graphite (EG), with a very low density.11 The layered struc-

tures of parent graphite are maintained in the EG, whereas the volume expansion

ratio, i.e. the ratio of the packing volume of EG to that of GICs, is typically as

high as 200±300.11

Generally, the exfoliation of the expandable graphite or GICs is processed by

heat-treatment at 900ëC or higher for a few seconds. Microwave irradiation was

reported to be a new method to produce the exfoliated graphite.55±58 The adoption

of microwave irradiation heating results in a short reaction time compared with

conventional heating, and ease workup after a reaction.59,60 The exfoliated volume

is proportional to the microwave irradiation time.55 With 10 s of microwave

irradiation, the intercalated graphite is expanded from a relative volume of 1 up to

about 210 units. The expanded graphite appears a loose and porous vermicular

material, and its structure is basically parallel layers, as shown in Fig. 19.4.

The XRD pattern of the H2SO4 intercalated graphite is shown as trace b in

Fig. 19.5. Comparing with the natural graphite (trace a in Fig. 19.5), it is evident

that the basal peak (0.335 nm) of natural graphite disappeared, indicating that

the graphite was expanded completely.60 The diffraction peaks in trace b of Fig.
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19.5 are (5.5ë, 001), (10.15ë, 002), (25.260, 005), (30.31ë, 006), (51.78ë, 0010),

(57.22ë, 0011) in turn. All the diffraction peaks are indexed using the c-axis

repeat distance Ic of 1.76 nm. The identity period in the c direction is one H2SO4

occupied graphene layer (0.755 nm) + three unoccupied graphene layers

(3� 0:335 nm) � 1.760 nm. These data demonstrate the formation of the

19.4 SEM micrographs of (a) wormlike EG of expansion ratio 100 at lower
magnification, and (b) EG of expansion ratio 200 at higher magnification.
(Adapted from ref. 58.)

19.5 X-ray diffraction patterns: (a) original graphite; (b) H2SO4 intercalated
graphite; and (c) expanded graphite. (Adapted from ref. 15.)
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stage-4 intercalated graphite with a stacking sequence of ÐG±H2SO4±G±G±G±

G±H2SO4±G±G±GÐ (G: graphite layer). Upon being heated at a certain

temperature, the decomposition of the intercalating H2SO4 leads to the

exfoliation of the expandable graphite, forming loose and porous layered

structure though collapsed and deformed desultorily as shown in Fig. 19.4. The

corresponding XRD pattern of the EG is shown in Fig. 19.5c. The diffraction

peak appears the same as the natural graphite (Fig. 19.5a), indicating that the EG

is composed of basic elements of a graphene layer of the original graphite.61

19.2.4 Synthesis of graphite nanosheets and graphite oxide

Exfoliated graphite consists of a large number of delaminated graphite nano-

sheets. The electrical conductivity is not obviously affected compared with the

original graphite.30,61 Ultrasonic irradiation has been widely applied in chemical

reaction and engineering. When an ultrasonic wave passes through a liquid

medium, the effect of ultrasonic cavitation can generate a very strong stirring

environment. Therefore, ultrasound has been extensively used in dispersion,

emulsifying, crushing, and activation of particles.62 In this respect, the graphite

worm can then be broken down to yield graphite nanosheets using ultrasonic

irradiation technique. Figure 19.6 shows the SEM micrograph of the as-prepared

graphite nanosheets. It can be seen clearly that the graphite worm is torn into

sheets with thickness in nanoscale.

19.6 SEMmicrograph of graphite nanosheets. (Adapted from ref. 58.)
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Graphite nanosheets can also be synthesized using known GIC chemistry.63

A simplified schematic of the intercalation and exfoliation process is shown in

Fig. 19.7. The first-stage intercalation compound, KC8, is readily formed by

heating graphite powder with potassium metal under vacuum at 200ëC. Powder

X-ray diffraction confirms that only crystalline material present is KC8. A c-axis

expansion from 3.4AÊ to 5.4AÊ is calculated from the diffraction pattern, indicat-

ing an average stoichiometric distribution of potassium within the graphite

galleries, rather than the idealized first-stage GIC depicted in Fig. 19.7. The

involved reaction is given as follows:

KC8 + CH3CH2OH ! 8C + KOCH2CH3 +
1
2
H2 (19.3)

The resulting hydrogen gas evolution aids in separating the graphite sheets into

nanosheets with a thickness of 40 � 15 graphene layers.64 It should be noted that

individual graphene nanosheets are not obtained owing to incomplete

exfoliation.

Unlike layered silicates, graphite does not undergo any ion exchange

process,20±24 but organophilic ammonium cations can intercalate the interlayers

of graphite oxide (GO). GO is a well-known layer-structured compound

19.7 Simplified schematic of the intercalation/exfoliation process. Graphite is
intercalated with potassium to form the first-stage intercalation graphite
compound, KC8, and then exfoliated in aqueous solvent to produceGNPswith
40� 15 layers thick. (Adapted from reference 112).
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obtained by oxidation of graphite.65,66 Each fundamental layer of GO has a

dense two-dimensional carbonaceous skeleton, which is constructed of a larger

number of sp3 carbons and a smaller number of sp2 carbons. GO (`oxidized-

form') is reduced by heating,13 or by reducing agents and so on, and becomes a

graphite-like structure with turbostratic-tendency (`reduced-form'), which

contains few or no oxygen and is electrically conductive. The resulted GO

layers have been used as layered conducting fillers for polymer/graphite

nanocomposites.14,68 The preparation of graphite oxide involves the oxidation of

graphite, using an oxidizer in the presence of nitric acid and both stage 1 and

stage 2 materials have been formed.65,66 Upon formation of graphite oxide, the

layered structure of graphite is preserved, while the aromatic character is

partially lost. The structure contains various amounts of hydroxyl groups, ether

groups, double bonds, carboxyl, and ketone groups. The formula that has been

suggested for graphite oxide is C7O4H2 and it is known to be thermally

unstable.66,67,69 Graphite oxide is hydrophilic and readily adsorbs water or other

polar liquids. Similar to layered silicates,66 a one-dimensional swelling is

observed as the lamellae move apart. In this case, the swelling of the graphite

oxide allows for intercalation of various compounds such as alkyl ammonium

salts and polymers.13,65,67,70±77 When the bonds between the graphite layers (in

the direction of c-axis) are broken up by strong oxidation, hydrophilic graphite

oxide (GO) with lamellar structure is then generated. According to the amount

of water absorbed in the GO layers, the interlayer spacing (dL) (001 reflection in

X-ray diffraction) varies from 6.1 to 11AÊ . It readily disperses in NaOH solution

(dL � 12.3AÊ in 0.05N NaOH solution, dL � / in 0.01N NaOH).13 The

intercalated GO can be used as the host of many kinds of nanocomposites and

exhibits very rich intercalation chemistry.

19.3 Structures of polymer/graphite nanocomposites

Depending on the nature of the components used (natural graphite flakes,

expandable graphite, expanded graphite, graphite oxide, graphite nanosheet, and

polymer matrix) and the preparation method, three main types of composites

may be obtained for a typical polymer/graphite system derived from the in-situ

synthesis of graphite and monomer. As depicted in Fig. 19.8, when the polymer

is unable to intercalate between the graphite sheets, a phase separated composite

is obtained, whose properties stay in the same range as traditional

macrocomposites. Beyond this classical family of composites, two types of

polymer/graphite nanocomposites can be produced. Intercalated nanostructure,

in which a single, and sometimes more than one, extended polymer chain is

intercalated into the galleries of graphite layers resulting in a well ordered

multilayer morphology built up with alternating polymeric and graphite layers.

In case the graphite layers are completely and uniformly dispersed in a con-

tinuous polymer matrix, an exfoliated or delaminated nanostructure is yielded. It
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should be noted, however, that the EG is a somewhat partially exfoliated

graphite compared to polymer/clay nanocomposites, because the graphite layers

interconnect with each other.59,84 Only when the graphite sheets are fully

exfoliated into polymer matrices can the resultant composites be called delami-

nated nanocomposites. It should be pointed out that the term `delaminated' used

in this context does not mean single graphene layer as it is used in polymer/clay

nanocomposites, but refers to a separated graphite flake. In order to characterize

above-mentioned nanostructures, two complementary techniques are used. XRD

is used to identify intercalated nanostructures. In such nanocomposites, the

repetitive nanoscale multilayer structure is well preserved, allowing the

interlayer spacing to be determined. The intercalation of the polymer chains

into a layered material usually increases the interlayer spacing, in comparison

with the original spacing of the layered filler used, leading to a shift of the

diffraction peak towards lower angle values. The angle and layer spacing values

are related through the Bragg's relation, i.e., � � 2d sin �, where � corresponds

to the wavelength of the X-ray radiation used in the diffraction experiment, d the

spacing between diffractional lattice planes and � is the measured diffraction

angle. For an exfoliated nanostructure, no diffraction peak is observable in the

XRD diffractograms. This is because either the spacing between the filler layers

exceeds 8 nm in the case of orderly exfoliated nanostructure, or the exfoliated

layers are distributed disorderly. In the latter case, transmission electron

microscopy (TEM) can be used to characterize the nanocomposite morphology.

19.4 Preparations of polymer/graphite
nanocomposites

To prepare polymer/graphite nanocomposites, several strategies have been

considered, including the three main processes as shown below:

19.8 Possible structures for polymer/graphite composites.

520 Polymer nanocomposites



· In-situ intercalative and/or exfoliation polymerization: In this process, the

layered expanded graphite or exfoliated graphite nanosheets are swollen

within the liquid monomer or a monomer solution, so that the polymer

formation can then occur in between the intercalated graphite sheets or

graphene layers. The polymerization can be initiated either by heating or

radiation, by the diffusion of a suitable initiator or by an organic initiator

inside the interlayer of graphite after the swelling step by the monomer. In

spite of the different initiators used, varying polymerization processes can be

adopted for the in-situ synthesis of polymer/graphite nanocomposites. The

advantage of this technique is that a well-dispersed intercalated or exfoliated

polymer/graphite nanocomposite is generally obtained. Under this process

the nanocomposites are also prepared through emulsion polymerization

where the expanded graphite is well dispersed in the aqueous phase.

· Melt intercalative and/or exfoliation: The layered expanded graphite or

exfoliated graphite nanosheets are mixed with the polymer matrix in the

molten state. Due to the neutral nature of graphite in chemistry, the chosen

polymer can diffuse into the interlayer space or galleries of expanded

graphite and yield either an intercalated or an exfoliated polymer/graphite

nanocomposite. This methodology is solvent-free and cost-effective.

· Exfoliation-adsorption: The expanded graphite is broken down or exfoliated

into graphite nanosheets and graphene layers (as illustrated in Fig. 19.2) using

a solvent in which the polymer (or a prepolymer in the case of insoluble

polymers such as polyimide) is soluble. In this case, the expanded graphite,

due to the very weak forces that bond the graphene layers together can easily

be dispersed in an adequate solvent. In the meantime, the dissolved polymer

is adsorbed onto the delaminated graphite sheets. When the solvent is

evaporated or the mixture precipitated out, the graphite sheets or graphene

layers reassemble, sandwiching the polymer chains to form an ordered

multilayer nanostructure or an exfoliated nanostructure in the best case. It

should be noted that intensive stirring such as sonication is needed to break

down the expanded graphite worm and help the polymer chains intercalate

into graphite nanosheets or graphene layers to form a polymer/graphite

nanocomposite.

19.4.1 In-situ intercalation and/or exfoliation polymerization

Polymerization initiated by alkali metal-GICs

Many interlamellar polymerization reactions were carried out and studied using

alkali metal-GICs as initiators for the in-situ polymerization.11,80,81 Although

more than 100 kinds of GICs have been synthesized, only a few polymer/

graphite nanocomposites have been reported because organic molecules are hard

to be directly intercalated into the small spacings of graphite sheets. However,
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organic polymerizable monomers can be cointercalated into some kinds of GICs

or absorbed by some related graphite materials, thus the polymer/graphite

nanocomposites can be synthesized via in-situ polymerization of the monomers.

In this sense, a few hydrocarbons have been polymerized within the interlayer

spacing of the graphite in GICs to produce polymer/graphite nano-

composites.11,78 The above works have focused mainly on the polymerization

mechanism and the characterization of the produced polymers, the reaction and

reaction activity, and the effect on thermal stability. A typical example recently

reported by Xiao et al. is that an in-situ polymerization of styrene in a ternary

potassium-tetrahydrofuran-GIC (K-THF-GIC) solution system was performed to

synthesize a polystyrene/graphite nanocomposite.80 The mechanism for the

polymerization initiated by K-THF-GIC was investigated and discussed in this

paper. In order to perform an anion that can initiate the polymerization, some

naphthalene (about 0.2M) has to be added into the mixture of K-THF-GIC.81±83

The reactions in the mixture can be presented as follows:

M + pTHF + naphthalene ÿ! M+ (THF)p(naphthalene)
ÿ (19.4)

M�(THF)p(naphthalene)
ÿ + nC

ÿ! M�(THF)pCn
ÿ + naphthalene (19.5)

The formed anion of M�(THF)pCn
ÿ acts as the initiator for the polymerization

of styrene. When styrene diffuses onto the surface of graphite sheets or enters

the interlayer of graphite, the polymerization is initiated by accepting the anions

from the complex of K-THF-GIC. The initiation and propagation steps can be

depicted in Figure 19.9. TEM observation has showed the formation of

polystyrene/graphite nanocomposite. The graphite sheets existed within the

polystyrene matrix in a thickness smaller than 100 nm. Due to the interfacial

interaction between graphite nanosheets and matrix, the nanocomposites

exhibited higher glass transition temperature (Tg) and higher thermal stability

when compared to neat polystyrene. The reported percolation threshold value of

the electrically conductivity of the composites is less than 8.2wt.%. However, it

was shown that only part of styrene polymerized in some of the interlayer

spacing of graphite, whereas most of polymerization took place on the surface of

the graphite layers.

In-situ polycondensation approaches

Polyamide 6/graphite nanocomposites with markedly low percolation threshold

value were recently prepared using an in-situ polycondensation approach.18

Based on transmission electron microscopy (TEM) results, the thickness of EG

filler incorporated in the polymer matrices was found to vary from 10 to 50 nm,

and the aspect ratios (diameter to thickness) can be estimated as high as 100±

300.79 The graphite used by Pan et al.18 is termed foliated graphite (FG). FG can
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be prepared by fragmentation of EG using ultrasonic irradiation as described

elsewhere.59,84±86 SEM showed that the as-made FG particles are roughly disk-

shaped sheets with their thickness of the order of less than 100 nm. The size and

size distribution of the FG nanosheets vary with respect to the ultrasonic

irradiation timings.

The polyamide 6/graphite nanocomposites were prepared via anionic ring-

opening polymerization.79 First, the mixture of a given amount of �-caprolactam
and FG powder sealed in a tube was immersed in an ultrasonic bath at 110ëC for

25 min to disperse of the mixture. Then, a catalytic amount of sodium hydroxide

was introduced into the mixture as activator, followed by vacuuming the system

19.9 Reaction scheme for the polymerization of styrene initiated by K-THF-
GIC.
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at a limited pressure of 10ÿ2 Pa to remove produced water during the reaction at

135ëC. Finally, after 30 min of reaction under ultrasonic irradiation, the vacuum

was stopped and a catalytic amount of toluyl diisocyanate (TDI) was added into

the mixture as chain initiator. After 2 min of stirring, the oil bath temperature

was further increased to 155ëC, while the ultrasonic irradiation was maintained

for 60 min. With the assistance of ultrasonic irradiation, the FG nanosheets were

effectively dispersed in the polyamide 6 matrix. The nanocomposite exhibited a

typical percolative transition of electrically conductivities at a FG content of as

low as 0.74 vol.%.

To determine the percolation threshold value for a polymer insulator/

conductive filler composite, several theoretical elaboration methods have been

proposed, including percolation theory,1,87±91 mean-field theory92 and excluded

volume theory.79 Only the percolation theory is introduced in this review.

According to the percolation theory, the percolation threshold, �c, is the

critical volume fraction, where an infinite continuous conducting cluster span-

ning across the sample is formed.1 Due to the presence of a conducting or

percolation path across the entire sample, a change from an insulator to a

semiconductor occurs. Above the percolation threshold, the electrical

conductivity is related to the content of conducting filler by a simple power law:

�m � �h��ÿ �c�t �19:6�
where �m is composite conductivity, �h conductivity of conductive filler, �

volume fraction of conductive filler, �c percolation threshold, and t critical

exponent. Equation (19.6) is also used to describe the conductivity of continuum

systems, such as metal±metal oxide and graphite±polymer mixtures. When the

conductivity anisotropy is small, the experimental results are averaged to

generate one single set of data, which are thereby fitted by means of Equation

(19.6). Using the equation, Weng et al. have calculated the three parameter for

the polyamide 6/graphite system.79 The results are �c � 0:74 vol.%; and

t � 2:32, which correlates well with Equation (19.6) and the conductivities data

above the percolation threshold. However, the critical exponent value derived is

higher than the universal one, tun � 2 in 3D, but still within the range reported in

the literature for continuum systems.31,88 Because this universal value is

theoretically derived in the lattice models, it might not be true for real

continuum systems.89 The better result is observed for the low value of the

percolation threshold of less than 0.75 vol.%. In the case of carbon black±filled

polyamide 6 systems, a critical concentration of about 9.0 wt.% was reported for

the composites prepared by compression molding,91 whereas for melt blending

of carbon black and polyamide 6, a value of as high as 27.0 vol.% is required for

the critical transition.3 Both of two systems are macrocomposites. Thus, it is

clear that the nanocomposites containing FG nanosheets are more effective in

increasing the electrical conductivity.
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In-situ ring-opening polymerization approaches

Some polymeric materials such as polyimides or some conjugated polymers are

infusible or insoluble in organic solvents. Therefore, the only possible route to

produce nanocomposites with these types of polymers is to use soluble

polymeric precursors that can be intercalated in the layered graphite and then

thermally or chemically converted to the desired polymer. This method has been

used successfully to fabricate polymer/graphite nanocomposites.14,15,68 Meng et

al. reported the preparation of exfoliated graphite by first synthesizing H2SO4-

GIC in a H2O2-H2SO4 mixture, followed by expansion under microwave

irradiation. The structure of the expanded graphite could be described by the

illustration in Fig. 19.2. Poly(arylene disulfide)/graphite nanocomposites were

then fabricated by absorbing cyclic(arylene disulfide) oligomers into the pores

of exfoliated graphite. Subsequently, the nanocomposite precursor was subjected

to heat treatment to carry out the in-situ ring-opening polymerization (ROP) of

the oligomers via free radical mechanism. The schematic illustration for the

process is shown in Fig. 19.10. The as-prepared nanocomposite exhibited an

exfoliated nanostructure as evidenced by TEM observation. The conducting

network formed with the clear observation on the right-bottom corner as

indicated. Compared with pure polymer, the electrical conductivity of the

poly(arylene disulfide)/graphite nanocomposites was dramatically increased and

had a value of about 10ÿ3 S/cm for the nanocomposite containing 5wt.%

graphite. The nanocomposite exhibited a typical percolative transition of

19.10 Schematic illustration of the formation of the poly(arylene disulfide)/
graphite nanocomposites via in-situ ring-opening polymerization of
macrocyclic oligomers. (Adapted from ref. 58.)
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electrically conductivities at a graphite content of less than 2.0 wt.% as shown in

Fig. 19.11. The nanocomposites were reported to be used as high performance

electrically conductive material.93

The unique advantage of using the macrocyclics to prepare polymer-based

nanocomposite is the practicable application. This is due to the fact that these

macrocyclic oligomers can instantly polymerize in the melt in the absence of

any catalyst or initiator at a temperature as low as 150ëC, without liberation of

any volatile by-products.94±96 Therefore, they can be processed more easily

compared with other polymerization processes.

Emulsion in-situ polymerization

This has been also studied in order to promote the intercalation of water

insoluble polymers within layered silicates such as montmorillonite, which is

widely used in the preparation of nanocomposites.97±99 However, it is difficult to

intercalate monomers or polymers into the interlayer spaces of graphene layer or

carbon layer because carbon atoms on each graphene layer plane are tightly held

by covalent bonds. Another hurdle is that graphite shows neither hydrophilic nor

hydrophobic natures. Thus, graphite oxide (GO) needs to be synthesized by

oxidation of natural graphite.55,67 Since GO has larger c-axis spacing and polar

groups, such as hydroxyl, ether and carboxylate groups, on its surface,

intercalation of polymers into GO becomes possible.19,72±74,100,101 For example,

when the mixture of 1.0 g dried GO and 40mL of methyl methacrylate (MMA)

19.11 Electrical conductivity of poly(arylene disulfide)/graphite nano-
composites versus graphite nanosheet content.
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was stirred at room temperature for 10 h, followed by adding 150mL of distilled

water and an emulsifier OP-10 (3mL), and then mechanical stirring was

continued for another 10 h. Then, a catalytic solution of potassium persulfate and

anhydrous sodium sulfite was introduced into the emulsion system. The

polymerization of MMA was carried out at 63±67ëC for 15 h to obtain a PMMA/

graphite nanocomposite emulsion.41,102 The oxidation of natural graphite by

KMnO4 in concentrated H2SO4 produced GO with hydroxyl, ether and carboxyl

groups, and the interlayer spacing of GO in c-axis (Ic) increased to 9.1AÊ

because of the intercalation of H2O. The intercalation of MMA and in-situ

polymerization occurred during the emulsion polymerization of MMA in the

presence of GO. Moreover, they found that during the emulsion polymerization,

the grafting polymerization of a small amount of MMA took place. However,

the TEM observation indicated that the spherical particles of GO are homog-

eneously distributed within the composites in nanoscale. The conductivity

increased from 10ÿ16 S cmÿ1 of pure PMMA to 10ÿ4 S cmÿ1 of PMMA/inter-

calated GO composite at GO content of 8.0wt.%.102 The percolation threshold

value is about 2 wt.% of GO.

19.4.2 Melt intercalative and/or exfoliation

It has been well documented that polymer/layered-inorganic and polymer/clay

nanocomposites are being explored extensively due to their high promise for

potential applications6,7 and as model systems for nanoscopically confined

polymers.103±105 These polymer/inorganic nanocomposites can be prepared by

in-situ polymerization, including solution, suspension, emulsion, and bulk

polymerizations, as well as by melt blending and solution mixing. Both hydro-

philic and hydrophobic natures of graphite favor the melt blending of graphite

with the vast majority of polymer matrices, without surfactants being employed

in order to promote interactions. However, the graphite sheets are not well

dispersed as those by in-situ polymerization process. Generally, the preparation

of nanocomposites by melt blending is performed either with a batch mixer or an

extruder. Fawn et al. have successfully prepared polyamide 6/nanocomposites

using a variety of graphites, including pristine graphite, expandable graphites and

expanded graphite by melt blending.106 Based on X-ray diffraction analyses and

TEM observations, intercalated/exfoliated nanocomposite structure of polyamide

6/graphite was confirmed for the special treatments of graphite. Non-polar and

low surface-energy polyolefins can also be used as the matrices for polymer/

graphite composites. Gopakumar and PageÂ reported that the preparations of

polypropylene (PP)/graphite nanocomposites by melt-mixing PP with different

levels of graphite.107 Melt-mixing was achieved using a Gelimat, a high-speed

thermo-kinetic mixer. The Gelimat system is specifically designed to handle

difficult compounding and dispersion applications by completely mixing, heating

and compounding products within a few minutes. The good dispersion of the
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graphite in the PP matrix demonstrated that the Gelimat thermo-kinetic mixing

was effective in producing PP/graphite-based nanocomposites.

Theoretical analysis for the intercalation of graphite sheets or layers is similar

to that of layered silicates. The thermodynamics that drives the intercalation of a

polymer inside expanded graphite while the polymer is in the molten state that is

a lattice-based mean field theory by Vaia and Giannelis.108 Generally, the

outcome of polymer intercalation is determined by interplay of entropic and

enthalpic factors. In fact, although the confinement of the polymer chains inside

graphite galleries results in a decrease in the overall entropy of the polymer

chains, this entropic penalty may be compensated by the increase in the gallery

spacings of expanded graphite.

19.4.3 Exfoliation-adsorption intercalation/exfoliation

This technique can be used with both water-soluble and organic solvent-soluble

polymers to produce intercalated/exfoliated nanocomposites based on grafted

polypropylene (gPP)/graphite,109 poly(methyl methacrylate) (PMMA)/

graphite,110,111 polyacrylonitrile/graphite,112 poly(vinyl alcohol)/graphite113

nanocomposites.

When polymeric aqueous solutions are added to dispersions of various

graphites, including expanded graphite, graphite oxide and graphite nanosheets,

the strong stirring and the neutral nature of graphite layers often trigger the

reaggregation of the graphene layers as it occurs for polyacrylonitrile/

graphite.112 Generally, graphite nanosheets are obtained under strong ultrasonic

stirring, consequently leading to the formation of nanocomposites containing

graphite nanosheets. In particular, polymers intercalation using the so-called

exfoliation-adsorption technique can also be performed in organic solvents

because of the nature of graphite. PMMA has been successfully intercalated in

expanded graphite by dispersion in chloroform,110 increasing the intersheet

spacing from 0.335 to about 1.76 nm. Some water-soluble polymers, such as

poly(vinyl alcohol),113 poly(acrylamide),75 and poly(acrylic acid)114 can be

inserted into the GO lamella to form intercalated or exfoliated polymer/GO

nanocomposites. Xu and coworkers115 have investigated this technique in

attempts to produce poly(vinyl alcohol)/graphite oxide nanocomposites in

19.12 The possible reactions during the process of restoring graphene sheet
structure upon thermal treatment. (Adapted from ref. 14.)
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aqueous solution. These nanocomposites with graphite oxide have larger gallery

spacing. High resolution microscopic image of the resulting poly(vinyl) alcohol/

graphite oxide nanocomposite indicated that GO was fully exfoliated and the

interlayer spacing of GO was larger than 5 nm.

Some polymeric materials such as polysufides, polydisulfides and polyimides

have the particular property of being infusible and insoluble in organic solvents.

Therefore, the only possible route to produce nanocomposites with those types

of polymers consists of using soluble polymeric precursors that can be

intercalated in the layered graphite and then thermally or chemically converted

in the desired polymer. This has been successfully achieved by using the

exfoliation-adsorption process. More recently, Du et al.14 reported that the GO

in polymer/GO nanocomposite can further restore graphene sheet structure upon

thermal treatment. Therefore, it is possible to prepare polymer/graphite nano-

composite using the polymer/GO nanocomposite as a precursor. A schematic

description is given in Fig. 19.12.

19.5 Properties

Similar to the layered silicates, layered graphite nanofillers with high aspect ratios

(width-to-thickness) have been able to trigger a tremendous properties

improvement in the polymers in which they are dispersed. Amongst those

properties, an unexpectedly large increase in the electrical conductivity of polymer/

graphite nanocomposite has drawn a lot of attention. Improved mechanical

properties, thermal stability and fire retardancy through nanocomposite formation

are other interesting properties displayed by nanocomposites. Those new materials

have also been studied and applied for their superior gas barrier properties.

19.5.1 Electrically conducting properties

Electrically conducting polymers containing graphite have been studied

extensively because of their potential applications in light emitting devices,

batteries, electromagnetic shielding, anti-static and corrosion resistant coatings,

and other functional applications.116±120 Among the conducting polymeric

composites, one main objective in design from both economical and processing

viewpoints is to minimize the filler concentration. Natural graphite flakes

possess good electrical conductivity (104 S/cm at ambient temperature) and low

dielectric constant 3 at room temperature and at frequency of 1Hz. Increase in

electrical conductivity arising from the increase of filler content was observed

for most conductive composites.116 Generally, the introduction of very small

amount of graphite (< 1.0 wt.%) into a polymer material leads to the transition

from nonconductive with conductivity of about 10ÿ16 S/cm to semi-conductive

composite with conductivity of about 10ÿ4 S/cm. However, too high concen-

tration of the conductive filler could lead to the deterioration of mechanical
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properties.116 The conductive behavior can be explained by the percolation

transition of the conductive network formation as discussed in previous section.

In most cases, relatively large quantities of filler were needed to reach the

critical percolation value, as the particle size is at micro- and millimeter scales.

The transition in conductive particle containing polymers was greatly affected

by the aggregation, structure, average size and size distribution of the dispersed

graphites. Celzard et al.31 first reported that the percolation threshold of epoxy/

EG composite was only 1.3 vol.%. The EG filler was 100 nm in thickness on

average under SEM examination. Recently, several authors reported that a

markedly low volume fraction of EG was needed to satisfy the percolation

threshold of conductivity in nylon 6/EG,18 PS/EG composites80 and EG

containing styrene and methylmethacrylate copolymer121 by in-situ

polymerization. More recently, Meng's group has reported that the high

electrical conductivity of poly(arylene disulfide)/graphite nanocomposite with a

conductivity of greater than 100 S/cm can be prepared by incorporating about

40wt.% EG.122 Figure 19.13 shows the variation of electrical conductivity of the

poly(arylene disulfide)/EG nanocomposites versus EG content. The electrical

conductivity increased sharply with increasing EG content at EG content higher

than 40wt.%. The as-made highly conductive composite can be used as the

material to fabricate the bipolar plates for proton exchange membrane fuel cells.

For the electrically conducting mechanism of polymer composites, two key

questions are associated: (1) how to form the conducting paths and (2) how to

conduct after the formation of the paths. Concerning the second question, there

19.13 Electrical conductivity of poly(arylene disulfide)/EG nanocomposites
with different content of EG. (Adapted from ref. 122.)
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are several theories, such as contact conducting, the tunneling effect, dielectric

breakdown, and field emission. It is generally believed that conductibility

depends on their combined effect that the microscopic migration of electrons

might have several mechanisms. For the first question, there are, for example,

the percolation theory,123 the effective medium theory,124 and the thermo-

dynamic theory.125 These theories all relate to the dispersed morphology and

microstructure of conducting fillers in polymer matrices, which depend on

geometrical, the nature of filler and polymer, formulation, preparation methods,

and processing conditions. For the nanocomposites prepared by both solution

intercalation and in-situ intercalative polymerization, the graphite particles with

a large surface-to-volume ratio can abut or contact and then form a conducting

path network at lower filler contents. Therefore, the percolation threshold values

of the nanocomposites are remarkably low. As to the composites prepared by

melt mixing, the graphite particles are broken up during processing and their

sizes and the surface-to-volume ratios decreased drastically. Consequently, only

at higher EG contents can they abut or contact and form the conducting paths.

19.5.2 Mechanical properties

Graphite consists of one-atom-thick layers of carbon. Upon separating the

graphene layers through intercalation and exfoliation, thin nanoplatelets can be

formed, which possess a high surface area and satisfy the high-aspect-ratio

criterion needed for high-strength composites. The theoretical surface area of a

graphene layer is 2630±2965m2/g.126 In addition to its unique chemistry,

graphite is also one of the strongest materials known per unit weight. The

theoretical Young's modulus of an individual graphene layer is 1600GPa.127

Therefore, those unique characteristics make graphite nanosheets a potential

reinforcement for high-strength composites.

Both tensile strength and Young's modulus have been shown to be strongly

improved when polymer/graphite nanocomposites are yielded. Polyacrylonitrile/

graphite nanocomposites show a drastic increase in both tensile strength and the

Young's modulus at rather low filler content.112 Actually, the material stiffness

is substantially enhanced whatever the way of preparation: in-situ polymeriza-

tion,14,15 melt blending,79,121 and exfoliation-adsorption method.122 However,

the elongation at break of polymer/graphite generally tends to decrease with the

introduction of graphite fillers. It should be noted that because graphite sheet is

fragile, it can be readily fractured during stirring and compounding with

polymer.111 To maintain its original structure of EG in the polymer matrices,

careful procedures should be taken to avoid the fracture of EG sheets when

mixing and compounding. Direct hot molding of the composites led to the

deformation of EG and the orientation of graphite sheets.122 Therefore, to obtain

fully foliated graphite nanosheets, the fragmentation of EG by ultrasonic

irradiation in the absence of grinding is recommended.
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19.5.3 Thermal stability

Another highly interesting property exhibited by polymer/graphite nano-

composites concerns not only their increased thermal stability but also their

unique ability to promote flame retardancy at quite low filling level through the

formation of insulating and incombustible char. Many research groups reported

the thermal stability improvement in polymer/graphite nanocomposites.14,15,58,78

Uhl and Wilkie78 reported that the onset temperature of degradation for the

polystyrene/graphite nanocomposites increases by about 50ëC compared to

commercial polystyrene and similar results are obtained for maximum

decomposition temperature. This is believed to result from the intercalation of

polystyrene into the lamellae of graphite. A similar result was obtained by Xiao

et al.80 The typical weight loss curves are shown in Figure 19.14. The glass

transition temperature of polystyrene/graphite nanocomposite is 5ëC higher than

neat polystyrene. This is because when nanoscale fillers are finely dispersed in

the matrix, the tremendous surface areas developed could contribute to polymer

chain confinement effects that may lead to higher glass transition temperature.

19.6 Conclusions

The highly and efficiently improved electrical and mechanical properties at very

low graphite content, together with the ease of manufacture through simple

processes such as melt intercalation, in-situ polymerization, and exfoliation-

adsorption or solution blending method make polymer/graphite nanocomposites

a very promising new class of materials. These conducting materials are already

19.14 Weight loss versus temperature for neat polystyrene and polystyrene/
graphite nanocomposite. (Adapted from ref. 80.)
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commercially available and applied in secondary batteries, anti-static, electro-

magnetic shielding, electrorheological fluids and other applications. The

extremely low filler loading required to display unique properties enhancement

makes the nanocomposites competitive with other conventional materials.

Nevertheless, more in-depth understanding is needed for some of the critical

factors such as mechanisms of intercalation/exfoliation of graphite in fabricating

polymer/graphite nanocomposites, and the microstructure-property relationships.
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20.1 Introduction

Polymeric nanocomposites have been an area of intense industrial and academic

research for the past 20 years. No matter the measure ± articles, patents, or R&D

funding ± efforts in this aspect have been growing exponentially worldwide over

the last ten years. The composites represent a radical alternative to conventional

filled polymers or polymer blends ± a staple of the modern plastics industry.1 In

contrast to conventional composites, where the reinforcement is in the order of

microns, polymer nanocomposites are exemplified by discrete constituents on a

nanometer scale. The value of polymer nanocomposites technology is not solely

based on the mechanical enhancement of the neat resin nor the direct

replacement of current filler or blend technology. Rather, its importance comes

from providing value-added properties not present in the neat resin, without

sacrificing the resin's inherent processability and mechanical properties, and

without adding excessive weight.2 Traditionally, blend or composite attempts at

`multifunctional' materials impose a trade-off between desired performance,

mechanical properties, cost, and processability. However, over and over again,

improved properties as compared to the pure polymers or conventional particu-

late composites are reported for polymer nanocomposites containing

substantially less filler (typically 1±5 vol.%) and thus enabling greater retention

of the inherent processability of the neat resin.3

Polymer and polymer composites are used increasingly often as engineering

materials for technical applications in which tribological properties are of

considerable importance. Fillers (e.g., glass, carbon, asbestos, oxides and textile

fibers) are incorporated within many polymers to improve their tribological

performance.4 The reduction in wear is due mainly to preferential load support

of the reinforcement components, by which the contribution of abrasive

mechanisms to the wear of the materials is highly suppressed. Besides, the solid

lubricant particles transfer fairly readily to a metal counterface, leading to the

formation of a strengthened transfer film. Finally, some fillers are used to

improve the poor thermal conductivity possessed by polymers, thereby facilitat-
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ing dissipation of frictional heat. However, the composites filled with the micron

particles usually need quite a large amount of filler to attain an evident

improvement of wear resistance. Yamaguchi found that the wear rates of

unsaturated polyesters and epoxy resins filled with different proportions of SiO2

decreased significantly only at a high loading of 40wt.%.5 In this case, some

inherent defects are inevitable. For example, disintegration of the fillers and

detached particles were frequently observed to be torn out of both the phenolic

and epoxy resin composites when an indentor moved over the systems, resulting

in sharp fluctuations in the measured coefficient of friction.6 Furthermore, the

high loading of fillers is also detrimental to the processability of polymer,

especially for the thermosetting polymer used as coating. Considering the

disadvantages imparted by micro-fillers, utilization of nanoparticles or

nanofibers would be an optimum alternative way.

Since the predominant feature of nano-sized building blocks lies in their

ultra-fine dimension, a large fraction of the filler atoms can reside at the

interface and lead to a strong interfacial interaction if the nano-fillers are well

dispersed. As a result, the nanocomposites coupled with a great number of

interfaces could be expected to provide unusual tribological performance. In

comparison with the widely used micrometer particulates, nanoparticles are

believed to have the following advantages:7,8

· the mechanical behavior of the bulk materials can be emulated while the

abrasiveness of the hard microparticles decreases remarkably owing to a

reduction in their angularity

· the transferred film can be strengthened as the nanoparticles would have the

capability of interacting well with wear debris

· the material removal of nanocomposites would be much milder than that of

conventional composites because the fillers have similar size as the segments

of the surrounding polymer chains.

The effectiveness of replacement of microcomposites with nanocomposites

has been verified in many laboratories. Rong et al. compared the effects of

micro-TiO2 (44�m) and nano-TiO2 (10 nm) particles on the wear resistance of

epoxy.8 Their results indicate that the TiO2 nanoparticles can remarkably reduce

the wear rate of epoxy, while the micron-TiO2 particles cannot. A similar

conclusion was made by Ng et al. in an earlier report.9 In the work by Yu and

co-workers,10 who studied the tribological behavior of micrometer copper

particle- and nanometer copper particle-filled polyoxymethylene (POM)

composites, the wear of micro-Cu/POM is characterized by scuffing and

adhesion, while that of nano-Cu/POM by plastic deformation and hence

decreased wear loss. Xue and Wang found that nanometer SiC is able to lower

the wear of polyetheretherketone (PEEK) more greatly than micron SiC.11 A

thin, uniform and tenacious transfer film was formed on the counterpart surface

in the case of carbon steel ring/nano-SiC filled composite block.
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Because nano-sized fillers can bring special functionality to polymers, not

available in microcomposites, nanocomposites have become an important

member in the family of wear resisting and friction reducing materials. It is a

topic having both theoretical and practical significance. As a qualified candidate

for tribological application, polymer nanocomposites must simultaneously

balance four interdependent areas: constituent selection, cost-effective pro-

cessing, fabrication, and performance. A complete understanding of these areas

and their interdependencies is still in its infancy, and ultimately many

perspectives will develop, dictated by the final application of the specific

composite materials. This chapter is focused on the state of the art in the area of

wear resistant nanocomposites consisting of inorganic nano-sized fillers and

(thermoplastic and thermosetting) polymers, with particular interests in the filler

surface pre-treatment technique and its effect on the tribological performance

improvement.

20.2 Surface treatment

It is well-known that the tiny particles are easy to agglomerate due to their large

specific surface area. Moreover, the hydrophilic nanoparticles and the

hydrophobic polymer are not compatible in nature. Consequently, the so-called

nanocomposites sometimes contain a number of loosened clusters of nano-

fillers, where the polymer binder is impoverished. This may make properties of

nanoparticle-filled composites even worse than conventional microcomposites.

Extensive material loss would thus occur due to disintegration and crumbling of

the particle agglomerates under tribological conditions.12 It is therefore

necessary to break down these nanoparticle agglomerates in order to produce

nanostructured composites. In this context, control and/or manipulation of

surface properties of nano-fillers are critical, which can be achieved by coating

the individual fillers with a second modifier or a polymer layer.

In general, surface modification of inorganic fillers can be carried out by

utilizing physical or chemical interactions between the fillers and the modifiers.

The resultant bonding is often a mixture of secondary and chemical bonds.13

There is no evident difference between the treatments of micro-particles and

nanoparticles, except that it is quite difficult for the surface modifiers to

penetrate into the tightly bonded nanoparticle agglomerates, especially in the

case of physical treatments such as surfactant treatment and polymer

encapsulation.

20.2.1 Physical methods

Physical treatment (through covering the filler with a low molecular weight

surfactant or a high molecular weight polymer) usually results in secondary

forces (like van der Waals, hydrogen and electrostatic forces) between the
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particles and modifier. A surfactant contains one or more polar groups and a

long aliphatic chain. The principle of surfactant treatment is the preferential

adsorption of the polar group of the surfactant onto the high energy surface of

the fillers by electrostatic interaction. Ionic bonds can also be formed under

certain circumstances. A typical example can be cited regarding the surface

treatment of CaCO3 with stearic acid,14 which is necessary when producing

nano-CaCO3. Stearic acid or its ammonium salt can be added directly during the

precipitation step of CaCO3. It is proved that ionic bonds were established

between the surfactant molecules and the filler surface. Hence a reduced surface

energy resulted from the shield made of C18 alkyl chains on the filler surface.

Alkyl dihydrogenphosphate, containing functional groups such as olefine,

chloro, methacryloxy and mercapto, is another kind of effective surface

modifiers for calcium carbonate fillers.15 It was shown that alkyl dihydrogen-

phosphate molecules can react with CaCO3 resulting in a dibasic calcium salt of

phosphate. The products are deposited on CaCO3 and provide the surface of

CaCO3 with a certain hydrophobicity, as evinced by the good dispersibility in

mineral oil.16 Relatively larger groups in the phosphates (like octyl dihydrogen-

phosphate, 3,7-dimethyl-6-octenyl dihydrogenphosphate, etc.) help to enhance

the conversion of the agent due to a lower hydrophilicity. Besides, a treatment

with alkyl dihydrogenphosphates always results in an increase in the surface

area of the treated particles. This can be ascribed to the surface erosion and/or to

the calcium salt formation.

Another technique of physical treatment lies in encapsulating inorganic fine

particles with preformed polymers or in-situ formed polymers. In the former case, a

macromolecular dispersant, hyperdispersant, has been successfully used.17 Similar

to surfactants, polymeric dispersants consist of two major components. One is a

functional group, like ±OH, ±NH2, ±NR
3�, ±COOH, ±COOÿ, ±SO3H, ±SO

3ÿ and

±PO4
2ÿ, which helps anchoring of the dispersants to the particles surface through

hydroxyl and electrostatic bonds. The other is a solvable macromolecular chain,

like polyolefine, polyester, polyacrylate and polyether, which is appropriate to be

dispersed in different media of low to high polarity. Compared to traditional

surfactants, hyperdispersants have the following advantages:

· they are anchored to the particles' surface more strongly than surfactants, and

hence can hardly be desorbed

· the long polymeric chains can prevent the re-agglomeration of the particles

more effectively

· their specific molecular structures characterized by an A-B or B-A-B block

copolymer type, ensure the efficiency of particle isolation and avoid bridging

between particles through an identical solvable chain.

When treating nanoparticles, however, it should be noted that hyperdispersants

can only encapsulate nanoparticle agglomerates and can hardly diffuse into the

agglomerates due to their long molecular feature.
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Relatively, encapsulation with in-situ formed polymers may result in more

uniform coverage. In the presence of nanoparticles, the polymer can be formed

by either solution or emulsion polymerization. Yoshinaga and co-workers

utilized radical polymerization of vinyl monomers to produce SiO2/polymer

composites.18 Since the surface of silica colloid particles possesses negative

charges on the electric double layer, the initiator 2,20-azobis (2-amidinopropane)

dihydrochloride can be concentrated and resulted in free radicals on the silica

surface. It was found that the solvent used during solution polymerization is an

important factor influencing the percentage of the attached polymer. A solvent

with lower miscibility to the polymer should facilitate the attachment of the

macromolecular chains to the particles. Du et al.19 demonstrated that when a

seed emulsion polymerization was carried out in the presence of nanoparticles, a

core-shell structure can be obtained, in which the inorganic particles stayed in

the middle layer while the polymer was located at the inner and outer layers. For

the system containing Fe2O3 nanoparticles (3±5 nm) and styrene/acrylic acid/

butyl acrylate (St/AA/BA) latex particles, for example, the size of the resultant

composite microspheres is 80 nm.

Nanoparticles covered by a polymer layer can also be obtained during the

manufacture of nanoparticles. For instance, nanocrystalline titania coated with

poly(methacrylic acid) (PMAA) was prepared by microwave-induced plasma.20

Such an in-situ treatment is characterized by high effectiveness and

homogeneity. Transmission electron microscopy (TEM) observation showed

that the titania particles were 10±25 nm in diameter, with a 7 nm thick PMAA

layer.

20.2.2 Chemical methods

In comparison with the physical methods, the effect of surface modification

based on chemical interaction is more significant, as the latter provides stronger

interaction between modifiers and nanoparticles. Besides, a fine adjustment of

interfacial interaction in the composites with chemically pretreated nano-

particles can be completed by introducing modifiers containing reactive groups

onto nanoparticles, which helps to construct chemical bonding between the

fillers and the matrix.

Among the available chemical methods, coupling agent treatment is the most

popular and the easiest to be applied. A variety of coupling agents, such as

silane, titanate, zirconate, etc., has been used to improve the adhesion between

inorganic fillers and organic matrices. Extensive information on reaction

mechanisms and effects of coupling agents is available for micro-fillers, but

fewer for nanoparticles. It is clear that in the case of trifunctional silane, a three-

dimensional siloxane multilayer forms on the solid surface, which remains even

after an extensive washing in boiling water.21 However, only a portion of the

functional groups in grafted silanes can interact with the particle surface or with
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other functional groups of the reactant due to a relatively low concentration of

surface hydroxyls (1±2OH/nm2). As a result, a fraction of functional groups

remains, and these residual groups can influence the properties of both the

covering material and the polymer matrix. The whole process is dependent on

the synthesis and treatment conditions.

Gunko et al.22 studied the features of fumed silica coverage with silanes from

both experimental and theoretical aspects. It was found that a modification by

means of methacryloyloxymethylenemethyl diethoxysilane (MMDES), 3-

methacryloyloxypropyltrimethoxysilane (MAPTMS) and 3-aminopropyltri-

ethoxysilane (APTES) strongly changed the �(pH) potential. The quantity and

the structure of the modifiers controlled the particle size distribution in an

aqueous suspension. MMDES gave better results in comparison to its mixture

with APTES or to pure MAPTMS, when considering the reduction in particle

(agglomerate) size of modified silica at a modifier concentration of over 0.05±

0.2mmol/g. Depending on the pretreatment conditions, the attached silanes can

reduce the hydrophilic properties of silica to different extents.

Grafting macromolecules onto inorganic particles has some advantages over the

modification by low molecular surfactants or coupling agents. The polymer-grafted

particles can possess desired properties through a proper selection of the species of

the grafting monomers and the grafting conditions, so that the interfacial

characteristics between the treated nanoparticles and the matrix can be tailored

when manufacturing nanocomposites. Besides, the fragile nanoparticle agglo-

merates become stronger because they turn into a nanocomposite microstructure

comprising the nanoparticles and the grafted, homopolymerized polymer. A series

of works has been done in this field of growing interest for purposes of improving

the dispersibility of the nanoparticles in solvents and their compatibility with

polymers. Mostly, the grafting polymerization was conducted via two routes:

1. monomers are polymerized from active compounds (initiators or

comonomers) covalently attached to the inorganic surface, and

2. ready-made polymers with reactive end-groups react with the functional

groups on the particles. The latter benefits the control of the molecular

weight of the grafting polymer.

So far, many grafting techniques, such as chemical grafting, irradiation grafting

and mechanical grafting, have been applied to modify nanoparticles. Besides,

various kinds of initiation or polymerization processes, including radical, anionic

and cationic polymerizations, were also undertaken in the grafting investigations.

Here, only a few examples will be presented to illuminate grafting procedure.

Espiard and Guyot23 studied grafting onto silica nanoparticles using radical

processes in an emulsion. The particle surface was first covered with silane

coupling agent containing a polymerizable group, i.e. methacryloxypropyl-

trimethoxysilane (MPTMS). Then the modified silica was engaged in the

emulsion polymerization of ethyl acrylate. It was proved that a part of the
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polymer could be covalently grafted onto the nano-silica only if the latter has

been functionalized. Tsubokawa and co-workers systematically investigated the

grafting of various polymers onto ultrafine silica and carbon black by polymer-

ization starting from the initiating groups previously introduced onto the

surfaces.24±29 They have conducted anionic, cationic and radical graft polymer-

ization of various monomers initiated by potassium carboxylate, acylium or

benzylium perchlorate, and peroxyester or azo groups already introduced onto

ultrafine silica, respectively.

Graft polymerization onto nanoparticles can also be realized by -irradiation,

which is superior to chemical graft process in improving graft homogeneity,

controlling pollution and simplifying procedure. Under the high energy

radiation, the surfaces of the nanoparticles outside and inside the agglomerates

are equally activated. Therefore, the low molecular weight monomers are

allowed to react with the activated sites of the nanoparticles throughout the

agglomerates.12 The interstitial volume inside the nanoparticle agglomerates

will be partly filled with grafting macromolecular chains, and the agglomerated

nanoparticles will be separated further (Figs 20.1 and 20.2).

Fukano and Kageyama published a series of works on irradiation-induced

graft polymerization of styrene and methyl methacrylate absorbed on several

kinds of nanoparticles, including silica gel, white carbon, zeolite and activated

alumina.31±38 They found that the amount of grafted polymer varies with the

type of the inorganic substrate, with the maximum of about 30%. In the case of

substrates that are chemically identical, the amount of the grafted polymer is

proportional to the surface area of the particles. In the case of substrates having

the same surface area, inorganic substances that contain aluminum as a

component element are grafted more easily than those consisting of SiO2 alone.

To increase the degree of grafting, Fukano and Kageyama conducted the

polymerization under high vacuum (<10ÿ4 Hg). Actually, this is less convenient
for industrial application. Therefore, Rong et al. developed another method in

which the strict irradiation grafting conditions usually required in the case of

20.1 Schematic drawing of the possible structures of nanoparticle
agglomerates before and after graft polymerization treatment.
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conventional particles, such as high vacuum and purification of monomers, are

no longer necessary.39 The key issue might be the removal of the absorbed water

before irradiation. Various polymers were grafted on the surface of silica

nanoparticles by this method (Table 20.1). The molecular weights (Mn and Mw)

20.2 TEMphotos of (a) untreated nano-SiC and (b) polyglycidyl methacrylate
(PGMA) grafted nano-SiC30 (reprinted from J. Polym. Sci. Polym. Chem., vol.
42, Y. Luo et al., Surface grafting onto SiC nanoparticles with glycidyl
methacrylate in emulsion, p. 3842, 2004, with permission from John Wiley &
Sons, Inc.).

Table 20.1 Grafting details of nano-SiO2 graftedwith different polymers (irradiation
dose = 10Mrad; weight ratio of monomer/SiO2 = 20/100; all the systems used
acetone as solvent when they were irradiated, except for methyl acrylic acid/SiO2

systemwith ethanol as solvent).39 (Reprinted from Polymer, vol. 42,M. Z. Rong et
al., Structure-property relationships of irradiation grafted nano-inorganic particle
filled polypropylene composites, p. 167, 2001, with permission from Elsevier)

Grafting polymers PSa PBAb PVAc PEAd PMMAe PMAf

Percent graftingg (%) 3.64 3.32 2.82 1.73 1.85 2.16
Homopolymer fractionh (%) 16.3 15.4 13.7 12.3 15.5 15.4

a PS = polystyrene
b PBA = polybutyl acrylate
c PVA = polyvinyl acetate
d PEA = polyethyl acrylate
e PMMA= polymethylmethacrylate
f PMA= polymethyl acrylate
g Percent grafting =weight of grafting polymer/weight of SiO2
h Homopolymer fraction =weight of homopolymer/weight of SiO2.
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of both the grafted and the homopolymerized polystyrene obtained by irradiation

are shown in Table 20.2. The higher Mn of the homopolymer, relative to the

grafted polymer, could be ascribed to the stronger motional ability of nano-

particles compared to conventional particles, which made the chain termination

between the two radicals easier. They also found that different silica nano-

particles exhibit different reactivities under irradiation. Precipitated nano-silica

performs better than fumed nano-silica.40,41 Another interesting result is that

some metallic nanoparticles (i.e. iron, nickel and cobalt) can be grafted with

polymers under irradiation even though these particles contain few hydroxyl

groups.42 It means that either the surface hydroxyl groups or the structural

defects are capable of acting as the reactive sites. Nevertheless, the double bonds

introduced to the surface of particles by silane are helpful for yielding higher

grafting percentage.43

20.3 Composites manufacturing

20.3.1 Thermoplastics

By examining the documented processing methods for making wear resistant

polymer nanocomposites, it is known that the widely used compounding

techniques for preparation of conventionally filled polymers (characterized by a

direct mixing of the components) are still playing the leading role. They can be

classified as melt mixing, solution mixing, suspension mixing, polymerization

filling, etc.

Melt mixing is most commonly used in thermoplastics-based composites. HeÂ

blended the powdered ultra high molecular weight polyethylene (UHMWPE,

50�m) with Al2O3 nanoparticles (20±30 nm), followed by hot compression

molding.44 Such a simple technique has been employed by other groups to

produce their nanocomposites specimens, like nano-Al2O3 (33 nm)/poly-

phenylene sulfide (PPS, <150�m)7 and nano-Cu (10 nm)/POM (1.9mm).10

Sawyer et al. mixed PTFE powder (20�m) with Al2O3 nanoparticles (38 nm)

Table 20.2 Molecular weights and their distributions of grafting PS and
homopolymerizedPS in the systemof nano-SiO2graftedwithPS (irradiationdose�
10Mrad).39 (Reprinted from Polymer, vol. 42, M. Z. Rong et al., Structure-property
relationships of irradiation grafted nano-inorganic particle filled polypropylene
composites, p. 167, 2001, with permission from Elsevier)

Irradiation conditions Materials Mw (� 104) Mn (� 104) Mw=Mn

Without solvent Grafting PS 3.5 1.7 2.1
Homopolymerized PS 7.3 4.3 1.7

With solvent Grafting PS 5.3 2.2 2.4
Homopolymerized PS 2.1 6.3 3.3
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through a jet mill.45 The jet mill apparatus was not used to mill or reduce the

size of any of the constituents; rather, it was used to break apart agglomeration

of the individual constituents. Bhimaraj et al. also used a batch melt mixer for

melt mixing poly(ethylene terephthalate) (PET) pellets with Al2O3 nanoparticles

(38 nm) at 260ëC under an inert atmosphere.46

For improving the phase homogenization prior to hot pressing, some

researchers prepared suspensions containing nanoparticles firstly. The typical

procedures have been described in a series of works on PEEK composites by

Xue et al.11,47±54 That is, the polymer powder (100�m) was fully mixed with the

nanoparticles (SiC (<100 nm), ZrO2 (10 nm), Si3N4 (�50 nm) and SiO2

(�100 nm)) in alcohol by ultrasonic agitation for about 15min. Then the

mixture was dried at 110ëC to get rid of the alcohol and moisture. Finally, the

composites sheets were molded by compression at 340ëC. Comparatively, this

method was accepted more widely than the former one based on dry mixing. For

example, SiO2 (20nm)/polyphthalazine ether sulfone ketone (PPESK, 40�m),55

TiO2 (40 nm)/PPESK (40�m),56 carbon nanotube (diameter = 20±30 nm, length

± several micra)/PTFE (20±100�m),57 ZnO (50 nm)/polytetrafluoroethylene

(PTFE, 20±100�m),58 Al2O3 (60±70 nm)/polyamide 1010 (PA1010, <175�m)59

and Fe2O3 (40±50 nm)/PA1010 (<175�m)59 were all prepared similarly, except

that the solvent of the suspension was changed from alcohol to acetone.

Surface pre-treatment of the nano-fillers before melt mixing was done in a

few labs. Lai and co-workers60 put the attapulgite powder (width � 10±25 nm)

into hydrochloric acid solution for 4 h under reflux. The treated precipitates were

collected and washed to pH � 7.0 by deionized water, finally the treated

attapulgite was ground into less than 75 nm after drying at 105ëC in vacuum.

Eventually, the treated attapulgite particles were mechanically mixed with PTFE

powder, and molded into blocks by compression molding under a pressure of

50MPa for 5min. Ge et al. added the surfactant triethanolamine into the

suspension consisting of nylon powder, acetone and TiO2 or SiO2 nano-

particles.61 The microstructural observation indicated that the nanocomposites

exhibit relatively uniform distribution of the fillers at the content of 20wt.%.

When preparing thermoplastic nanocomposites coating, solution mixing has

to be the main measure. The development of low friction carbon nanofiber

reinforced polymeric composite coatings on alumina/aluminum substrates by

Chen et al. can be cited here as an example.62 They prepared the nanofiber

(diameters � 100±250 nm)/polymer (poly(arylene ether phosphine oxide)), or

polycarbonate (PC) or PMMA solution using chloroform as the solvent at room

temperature. The solution mixture was continuously stirred for 1 h, and then

subjected to an ultrasonic bath mixing until the liquid system became a fine

dispersion of dark solution. Nanofiber/polymer thin film was spin-coated by

placing the solution mixture onto a substrate that was then spun at 1000 rpm.

After solvent evaporation, a thin film was obtained on the substrate. A similar

route can also be seen in making nano-Ni (50 nm)/polyurethane (PU) composite
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coating.63 The work by Lee and Lim64 is an exception; they dispersed nano-

diamonds (5±10 nm) in distilled water and then mixed the fillers with PTFE

suspension. The slurry of PTFE with nano-diamonds was sprayed on aluminum

substrate.

To overcome the limitations of conventional techniques for polymer

nanocomposites manufacturing, such as the use of high working temperature

for melt mixing and solvents for solution mixing, thermal spray seems to be a

viable solution.65,66 During a thermal spray process, materials, in powder, wire

or rod form, are heated, accelerated and propelled by a high temperature jet

through a confining nozzle towards a surface. The individual molten or softened

droplets impact, spread, cool and solidify to form continuous coatings. Materials

heating, quenching, consolidation and post-treatment are thus combined in a

single step. The important benefits of using a thermal spray process for making

polymer nanocomposites include:

· powdered polymers are heated only to a temperature at which the particles

are viscous enough to spread due to the high kinetic energy

· good dispersion of nanoparticles is achieved by the high velocity

· processing without use of a volatile solvent.

Accordingly, Schadler et al. employed a high-velocity oxy-fuel (HVOF) system

to thermally spray SiO2 (7 and 12 nm)/nylon 11 nanocomposite coatings.65,67,68

Polymerization filling (i.e. monomers polymerized in the presence of fillers)

is an effective approach to ensure intimate contact between the fillers and the

matrix. Cai et al. synthesized carbon nanotube/polyimide (PI),69 nano-Al2O3/

PI70 and nano-SiO2/PI
71 composites in this way. The poly(amic acid) solution

(PAA) was obtained by adding an equimolar amount of diphenylether-3,30,4,40-
tetracarboxylic dianhydride to a solution of 4,40-oxydianiline/N-methyl-2-

pyrrolidone (NMP). The homogeneous suspensions of nano-fillers/NMP with

different filler proportions were added into PAA solution under vigorous agitat-

ing. The homogeneous suspension of nano-filler/PAA/NMP was precipitated by

introduction of triethylamine and pyridine. After drying to allow thermal

imidization, nano-filler/PI powders were hot compressed into specimens. For

producing abrasion resistant nanocomposites, Avella et al. prepared stearic acid

pre-treated CaCO3 (40 nm)/PMMA systems by in-situ polymerization using

free-radical initiator dicumyl peroxide (DCP).72

20.3.2 Thermosets

Besides thermoplastic nanocomposites, polymerization filling was also used in

preparing thermosetting composites. Che et al. added nanoparticles (TiO2,

Al2O3, SiO2) into the reaction systems in which phenolic resin was being

synthesized.73 As the particles changed the crosslinking microstructure, the

nanocomposites were greatly toughened. On the other hand, solution mixing
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plays the dominant role in producing epoxy and bismaleimide-based

nanocomposites.74

In the case of epoxy-based nanocomposites, the authors of the current chapter

proposed the following manufacturing approaches.12,75±81 The mechanically

mixed nanoparticles/epoxy blends were heated to 130ëC and the curing agent 4,

40-diamino-diphenylsulfone (DDS) was added with stirring for 10min. Finally,

the mixture was filled into a mold and placed in vacuum for 50min to get rid of

air bubbles. For curing the composites, the procedures listed below were

followed step by step: 3 h at 100ëC, 2 h at 140ëC, 2 h at 180ëC and 2 h at 200ëC.

To uniformly disperse nanoparticles into liquid epoxy resin, utilization of certain

intense mixing apparatus, like ultrasonicator or stirring under vacuum, proved to

be beneficial.

Additionally, the curing kinetics of epoxy nanocomposites was carefully

characterized. It is generally agreed that the reaction mechanism for the addition

of amine to epoxy takes into account the phenomenon of catalysis by hydrogen

bond donors. The mechanism of this catalytic effect is via hydrogen bonding of

the hydroxyl group to the oxygen of the glycidyl ether in the transition state.

Therefore, as hydrogen bond donors (hydroxyl groups exist on the surface of

particles), inorganic nanoparticles should promote the curing reaction of epoxy

resin. This was demonstrated by the differential scanning calorimetry (DSC)

measurement for nano-Al2O3/epoxy and nano-Si3N4/epoxy systems. At a given

heating rate, the peak exothermic temperatures of nano-Al2O3/epoxy and nano-

Si3N4/epoxy systems shift towards low temperature regime as filler loading is

raised (Figs 20.3(a) and (b)). However, the opposite phenomena were observed

for nano-SiC/epoxy system, offering some insight into the special reaction

mechanism for the nanoparticles/epoxy blend.

To quantify the above effects, the Kissinger equation,82 Crane equation83 and

Arrhenius equation are used to analyze reactive kinetics, and the corresponding

results are listed in Table 20.3. The activation energy of curing reaction of nano-

Al2O3/epoxy decreases with increasing filler content and the rate constant is

greatly increased. Nano-Si3N4 composites also exhibit similar dependence, but

not as significant as the former system. These coincide with the results

illustrated in Fig. 20.3. For nano-SiC/epoxy composites, however, the changes in

both E and K are marginal and the value of E becomes higher at higher filler

loading. Clearly, nano-Al2O3 and nano-Si3N4 accelerate the curing of epoxy,

while nano-SiC decelerates the reaction.

Basically, due to the strong interaction between the nanoparticles and the

epoxy resin resulting from the specific surface feature of nanoparticles, the

curing reaction kinetics of the nanocomposites might be different from neat

epoxy resin. The above-observed accelerating effect results from the hydroxyl

groups on the nanoparticles' surfaces (donors of hydrogen bonding). The more

the surface hydroxyl groups, the higher the activity of the particles. Since nano-

Al2O3 particles possess a much higher amount of hydroxyl groups than nano-
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20.3 DSC scans of nonisothermal curing processes of (a) nano-Al2O3/epoxy,
(b) nano-Si3N4/epoxy, and (c) nano-SiC/epoxy composites at a heating rate
of 7.5ëC/min.
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20.3 Continued

Table 20.3 Activation energy, E, pre-exponential factor,A, reaction order, n, and rate
constant, K, of curing reaction of different nanoparticles/epoxy composites

Composites Nanoparticles (vol.%) E (kJ/mol) n K (sÿ1)

Epoxy 0 62.1 0.89 7.0� 10ÿ4

Nano-Al2O3/epoxy 0.24 62.4 0.93 8.5� 10ÿ4

0.72 67.9 0.93 5.0� 10ÿ2

1.20 58.8 0.91 6.3� 10ÿ2

1.92 53.8 0.90 5.1� 10ÿ2

Nano-Si3N4/epoxy 0.27 67.1 0.91 4.4� 10ÿ3

0.83 65.0 0.90 2.0� 10ÿ3

1.38 57.7 0.88 2.1� 10ÿ3

2.19 50.7 0.93 2.1� 10ÿ3

Nano-SiC/epoxy 0.23 55.6 0.89 8.0� 10ÿ4

0.71 65.0 0.90 7.1� 10ÿ4

1.21 57.8 0.89 7.4� 10ÿ4

1.97 68.0 0.91 6.6� 10ÿ4

* K represents the rate constant of curing at180ëC.
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SiC,40,42 it is reasonable to understand the evident acceleration perceived in the

nano-Al2O3/epoxy system. On the other hand, the incorporation of the

nanoparticles must raise the viscosity of the composite system (before curing)

and/or the strong interaction between the nanoparticles and the matrix polymer

would hinder the molecular motion of epoxy, which disfavors the curing of epoxy.

Therefore, the effect exerted by the nanoparticles is a competition between the two

opposite factors. In the case of nano-Al2O3 and nano-Si3N4 particles, the effect of

acceleration is measured because of the higher amount of their surface hydroxyl

groups. For nano-SiC, the hindrance effect plays the leading role as a result of the

fewer surface hydroxyl groups. From Table 20.3, it is known that the curing

reaction orders of the three composites are almost the same, suggesting that the

nanoparticles did not change the curing mechanism of epoxy.

It has been stated previously that the treatment of nanoparticles in terms of

graft polymerization would significantly change the surface characteristics and

separate the agglomerated fillers. When these pre-grafted nanoparticles are

compounded with a thermosetting polymer, the former will keep their more

stationary suspension state due to the interaction between the grafting polymer

and the matrix. After curing of the mixture, filler/matrix adhesion would be

substantially enhanced by the entanglement and/or the chemical bonding

between the grafting polymer and the matrix polymer.

To look into the influence of graft treatment of nanoparticles on composites

manufacturing, polyacrylamide grafted nano-SiO2 particles (SiO2-g-PAAM)

filled epoxy has been evaluated.12,78 PAAM is selected because the active

hydrogen atoms of amide of PAAM might react with epoxy groups during curing

and form three-dimensional networks throughout the composites, so that the

nanoparticles can be covalently connected with the matrix and take effect.

Similarly, when the particles are incorporated into epoxy, the curing kinetics of

the resin are changed significantly (Fig. 20.4). Evidently, the unmodified silica

nanoparticles hinder the curing reaction to a certain extent and lead to a shift of the

temperature dependence of conversion towards higher temperature. In contrast,

the addition of grafted silica nanoparticles accelerates curing of epoxy, probably

due to the catalytic effect of the active hydrogen atoms in amide of PAAM. This

behavior is indicative of an improved processability of the system in practice.

Figure 20.5 illustrates Arrhenius plots of rate constant lnK of the materials as a

function of the reciprocal temperature. The results demonstrate that SiO2/epoxy

has almost the same rate constant as epoxy. For SiO2-g-PAAM/epoxy, the rate

constant is higher than that of the former two systems at a temperature below

205ëC, but it becomes lower when the temperature exceeds 205ëC. That is, the

appearance of the active hydrogen atoms in amide of PAAM grafted nanosilica

favors the curing reaction. Since hydrogen bond formation and dissociation in a

polymer are thermally reversible, a large portion of hydrogen bonds has to be

dissociated at elevated temperature. As a result, diffusion control plays the leading

role in SiO2-g-PAAM/epoxy composites at a temperature higher than 205ëC.
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20.4 Nonisothermal curing behavior of epoxy and its composites at a heating
rate of 2ëC/min12 (reprinted fromMacromol.Mater. Eng., vol. 287,M. Q. Zhang
et al., Improvement of the tribological performance of epoxy by the addition of
irradiation grafted nano-inorganic particles, p. 111, 2002,with permission from
JohnWiley & Sons, Inc.).

20.5 Temperature dependenceof rate constant characterizing curingprocesses
of epoxy and its composites at 2.17 vol.% nanosilica content79 (reprinted from
Wear, vol. 253, M. Q. Zhang et al., Effect of particle surface treatment on the
tribological performance of epoxy based nanocomposites, p. 1086, 2002, with
permission from Elsevier).
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For purposes of revealing details of the reaction between the grafted PAAM

on the nanoparticles and epoxy, a model system consisting of PAAM

homopolymer and epoxy (1/2 by weight) excluding other curing agents was

thermally treated following the same curing sequence as that applied for

producing the composites. Visual inspection indicated that the blends of PAAM

and epoxy became consolidated after curing and the resultant product can only

be swollen by acetone instead of dissolve in the solvent. In addition, comparison

of the infrared spectra of the materials can also yield interesting information. As

illustrated by the spectrum of PAAM in Fig. 20.6, the C=O peak at 1665 cmÿ1

and the NH2 peak at 1616 cmÿ1 correspond to the primary amide. In the case of

PAAM/epoxy blends, however, the spectrum profile has been changed as a

result of transformation of partial primary amide groups and band overlap due to

the incorporation of epoxy. The carbonyl peak shifts to lower wavenumber,

1656 cmÿ1, implying that carbonyl groups obtain more electrons compared with

that of primary amide. This phenomenon may result from the change of primary

amine to secondary amine, because methylene groups are usually considered as

electronic donor groups than hydrogen groups. It can thus be concluded from the

above visual observation and spectral analyses that PAAM is able to take part in

20.6 FTIR spectra of (1) epoxy without any curing agent, (2) PAAM, and (3)
cured blends of PAAM and epoxy (1/2w/w)12 (reprinted from Macromol.
Mater. Eng., vol. 287, M. Q. Zhang et al., Improvement of the tribological
performance of epoxy by the addition of irradiation grafted nano-inorganic
particles, p. 111, 2002, with permission from JohnWiley & Sons, Inc.).
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20.7 Schematic drawingofPGMAgrafted nano-SiCchemically bondedwith epoxy resin through the reaction between the epoxidegroup
and curing agent.



the curing reaction of epoxy. Such a chemical bonding between the PAAM

chains grafted onto the nanoparticles and surrounding epoxy networks would

certainly enhance the filler/matrix adhesion in the composites.

From the above discussion, it is clear that a fine adjustment of interfacial

interaction in the polymer nanocomposites with chemically pretreated

nanoparticles can be achieved by introducing modifiers containing reactive

groups onto nanoparticles, which helps to construct chemical bonding between

the fillers and the matrix. So far, however, there are few reports using this

approach for nanocomposites manufacturing. To further bring the positive effect

of grafting polymer, in one of our works, polyglycidyl methacrylate (PGMA)

was adhered to silane (-methacryloxypropyl trimethoxy silane) pre-treated SiC

nanoparticles through emulsifier-free emulsion graft polymerization.30 It is

hoped that the epoxide groups on PGMA would take part in the curing reaction

of epoxy forming a structure of nano-SiC-PGMA-epoxy (Fig. 20.7). As a result,

the epoxy composites filled with PGMA grafted nano-SiC particles (SiC-g-

PGMA), which are covalently connected to the matrix, would possess

performance superior to those with the untreated versions.

20.4 Wear performance andmechanisms

Recent progress indicated that polymer-based nanocomposites acquired

mechanical properties much higher than the usual systems at a rather low filler

loading.39,84±87 Although there are relatively few reports concerning the effect of

nanoparticles on the tribological behavior of the composites, some scientists

have made pilot investigations of nanoparticle/thermoplastics and nanoparticle/

thermosetting composites. Table 20.4 summarizes the representative results

published by various groups in the world in recent years. It is seen that wear rate

of polymers can be significantly reduced by the addition of the nanoparticles.

For both thermoplastic and thermosetting nanocomposites, the greatest

decrement lies in three orders of magnitude and the lowest wear rate is about

1� 10ÿ6 mm3/Nm. In contrast, however, the reduction in frictional coefficient is

not attractive enough. In some cases, the values of the nanocomposites are even

higher than those of the neat matrices. Therefore, much more efforts have to be

made to understand the mechanisms and to further improve the performance.

20.4.1 Effects of size and content of the nano-fillers

It is generally believed that the nanocomposites with finer fillers would gain

more remarkable properties improvement. Although one can hardly figure out a

general size dependence of wear rate or frictional coefficient from Table 20.4,

the results of comparisons carried out with given polymer species are still

meaningful. Wang et al. measured the friction and wear properties of PEEK

composites filled with ZrO2 nanoparticles with different sizes (10, 15, 50, 86 and
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Table 20.4 Friction andwear properties of nano-fillers incorporated polymeric composites reported in the literature

Matrix Nano-filler Surface treatment Lowest wear Filler loading Lowest Filler loading Ref.
polymer ratea corresponding frictional corresponding to

(10ÿ6mm3/Nm) to the lowest coefficienta the lowest
wear rate frictional coefficient

Thermoplastics
PTFE ZnO (50nm) ö 13.0 (1.2� 10ÿ2) 15vol.% 0.19 (0.94) 12.5 vol.% 58
PTFE Al2O3 (38nm) ö 1.2 (1.9� 10ÿ3) 20wt.% 0.18 (1.20) 12wt.% 45
PTFE Attapulgite (width HCl treated 3.6 (5.8�10ÿ3) 5wt.% 0.21 (0.95) 5wt.% 60

� 10±25nm,
length < 75�m)

PTFE Carbon nanotube ö 2.5 (3.4� 10ÿ3) 20vol.% 0.17 (0.84) 30vol.% 57
(diameter�
20±30nm, length
� several micra)

UHMWPE Al2O3 (20±30nm) ö 258 (0.70) 10wt.% 0.32 (0.94) 5wt.% 44
PA1010 Fe2O3 (40±50nm) ö 8.6 (0.31) 10wt.% 0.42 (0.76) 20wt.% 59
PA1010 Al2O3 (60±70nm) ö 18.9 (0.68) 20wt.% 0.76 (1.38) 20wt.% 59
PET Al2O3 (38nm) ö 9.5 (0.55) 2wt.% 0.30 (0.91) 2wt.% 46
PI Carbon nanotube ö 9.7 (0.17) 8wt.% 0.28 (0.76) 5wt.% 69

(diameter�
10±50nm)

PU Ni (50nm) ö 25 (0.2) 9wt.% 0.30 (0.71) 9wt.% 63
PEEK SiC (<100nm) ö 3.3 (0.45) 2.5wt.% 0.20 (0.54) 20wt.% 11
PEEK ZrO2 (10nm) ö 4.0 (0.54) 7.5wt.% 0.29 (0.78) 15wt.% 48
PEEK Si3N4 (�50nm) ö 1.1 (0.15) 7.5wt.% 0.23 (0.62) 15wt.% 49
PEEK SiO2 (�100nm) ö 2.2 (0.30) 7.5wt.% 0.21 (0.57) 15wt.% 50
PPESK TiO2 (40nm) ö 5.1 (6.7� 10ÿ2) 1.7 vol.% 0.44 (0.80) 0.94vol.% 56
PPESK SiO2 (20nm) ö 3.0 (3.3� 10ÿ2) 14.5 vol.% 0.21 (0.34) 14.5wt.% 55
PPS -Al2O3 (33nm) ö 10.4 (0.70) 2vol.% 0.39 (0.88) 10vol.% 7
PPS CuO (16±32nm) ö 2.5 (0.16) 2vol.% 0.47 (0.96) 4vol.% 85



Table 20.4 Continued

Matrix Nano-filler Surface treatment Lowest wear Filler loading Lowest Filler loading Ref.
polymer ratea corresponding frictional corresponding to

(10ÿ6mm3/Nm) to the lowest coefficienta the lowest
wear rate frictional coefficient

Thermosets
BMI Si3N4 (20±50nm) ö 1.9 (0.28) 1.5wt.% 0.24 (0.67) 2.0wt.% 74
Phenolic resin TiO2 (50nm) Surfactant treated 2.2 (0.18) 5wt.% 0.43 (1.05) 5wt.% 73
Epoxy ZnO (20nm) Silane treated 71.4 (0.29) 10wt.% 0.48 (0.81) 4wt.% 84
Epoxy Si3N4 (<20nm) ö 1.9 (5.1� 10ÿ2) 0.83 vol.% 0.35 (0.61) 1.38vol.% 78
Epoxy -Al2O3 (3.8nm) ö 6.7 (0.18) 1.2 vol.% 0.50 (0.86) 0.48vol.% 76
Epoxy -Al2O3 (3.8nm) PAAMgrafted 1.6 (4.3� 10ÿ2) 0.24 vol.% 0.35 (0.61) 0.24vol.% 76
Epoxy Al2O3 (10.4nm) ö 7.8 (3.3� 10ÿ2) 1.23 vol.% 0.49 (0.90) 0.74vol.% 81
Epoxy Al2O3 (10.4nm) PS grafted 1.6 (6.9� 10ÿ3) 0.48 vol.% 0.46 (0.85) 1.47vol.% 81
Epoxy SiC (61nm) ö 2.3 (0.55) 0.40vol.% 0.90 (0.80) 0.20vol.% 80
Epoxy SiC (61nm) PAAMgrafted 1.1 (0.27) 0.20vol.% 0.74 (0.66) 0.20vol.% 80
Epoxy SiO2 (9nm) ö 23.5 (0.11) 6.25vol.% 0.41 (0.71) 6.25vol.% 12
Epoxy SiO2 (9nm) PAAMgrafted 11.0 (5.3� 10ÿ2) 2.17 vol.% 0.37 (0.64) 2.17vol.% 12
Epoxy Al2O3 (13nm) ö 3.8 (0.66) 2.0 vol.% ö ö 86
Epoxy TiO2 (200±400nm) ö 14.0 (0.35) 5.0 vol.% ö ö 87

aThe numerals in the brackets stand for the normalized properties of the composites relative to the unfilledmatrices.



100 nm), respectively.48 In the case of a fixed filler content of 7.5 wt.%, all these

nanoparticles were able to reduce the friction of PEEK, but the frictional

coefficient increases slightly with increasing the particulate size, although it is

still lower than that of pure PEEK. The wear rate of the filled PEEK decreases

gradually with a decrease in the size of nano-ZrO2, and a drastic reduction was

found when the particles are smaller than 15 nm. The abated scuffing between

the transfer film and the composite surface accounts for the improvement. For

the particles larger than 50 nm, the wear rate gradually increases with a rise in

ZrO2 size and is higher than that of pure PEEK because of the appearance of a

discontinuous thick transfer film poorly adhered to the substrate. It means there

might be a critical particle size. Only the nanoparticles with size below the

critical value can effectively improve the wear resistance of the composites.

Xing and Li88 prepared two groups of uniformly sized silica particles (120

and 510 nm in diameter, respectively), which were then used as model fillers in

epoxy composites. The sliding wear tests manifest that the filler with smaller

size is more effective in the improvement of the wear resistance of the

composites. The mechanism was attributed to the fact that the number of the

filler particles per unit volume for the composite with 120 nm silica particles is

greater than that of the composite with the 510 nm silica particles. As the fillers

were uniformly sized spherical particles, the greater the number of the particles

on the worn surface, the larger the contact area between the particles and the

wear pin, and hence the better the wear resistance offered by the silica particles.

The same conclusion was also made by Tang et al. in their experiments studying

the wear loss of epoxy filled with �-Al2O3 (200 nm) and -Al2O3 (30±60 nm),

respectively.89

With respect to the influence of filler content, it can be concluded that there is

often an optimum filler loading corresponding to the lowest wear rate of the

nanocomposites. Such a U-shaped dependence of wear rate on nano-filler

concentration has been found in many reports, like the systematic investigations

on PEEK composites filled with a series of inorganic nanoparticles.11,47±54

Nevertheless, the filler content dependence of frictional coefficient usually does

not follow this rule. The frictional coefficient often decreases (or increases)

slightly with increasing filler content and at times even varies irregularly with

filler content.

The addition of low loading nanoparticles into polymers would greatly

change the wear mode, for example, from severe wear of unfilled epoxy

dominated by fatigue-delamination mechanism to mild polishing in nano-Si3N4

filled version as a result of improved surface hardness.77 When the particles

content is so high that severe agglomeration of the particles takes place due to

the significantly increased viscosity as confirmed by positron annihilation life

time spectroscopy (PALS),84 the composites would be easily damaged under

repeated frictional stress.80 Therefore, the lowest wear rate of the nano-

composites only appears within a narrow range of filler content. Wang et al.
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found that too high content of nanometer ZrO2 in PEEK led to abrasive wear

during the friction process and the counterpart steel ring was subsequently

abraded severely.51 The abrasive wear caused by the hard wear debris enhanced

the wear rate of the composite block. With an increasing of nanometer ZrO2

content, the dominant wear mechanism had to change from melting adhesive

transfer wear to slight transfer wear, and finally to abrasive wear.

For the friction reducing manner, it is known that the detached nanoparticles

might act as tiny rolling balls at the counterface, providing the effect of solid

lubricating.8 In case the nanoparticles still had certain angularity, the

corresponding lubricating effect would be weaker or even three-body abrasive

wear occurs. In accordance with the increased amount of material loss, the large

wear debris detached from the worn surface would also result in abrasion that

increases the frictional coefficient of the system.

Since the transient surface temperature at rubbing surface is always rather

high, frictional coefficient of the composites might be correlated to their

viscoelasticity. Fig. 20.8 plots frictional coefficient of nano-Si3N4/epoxy as a

function of the area under the �-transition peak determined from the tan �±

temperature spectrum.78 It is obvious that the relationship follows exponential

growth with decreasing filler fraction, which is analogous to Arrhenius equation

implying that the frictional process is closely related to thermally activated

motion of the molecular segments of epoxy. Since frictional coefficient

increases with a rise in damping of the composites, the ability of the materials to

20.8 Frictional coefficient, �, versus area under the �-transition peak in tan �±
temperature curve78 (reprinted from Wear, vol. 254, G. Shi et al., Friction and
wear of low nanometer Si3N4 filled epoxy composites, p. 784, 2003, with
permission from Elsevier).
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transform mechanical energy into heat contributes to the frictional behavior. In

other words, the stiffer the composites, the lower the frictional coefficient, so

that the stick-and-slip phenomenon can be prevented with a rise in the nano-

filler loading.90

20.4.2 Tribochemistry

Owing to the fine dimension and high surface area, inorganic nanoparticles

possess much higher chemical activity than their micron versions. Under the

circumstances of friction, tribochemical reactions tend to take place in the

contacts between nanocomposites and counterparts, in favor of modifying the

transfer film and/or increasing the bonding strength of transfer film to the

counterparts. Shi et al. examined the elements on the steel counterpart surface

before and after the wear tests against nano-Al2O3/epoxy composites with X-ray

energy distribution spectroscopy (EDS).76 Having been rubbed with epoxy,

sulfur appears on the surface of the steel ring, implying the transfer from epoxy

to the counterface. When the specimen was changed into nano-Al2O3/epoxy

composites, both sulfur and aluminum can be detected. It thus proves substances

transfer across the frictional surfaces. In the case of nano-SiC/PEEK com-

posites,47 Wang et al. revealed that some proportion of nanometer SiC was

oxidized into SiO2 during the rubbing process, existing in the transfer film and

the wear trace of the block. As nano-SiO2 in PEEK is very effective in

decreasing friction and wear, it may partly explain why nano-SiC/PEEK system

exhibits decreased frictional coefficient and wear rate.

For nano-Si3N4/epoxy sliding against steel ring, formation of SiO2 on the

worn surface of the composites pin was also confirmed by X-ray photoelectron

spectra (XPS).78 It represents a tribochemical way of wear in which material is

removed molecule by molecule, instead of the classic removal of fragments by

fracture.91,92 In addition, the tribofilm of SiO2 protects the specimens and the

steel counterpart, providing friction-reducing ability.93 On the other hand,

besides the reactions between the Fe atoms from the metal counterface and the S

atoms from epoxy and Si3N4, the Fe atoms can also be oxidized, forming FeO

and Fe3O4. Kong et al. reported on the effect of surface oxide layers on wear

behavior.94 FeO or Fe3O4 layers show a significant reduction in friction and

wear, while Fe2O3 layer promotes the wear. Therefore, the decrease in frictional

coefficient and wear rate of epoxy with the addition of Si3N4 nanoparticles can

be partly attributed to the appearance of FeO and Fe3O4 on the counterfaces.95

To conclude the tribochemical reactions of epoxy and its nano-Si3N4 com-

posites, and those between the materials and the counterface metal Fe, Fig. 20.9

presents a summary of the above discussion, which might help to understand the

role of the nanocomposites operating under sliding wear conditions.

Schwartz and Bahadur measured the bond strength between the transfer film

and the counterface, and correlated it to the wear rate of nano-Al2O3/PPS
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composites.7 With the addition of 2 vol.% alumina nanoparticles to PPS, the

bond strength of the transfer film to the steel counterface increases and

correspondingly the wear rate decreases. When the bond strength of the transfer

film for the counterface is very low, there is no reduction in wear in this case. A

recent report by Bahadur and Sunkara further proved the importance of adhesion

of transfer film to the counterface in the case of PPS nanocomposites. 96

20.9 Tribochemical reactions occurring at the rubbing interface between
nono-Si3N4/epoxy nanocomposite and iron counterpart.
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It is worth noting that tribochemical reactions are not bound to result in

positive effects on tribological performance. When PTFE powder and nano-SiC

particles were jointly incorporated into PEEK,52 for instance, the friction

reduction and wear resistance capacities of the nanocomposites became worse.

The reason for this was the chemical reaction between the nanometer SiC and

PTFE during the sliding friction process. The formation of SiFx by consuming a

certain amount of nano-SiC and PTFE deteriorated the property of transfer film.

Only when the content of PTFE was high enough, the ternary composites nano-

SiC/PTFE/PEEK exhibit lower frictional coefficient than the binary ones PTFE/

PEEK.

20.4.3 Effect of surface treatment of the nano-fillers

Although the importance of filler surface treatment in nanocomposites has been

well recognized, only a few works have been published on this aspect of

tribological application up to now, as exemplified by the statistics in Table 20.4.

In most cases, the nanoparticles were compounded with polymers without any

treatment. Due to the strong agglomeration tendency of nanoparticles, the

probability of intimate filler/matrix contacts might be greatly reduced and the

extraordinary effects of the nanoparticles cannot be fully brought into play as a

result. Nevertheless, the published results concerning the treated nanoparticles

composites are quite encouraging. Bauer and co-workers modified nano-sized

silica and alumina particles with silanes to produce functionalized nano-fillers in

transparent UV/EB curable acrylates.97±101 In radiation (UV, EB) induced

polymerization reactions, these modified nanoparticles form covalent crosslinks

to acrylate substrates, thus efficiently modifying their viscoelastic properties.

The transparent nanopowder composites can be used as scratch and abrasion

resistant coatings.

Systematic research has been carried out by Shi et al. to evaluate the sliding

wear behavior of epoxy containing nano-Al2O3 particles with different

pretreatments.76 In their work the treatments are classified into two categories.

The first one deals with the use of amino-silane coupling agent. The functional

group ethoxyl of the coupling agent reacts with hydroxyl groups on the filler

surface, while the amino groups can react with epoxy groups. The other is graft

polymerization onto the nanoparticles with the monomers of acrylamide, styrene

and ethyl acrylate, respectively. It has been proven that the amide groups of

polyacrylamide take part in the curing of epoxy resin (Fig. 20.6).12 The

encapsulation of nano-Al2O3 with polystyrene or polyethyl acrylate is believed

to be able to greatly increase the hydrophobicity of the particles and hence the

compatibility with the polymer matrix.

As shown by Fig. 20.10, the high wear rate of unfilled epoxy due to the three-

dimensional crosslinking network is greatly decreased by adding nano-Al2O3

particles, especially when treated nano-Al2O3 is incorporated. Besides, the
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nanoparticles also reduce frictional coefficient of epoxy (Fig. 20.11), and the

composites with treated nanoparticles have lower frictional coefficients. For

example, the frictional coefficient of Al2O3-c-PAAM/epoxy is 0.35 which

amounts to 61% of the value of unfilled epoxy and 69% of the value of untreated

nano-Al2O3/epoxy. Meanwhile, the specific wear rate of Al2O3-c-PAAM/epoxy

is decreased by 97% and 88% respectively, as compared with the values of

unfilled epoxy and untreated nano-Al2O3/epoxy.

20.10 Specific wear rate, _ws, of nano-Al2O3/epoxy composites at a volume
fraction of nano-Al2O3 of 0.24vol%.76 The identifications of the modified
particles are described as follows. Al2O3-KH550 means the nanosized alumina
particles have been treated by KH550 silane. Al2O3-c-PAAM and Al2O3-c-PS
denote that the particles are grafted by polyacrylamide and polystyrenewithout
removing the homopolymers generated during the graft polymerization.Having
experienced extraction with proper solvents, the grafted nanoparticles are
symbolized by Al2O3-g-PAAM, Al2O3-g-PS and Al2O3-g-PEA, respectively,
meaning the particles are accompanied only with the unextractable grafting
polymers. (Reprinted from Wear, vol. 256, G. Shi et al., Sliding wear behavior
of epoxy containing nano-Al2O3 particles with different pretreatments, p.
1072, 2004, with permission from Elsevier.)
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The difference in improving the friction reducing and wear resisting ability of

epoxy between the composites with untreated and treated nano-alumina should

result mainly from the filler/filler adhesion strength. The untreated nanoparticles

have to present themselves in the composites in the form of agglomerates

because of the hydrophilic nature of the particles and the limited dispersion

force during blending with epoxy. Inside the nanoparticle agglomerates, the

particles are bound only by hydrogen bonds and van der Waals bonds. When the

composites with the untreated nanoparticles are subjected to wearing, damage

induced by localized shear stress concentration at the loosened nanoparticle

agglomerates would occur on a large scale and produce bigger blocks of wear

debris. For the composites with enhanced interaction inside and outside the

treated nanoparticle agglomerates, the resistance to periodic frictional stress is

20.11 Frictional coefficient, �, of nano-Al2O3/epoxy composites at a volume
fraction of nano-Al2O3 of 0.24vol.%.76 The composites' codes are the same as
those explained in Fig. 20.10. (Reprinted from Wear, vol. 256, G. Shi et al.,
Sliding wear behavior of epoxy containing nano-Al2O3 particles with different
pretreatments, p. 1072, 2004, with permission from Elsevier.)
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greatly increased. Detachment of nanoparticles and the small amount of the

surrounding matrix plays the leading role in material removal due to wear. The

detached nanoparticles might also act as solid lubricants. These account for the

low wear rates and frictional coefficients of the composites.

Figure 20.12 illustrates morphologies of the worn pins' surfaces. Severe

damage characterized by the disintegration of the top layer was observed in

unfilled epoxy (Fig. 20.12(a)). The material removal takes the form of larger

blocks, which might be captured between the steel counterface and the test pin,

and abrade the specimen surface leading to even more substantial material loss.

In the case of filled composites, the appearances are completely different and

become rather smooth. Although the ploughing grooves are still visible on the

composites with untreated nano-Al2O3 (Fig. 20.12(b)), the groove depths are

quite shallow on the composites with treated nano-Al2O3 (Fig. 20.12(c±e)) or

simply invisible (Fig. 20.12(f)). It suggests that polishing predominates the wear

processes of the latter composites.

Lu et al. studied thermal stability of frictional surface layer and wear debris

of epoxy nanocomposites in relation to the mechanism of tribological

performance improvement.102 It was concluded that the fatigue-delamination

effect responsible for the sliding wear of epoxy is accelerated by the surface

structural deterioration induced by the rather high friction temperature. The

unfilled epoxy is thus characterized by poor tribological performance. When

nano-silica is added, the flash temperature is reduced, resulting in less signifi-

cant fatigue driven surface failure and improved wear resistance of SiO2/epoxy

composites. In the case of SiO2-g-PAAM/epoxy, the covalent bonding between

the grafting polymers on the nanoparticles and the matrix greatly increases the

composites integrity. The reduced amount and size of wear debris weaken the

abrasive effect of the wear debris as the third-body in the contact area.103 This in

turn lowers the frictional temperature to a much greater extent, and the fatigue-

induced material removal of the composites consequently becomes even less

than SiO2/epoxy.

20.5 Conclusions and future trends

By surveying the nanocomposites prepared so far, wear resisting polymer

nanocomposites can be regarded as a successful example that brings the so-

called `nano-effect' into full play. At a filler loading of less than 1%, the wear

rate of the matrix was lowered by over thousands of times (Table 20.4). Similar

enhancement due to the addition of small amounts of fillers is impossible to

perceive in microcomposites. The developments in this aspect have broadened

the application possibility of particulate composites and solved the dilemma

arising from the contradiction between tribological performance improvement

and processability deterioration, as often observed in microparticles filled

composites.
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20.12 Scanning electron microscopic photos of the worn surfaces of (a)
unfilled epoxy and its composites filled with (b) untreated nano-Al2O3, (c)
Al2O3-KH550, (d) Al2O3-g-PAAM, (e) Al2O3-g-PS, and (f) Al2O3-g-PEA at
a volume fraction of nano-Al2O3 of 0.24 vol.%.76 The composites' codes are
the same as those explained in Fig. 20.10. (Reprinted from Wear, vol. 256, G.
Shi et al., Sliding wear behavior of epoxy containing nano-Al2O3 particles with
different pretreatments, p. 1072, 2004, with permission from Elsevier.)
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Transparent wear resisting nanocomposite coatings represent a typical

application, which take the advantages of low angularity, colorlessness and

anti-abrasion of the nanoparticles (Al2O3, SiO2, etc.) and are adaptable for the

surfaces of plastics, metals, woods and glass to increase the end-products'

service life and even the aesthetic values.99,104 Moreover, when coating a

surface with polyelectrolyte multilayers composed of polyallylamine hydro-

chloride (PAH) and polyacrylic acid (PAA) in which silver nanoparticles or

multiwall carbon nanotubes are incorporated, reduced coefficient of friction as

well as substrate wear prevention can be achieved.105 Self-lubricating com-

posites with hybrid fillers, like nano- and micro-sized inorganic particulates,86,87

inorganic nanoparticles and PTFE powders,52,106 inorganic nanoparticles and

glass fabric,107 short carbon fibre, graphite, PTFE powder and inorganic

nanoparticles,108,109 have combined the positive effects of the components and

are capable of operating under much severer circumstances than the composites

with only one type of nanoparticles.

Further research ought to concentrate on the investigation of wear mechanism

(that is still an open question) and application-oriented innovation of composites

manufacturing (including formulation, surface treatment of nanoparticles and

processing). Much finer manipulation on molecular basis might make

revolutionary breakthroughs.
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enthalpy of melting 217, 218, 220, 221,

225, 226
epoxidised soybean oil (ESO) 73, 89
epoxy nanocomposites 29±56

based on other nanofillers 46±7
epoxy-layered silicate nanocomposites

31±46
barrier properties and solvent uptake

42±3
formation and microstructure 34±9
layered silicate surface modification

31±2
mechanical properties 40±2
other strategies for synthesis 39±40
rheology of network precursors 32±4
thermal and flame retardation

properties 43±6
future trends 53
manufacturing 551±8
ternary epoxy nanocomposite systems

47±53
fibre and layered silicate

nanocomposites 52
layered nanoparticles and a rubbery

phase 47±51
long fibres and nanoparticles 53
other nanoadditives 51

see also single-walled carbon nanotubes
(SWNT)/epoxy composites

epoxy resin 252
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effect on morphology of PBT/organoclay
hybrids 242

�-caprolactam 4, 5±6
etherification 30
ethylene methacrylate-g-MAH

(EMA-g-MAH) 235±7
ethylene propylene diene rubber (EPDM)

300
EPDM-g-GMA 235
EPDM-g-SAN 235
nanocomposites 310±12, 318, 319±20

ethylene propylene rubber (EPR) 235, 300
nanocomposites 317, 319

ethylene/vinyl acetate copolymer (EVA)
234

PBT/EVA blend 235±7
reactive compatibilisation 237±9

EVA-g-MAH 235±7
blend of PBT with 237±9
nanostructure of EVA-g-MAH/organoclay

hybrid 244±6
PBT/EVA-g-MAH/organoclay ternary

nanocomposite 247±51
EVA/organoclay nanocomposite 242±7

dispersion of organoclays 243±4, 252
effect of mixing temperature on

nanostructure 246±7
nanostructure of EVA-g-MAH/organoclay

hybrid 244±6
exciton traps 392, 394, 398
excitons 392±3, 399±401
exfoliated nanocomposites 60, 63, 152±3,

172
diffusivity 283±4
polymer/graphite 519±20
rubber 307
water soluble polymer-based

nanocomposites 207±10
exfoliation

epoxy nanocomposites 35±8
graphite 518±19
methods for polymer/graphite

nanocomposites 520±9
polypropylene nanocomposites 134±6

exfoliation-adsorption 173, 521, 528±9
expanded graphite (EG) 510±11, 512

preparation of 515±17
extended Trouton rule 115
extrusion compounding 163±4

fabrication of nanostructured magnetic
nanocomposites 470, 471

Faraday rotation effect 445
fatigue of SWNT/epoxy composites

fatigue behaviour 346±7
fatigue mechanisms 347±50

ferrofluids 444
ferromagnetic resonance (FMR) 470

fibres
epoxy composites containing 52±3
magnetic polymer nanocomposites 443,

444±5
Fickian diffusion 274
field emission 530
CNTs 378±85
characteristics 379±80
influence exerted by an electric field

on the CNT tip 384±5
TEM observation on CNT tip during

380±4
field emission scanning electron microscopy

(FESEM) 338, 339, 348
field ion microscopy (FIM) 381±4
filler loading 559±60, 561
fillers
filler content and wear resistance 558±63
used in rubber industry 297, 302±4

films, magnetic polymer nanocomposite
443, 445±6

flame retardance 256±72
epoxy nanocomposites 43±6
future trends 267±8
mechanism 257±65
nanocomposites and conventional flame

retardants 265±7
nanocomposites and fire 257
NCH 21
phenolic resin/silica hybrid

nanocomposites 495, 500, 504±5
polypropylene nanocomposites 146±7
polystyrene/clay nanocomposites 165±6

flexible substrates 393±4
flexural modulus 19, 144, 145, 505±6
flexural properties
biodegradable polymer nanocomposites

94
epoxy nanocomposites 41±2
phenolic resin/silica hybrid

nanocomposites 505±6
polypropylene layered silicate

nanocomposites 144, 145
flexural strength 19, 144, 145, 492±3, 505±6
Flory-Huggins type isotherm 275±6
foam processing 115±17, 118
foliated graphite (FG) 522±4
Fourier transform infrared spectroscopy

(FTIR)
blends of PAAM and epoxy 556
blue emitting polymer/gold nanoparticle

nanocomposites 407±9
phenolic resin/silica hybrid

nanocomposites 489, 493±4, 500, 501
Fowler-Nordhiem (F-N) plots 379, 380
fracture
biodegradable polymer/layered silicate

nanocomposites 105
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prediction of SWNT time-dependent
behaviour 350±3

properties of epoxy nanocomposites 40±1,
48±50

SWNT bundles 348, 349, 350
fracture toughness 41, 48±50, 227±9
frictional coefficient 558, 559±60, 561,

562±3
effect of surface treatment 566±7

fullerene/carbon nanotube (CNT)
composites 359±88

application potential 378±85
dynamic TEM observation of CNT tip

380±4
field emission characteristics of CNTs

379±80
influence of electric field on CNT tip

384±5
fabrication by drawing process 362±72

bonding interaction at the interface
364±71

mechanical properties and nanostructure
of the interface 366±71

nanostructural characterisation 363±4
preparation 362±3

fabrication by ultrahigh pressure sintering
372±8

nanostructural characterisation 373±8
preparation 372±3

fumed silica 303
surface modification by silanes 545

functionalised oligomer 190
functionalised polyolefins 235±7

-irradiation grafting 546±8
gas barrier properties
biodegradable polymer nanocomposites

98±101, 118
NCH 19±21
PEA/bentonite nanocomposites 182±4
rubber nanocomposites 311±12, 320
see also oxygen permeability

gelatin 74±5
Gelimat mixing system 527±8
glass fibre 3
glass transition temperature
epoxy nanocomposites 43±4, 46±7, 50
PEA/bentonite nanocomposites 179
phenolic hybrid ceramers 491±2, 496±7
polymer/CaCO3 nanocomposites 422±4
polymer/graphite nanocomposites 532
PVA/MMT nanocomposites 223±4

glassy polymers 274
gloss 199±200
glycidoxypropyltrimethoxysilane (GPTS)

487
preparation of phenolic resin/silica hybrid

nanocomposite 488±9, 490, 491

properties of phenolic resin/silica hybrid
nanocomposite 500±6

glycine 22
gold-coated silica (SiO2 @ Au)

nanoparticles 396±401
gold nanoparticle/blue emitting polymer

nanocomposites 401±9
gold nanoshells 402
grafting 416

PBT based nanocomposites 234, 235±9
surface modification for wear resistance

545±8
graphene layers 512, 531
graphite 511±19

expanded 510±11, 512, 515±17
features of natural graphite flakes 511±12
foliated graphite (FG) 522±4
synthesis of graphite nanosheets and

graphite oxide 517±19
graphite intercalation compounds (GICs)

510±11
alkali-metal GICs 521±2, 523
applications 514
formation 512±15

graphite oxide (GO) 528±9
green emitting polymer/metal nanoshell

nanocomposite 396±401

halogen-based fire retardants 256
hardness 316±17, 320, 431

hardening mechanisms of fullerene/CNT
composites 365±6

strain-induced hardening 113±15, 138
heat distortion temperature (HDT) 19, 20,

21, 22, 25, 95±6
heat of fusion 217, 218, 220, 221, 225, 226
heat release rate

epoxy nanocomposites 45±6
EVA nanocomposites 257±8
polypropylene nanocomposites 147
polystyrene/clay nanocomposites 165±6

heat treatment 364, 365
hectorite 21±3, 62, 277
Hencky strain 114, 115
hexamethylene diamine (HMDA) 22
high-density polyethylene (HDPE)/CaCO3

nanocomposites 429±30, 434
high-gravity reactive precipitation (HGRP)

413±14
high-pressure sintering 362, 372±8
high-resolution electron microscopy

(HREM) 456±8
holography, electron 458±62
homolytic cleavage 305
hydrogen abstraction 305
hydrogen bond donors 551
hydrolysis 449±50, 485±6
hyperdispersants 543
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hyperthermia 444

impact strength 19
modification of PBT by blending 235±6,

238, 239
PBT based nanocomposites 249±50,

250±1
polymer/CaCO3 nanocomposites 427,

428±31
in-situ emulsion polymerisation see

emulsion polymerisation
in-situ exfoliation polymerisation 521±7
in-situ photopolymerisation 193±5, 196
in-situ polycondensation 522±4
in-situ polymerisation 151, 152, 164

epoxy nanocomposites 34±9
magnetic polymer nanocomposites 452±3
polymer/CaCO3 nanocomposites 417±19
polymer/graphite nanocomposites 521±7
ring-opening polymerisation 525±6
rubber-clay nanocomposites 306

in-situ precipitation 453±4
incineration 57
inert fillers 297
infrared (IR) spectroscopy 193±4

Fourier transform infrared spectroscopy
see Fourier transform infrared
spectroscopy

initial modulus 253
insolubilisation 197, 198
interactions

between monomers and layered silicates
33±4

strength of (degree of coupling) 139, 144,
147

intercalated nanocomposites 60, 63, 172
diffusivity 283±4
polymer/graphite 519±20
rubber 307
water soluble polymer-based

nanocomposites 207±10
intercalation

epoxy nanocomposites 35±8
graphite 518±19
methods for polymer/graphite

nanocomposites 520±9
methods for polymer/layered silicate

nanocomposites 60±2
monomer intercalation 4±6, 60
of rubber via latex compounding 306±7
SIP 155±9

interface
fullerene/CNT composites prepared by

drawing process 364±71
polymer-filler 414±15
surface modification and 415±17

SWNT-polymer 337±46, 354
interfacial layer 279±80

interfacial shear stress 341, 342±3
interlayer 62
volume fraction of 182

interlayer exchanged ion 32
interlayer spacing see d-spacing
intermediate nanocomposites 307
internal melt blending 311
ion exchange reactions 62±3
iron oxides 442, 563, 564
irradiation grafting 546±8
`island-like' floccules 264
isocyanate 195, 196
isocyanatopropyltriethoxysilane (IPTS) 487
preparation of phenolic resin/silica hybrid

nanocomposites 488, 489, 490
properties of phenolic resin/silica hybrid

nanocomposite 493±500
isothermal degradation curves 496, 497

Kerr effect 445
kink formation 349

lag-time 278
landfill 57
Langevin behaviour 467
Langmuir-type isotherm 275±6
laser vaporisation 330
latex blend films 176±9
latex compounding 306±7, 312
lattice constants 16
layered silicates 31
structure and properties 62±3
surface modification 31±2

lead sulphide/epoxy nanocomposite 47
length distributions 135±6
Lewis acidity 262
lifetime
emitting polymers 393±5
nanoparticle approaches 396±409
prediction and CNT time-dependent

behaviour 350±3
light-emitting diodes 389
organic and polymer materials for 389±91

limiting oxygen index (LOI) test 492, 500,
504±5

liquid intercalation 513
load-displacement (L-D) curve 367±9, 370
Lorentz lenses 461
loss modulus 86±90, 107±11
lowest wear rate 558, 559±60, 561
luminescent magnetic materials 447
luminescent polymers 391±3

macrocyclics 525±6
magnetic field mapping 458±62
magnetic gluing 447
magnetic polymer nanocomposites 440±84
applications 441±2, 443±7
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characterisation 455±66
EELS 458, 459
HREM 456±8
mapping magnetic and electric field

458±62
small angle scattering 463±6
TEM 455±6
XRD/WAXS 462±3, 464

classification 442±7
fibres 443, 444±5
films 443, 445±6
powders and suspensions 443, 443±4
tridimensional solids 443, 446±7

future trends 470±1
magnetic properties 466±70

finite-size and surface effects 467, 468
single domain particles 466±7
superparamagnetism 467±70

synthesis 447±55
in-situ polymerisation 452±3
in-situ precipitation 453±4
mixing of polymer and magnetic

component 452
nanostructured composites 454±5
precipitation of the magnetic

component 449±52
simultaneous precipitation and

polymerisation 454
magnetic refrigeration materials 447
magnetic resonance imaging (MRI) 441±2,

443±4
magnetooptical materials 445
magnetoresistance 445
magnetotactic bacteria 455
magnets, polymer bonded 446
maleated polypropylene (PP-g-MA) 131, 132
maleic anhydride (MAH) 132, 234
blends of PBT 235±7
reactive compatibilisation of PBT/EVA

blend 237±9
master batch method 24, 134, 420
mean field theory 62
mean inner potential 461
mechanical interlocking 338±9, 344±6
mechanical mixing 310
mechanical properties
biodegradable polymer nanocomposites

86±96, 118
clay-acrylate nanocomposite

photopolymers 198±9
epoxy nanocomposites 40±2
fullerene/CNT composites 366±71
NCH 19, 20, 21±2, 25
PEA/bentonite nanocomposites 181±2
phenolic resin/silica hybrid

nanocomposites 492±3, 505±6
polymer/CaCO3 nanocomposites 426±32,

434

polymer/graphite nanocomposites 531
polypropylene nanocomposites 142±6
polystyrene/clay nanocomposites 166±9
PVA/MMT nanocomposites 227±9
SWNT/epoxy composites 331±7

melamine polyphosphate (MPP) 267
melt compounding/intercalation 34, 61±2,

173, 185
NCH 23±4, 25
polymer/CaCO3 nanocomposites 419±20
polymer/graphite nanocomposites 521,

527±8
polypropylene layered silicate

nanocomposites 133±4
polystyrene/clay nanocomposites 151,

152, 161, 162
rubber-clay nanocomposites 306, 311
thermoplastics 548±9

melt rheology see rheology
melting enthalpy 217, 218, 220, 221, 225,

226
melting temperature

PBT/EVA and PBT/EVA-g-MAH blends
236, 237

PVA/MMT nanocomposites 220±1, 222,
223±4

dual melting point 224±6
membranes 446
metal alkoxides 450
metal carbonyl compounds 450
metal nanoparticles 409

blue emitting polymer/gold nanoparticle
nanocomposites 401±9

metal nanoshells 402, 409
green emitting polymer/metal nanoshell

nanocomposites 396±401
metal salts, hydrolysis of 449±50
methacryloyloxymethylenemethyl

diethoxysilane (MMDES) 545
methacryloyloxypropyltrimethoxysilane

(MAPTMS) 545
mica, synthetic 21±3, 277
microcomposites 541

diffusivity 283±4
microwave irradiation heating 515
microwave permeability 446
migration of clay platelets to the surface

264
minimum film-forming temperature (MFT)

176
mixing temperature 246±7
moisture diffusion 282, 284±5
molecular mechanics

CNT-polymer interface 341±3
SWNT time-dependent behaviour 351±3

molecular weight 11±12, 176, 547±8
monocationic free radical initiator 155±9
monomer intercalation method 4±6, 60
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montmorillonite (MMT) 21±2, 62, 130, 277
PVA/MMT nanocomposites see polyvinyl

alcohol (PVA)/MMT
nanocomposites

synthesis of NCH 4±6
see also nylon 6-clay hybrid; sodium

montmorillonite
morphology

CNT-polymer interface 338±41
effect of addition of epoxy resin on PBT/

organoclay hybrids 242
phenolic resin/silica hybrid

nanocomposites 492, 498±9, 501±2,
503

polymer/CaCO3 nanocomposites 420±2
polypropylene layered silicate

nanocomposites 134±6
stability of morphology 139

multi-angle dynamic light scattering 463±4
multifunctional materials 447
multilayered carbonaceous-silicate structure

258±64
multislice simulations 384, 385
multi-walled carbon nanotubes (MWNT)

329±30
tensile strength 331, 332

nanoscale protrusions 380, 381, 382, 383±4,
385

naphthalene 522
natural graphite flakes (NGF) 511±12
natural rubber (NR) 298

nanocomposites 307±10, 318, 319±20,
321

NCHH 21±3
NCHM 21±3
NCHP 21±3
NeÂel-Brown process 467±9
NeÂel magnetic relaxation 470
neutron scattering 464, 465
Nielsen tortuous path model 98±9, 183±4,

276, 279±81
nitrile rubber (NBR) 301

nanocomposites 290, 313±14, 319±20,
321

non-bond interactions 343
non-Fickian diffusion 274
non-reactive filler coatings 415
nuclear magnetic resonance (NMR)

chemical shift of NCH 22±3
solid state 29Si NMR 489, 494, 500±1,

502
nucleation

effect of calcium carbonate 425±6
synthesis of magnetic polymer

nanocomposites 450±1
nucleation density 217, 221±2
nylon-clay nanocomposites 24±6

nylon 6 6, 25
nylon 10 12, 26
nylon 11 26
nylon 12 26
see also nylon 6-clay hybrid (NCH)

nylon 6
alignment of nylon 6 crystals in NCH

15±18
gas barrier characteristics 19±20
mechanical properties 19

nylon 6-clay hybrid (NCH) 3, 4±24, 207,
284±5, 286

characterisation 6±12
crystal structure 12±18
alignment of nylon 6 crystals 15±18
alignment of silicate layers 13±15, 16
test specimens 12
three-layer structure model 18

properties 19±21
flame retardancy 21
gas barrier characteristics 19±21
mechanical properties 19, 20, 21±2, 25
self-passivation 21

synthesis 4±6
clay organisation and monomer

swelling 4±5
improving the synthesis method 23±4
synthesising using different types of

clay 21±3

octahedral-substituted layered silicates 62
one-pot synthesis 23
optical absorption spectra
blue emitting polymer/gold nanoparticle

nanocomposites 402±3, 404
green emitting polymer/metal nanoshell

nanocomposites 398, 399, 400
optical properties
clay-acrylate nanocomposite

photopolymers 199±200
PVA/MMT nanocomposites 229±31
optical transparency 101, 199

optimum cure time 309, 318
organic electroluminescent devices 389±90
organic-inorganic hybrid materials 485±7
see also phenolic resin/silica hybrid

nanocomposites
organic light-emitting devices (OLEDs) 390
organic/polymer LEDs 390±1
organic solvents 60±1
resistance to 196, 197

organically modified clay 152±5, 172±3
organically modified synthetic fluorine mica

(OMSFM) 65±7
organoclay slurry 40
orientation 280±1
oxidation 261±2
oxidative dehydrogenation 261±2, 263, 264
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oxygen permeability 287±90
biodegradable polymer/layered silicate

nanocomposites 98±100
PEA/bentonite nanocomposites 183±4

partially collapsed CNT 376±8
particle growth 450±1
particle size 277
distribution of nano±CaCO3 414
gold nanoparticle/blue emitting polymer

nanocomposites 401±9
length distributions 135±6
magnetic polymer nanocomposites

control in synthesis of 451±2
and magnetic properties 466, 467, 468

nano-fillers and wear resistance 558±63
patents 440±1
PDOF/gold nanoparticle nanocomposites

401±9
peak heat release rate 147, 257, 258,

259±60
polystyrene/clay nanocomposites 165±6
reduction in 258±61

PEEK
nano-SiC/PTFE/PEEK 565
PEEK/zirconia nanocomposites 558±62

pentagonal carbon rings 380, 381, 383±4,
385

percolation theory 524, 530
percolation threshold 510, 524, 529±30
permanent set 316±17
permeability 287±91
biodegradable polymer nanocomposites

98±100
measurement by cup method 175
NCH 19±21
oxygen see oxygen permeability
PEA/bentonite nanocomposites 182±4
permeation models relevant to polymer

nanocomposites 279±82
polypropylene nanocomposites 146
PVA/MMT nanocomposites 229, 230
rubber-clay nanocomposites 320
water vapour see water vapour

permeability coefficient 275, 277
permeation experiments 277±8
peroxide curing 304±5, 311, 312±13, 318
petroleum sources-based biodegradable

polymers 76±86
phase shift 460±2
phenolic resin 486
preparation of novolac±type 488

phenolic resin/silica hybrid nanocomposites
485±509

DSC 491±2, 496±8
EDX and silicon mapping 493, 498±9,

501±2, 503, 506
flexural strength test 492±3, 505±6

FTIR 489, 493±4, 500, 501
GPTS as coupling agent 488±9, 500±6
characterisation 500±1, 502
thermal properties and flame retardance

502±5
IPTS as coupling agent 488, 489,

493±500
characterisation 493±5
thermal properties of hybrids 495±8

LOI test 492, 500, 504±5
materials 487
morphological properties 492, 498±9,

501±2, 503
preparation of hybrid ceramers 488±9
preparation of phenolic resin 488
reaction scheme 489, 490, 491
solid state 29Si NMR 489
TGA 489±91, 495±6, 502±4
UL-94 test 492, 500, 504±5

phenyldodecanone (PDK) 394
photodegradation 200±1
photoinitiator 190
photoluminescence decay patterns 398±9,

401, 403±5
photoluminescence (PL) spectra

blue emitting polymer/gold nanoparticle
nanocomposites 403, 404, 407,
408

green emitting polymer/metal nanoshell
nanocomposites 398, 399

photo-oxidation 396
of emitting polymers 393±5
mechanism in luminescent conjugated

polymers 392±3
photopolymerisation, in-situ 193±5, 196
phyllosilicates 31, 273
physical surface modification methods

542±4
piezoelectric materials 446±7
plant oil based polymers 72±4
plastic packaging wastes 57
polarons 392±3
polyacrylamide grafted nano-silica particles

554±8, 568
polyacrylic acid (PAA) 570
polyallylamine hydrochloride (PAH) 570
polyamide/clay nanocomposites 3±28

future trends 27
NCH see nylon 6-clay hybrid (NCH)
other types of nylon 24±6

polyamide 6/clay nanocomposites see nylon
6-clay hybrid

polyamide 6/graphite nanocomposites
522±4, 527

polyarylene disulphide/graphite
nanocomposites 525±6, 530

polybutadiene (BR) 300
nanocomposites 316±17
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polybutylene succinate (PBS)
nanocomposites 76±80, 89

biodegradability 104±6
melt rheology 109, 110

polybutylene terephthalate (PBT) based
nanocomposites 234±55

EVA/organoclay nanocomposite 242±7
impact modification of PBT by blending

235±9
property changes of PBT by blending

with functionalised polyolefins
235±7

reactive compatibilisation of the PBT/
EVA blend 237±9

PBT/EVA-g-MAH/organoclay ternary
nanocomposites 247±51, 252±4

effect of blending sequences 250±1
microstructure and properties 247±50

PBT/organoclay nanocomposite
239±42

dispersion of organoclays in a PBT
matrix 240±2

effect of addition of epoxy resin on
morphology 242

polycaprolactone (PCL) nanocomposites
81±4, 90, 91±3, 94, 97±8, 106

barrier properties 100±1, 283±4, 286
melt rheology 109±11

polycondensation, in-situ 522±4
polyester nanocomposites 93
polyethyl acrylate (PEA)/bentonite

nanocomposites 172±87
characterisation 174±5
future trends 184±5
materials 174
performance 179±84
barrier properties 182±4
DSC and TGA characterisation

179±81
mechanical properties 181±2

preparation and microstructure of casting-
film of nanocomposites from
emulsion 176±9

synthesis through in-situ emulsion
polymerisation 175±6

polyethylene (PE)
CNT/PE 343
nanocomposites 290, 291

polyethylene oxide (PEO)
crystallisation 211±12, 213
PEO/MMT hybrids 209±10
crystallisation 211±12, 213
crystallite size 217±18, 219
nanocomposite structure 221±2

polyethylene terephthalate (PET) 51
PET/CaCO3 nanocomposites 417
PET/clay nanocomposites 286

polyfluorenes 401

polyglycidal methacrylate (PGMA) grafted
nano-silicon carbide epoxy
composite 557, 558

polyhydroxybutyrate (PHB) 58
nanocomposites 69±70
biodegradability 104

polyhydroxybutyratehydroxyvalerate
(PHBV) 70

polyhydroxyvalerate (PHV) 58
polyimide nanocomposites 287±9
polylactide (PLA) 58
polylactide nanocomposites 64±9, 87±8, 94,

95±7, 118, 290
barrier properties 98±100
biodegradability 101±4
foam processing 115±17
melt rheology 107±9, 111±12, 113±15

poly(L-lactide) (PLLA)/CaCO3

nanocomposites 420
polymer bonded magnets 446
polymer/calcium carbonate (CaCO3)

nanocomposites 412±39
applications 433±4, 435
characterisation 420±33, 435
abrasion resistance 433
mechanical properties 426±32, 434
morphology and dispersion of

nano-CaCO3 420±2
rheology 432±3
thermal dynamic properties 426
thermal transitions and properties

422±6
weathering resistance 433

fabrication 417±20, 435
future trends 434±5
preparation of nano-CaCO3 413±14, 435
surface modification of nano-CaCO3

414±17, 435
polymer-coated nanoparticles 544
polymer electronics 391±3
polymer-filler interface 414±15
surface modification and 415±17

polymer/graphite nanocomposites 510±39
features of graphite 511±19
preparation of 520±9
exfoliation-adsorption 521, 528±9
in-situ intercalation and/or exfoliation

521±7
melt intercalation and/or exfoliation

521, 527±8
properties 529±32
electrical conduction 529±31
mechanical properties 531
thermal stability 531±2

structures 519±20
polymer/layered silicate nanocomposite

technology 59±62
polymerisation filling 550
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polymerised C60 phase 373±6
polymethyl methacrylate (PMMA)
PMMA/CaCO3 nanocomposites 418, 422,

434
PMMA/graphite nanocomposite 526±7
titania coated with 544

polyolefins, functionalised 235±7
polyorganosiloxanes see silicon rubbers
polyoxypropylene diamines 39
polyphenylene vinylene (PPV) 390±1
green emitting polymer/metal nanoshell

nanocomposite 396±401
photo-oxidation mechanisms in PPV

derivatives 394±5
polypropylene (PP) 235
ammonium-terminated (PP-t-NH3

�Clÿ)
185

CNT/PP 343
maleated (PP-g-MA) 131, 132
PP/graphite nanocomposites 527±8
PP/nano-CaCO3 composites 416±17, 420,

428, 429±30, 434
crystallisation behaviour 424±5

polypropylene layered silicate
nanocomposites 130±50, 266

compounding 133±4
formulations 131±3
nanostructure 134±41

crystallisation 139±41
morphology 134±6
rheology 136±8
stability of morphology 139

properties 142±7
barrier properties 146
flame retardance 146±7
mechanical properties 142±6

polysiloxane layered silicate
nanocomposites 286

polystyrene (PS) 115
CNT/PS composite 338±9, 343
polystyrene/graphite nanocomposites 522,

523
polystyrene/clay nanocomposites 151±71
organically modified clay 152±5
properties 163±9

dimensional stability 163±4
mechanical properties 166±9
thermal stability and flammability

165±6
s-PS/clay nanocomposite 160±3
surface-initiated polymerisation 155±9

polytetrafluoroethylene (PTFE) 565
polythiophene derivatives 394
polyurethane nanocomposites 267
permeability 289±90

polyvinyl alcohol (PVA)
crystallisation in films cast from PVA/

water solutions 212±13, 214

and its nanocomposites 84±6, 93±4, 97
polyvinyl alcohol (PVA)/MMT

nanocomposites 206±33
crystal nature 218±21
crystallisation 214±17
nanocomposite structure and 222

dispersion of sodium montmorillonite in
PVA 207±9

materials properties 222±31
barrier properties 229, 230
mechanical properties 227±9
optical properties 229±31
thermal properties 223±7

polyvinyl chloride (PVC)
CNT/PVC 343
PVC/CaCO3 nanocomposites 418±20,

423, 429, 430, 434
porous scaffold systems 69
positron annihilation 424
potassium-tetrahydrofuran-GIC

(K-THF-GIC) system 522, 523
powder magnetic polymer nanocomposites

443±4
PPS nanocomposites 563±4
precipitated silicas 303
precipitation

in-situ 453±4
of magnetic component 449±52
simultaneous precipitation and

polymerisation 454
probability density function (Weibull

distribution) 334, 335
probability of failure, for SWNT

sub-bundles 333±4
protective surface layer 258±64, 267
protonic catalytic sites 262, 263, 264
protrusions, nanoscale 380, 381, 382,

383±4, 385
publications 440±1
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