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With their broad range of properties, polymer blends are widely used in adhesion,
colloidal stability, the design of composite and biocompatible materials, and other
areas. As the science and technology of polymer blends advances, an increasing
number of polymer blend systems and applications continue to be developed.
Functional Polymer Blends: Synthesis, Properties, and Performance presents
the latest synthesis and characterization methodologies for generating polymer
blend systems. This one-stop resource brings together both experimental and
theoretical material, much of which has previously only been available in research
papers.

FEATURING CONTRIBUTIONS BY EMINENT INTERNATIONAL EXPERTS, THE BOOK:

• Reviews polymer blend systems

• Details miscibility enhancements in polymer blends through multiple hydrogen
binding interactions

• Presents the component dynamics in polymer blend systems

• Discusses concepts of shape memory polymer blends

• Considers ethylene methyl acrylate (EMA) copolymer toughened polymethyl
methacrylate (PMMA) blends

• Provides theoretical insights through molecular dynamics simulation studies
for binary blend miscibility

• Reports on the conformation and topology of cyclic linear polymer blends
(CLBs)

• Addresses strain hardening in polymer blends with fibril morphology

• Explores the modification of polymer blends by irradiation techniques

• Examines the directed assembly of polymer blends using nanopatterned
chemical surfaces

Combining background and advanced information on technologies, methods, and
applications, this practical reference is a must-have for researchers and industry
professionals as well as students in materials science, chemistry, and chemical
and surface engineering
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Preface

Polymer blends constitute a very important class of materials where the 
components are either physically or chemically mixed with each other to 
achieve a certain set of functional properties. The physical means of com-
patibilization of the phases in the blends are addition of compatibilizers 
(viz. polyethylene-co-maleic anhydride), whereas chemical means include 
chemical reactions with the phases for chemical linking. Polymer blends are 
widely used materials in the modern polymer industry because of their wider 
range of properties as compared to the individual polymers and their ease 
in tailoring of properties. As a result, polymer blends find applications in 
numerous fields such as adhesion, colloidal stability, design of composite 
and biocompatible materials, and so forth. The science and technology of 
polymer blends has gained tremendous developments in the recent years. 
A large number of polymer blend systems have been reported along with 
further developments on their means of synthesis, microstructure, and prop-
erties characterization. These functional polymer blend systems have helped 
to further enhance the application spectrum of polymers in general. The cur-
rent book proposes to provide these advances in synthesis and characteriza-
tion methodologies for the generation of different polymer blends systems.

Chapter 1 provides an introduction as well as overview of the polymer 
blend systems. A number of examples of functional polymer blends have been 
demonstrated. Chapter 2 provides information on the miscibility enhance-
ments in polymer blends through multiple hydrogen binding interactions. 
Chapter 3 presents the component dynamics prevailing in polymer blend 
systems. The dynamic environment differs for respective components, thereby 
giving rise to a difference of the segmental relaxation time of these compo-
nents in both magnitude and temperature dependence. Concepts of shape 
memory polymer blends are presented in Chapter 4.

A shape memory polymer (SMP) is a smart material that can memorize 
its original shape after being deformed into a temporary shape when it is 
heated or receives any other external stimuli such as light, electric field, 
magnetic field, chemical, moisture, and pH change. Ethylene methyl acrylate 
(EMA) copolymer toughened polymethyl methacrylate (PMMA) blends have 
been detailed in Chapter 5. Along with synthesis, extensive characterization 
of the blends for thermal, mechanical, optical, and morphological properties 
has been reported. Chapter 6 provides theoretical insights through molec-
ular dynamics simulation studies for binary blend miscibility. Calculation 
of some important parameters, such as Flory Huggins parameter, solubil-
ity parameter, and glass transition temperature to discuss the compatibil-
ity of polymers has been presented. Chapter 7 reports on conformation and 
topology of cyclic linear polymer blends (CLBs). The bond fluctuation model 
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and results obtained from this model on the statics and dynamics of CLBs 
have been reported. Results on the conformational free energy of cyclic poly-
mers (CPs) are also summarized. Strain hardening in polymer blends with 
fibril morphology is the focus of Chapter 8. Strain hardening is induced by 
nonlinear molecular structure such as chain branching. In polymer blends, 
strain hardening can be induced by controlling the morphology such that 
the fibrillation of the dispersed phase is maintained. Modification of poly-
mer blends by irradiation techniques has been demonstrated in Chapter 9. 
In the case of polymer blends, such phenomena could occur not only in the 
bulk of each polymer but also at the interface. Therefore, another parameter 
could influence the phenomena induced by irradiation: the morphology of 
the blend. Directed assembly of polymer blends using nanopatterned chemi-
cal surfaces has been reported in Chapter 10. Two interesting approaches are 
discussed to create highly ordered polymer nanostructures using directed 
assembly of polymer blends on chemically functionalized nanopatterned 
surfaces.

It gives me immense pleasure to thank CRC Press for their kind accep-
tance to publish this book. I dedicate this book to my mother for being a con-
stant source of inspiration. I express heartfelt thanks to my wife Preeti for 
her continuous help in coediting the book, as well as for her ideas to improve 
the manuscript.

Vikas Mittal
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1
Functional Polymer Blends: 
Synthesis and Microstructures

Vikas Mittal
The Petroleum Institute 
Abu Dhabi, UAE

1.1 � Introduction

Polymer blends are generated by the mixing of two or more polymers together 
in order to combine the characteristics of individual polymers. The compati-
bilization of the phases in the blends is also achieved by a number of physi-
cal (e.g., addition of compatibilizers viz. polyethylene-co-maleic anhydride) 
or chemical (e.g., chemical reactions with the phases for chemical linking) 
means. Polymer blends are widely used materials in the modern polymer 
industry owing to their wider range of properties as compared to individual 
polymers and ease of tailoring of properties. As a result, polymer blends 
find applications in numerous fields such as adhesion, colloidal stability, and 
design of composite and biocompatible materials [1]. The dispersed phase in 
certain systems can also acquire a specific morphology beneficial for applica-
tions like platy morphology, useful for barrier applications. Both solution as 
well as melt mixing techniques to generate the polymer blends have found 
their application, though melt mixing is more environmentally friendly as 
no solvent is required. On the other hand, melt mixing required the use of 
high temperature and shear for the generation of blends, which may degrade 
the heat-sensitive polymers, therefore requiring optimum use of mixing 
conditions. The studies on the polymer blends have significantly increased 
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2 Functional Polymer Blends: Synthesis, Properties, and Performance

in number in recent years leading to generation of further functional blend 
systems with superior properties. Both miscible and immiscible blends have 
been studied along with new pathways to achieve compatibilization of the 
phases in immiscible blends. Some of these developments have been dis-
cussed in the following paragraphs. As an example, Figure 1.1 shows poly-
vinyl chloride/polymethyl methacrylate (PVC/PMMA) blends with varying 
amounts of components and the resulting effects on the strength and trans-
parency of the generated blends [2]. The change in morphology as well as 
strength and transparency are observed by changing the composition of the 
blend constituents. The PMMA is observed to form finely dispersed par-
ticles of 300 to 400 nm in diameter at low concentrations in the PVC matrix. 
However, when PMMA is the continuous phase and PVC is the dispersed 
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FIGURE 1.1
Scanning electron micrographs (SEMs) of (a) polyvinyl chloride/polymethyl methacrylate 
(PVC/PMMA) blend containing 20% PMMA, (b) PVC/PMMA blend containing 80% PMMA, 
(c) tensile strength of PVC/PMMA blends as a function of composition, and (d) transparency of 
PVC/PMMA blends as a function of blend composition. (Reproduced from Fekete, E., Foldes, 
E., and Pukanszky, B. 2005. Effect of molecular interactions on the miscibility and structure of 
polymer blends. European Polymer Journal 41:727–736 with permission from Elsevier.)
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phase, the PVC domains are much bigger in size. The strength was observed 
to increase with increasing PMMA concentration until 70% to 80% after 
which a sharp decrease was observed. The transparency, on the other hand, 
decreased at different rates with increasing PMMA content until 70% after 
which it increased sharply indicating a strong relation between the morphol-
ogy and the properties.

1.2 � Functional Polymer Blends: Examples

Litmanovich et al. [3] reviewed chemical reactions in polymer blends for 
achieving compatibility and enhanced properties. The various compatibiliz-
ing reactions discussed were reactions of functionalized blend components 
to produce in situ copolymers like reactions of the end groups, reactions 
with polymeric compatibilizers, addition of low molecular weight compo-
nents that promote a copolymer formation, and so forth. In the context of 
such reactions, Sundararaj and colleagues [4,5] also concluded that the main 
effect of using either preformed block copolymers or synthesizing them in 
situ by the chemical reactions is the suppression of coalescence of the fine 
dispersion particles formed from blend pellets. The diameter of the particles 
increased in the PS/PMMA blend as a function of annealing time at 180°C 
when no copolymer was used. On the other hand, the diameter remained 
unchanged when 5% copolymer of PS-b-PMMA was added to the blend as 
shown in Figure 1.2.

Fekete et al. [2] reported the effect of polymer–polymer interactions on 
the miscibility and macroscopic properties of PVC/PMMA, PVC/PS and 
PMMA/PS blends. The blends were prepared by mixing the components in 
an internal mixer at 185 to 190°C and 50 rpm for 10 min. The compounds were 
then compression molded into 1 mm thick plates at 190 to 200°C. The authors 
observed that the degree of miscibility was the highest in the PMMA/PVC 
blends. PVC/PS and PMMA/PS blends displayed two glass transitions in the 
entire composition range as shown in Figure 1.3. It was also observed that in 
the case of the PMMA/PS blends, the shift in the glass transition tempera-
tures was smaller (2 to 4°C) as compared to the PVC/PS blends (7 to 10°C).

The authors also reported that specific interaction was formed between 
the carbonyl groups of PMMA and the hydrogen atom of the CHCl group in 
PVC in the PVC/PMMA blends. Carbonyl absorption band of PMMA shifted 
from 1735 to 1732 cm–1, which was also accompanied by a change in the half 
width of the vibration.

Rameshwaram et al. [6] investigated the structure–property relationships 
and the effects of a viscosity ratio on the rheological properties of polymer 
blends using oscillatory and steady shear rheometry and optical microscopy. 
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These immiscible blends consisted of ultrahigh viscous polybutadiene (PB1), 
high viscous polybutadiene (PB2), and low viscous polydimethylsiloxane 
(PDMS). The authors studied the effect of viscosity ratio on the rheologi-
cal properties of the immiscible polybutadiene (PB1)/polydimethylsilox-
ane (PDMS) blend with an extremely high viscosity ratio (162,000) and the 
immiscible polybutadiene (PB2)/PDMS blend with a high viscosity ratio (37) 
as a function of various compositions. Figure 1.4 showed the storage and loss 
moduli for the PB2/PDMS blend at the various weight fractions of PB2. An 
increase in both G′ and G″ was observed for the blends until the PB2 content 
of 0.7 was reached. The storage modulus was observed to decrease while the 
loss modulus slightly increased when the content of PB2 was increased from 
0.7 to 0.9. The viscoelastic properties of the PB1/PDMS blends also increased 
systematically with increasing the weight fraction of PB1, and were observed 
to exhibit plateau values above a certain maximum weight fraction of PB1. 
Also, the viscoelastic properties of the PB1/PDMS blends were not affected 
by the change of blend morphology or phase inversion; on the other hand, the 
viscoelastic properties of the PB2/PDMS blends were significantly affected 
by phase inversion.
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FIGURE 1.2
Particle diameter versus annealing time at 180°C for (a) 70/30 polystyrene/polymethyl meth-
acrylate (PS/PMMA) bend without addition of a copolymer and (b) 70/30 PS/PMMA blend 
with 5% PS-b-PMMA copolymer. (Reproduced from Macosko, C. W., Guegan, P., Khandpur, 
A. K., Nakayama, A., Marechal, P., and Inoue, T. 1996. Compatibilizers for melt blending: 
Premade block copolymers. Macromolecules 29:5590–5598 with permission from American 
Chemical Society.)
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Wang et al. [7] reported effective strategy to compatibilize three immiscible 
polymers, polyolefins, styrene polymers, and engineering plastics, by using 
a polyolefin-based multiphase compatibilizer. A model ternary immiscible 
polymer blend consisting of polypropylene (PP)/polystyrene (PS)/polyamide 
(PA6), and a multiphase compatibilizer (PP-g-(MAH-co-St)) as prepared by 
maleic anhydride (MAH) and styrene (St) dual monomers melt grafting PP 
was used for the analysis. The authors reported that the multiphase com-
patibilizer, PP-g-(MAH-co-St) showed effective compatibilization in the PP/
PS/PA6 blends as the particle sizes of both PS and PA6 dispersed phases 
greatly decreased after the addition of the compatibilizer. Interfacial adhe-
sion in immiscible pairs was observed to increase under the influence of the 
compatibilizer. The morphology of PP/PS/PA6 (70/15/15) uncompatibilized 
blend revealed that the blend was constituted from the PP matrix as continu-
ous phase with dispersed composite droplets of PA6 core encapsulated by PS 
phase; however, a different morphology was observed in the compatibilized 
blend. The three components interacted strongly with each other in the pres-
ence of compatibilizer, and PS did not encapsulate PA6 as before, as shown in 
Figure 1.5. Similarly, for the 40/30/30 blend, the morphology was observed to 
change from a three-phase cocontinuous morphology (uncompatibilized) to 
the dispersed droplets of PA6 and PS in the PP matrix (compatibilized).
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FIGURE 1.3
Glass transition temperature of the components in polymethyl methacrylate/polystyrene 
(PMMA/PS) (◻, PMMA; ○, PS) and polyvinyl chloride (PVC)/PS (△, PVC; PS) blends. 
(Reproduced from Fekete, E., Foldes, E., and Pukanszky, B. 2005. Effect of molecular interac-
tions on the miscibility and structure of polymer blends. European Polymer Journal 41:727–736 
with permission from Elsevier.)
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Higgins et al. [8] reported the application of Born–Green–Yvon (BGY) 
theory to predict behavior that is outside the typical range of experimental 
conditions used to obtain the parameters. As an example, the authors used 
the characteristic parameters obtained by characterization of the blend from 
one set of molecular weights to predict the behavior of a different molecular 
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FIGURE 1.4
(a) Dynamic storage modulus (G′) of high viscous polybutadiene/low viscous polydimethyl
siloxane (PB2/PDMS) blends without preshear and (b) dynamic loss modulus (G″) of PB2/
PDMS blends without preshear. (Symbols: PB2 concentration of 0.1 [circles], 0.3 [squares], 
0.5 [diamonds], 0.7 [triangles], and 0.9 [reversed triangles], respectively.) (Reproduced from 
Rameshwaram, J. K., Yang, Y.-S., and Jeon, H. S. 2005. Structure–property relationships of 
nanocomposite-like polymer blends with ultrahigh viscosity ratios. Polymer 46:5569–5579 with 
permission from Elsevier.)
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a b
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FIGURE 1.5
Morphology of the uncompatibilized (a, a′, a″) and compatibilized (b, b′, b″) ternary poly-
propylene/polystyrene/polyamide (PP/PS/PA6) (70/15/15) blends: (a,b) cryofractured 
surface, (a′, b′) cryofractured and PS phase extracted using tetrahydrofuran (THF), (a″, b″) 
cryofractured and PA6 phase extracted using HCOOH. (Reproduced from Wang, D., Li, Y., 
Xie, X.-M., and Guo, B.-H. 2011. Compatibilization and morphology development of immis-
cible ternary polymer blends. Polymer 52:191–200 with permission from Elsevier.)
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weight combinations as shown in Figure 1.6. Experimental coexistence data 
for three different PS/PVME (poly(vinyl methyl ether)) blends are reported 
in Figure  1.6. PVME had a molecular weight of 51,500 g/mol, whereas 
the PS molecular weight changed from (top to bottom) 20,400 to 51,000 to 
200,000 g/mol. The temperature of the circled point shown in the figure was 
used to determine the mixed interaction parameter. The solid lines indicate 
the calculated binodal curves, whereas the dashed lines represent the spi-
nodal curves. It was clearly observed that the coexistence behavior was rep-
resented well by the theory. The prediction for the lowest molecular weight 
blend though was not as close to the experimental observations in compari-
son to the other higher molecular weight blends; however, the agreement 
was still quite reasonable.

Menyhard et al. [9] reported the generation of polymer blends based on 
the β-modification of polypropylene. The authors studied the melting and 
crystallization characteristics as well as the structure and polymorphic com-
position of the blends by polarized light microscopy (PLM) and differential 
scanning calorimetry (DSC). It was observed that the most important factor 
of the formation of the blend with β-crystalline phase when semicrystalline 
polymers were added to isotactic polypropylene (iPP) was the α-nucleation 
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FIGURE 1.6
Coexistence results for polystyrene/poly(vinyl methyl ether) (PS/PVME) of varying molecular 
weight ratios. The PVME component had a molecular weight of 51,500 g/mol, whereas the PS 
molecular weight changed from 20,400 (solid circles) to 51,000 (diamonds) to 200,000 (squares) 
g/mol. (Reproduced from Higgins, J. S., Tambasco, M., and Lipson, J. E. G. 2005. Polymer blends; 
stretching what we can learn through the combination of experiment and theory. Progress in 
Polymer Science 30:832–843 with permission from Elsevier.)
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effect of the second polymer. Also, in the case of polymers with an 
α-nucleating effect, the temperature range of their crystallization needs to be 
lower than that of β-iPP. The authors also concluded that the β-nucleated iPP/
PVDF and iPP/PA-6 blends were extreme examples showing that the β-iPP 
matrix could not completely form even in the presence of a highly effective 
β-nucleant because of the strong α-nucleating ability and higher crystalliza-
tion temperature range of PVDF and PA-6. Figure 1.7 shows the polarized 
light microscopy micrographs of a β-nucleated iPP/PA-6 blend containing 5 
wt% PA-6. Isothermal crystallization was carried out at Tc = 135°C for times 0 
min, 21 min, 45 min, and 60 min. The micrographs indicated the generation 
of blends with heterogeneous structure. PA-6 with a higher melting point 
crystallized first at around 190°C. A polymorphic structure consisting of α- 
and β-spherulites was formed.

Gopakumar et al. [10] reported the in situ compatibilization of 
poly(phenylene sulfide) (PPS)/wholly aromatic thermotropic liquid crystal-
line polymer (TLCP) Vectra A950 blends by reactive extrusion. The authors 
prepared the in situ compatibilized PPS/TLCP blends in a twin-screw 
extruder by reactive blending of PPS and TLCP in the presence of dicarboxyl-
terminated poly(phenylene sulfide) (DCTPPS). Block copolymer was formed 
during reactive blending, by transesterification reaction between carboxyl 

a b

c d

FIGURE 1.7
Polarized light microscopy micrographs of a β-nucleated isotactic polypropylene/polyamide-6 
(iPP/PA-6) blend containing 5 wt% PA-6. Isothermal crystallization was carried out at Tc = 135°C 
for (a) tc = 0 min, (b) tc = 21 min, (c) tc = 45 min, and (d) tc = 60 min. (Reproduced from Menyhard, 
A., Varga, J., Liber, A., and Belina, G. 2005. Polymer blends based on the β-modification of poly-
propylene. European Polymer Journal 41:669–677 with permission from Elsevier.)
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groups of DCTPPS and ester linkages of TLCP. The heat of melting, crys-
tallization temperature, and heat of crystallization of the PPS phase was 
observed to decrease in PPS/Vectra A950 blends on compatibilization that 
indicated the presence of favorable interaction between the blend compo-
nents. Apart from that, the tensile and impact properties of the compatibil-
izer blends were observed to enhance, which also indicated better interfacial 
adhesion between the components. Both uncompatibilized and compatibil-
ized PPS/Vectra A950 blends were observed to exhibit skin-core morphol-
ogy with the Vectra A950 fibers present more in the skin region but less in 
the core region. Figure 1.8 shows the scanning electron micrograph (SEM) 
of compatibilized PPS/Vectra A950 blends. Improved interfacial adhesion 
between the blend constituents was clear as fracture of the Vectra A950 fibrils 
was observed instead of their pulling out of the matrix. Enhanced interfacial 
bonding between the PPS matrix and Vectra A950 fibrils was also observed.

Patlazhan et al. [11] studied the shear-induced fractal morphology of 
immiscible reactive polymer blends. The example of grafting and cross-
linking multilayer systems of statistic terpolymer of ethylene, butyl acry-
late, and maleic anhydride (MAH) and statistic copolymers (CPA) including 

a

c

b

d

FIGURE 1.8
Scanning electron micrograph (SEM) of compatibilized poly(phenylene sulfide) PPS/Vectra 
A950 blends. (a) Perpendicular to injection flow direction: (a) skin region, (b) core region. Parallel 
to injection molded direction: (c) skin region and (d) core region. (Reproduced from Menyhard, 
A., Varga, J., Liber, A., and Belina, G. 2005. Polymer blends based on the β-modification of poly-
propylene. European Polymer Journal 41:669–677 with permission from Elsevier.)
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polyamide and acid groups terminated by acid or amine groups were used 
for the study. The interfaces obtained in the study included grafted interface 
formed by anchoring CPAG chains to reactive functional groups of MAH 
terpolymer (Figure  1.9a) and cross-linked interface formed by the chemi-
cal bonding of CPAC copolymer functional ends to MAH reactive groups 
(Figure 1.9b). The reactive polymer systems were observed to display con-
siderable hydrodynamic instabilities followed by the branched finger-like 
formations. The morphologies developed in the reactive polymer blends 
corresponded to fractal structures, and the fractal dimensions of the cross-
linked and grafted systems were 1.84 and 1.75, respectively. These values 
were close to the fractal dimension of the Laplacian growth patterns.

Ravati and Favis [12] generated a low percolation threshold conduc-
tive device prepared through the control of multiple encapsulation and 
multiple percolation effects in a five-component polymer blend system. 

(a)

(b)

FIGURE 1.9
(a) Grafting maleic anhydride–statistic copolymers (MAH-CPAG) interface and (b) cross-
linking MAH-CPAC interface (b). The dotted lines represent chemical links. CPAG includes one 
acid group at the one end and one amine function at the other, whereas CPAC included two 
amine functions. (Reproduced from Patlazhan, S., Schlatter, G., Serra, C., Bouquey, M., and 
Muller, R. 2006. Shear-induced fractal morphology of immiscible reactive polymer blends. 
Polymer 47:6099–6106 with permission from Elsevier.)



12 Functional Polymer Blends: Synthesis, Properties, and Performance

Conductive polyaniline (PANI) formed the core of the five-component 
continuous system that also included high-density polyethylene (HDPE), 
polystyrene (PS), poly(methyl methacrylate) (PMMA), and poly(vinylidene 
fluoride) (PVDF) along with PS-co-PMMA copolymer. Figure  1.10 shows 
the SEM micrographs of PANI network in PS/PMMA/PVDF/PANI and 
PS/PS-co-PMMA/PMMA/PVDF/PANI blends after extraction of all phases 
by DMF followed by freeze drying.

a b

c

e

350 nm

450 nm
650 nm

d

FIGURE 1.10
Scanning electron micrographs (SEMs) of (a,b) polyaniline (PANI) network in 25/25/25/25 
polystyrene/polymethyl methacrylate/poly(vinylidene fluoride)/polyaniline (PS/PMMA/
PVDF/PANI) blend after extraction of all phases by dimethylformamide (DMF) followed by 
freeze drying, and (c,d,e) PANI network in 15/20/15/25/25 PS/PS-co-PMMA/PMMA/PVDF/
PANI blend after extraction of all phases by DMF followed by freeze drying. (Reproduced from 
Ravati, S., and Favis, B. D. 2010. Low percolation threshold conductive device derived from a 
five-component polymer blend. Polymer 51:3669–3684 with permission from Elsevier.)
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Tsuneizumi et al. [13] studied the chemical recycling of poly(lactic acid)–
based polymer blends using environmentally benign catalysts, clay cata-
lysts, and enzymes. Poly(L-lactic acid) (PLLA)–based polymer blends (e.g., 
PLLA/polyethylene [PE] and PLLA/poly(butylenes succinate) [PBS]) were 
degraded into repolymerizable oligomer.

For the case of PLLA/PE, the first method chosen was the direct separa-
tion of PLLA and PE first by their different solubilities in toluene, followed 
by the chemical recycling of PLLA. Another method based on the selective 
degradation of PLLA in the PLLA/PE blend in a toluene solution at 100°C 
for 1 h was also performed. This led to the generation of lactic acid oligomer 
with a reduced molecular weight of 200 to 300 g/mol. The PE fraction had no 
change in the molecular weight and was recovered by precipitation. In the 
case of the PLLA/PBS blend, direct separation of PLLA and PBS by solubility 
in toluene was performed. Sequential degradation of the PLLA/PBS blend 
was also used. A lipase was used to first degrade PBS into cyclic oligomer, 
which was then repolymerized to produce a PBS. Subsequently, PLLA was 
degraded into repolymerizable oligomer. Figure 1.11 schematically presents 
these methods used for the recycling of blends.

Chemical recycling

PLLA
+

PE

PE

Dissolution
in toluene
at 100°C

Material
recycling

Cool
to r.t. Filtrate

Precipitate

Polymerization

LA oligomer

PLLA

PLLA Solid acid
MK5

(a)

(b)
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+
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Re-
precipitation

FIGURE 1.11
Recycling of (a) poly(L-lactic acid)/polyethylene (PLLA/PE) blend and (b) PLLA/poly(butylenes 
succinate) (PBS) blend. (Reproduced from Tsuneizumi, Y., Kuwahara, M., Okamoto, K., and 
Matsumura, S. 2010. Chemical recycling of poly(lactic acid)-based polymer blends using envi-
ronmentally benign catalysts. Polymer Degradation and Stability 95:1387–1393 with permission 
from Elsevier.)
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Baudouin et al. [14] demonstrated the effect of interfacial confinement of 
unfunctionalized multiwalled carbon nanotubes (MWNTs) on coalescence 
suppression in an immiscible polymer blend comprising of polyamide (PA)/
ethylenemethyl acrylate random copolymer (ethyl acrylate, EA). Figure 1.12 
shows the transmission electron micrographs (TEMs) of the blends generated 
by a twin-screw mini-compounder. No EA subinclusions were observed in 
the presence of MWNTs, even after 60 min of mixing. The nanotubes were 
observed to be mainly localized at the interface. The authors also confirmed 
the interfacial localization as is evident from the SEM micrograph after cryo-
fracture (Figure 1.12d), which demonstrated a PA droplet covered with nano-
tubes. Such particle (nanotubes) stabilized blends were suggested to be good 
alternatives to the blends compatibilized by block copolymers.

EA
200 nm 500 nm

PA

a

c

b

d

EA

PA

2 wt.–% MWNTs
10 min

2 wt.–%  MWNTs
60 min

EA

1 µm 1 µm

PA

PA

PA

PA

EA

PA

0.5 wt.–% MWNTs
10 min

2 wt.–% MWNTs
10 min

FIGURE 1.12
(a,b,c) Transmission electron micrographs (TEMs) of blends of ethyl acrylate (EA), polyam-
ide (PA), and multiwalled carbon nanotubes (MWNTs): (a) 2 wt% MWNTs, 10 min mixing; 
(b) 2 wt% MWNTs, 60 min mixing; (c) 0.5 wt% MWNTs, 10 min mixing; and (d) scanning 
electron micrograph (SEM) of a cryofractured blend of EA, PA, and 2 wt% MWNTs, 10 min 
mixing. (Reproduced from Baudouin, A.-C., Auhl, D., Tao, F. F., Devaux, J., and Bailly, C. 2011. 
Polymer blend emulsion stabilization using carbon nanotubes interfacial confinement. Polymer 
52:149–156 with permission from Elsevier.)
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Busche et al. [15] reported the properties of polystyrene (PS)/poly(dimethyl 
siloxane) (PDMS) blends partially compatibilized with star polymers con-
taining a γ-cyclodextrin core and polystyrene arms. The mechanism of com-
patibilization was observed to be threading of the cyclodextrin core by PDMS 
and subsequent solubilization in the PS matrix facilitated by the star arms.

The authors pointed out that there was ample evidence for partial com-
patibilization of PS and PDMS by the star polymer in solution-cast films. 
The glass transition temperatures of PS and PDMS shifted toward each other, 
and the shift was greater when the star polymer was present as compared to 
the case where no star polymer was used. Also, in the presence of the star 
polymer, a significant amount of PDMS was retained in the films, which 
otherwise leaches out of the films in the absence of the star polymer. As 
indicated by Figure 1.13, the compatibilized samples exhibited a higher stor-
age and higher amount of retained PDMS indicating restricted molecular 
mobility of PDMS in the presence of the star polymer.

Virgilio et al. [16] reported in situ Neumann triangle–focused ion beam–
atomic force microscopy (NT-FIB-AFM) method to measure modified 
PS/HDPE interfacial tensions in ternary PS/PP/HDPE blends demonstrating 
partial wetting. The ternary blend was also modified with styrene-(ethylene-
butylene), styrene-butadiene, and styrene-(ethylene-butylene)-styrene tri-
block copolymers. Figure  1.14 shows the morphology of the PS/PP/HDPE 
10/45/45 blends after 30 min of quiescent annealing used for Neumann tri
angle analysis. The concentration of styrene-(ethylene-butylene) (SEB) was 
gradually increased from 0% to 2% based on the PS content. It was observed 
that a gradual relocalization of the PS droplets from the PP side of the PP/HDPE 
interface to the HDPE side occurred as the concentration of SEB increased. At 
0.5% SEB concentration, already a significant relocalization of the PS droplets 
on the HDPE side of the PP/HDPE interface was observed that continued with 
1% and 2% concentrations, which led to a decrease in the PS droplet size.

Sohn et al. [17] studied the surface properties of comb-like polymer blends 
of poly(oxyethylene)s having CH3-terminated and CF3-terminated alkyl-
sulfonylmethyl side chains. Figure 1.15 shows the atomic force microscopy 
(AFM) images of the pure polymers as well as blends with different compo-
sitions. The surface of the homopolymers was observed to be flat, whereas 
the blend surfaces had comparatively rough morphologies. In the blends, the 
side chains were found to be well oriented on the surface, while being phase 
separated, forming various surface morphologies. Morphologies like holes, 
islands, and interconnected islands were generated. For example, the surface 
of the 20/80 blend showed holes that had a diameter distribution of 300 to 
700 nm. When the content of CF3-10SE was more than 40 mol% in the blends, 
the surface morphologies were observed to change from islands (40/60 
blend) and interconnected islands (60/40 blend) located in a somewhat lower 
phase to protruded islands (80/20 blend) that resembled an inverse form of 
the 20/80 blend morphology. It was thus believed that the CH3-10SE–rich 
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domains constituted the higher parts in the topography (brighter area) and 
that the CF3-10SE–rich domains were present in the lower parts (darker area). 
The authors observed that the polar CF3-terminal groups in the lower regions 
controlled the surface properties, because the contact angles and stick–slip 
behaviors of the blends containing more than 40 mol% of poly(oxyethylene) 
with CF3-terminated side chains were similar.
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FIGURE 1.13
Storage modulus curves for polystyrene (PS)/poly(dimethyl siloxane) (PDMS) films (a) with-
out and (b) with 1.0 wt% cyclodextrin (CD) core. The solid lines represented samples with 
no PDMS. The initial and retained amounts of PDMS are shown in the insets for the other 
samples. (Reproduced from Busche, B. J., Tonelli, A. E., and Balik, C. M. 2010. Properties of 
polystyrene/poly(dimethyl siloxane) blends partially compatibilized with star polymers con-
taining a γ-cyclodextrin core and polystyrene arms. Polymer 51:6013–6020 with permission 
from Elsevier.)
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Park et al. [18] reported the synthesis of dye-sensitized solar cells (DSSCs) 
based on electrospun polymer blend nanofibers as electrolytes. Electrospun 
poly(vinylidenefluoride–co-hexafluoropropylene) (PVDF–HFP) and PVDF–
HFP/polystyrene (PS) blend nanofibers were prepared as shown in Figure 1.16. 
The authors reported that the photovoltaic performance of dye-sensitive 
solar cell (DSSC) devices using electrospun PVDF–HFP/PS (3:1) nanofiber 
was much better as compared to DSSC devices using electrospun PVDF–HFP 
nanofiber. It was further observed that the overall power conversion effi-
ciency of the DSSC device using PVDF–HFP nanofiber had a lower value than 
that of the DSSC device using electrospun PVDF–HFP/PS blend nanofibers 
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FIGURE 1.14 (See color insert.)
Focused ion beam–atomic force microscopy (FIB-AFM) micrographs of polystyrene/polypro-
pylene/high-density polyethylene (PS/PP/HDPE) 10/45/45 blends after 30 min of quiescent 
annealing showing the gradual migration of the PS droplets toward the HDPE phase as a 
function of the increasing concentration of SEB. (a) 0.1% SEB, (b) 0.5% SEB, (c) 1% SEB, and 
(d) 2% SEB. (Reproduced from Virgilio, N., Desjardins, P., L’Esperance, G., and Favis, B. D. 2010. 
Modified interfacial tensions measured in situ in ternary polymer blends demonstrating par-
tial wetting. Polymer 51:1472–1484 with permission from Elsevier.)
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FIGURE 1.15 (See color insert.)
AFM images and line profiles of the surface topography of (a) CH3-10SE, (b) 20/80 blend, 
(c) 40/60 blend, (d) 60/40 blend, (e) 80/20 blend, and (f) CF3-10SE. (Reproduced from Sohn, E.-H., 
Kim, B. G., Chung, J.-S., and Lee, J.-C. 2010. Comb-like polymer blends of poly(oxyethylene)
s with CH3-terminated and CF3-terminated alkylsulfonylmethyl side chains: Effect of termi-
nal CF3 moiety on the surface properties of the blends. Journal of Colloid and Interface Science 
343:115–124 with permission from Elsevier.)
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indicating that the porosity of electrospun PVDF–HFP/PS blend nanofibers 
was higher, ion transfer occurred well, and regular nanofiber morphology 
helped in the transfer of ions produced by the redox mechanism.

Huang et al. [19] reported preliminary investigations on the phase mor-
phology development of a polymer blend in water-assisted injection mold-
ing unit. Experiments were carried out using polypropylene/polyamide-6 
(PP/PA-6) blends with PP as the continuous phase. The authors evaluated the 
morphology generated in the blends for spatial distribution of the dispersed 
phase as well as for size of the dispersed phase. It was observed that the mor-
phology developed at the position near the water inlet was induced mainly 
by the melt filling, whereas that near the end of the water channel was 
mainly ascribed to the high-pressure water-assisted filling (Figure 1.17). The 
authors investigated processing parameters like water pressure, melt tem-
perature, and injection speed from their impact on the resulting morphol-
ogy and concluded that higher water pressure, adequate melt temperature, 
and higher injection speed resulted in a more obvious deformation of the 
dispersed PA-6 phase.
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FIGURE 1.16
Scanning electron microscope (SEM) images of (a) poly(vinylidenefluoride–co-hexafluoro-
propylene)/polystyrene (PVDF–HFP/PS) (1:1), (b) PVDF–HFP/PS (2:1), (c) PVDF–HFP/PS (3:1), 
and (d) PVDF–HFP nanofibers generated by electrospinning. (Reproduced from Park, S.-H., 
Won, D.-H., Choi, H.-J., Hwang, W.-P., Jang, S.-i., Kim, J.-H., Jeong, S.-H., Kim, J.-U., Lee, J.-K., 
and Kim, M.-R. 2011. Dye-sensitized solar cells based on electrospun polymer blends as elec-
trolytes. Solar Energy Materials and Solar Cells 95:296–300 with permission from Elsevier.)
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Chang et al. [20] reported the preparation and characterization of shape 
memory polymer networks based on carboxylated telechelic poly(ε-
caprolactone) (XPCL)/epoxidized natural rubber (ENR) blends. It was 
observed that the XPCL/ENR blends could form cross-linked structure via 
interchain reaction between the reactive groups of each polymer during 
molding at high temperature. Degree of cross-linking and crystalline melt-
ing transition temperatures were observed to be dependent upon the blend 
compositions as well as the molecular weight of the XPCL segment in the 
blends. Figure 1.18 shows the strain recovery for the XPCL-1.2k, XPCL-2.0k, 
and XPCL-3.6k based blend networks measured as a function of tempera-
ture. Strain recovery occurred above Tm of each sample, and the final recov-
ery rate was observed to be dependent upon the gel content of each sample. 

FIGURE 1.18 (See facing page.)
The strain recovery curves for (a) XPCL-1.2k/ENR, (b) XPCL-2.0k/ENR, and (c) XPCL-3.6k/
ENR blends. (Reproduced from Chang, Y.-W., Eom, J.-P., Kim, J.-G., Kim, H.-T., and Kim, D.-K. 
2010. Preparation and characterization of shape memory polymer networks based on carboxyl-
ated telechelic poly(ε-caprolactone)/epoxidized natural rubber blends. Journal of Industrial and 
Engineering Chemistry 16:256–260 with permission from Elsevier.)

(a) (b) (c)

(2)

(1)

FIGURE 1.17
Scanning electron micrographs (SEMs) of (a) inner layer, (b) core region, and (c) outer layer 
at two positions of water-assisted injection-molded polypropylene (PP)/polyamide-6 (PA-6) 
blend. Water pressure, 10 MPa; melt temperature, 270°C; injection speed, 50%. (Reproduced 
from Huang, H.-X., and Zhou, R.-H. 2010. Preliminary investigation on morphology in 
water-assisted injection molded polymer blends. Polymer Testing 29:235–244 with permission 
from Elsevier.)
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When the gel content was low (e.g., 40% or less), the samples did not recover 
fully upon heating. On the other hand, when the gel content was high, the 
complete final recovery rate was obtained indicating the requirement of a 
network structure to achieve the property of shape memory effect.

Kowalonek et al. [21] studied pectin/polyvinylpyrrolidone (PVP) blends 
exposed to ultraviolet radiation and analyzed changes in the chemical struc-
ture. These biodegradable blends of natural pectin and synthetic polyvinyl-
pyrrolidone were obtained by casting from aqueous solutions. Figure 1.19 
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FIGURE 1.19 (See color insert.)
Atomic force microscopy height images of samples before (left) and after 30 h ultraviolet irra-
diation (right): (a) pectin (PEC), (b) PEC/polyvinylpyrrolidone (PVP) (80/20), and (c) PEC/
PVP (60/40). (Reproduced from Kowalonek, J., and Kaczmarek, H. 2010. Studies of pectin/
polyvinylpyrrolidone blends exposed to ultraviolet radiation. European Polymer Journal 46:345–
353 with permission from Elsevier.)
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shows the AFM images of pure pectin polymer as well as two blend sys-
tems. Pure PVP film was smooth on the surface, whereas unexposed pectin 
film was characterized by the more corrugated surface. The presence of tiny 
particles of nanometer size on the pectin film surface was observed. In the 
unexposed films of blends, the surface roughness was observed to increase 
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FIGURE 1.20
Scanning electron micrographs (SEMs) of the (a) 75CHT (chitosan), (b) 50CHT, and (c) 25CHT 
fiber surfaces after extracting the poly(ε-caprolactone) (PCL) component of the blend. 
(Reproduced from Malheiro, V. N., Caridade, S. G., Alves, N. M., and Mano, J. F. 2010. New 
poly(ε-caprolactone)/chitosan blend fibers for tissue engineering applications. Acta Biomaterialia 
6:418–428 with permission from Elsevier.)
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owing to component immiscibility. Ultraviolet (UV) irradiation led to sig-
nificant modification of all surfaces, and the changes were observed to be 
dependent on initial surface quality. In some blends surface roughness was 
increased owing to the relaxation processes and rearrangement of macro-
chains in formed films under nonequilibrium conditions. In other cases, sur-
face roughness decreased owing to efficient photodegradation.

Malheiro et al. [22] reported the production of poly(ε-caprolactone) (PCL)/
chitosan (CHT) blend fibers for future application as tissue engineering scaf-
folds. The authors generated fibers of chitosan and poly(ε-caprolactone) by 
wet spinning from blend solutions, using a formic acid/acetone 70:30 vol% 
mixture as common solvent and methanol as coagulant. The spectroscopic 
characterization of the systems led to the conclusion that a certain degree 
of interaction between the phases existed, though it was not a chemical 
interaction. Swelling of the fibers was studied by measuring the change 
in diameter after immersion in a physiological solution for 24 h. Pure PCL 
fibers did not show significant change in the diameter, whereas CHT fibers 
exhibited significant swelling in the physiological solution. In the case of 
blend fibers, an unexpected enhancement in swelling was observed, when 
compared with pure CHT. This was ascribed to an increase in porosity 
of the fibers with increasing PCL content. Morphology of the blend fibers 
was investigated after eliminating the PCL component with a suitable sol-
vent (e.g., chloroform) for 24 h. All the blends were observed to retain their 
dimensional stability, which also confirmed that chitosan formed the con-
tinuous phase in the blend. As seen in Figure 1.20, a smoother surface and 
small holes left by the extracted PCL were observed for all blends.

The authors concluded that if phase separation existed in the blends, it 
would only be at a very fine scale (<10 μm). The bled fibers were rigid, and 
the modulus was measured to be in the range of 1 to 3 GPa.
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Blends through Multiple Hydrogen 
Bonding Interactions
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2.1 � Introduction

Polymer blending is to combine two or more components and has superior 
mechanical, optical, or thermal properties than these individual polymers. 
From the practical and economical points of view, polymer blending from 
existing polymers is the most effective and convenient route to create new 
and useful materials with greater versatility and flexibility than the develop-
ment of new polymers. Basically, three different types of blends can be dis-
tinguished; completely miscible, immiscible, and partially miscible blends 
[1,2] as shown in Figure 2.1.

However, most randomly selected polymer pairs usually are immiscible 
and incompatible, resulting in products with more inferior properties than 
the average of the base polymers. In these compatible polymer blends, the 
control of interfacial tension plays an important role to govern the blend 
morphology and associated mechanical properties. The dispersed phase 
size reduction with decreasing interfacial tension is important for obtaining 
uniform blend properties, while retaining the physical properties of both 
of the homopolymers. During the last two decades, research activities on 
polymer compatibilization have grown at an exponential rate and have been 
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the subject of some reviews [3,4]. The block and graft copolymers are well 
known as efficient compatibilizers to reduce the interfacial tension of poly-
mer blends. In addition, the compatibilizer plays an important role in sup-
pressing coalescence of the dispersed domains. However, the microphase 
separation inherent to most block copolymers has high viscosity, making 
it difficult to disperse into binary homopolymer blends. In addition, block 
copolymer with high molecular weight may prefer to micellize within one of 
the homopolymers phases rather than reside at the interface. In order to over-
come many of the shortcomings of block copolymer, research activities in the 
area of the reactive-type compatibization have been stimulated and clearly 
become the mainstream in compatibilizing incompatible polymer during 
the past few years. The main advantage of using compatibilizer in polymer 
blends is the suppression of coalescence achieved through stabilizing the 
interface. An effective compatibilizer can improve the interfacial adhesion 
of a blend and consequently enhance its mechanical properties. However, 
effectiveness of a compatibilizer should consider both interfacial adhesion 
and matrix intrinsic property change of the base polymers. Most literature 
tends to emphasize only the interfacial properties but ignores the change 
of the matrix intrinsic properties induced by the compatibilizer [3,4]. In a 
reactively compatibilized blending system, a fraction of the compatibilizer 
(unreacted, partially reacted, or fully reacted), more or less, is expected to 
be distributed and dissolved in both base matrices that certainly will affect 
the intrinsic properties of the base polymers. It may increase or decrease the 
matrix intrinsic properties depending on the systems or the reaction mecha-
nism involved in the compatibilizer with matrices.

However, the compatible polymer blend is still immiscible due to a high 
degree of polymerization, thus the entropy term becomes vanishingly small 
and the miscibility is increasingly dependent on the nature of the enthalpic 
term contribution. To enhance the formation of a one-phase miscible sys-
tem in polymer blends, it is necessary to ensure that favorable specific inter-
molecular interaction exists between the two base components of the blend. 
Ideally, one polymer possesses donor sites and the other possesses acceptor 
sites on the chain. The most commonly observed interactions are the general 
acid–base type (i.e., hydrogen bonding, ion-dipole, π-π interaction, or charge 

Miscible Immiscible Partially Miscible

FIGURE 2.1
Typical polymer blend classification.
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transfer interaction) [5–11]. A great deal of work in recent years has been 
involved with intermolecular hydrogen bonding. The miscibility of polymer 
blends, self-assembly and supramolecular nanostructures, nanocomposites, 
and low surface energy materials mediated by hydrogen bonding strength 
have been discussed [12–19]. Although there are already several excellent 
reviews on hydrogen bond polymer blends [20–26], this chapter will mainly 
discuss the recent research approaches in polymer blends through multiple 
hydrogen bonding interaction.

2.2 � Hydrogen Bonding Interaction

Specific interactions have been a topic of intense interest in polymer science 
recently, such as dipole-dipole interaction, hydrogen bonding, and ionic 
interaction. A hydrogen bond results from a dipole-dipole force between an 
electronegative atom and a hydrogen atom bonded to nitrogen, oxygen, or 
fluorine. The nature of hydrogen bonding and its effect on the microstruc-
ture and physical properties of various materials have received attention 
from scientists in recent years [27–32]. Hydrogen bonding is an intensively 
studied interaction in physics, chemistry, and biology, and its significance is 
conspicuous in various real-life examples. An understanding of H-bonding 
interaction calls for input from various branches of science leading to a broad 
interdisciplinary research. The hydrogen bond as a directed attractive inter-
action between electron-deficient hydrogen and a region of high electron den-
sity have been reviewed intensely [33,34]. H-bond is a noncovalent, attractive 
interaction between a proton donor A-H and a proton acceptor B in the same 
or in a different molecule. In general, the definition of a hydrogen bond is 
that the proton usually lies on a line joining the A, B atoms (i.e., the hydrogen 
bond is linear; A-H…B), and the distance between the nuclei of A and B atom 
is considerably less than the sum of the van der Waals radii of A and B and 
the diameter of the proton (i.e., the formation of the hydrogen bond leads to 
a contraction of the A-H…B system). The A and B atoms are usually only the 
most electronegative such as F, O, and N atoms. However, the experimental 
and theoretical results reveal that even C–H can be involved in H-bonds, and 
p electrons can act as proton acceptors in the stabilization of weak H-bonding 
interaction in many chemical systems [29,30]. Most other authors also define 
a hydrogen bond by its effect on the properties of a material or by its molec-
ular characteristic. Covalent bonds have strengths of the order of 50 kcal/
mole; van der Waals attractions may be in the order of 0.2 kcal/mole, while 
hydrogen bonds most often possess strength in the range of 1 to 40 kcal/
mole. The strength of the strong H-bonding interactions ranges from 15 to 
40 kcal/mol [27–30]. For the moderate (conventional) and weak H-bonds, the 
strengths vary from 4 to 15 to 1 to 4 kcal/mol, respectively.
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Furthermore, the hydrogen bonding can exist in intermolecular or intra-
molecular bonds, and this range of energies is like a liquid at room tempera-
ture. The hydrogen bond donor and the hydrogen bond acceptor can belong 
to the same molecule or to two different molecules: the former case is known 
as “intramolecular hydrogen bond” (Figure 2.2).

The latter as “intermolecular hydrogen bond” is shown in Figure  2.3. 
Obviously, the intramolecular hydrogen bond is necessarily a bent bond, 
whereas the intermolecular one is generally linear or nearly linear. However, 
the intramolecular hydrogen bonding (same functional group) in polymer 
chains will have two different types: one is from interchain hydrogen bond-
ing interaction and the other is intrachain hydrogen bonding interaction. For 
example, the formation of α-helix and β-sheet structures of polypeptides is 
stabilized through intrachain and interchain hydrogen bonds, respectively 
[16]. In addition, the strength of each individual hydrogen bond is also 
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strongly dependent on what kinds of solvents you use, and it is generally 
believed that the addition of a polar solvent would significantly decrease 
the hydrogen bond strength over many orders of magnitude because solvent 
molecules can also participate in hydrogen bonding interaction. Therefore, 
the supramolecular chemistry of hydrogen-bonded polymers is mostly done 
in nonpolar solvents such as linear and cyclic alkanes, toluene, dichloro-
methane, and chloroform.

In addition, the most widely used experimental methods to characterize 
the hydrogen bond are (1) infrared and Raman techniques, which provide 
information about the stretching and deformation vibrations of A-H bonds 
and acceptor groups; (2) electronic absorption and fluorescence spectrosco-
pies in the ultraviolet and visible regions, which show the effect of hydrogen 
bond formation on the electronic levels of the participating molecules; 
(3) solid or liquid state magnetic resonance spectroscopy, which can be used 
to study the effect of hydrogen bond formation on the chemical shift of the 
A-H; and (4) X-ray photoelectron spectroscopy has also been used to study 
the specific interaction between the metal and ligand or hydrogen bonding 
interaction in polymer blends [35–37]. Among these methods, by far the most 
sensitive and inexpensive is infrared spectroscopy.

2.3 � Miscibility Enhancement through Multiple 
Hydrogen Bonds

In general, the hydrogen-bonded polymer blend is generally predicted by 
the Painter–Coleman association model due to exact prediction in most 
systems. Painter and Coleman suggested adding an additional term to the 
simple Flory–Huggins expression to account for the free energy of hydrogen 
bond formation upon the mixing of two polymers [38–40]:

	
G
RT N N

G
RT

N A

A
B

B

B
B A B AB

H= + + +
φ φ

φ φ φ χln ln 	 (2.1)

where ϕA and ϕB are the volume fractions of polymers A and B, respectively, 
in the blend, and NA and NB are the corresponding degrees of polymeriza-
tion. Thus, the free energy of mixing is dominated by the balance of the last 
two terms, χϕAϕB, which is an unfavorable contribution derived from physical 
forces, and ΔGH/RT, a favorable contribution derived from hydrogen bonding 
or “chemical” forces. The positive contribution from the physical forces is 
determined using a Flory-type χ parameter that is, in turn, estimated from 
solubility parameters calculated from the molar attraction and molar volume 
constants of non-hydrogen-bonded groups. The negative contribution from 
chemical forces is determined from equilibrium constants and enthalpies 
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of hydrogen bond formation, which are derived from infrared (IR) spectro-
scopic data to describe the self- and interassociations and the distribution 
of hydrogen-bonded species in the polymer blend. Although these self- and 
interassociation equilibrium constants cannot be obtained independently 
from their mixtures, fortunately, the relative magnitudes of the inter- and 
self-association equilibrium constants are more important and dominantly 
determine the contribution of the free energy of mixing rather than their 
individual absolute values. If the interassociation is strongly favored over 
the self-association, the polymer blend is expected to be miscible, such as 
the poly(vinyl phenol)/poly(vinyl pyrrolidone) blend system (KA/KB ≒ 100) 
[41,42]. Conversely, if the self-association is stronger than the interassocia-
tion, the blend tends to be immiscible or partially miscible as the poly(vinyl 
phenol)/poly(acetoxystyrene) blend system [43].

In general, to obtain a one-phase system in polymer blends, it is usually 
necessary to ensure that favorable specific intermolecular interaction exists 
between two base components of the blend. There has been much interest in 
miscible polymer blends for which one or both polymers are random copo-
lymers. Many studies have shown that several copolymer–homopolymer 
and copolymer–copolymer blends may be miscible in a certain range of 
compositions and temperatures even though the respective constituent 
homopolymers are pairwise immiscible and no specific interaction exists 
between these blend systems due to the “copolymer repulsion effect” [44,45]. 
The overall interaction energy in these blend systems can be obtained by 
the binary interaction model based on Flory–Huggins lattice theory that can 
predict the effect of the copolymer composition on these miscible blends 
[46]. In addition, the formation of hydrogen bonding usually also induces 
the miscibility of the polymer blends as it is always a significant contribu-
tion to the free energy of mixing. In general, the miscibility of an immiscible 
blend can be enhanced by introducing a functional group to one polymer 
capable of forming an intermolecular association with another polymer [46]. 
In general, there are three methods to enhance the miscibility of an immis-
cible blend through a hydrogen bond: (1) incorporation of hydrogen-bonding 
monomer on main chain, (2) inert diluent segment effect, and (3) ternary 
polymer blend, which have been discussed in detail previously [19,22].

For example, the polystyrene is immiscible with many polymers due to lack 
of a functional group capable of interacting with other polymers. In previ-
ous studies of the roles of intermolecular association in miscibility enhance-
ment, we found that the incorporation of a large number of hydrogen bond 
acceptors (ca. 45 mol% of polyacetoxystyrene) or donors (ca. 13 mol% of poly-
vinylphenol) into a polystyrene (PS) chain renders the modified polymer 
miscible with phenolic resin (a well-known hydrogen bonding donor) [47] or 
poly(ε-caprolactone) (a well-known hydrogen bonding acceptor) [48], respec-
tively. If the monomers possess relatively weak hydrogen-bonding moieties 
(e.g., hydroxyl, carboxyl, pyridyl, or ether groups), then the corresponding 
weak intermolecular interactions require a relatively high mole percentage 
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of the copolymer to induce miscibility, resulting in properties of the poly-
mer blend that differ substantially from those of the unmodified polymer 
[49,52]. Ideally, adding low mole percentages of the recognition units into 
the two immiscible phases would result in a miscible phase. According to 
Painter–Coleman association model (PCAM) prediction, the relative mag-
nitudes of inter- and self-association equilibrium constants are more impor-
tant that dominantly determine the contribution of the free energy of mixing 
rather than their individual absolute values. Based on our knowledge, the 
multiple hydrogen bonding is an easy approach to enhance the miscibility 
of the polymer blend. Multiple hydrogen-bonded arrays play a fundamen-
tal role in complex biological systems (e.g., DNA complexation). DNA is a 
very influential structure in polymer science, where it is often presented as a 
defined macromolecule possessing a nearly perfect molecular structure. As 
a result, the preparation of synthetic polymers that mimic DNA remains a 
very important challenge in polymer science [53]. The self-assembly of pairs 
of DNA strands is mediated by intermolecular hydrogen bonding between 
complementary purine (A and G) and pyrimidine (T and C) bases attached 
to a phosphate sugar backbone: G binds selectively to C, and A binds selec-
tively to T [54]. Taking this cue from nature, supramolecular structures can 
be prepared from synthetic polymers possessing nucleotide bases on their 
side chains. The binding force of multiple hydrogen-bonding systems can be 
tuned leading to association constants from several M–1 up to more than 106 
M–1 as shown in Figure 2.4 [55].

Liu et al. investigated the coaggregation of PtBA-b-poly(2-cinnamyloxyethyl 
methacrylate) (PCEMA) and PS-b-PCEMA in a mixture of CHCl3 and 
hexane. To ensure coaggregation, the PCEMA block was tagged with the 
hydrogen-bonding DNA base pairs T and A [56]. Lutz et al. demonstrated 
that the adenine functionalized copolymer self-assembles with its thymine-
functionalized counterpart into supramolecular aggregates, which show a 
temperature-dependent “melting” behavior in nonpolar solvents [57–59]. 
Rotello et al. demonstrated the thermally reversible formation of micron-size 
gel-like spherical aggregates through noncovalent polymer cross-linking. 
This cross-linking occurred as a direct result of specific three-point hydro-
gen bonding between thymine and diacyldiamidopyridine functionalities 
[60–62]. The spherical aggregates are stable indefinitely at ambient tempera-
ture, dissociate at 50°C, and reform upon cooling; this heating–cooling cycle 
can be repeated multiply with no decomposition [60]. Long et al. synthesized a 
nucleobase-functionalized triblock copolymer featuring A- and T-containing 
blocks through nitroxide-mediated radical polymerization [64]. The blend-
ing of complementary polymers led to dramatic increases in viscosities and 
glass transition temperatures as a result of hydrogen-bonding interactions 
between the A and T units [64,65]. Sleiman and Bazzi used ring-opening 
metathesis polymerization to synthesize A-containing block copolymers that 
self-assembled into cylindrical morphologies through self-complementarily 
hydrogen bonding the adenine units in the molecular core [66].
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Park and Zimmerman reported a supramolecular polymer blend consist-
ing of a pair of immiscible polymers, poly(butyl methacrylate) (PBMA) and 
PS. A urea derivative of guanosine (UG) and 2,7-diamido-1,8-naphthyridine 
(DAN) form an exceptionally strong quadruply hydrogen-bonding complex 
as shown in Figure 2.5 [67]. Size exclusion chromatography (SEC), dynamic 
light scattering (DLS), and viscosity analyses have been used to provide 
evidence for the formation of supramolecular network structures in these 
binary blend systems [67].

We investigated the miscibility behavior, specific interactions, 
and supramolecular structures of blends of the DNA-like copoly-
mers poly(vinylbenzylthymine-co-butyl methacrylate) (T-PBMA) and 
poly(vinylbenzyladenine-co-styrene) (A-PS) with respect to their vinylben-
zylthymine (VBT) and vinylbenzyladenine (VBA) contents through free 
radical copolymerizations as shown in Figure 2.6 [68].

Figure 2.7 displays differential scanning calorimetry (DSC) thermograms 
of A-PS/T-PBMA = 50/50 blends, where the A-PS and T-PBMA components 
contain various contents of VBA and VBT, respectively [68]. The binary blend 
of PS and PBMA exhibits two glass transition temperatures located at the 
same temperatures as those of their respective pure polymers, revealing 
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that they are completely immiscible. We found, however, that the value of Tg 
shifted upon increasing the VBA and VBT contents in the copolymers; when 
8 mol% or more of VBA and 11 mol% or more of VBT were incorporated into 
the PS and PBMA main chains, respectively, the PS/PBMA binary blends 
formed miscible pairs exhibiting a single value of Tg through strong mul-
tiple hydrogen-bonding interactions between the A and T units. Meanwhile, 
the single values of Tg of the copolymer blends fall between those of the two 
parent polymers (PS and PBMA), but they are significantly higher than the 
values predicted by the Fox equation, again indicating the presence of strong 
multiple hydrogen-bonding interactions between the A and T segments in 
the copolymers.

In addition, Figure 2.8 shows atomic force microscopy (AFM) images for 
providing microscopic evidence for the homogeneous mixing without phase 
separation [68]. The thin film prepared by casting a 4 g/dL solution of PBMA 
and PS in chloroform on glass exhibited islands with lateral dimensions ca. 
100 nm (Figures 2.8a and 2.8b). However, the thin film of a mixture of A-11 
PS and T-24 PBMA prepared in the same way as that above was smooth, with 
no features evident on the nanometer scale (Figures 2.8c and 2.8d). These 
observations are consistent with the formation of a miscible blend driven 
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by the A-T recognition. Although the structure of the polymer assembly is 
not known, it is likely that a supramolecular network is formed. In addi-
tion, SEC, DLS, and viscosity analyses provided evidence for the formation 
of supramolecular network structures in these binary blend systems.

In our system, pure PVBA and PVBT dissolve only in high-polarity sol-
vents, such as dimethylformamide (DMF) and dimethyl sulfoxide (DMSO), 
which interfere with self- and interassociation hydrogen bonding and would, 
therefore, provide incorrect equilibrium constants [38]. Thus, we synthesized 
two low-molecular-weight model compounds, 9-hexadecyladenine (AC-16) 
and 9-hexadecylthymine (TC-16), to determine the interassociation equilib-
rium constants (Ka) through proton nuclear magnetic resonance (1H NMR) 
spectroscopic titration experiments in CDCl3 at room temperature, based on 
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the method developed by Benesi and Hildebrand [69]. Figure  2.9 displays 
1H NMR spectra of AC-16/TC-16 mixtures at various ratios. The addition of 
AC-16 to a TC-16 solution led to a downfield shift of the signal of the thymine 
group that appeared initially at 8.41 ppm, indicating that strong intermo-
lecular hydrogen bonding occurred between the T and A groups [68].

A plot of this chemical shift versus the reciprocal of the concentration 
(Figure  2.10) allowed us to calculate the interassociation equilibrium con-
stant (Ka = 534 M–1). We transformed the value of Ka from the model com-
pound into KA by dividing by the molar volume of the VBA repeat unit 
(0.1125 L mol–1 at 25°C) [24], providing a value for the interassociation equilib-
rium constant KA of 4750. Likewise, we determined that the self-association 
equilibrium constant (KB) of adenine was 32, after dividing the value of Kb 
of 3 M–1 for the model compound 2-ethyladenine by the molar volume of the 
VBA repeat unit [70].

In addition, we proposed another approach for further decreasing 
lower mole percentages of the recognition units to enhance the miscibility 
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Proton nuclear magnetic resonance (1H NMR) spectra (in d-chloroform CDCl3, room tempera-
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Kuo, S. W., and Cheng, R. S. 2009. DNA-like interactions enhance the miscibility of supramo-
lecular polymer blends. Polymer 50:177–188. Copyright 2009, Elsevier Science Ltd., UK.)
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behavior by using stronger multiple hydrogen-bonding strength than A-T 
interaction into the PS and PBMA main chains. Komiyama et al. used free 
radical polymerization to prepare a series of copolymers based on 2-vinyl-
4,6-diamino-1,3,5-triazine (VDAT) [71–73], which can form triply hydrogen-
bonded complexes with thymine adducts in nonpolar solvents. A 1H NMR 
spectroscopic titration experiment suggested that the interassociation equi-
librium constant between diamino-1,3,5-triazine (DAT) and thymine (T) 
[74] is ca. 890 M–1 (i.e., it is stronger than the interassociation equilibrium 
constant between A and T, ca. 530 M–1, as mentioned above). As a result, 
we chose 2-vinyl-4,6-diamino-1,3,5-triazine (VDAT) and 1-(4-vinylbenzyl)
thymine (VBT) as monomers for independent copolymerization with sty-
rene and butyl methacrylate monomer, noting that VDAT and T have low 
self-association equilibrium constants (Kdim = ca. 2–3 M–1) [75] but form very 
strong complexes together (Ka = ca. 890 M–1) (Figure 2.11).

Figures 2.12a and 2.12b display the miscibility window for the VDAT-PS/T-
PBMA and A-PS/T-PBMA blends as predicted theoretically using the PCAM 
[40], respectively. The x-axis represents the weight percentage of VDAT and 
VBA in the PS copolymer, respectively; the y-axis represents the weight per-
centage of VBT in the T-PBMA copolymer. Figure 2.12a shows that the binary 
blends of copolymers would be completely miscible if the VDAT and VBT 
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content were greater than 8 and 12 wt% (ca. 7 and 11 mol%, respectively). 
Clearly, the miscibility window of Figure 2.12a is larger than the VBA-PS/T-
PBMA binary blend in Figure 2.12b [76].

In addition, the model’s predicted miscibility window compares favorably 
with our experimental results derived from DSC analyses. The reason is that 
the interassociation equilibrium constant between (DAT) and thymine (T) is 
ca. 890 M–1 (i.e., it is stronger than the interassociation equilibrium constant 
between A and T, ca. 530 M–1). In other words, the triple hydrogen-bonding 
strength of DAT-T is stronger than double hydrogen bonding of A-T interac-
tions, thus stronger hydrogen-bonding strength into the PS and PBMA main 
chains for decreasing lower mole percentages of the recognition units to 
enhance the miscibility behavior.

Multiple hydrogen bonding could not only enhance the miscibility 
behavior of the polymer blend but also its thermal properties. For instance, 
poly(methyl methacrylate) (PMMA) is a colorless, commercially mass-
produced, transparent polymeric material exhibiting high light trans-
mittance, chemical resistance, and weathering corrosion resistance and 
good insulation [77]. These properties make PMMA a valuable substitute 
for glass in optical device applications (e.g., compact discs, CDs, optical 
glasses, and optical fibers) [78]. Because the glass transition temperature 
of PMMA is, however, relatively low (Tg = ca. 100°C), its applications in 
the optical-electronic industry are limited because it undergoes distor-
tion when used in an inner glazing material [79,80]. To raise the value of 
Tg, PMMA copolymers incorporating rigid or bulky monomer structures 
(to overcome the miscibility problem) and monomers that can form hydro-
gen bonds with the carbonyl groups of PMMA have been reported widely 
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[81–86]. Previously, we suggested an approach to raise the value of Tg of 
PMMA through copolymerization with methacrylamide (MAAM) because 
hydrogen-bonding interactions exist between these two monomer seg-
ments [87,88]. The values of Tg of such copolymers are generally higher 
than those of the corresponding polymer blends, because, as reported 
widely, compositional heterogeneities exist in hydrogen-bonded copoly-
mers [89,90]. In all previous studies, the monomers have possessed rela-
tively weak (single) hydrogen-bonding moieties (e.g., hydroxyl, carboxyl, 
pyridyl, or ether groups). Such intermolecular interactions must be present 
at relatively high mole percentages to enhance the thermal behavior of the 

50 a

b

40

30

20

PCAM prediction (immiscible)
Experimental data (immiscible)
Experimental data (miscible)

10

0
0 10 20

VDAT Weight Percent in VDAT-PS Copolymer

VB
T 

W
ei

gh
t P

er
ce

nt
 in

 T
-P

M
BA

 C
op

ol
ym

er

30 40

50

40

30

20

10

0
0 10 20

VBA Weight Percent in A-PS Copolymer
30 40

FIGURE 2.12
Theoretical miscibility windows for (a) VDAT-PS/T-PBMA and (b) A-PS/T-PBMA blends 
obtained from the Painter–Coleman association model PCAM; (•) spinodal curve and experi-
mental data: (◻) two-phase system; (⚬) one-phase system. (Reprinted with permission from 
Kuo, S. W., and Hsu, C. H. 2010. Miscibility enhancement of supramolecular polymer blends 
through complementary multiple hydrogen bonding interactions. Polymer International 59:998–
1005. Copyright 2010, Wiley-VCH, Germany.)



42 Functional Polymer Blends: Synthesis, Properties, and Performance

copolymers; therefore, the structures of the copolymers differ substantially 
from those of their unmodified polymers [19]. Ideally, adding low mole 
percentages of the recognition units into the copolymers would enhance 
their thermal and mechanical properties.

As a result, we prepare strong multiple hydrogen-bonding interactions 
between the 2,4-diaminotriazine groups of the PVDAT units and the T groups 
of the poly(vinylbenzylthymine) (PVBT) units in blends of poly(2-vinyl-4,6-
diamino-1,3,5-triazine-co-methyl methacrylate) (PVDAT-co-PMMA) and 
poly(vinylbenzyl thymine-co-methyl methacrylate) (PVBT-co-PMMA) as 
shown in Figure 2.13 [91].

Figure  2.14 displays DSC thermograms of PVDAT-co-PMMA/PVBT-co-
PMMA 50/50 blends, where the D-PMMA and T-PMMA components contain 
various contents of VDAT and VBT, respectively. Each of these binary blends 
exhibited a single glass transition temperature, indicating that the blends were 
miscible on the range 20 to 40 nm; the value of Tg shifted upon increasing the 
VDAT or VBT content in these two PMMA-based copolymers. It is notable that 
blending only 12 mol% of VBT and 20 mol% of VDAT into the PMMA copo-
lymer chain increased the value of Tg by 50°C relative to that of pure PMMA, 
providing a glass transition temperature similar to that of polycarbonate.

Fourier transform infrared (FTIR) and solid-state nuclear magnetic reso-
nance (NMR) spectroscopic analyses both provided positive evidence for 
hydrogen-bonding interactions within these copolymer systems. We obtained 
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a single value of the spin-lattice relaxation times in the rotating frame for the 
copolymer blend that was lower than those of the pure copolymers, suggest-
ing a decrease in the free volume of the blend. Thus, significant increases 
in the value of Tg of PMMA can be achieved through copolymerization of 
methyl methacrylate individually with complementary nucleobase mono-
mers and then mixing of the resulting copolymers to form multiple hydro-
gen-bonding interactions.

We further characterized this copolymer mixture by using an Ubbelohde 
viscometer to measure the solution viscosity of a mixture of D20-PMMA 
and T12-PMMA in tetrahydrofuran (THF). The formation of supramolecular 
polymers in the D20-PMMA/T12-PMMA blends provided a higher solution 
viscosity relative to that of pure PMMA as shown in Figure 2.15; in addition, 
the viscosity increased upon increasing the concentrations of the copolymers. 
This supramolecular polymer also could be observed macroscopically—in 
the form of a gel—from a 1:1 mixture of D20-PMMA/T12-PMMA in THF at 
a concentration of 30 g/dL; at the same concentration, a solution of PMMA, 
which lacked any specific interpolymer hydrogen-bonding interactions, 
flowed freely (see the inset to Figure 2.15).

Figure  2.16 shows the possible chain behaviors of D-PMMA/T-PMMA 
blends through multiple hydrogen-bonding units into PMMA, which enchanced 
the thermal properties and dramatically increased the viscosity as a result of 
the formation of supramolecular polymers.
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In addition, Weck et al. synthesized random copolymers containing cyanu-
ric acid recognition units via ring-opening metathesis polymerization (ROMP) 
and studied their cross-linking behavior through complementary hydrogen 
bonding in a nonpolar solvent [92–94]. Scherman and Celiz performed con-
trolled anionic ring-opening polymerization of poly(ε-caprolactone) (PCL) in 
toluene using self-complementary quadruply hydrogen-bonding 2-ureido-
4[1H]-pyrimidinone (UPy)-functionalized initiators, which led to a marked 
increase in viscosity [95]. We also prepared a series of poly(methyl methac-
rylate) (PMMA)-based copolymers through free radical copolymerization of 
methyl methacrylate in the presence of 2-ureido-4[1H]-pyrimidinone methyl 
methacrylate (UPyMA) as shown in Figure 2.17 [96].

Figure 2.18 displays DSC curves recorded at temperatures ranging from 
40 to 160°C, of the P(MMA-co-UPyMA) copolymers. Pure PMMA exhibits 
a single glass transition temperature at ca. 100°C; the glass transition tem-
peratures of the P(MMA-co-UPyMA) copolymers increased upon increasing 
their UPyMA contents due to the incorporation of the strongly interacting 
UPyMA units.

The absence of two glass transition temperatures for these copolymers 
indicates a random copolymerization of these two monomers. Compared 
with P(MMA-co-MAAM) copolymers, the Tg for 8.4-MAAM was 126°C [87], 
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which was significantly less than Tg for U07-PMMA copolymer (135°C) at a 
similar molar incorporation of hydrogen-bonding sites. This is due to stron-
ger self-complementary multiple hydrogen-bonding interaction (as shown 
in Figure  2.19) in P(MMA-co-UPyMA) copolymers than single hydrogen-
bonding site in P(MMA-co-MAAM) copolymers.
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2.4 � Conclusions

This chapter has assembled recent studies on multiple hydrogen-bonding 
interactions in polymer blend systems. Research in this field has become 
quite well developed in recent years and offers various concepts to misci-
bility, thermal, rheology, and mechanically behaviors. Due to the diverse 
nature of polymers with specific functionality, the way is open to construct 
function into the newly formed materials for polymer blend systems.
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3.1 � Introduction

In general, chemically different polymers are incompatible and exhibit mac-
roscopic phase separation because of a vanishingly small mixing entropy 
of high molecular weight polymer chains, and the phase structure strongly 
influences the slow dynamics of blends (Utracki, 1989). Nevertheless, a con-
siderable number of polymer pairs are known to be miscible in given ranges 
of temperature and composition. In early studies, blends of such miscible 
polymers were considered to be more or less similar to blends of chemically 
identical polymers and were subjected to just a vague focus of research. 
However, at temperatures above the glass transition temperature, the local 
concentration of the components in miscible blends fluctuates with time. In 
other words, the miscible blends are statically homogeneous but dynamically 
heterogeneous. This dynamic heterogeneity provides the miscible blends 
with a variety of unique features such as broad segmental relaxation/glass 
transition and significant thermorheological complexity (failure of time-tem-
perature superposition) for both local and global relaxation processes (see, 
e.g., Alegria et al., 1994; Chen et al., 2008, 2011, 2012; Chung et al., 1994; Colby 
and Lipson, 2005; Ediger et al., 2006; Haley and Lodge, 2005; Haley et al., 
2003; Hirose et al., 2003, 2004; Kumar et al., 1996; Lodge and McLeish, 2000; 
Lutz et al., 2004; Miller et al., 1990; Miura et al., 2001; Pathak et al., 1998, 1999, 
2004; Sakaguchi et al., 2005; Takada et al., 2008; Urakawa, 2004; Urakawa 
et al., 2001; Watanabe and Urakawa, 2009; Watanabe et al., 2007, 2011; Zhao 
et al., 2008, 2009).
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The above unique features, not observed for blends of chemically identi-
cal polymers, result from an interesting correlation between the length/time 
scales of the heterogeneity and the dynamic processes. This chapter briefly 
summarizes those features of the miscible blends in the linear response 
regime where the equilibrium chain motion determines the dynamic prop-
erties of the blends. The nonlinear features reflecting the nonequilibrium 
chain motion (under flow, for example) are also very interesting but are not 
included in this chapter. Readers interested in the nonlinear features are 
guided to recent papers by Endoh et al. (2008) and by Zhang et al. (2008) and 
the references therein.

3.2 � Basics of Relaxation of Polymer Liquids

3.2.1 � Viscoelastic Relaxation

At temperatures T above the glass transition temperature Tg, amorphous flex-
ible polymers behave as liquids. Such polymeric liquids exhibit a mechanical 
stress when subjected to an instantaneous step shear strain γ at time 0; see 
Figure 3.1a. This stress essentially reflects the strain-induced isochronal orien-
tational anisotropy of the chain conformation at various length scales ranging 
from a very local monomeric scale to a global scale spanning the ends of 
the chain (Inoue et al., 1997; McLeish, 2002; Watanabe, 1999). The anisotropy 
decays with time t because of the thermal motion of the polymer chains, 
and the stress σ(t) relaxes accordingly. This stress relaxation is character-
ized by the relaxation modulus, G(t) = σ(t)/γ. The local anisotropy decays 
through the local, fast motion of the chain to govern the short time part of the 
stress relaxation, whereas the decay of the large-scale anisotropy, occurring 
through the slow global chain motion, determines the long time part of the 
stress relaxation. (Strain-induced distortion of atomic packing also contrib-
utes to the stress, but the stress having this structural origin relaxes almost 
instantaneously.) Consequently, the relaxation modulus G(t) reflects the chain 
motion in various length scales to exhibit a relaxation mode distribution.

Under infinitesimal strain, the thermal motion of the chain activating the 
relaxation coincides with the motion at equilibrium. For this case, the stress 
σ(t) under the step strain γ (« 1) is proportional to γ, and G(t) is independent 
of γ and depends only on t. In this linear viscoelastic regime, the stress σ(t) 
due to a strain γ(t′) of arbitrary history at t′ < t is expressed as a convolution 
of the relaxation modulus G(t) and the strain rate dγ/dt (Ferry, 1980):

	 σ
γ

( ) ( )
( )

t G t t
t
t

t
t

= −
−∞∫

d
d

d 	 (3.1)
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Specifically, for sinusoidal strain γ(t) = γ0 sin ωt oscillating with a small ampli-
tude γ0 at an angular frequency ω (= 2πf with f being the frequency in Hz), 
Equation (3.1) gives

	 σ(t) = γ ω ω ω ω0 ( ) sin ( ) cos[ ]+G t G t 	 (3.2)

with

	 dynamic storage modulus: =
∞

∫G G t t t( ) ( )ω ω ωsin d
0

.	 (3.3)

	 dynamic loss modulus: =
∞

∫G G t t t( ) ( )ω ω ωcos d
0

	 (3.4)

Time
0
(a) Viscoelastic relaxation
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FIGURE 3.1
(a) Viscoelastic relaxation, (b) dielectric retardation, and (c) dielectric relaxation.
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G′(ω) represents the elastic energy stored and released during one cycle of 
oscillation, while G″(ω) is related to the energy W dissipated as a heat during 
one cycle (per unit volume); W = πγ ω0

2G ( ).
The relaxation mode distribution of G(t) can be conveniently represented 

as a superposition of exponential decay modes with the intensity (= initial 
modulus) hq and the relaxation time τG,q:

	 G t h
t

q

q q
( ) exp

,
= −

≥
∑

1
τG

 with τG,1 > τG,2 > τG,3 > …	 (3.5)

τG,1 is the relaxation time of the slowest mode. From Equations (3.3), (3.4), and 
(3.5), the storage and loss moduli are expressed in terms of the viscoelastic 
relaxation spectrum {hq, τG,q} as
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As noted from Equation (3.6), the ω dependence of G′(ω) and G″(ω) reflects 
the relaxation mode distribution. In particular, these moduli exhibit the 
power-law-type terminal tails at low ω,

	 = ∝
≥
∑G hq q

q

( ) ,ω ω τ ω2 2

1

2
G 	  (3.7)

and

	 = ∝
≥
∑G hq q

q

( ) ,ω ω τ ωG

1

 at ω « 1/τG,1

These tails characterize completion of the relaxation at low ω. The second-
moment average relaxation time, well defined in terms of the spectrum 
{hq, τG,q}, can be easily evaluated from the moduli data in this terminal zone 
as (Graessley, 1974; Watanabe, 1999)
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This τG is an average of τG,q for all modes with the weighing factor of hqτG,q, 
and this factor is magnified for slow modes (having large τG,q). Thus, τG is 
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close to τG,1 of the slowest relaxation mode and often utilized as the terminal 
relaxation time. Plots of G″(ω) against ω exhibit a peak if the relaxation inten-
sity is considerably larger for a given, narrowly distributed group of modes 
compared to the remaining faster or slower modes. For this case, a reciprocal 
of the angular frequency for the peak, τG,peak = 1/ωpeak, can be utilized as a 
characteristic relaxation time for the given group of modes.

3.2.2 � Dielectric Relaxation

Most organic molecules have electrical dipole moments. In the liquid state 
at T > Tg (or at T > melting temperature), these dipoles fluctuate due to the 
thermal motion of the molecules. When a constant electric field E is applied 
to such a liquid material placed in a capacitor, the capacitor instantaneously 
stores its bare charge, and the electron cloud and asymmetric (polarized) 
chemical bonds in the molecules are distorted by the electric field almost 
immediately. Then, the dipoles attached to the molecules are oriented in the 
direction of the electric field at a rate determined by the molecular motion. 
(No electronic/ionic direct current conductance is considered here.) These 
dynamic changes result in an evolution of the macroscopic electric displace-
ment D(t) defined as a sum of the instantaneously stored charge density on 
the capacitor and the extra charge density due to the distortion of the electron 
cloud/chemical bonds and the dipole orientation, as shown in Figure 3.1b. In 
the time scale of the molecular motion, this evolution can be expressed as 
(Kremer and Schönhals, 2003)

	 D t P P t E( ) ( )= + −{ }∞ Φ1  (t > 0)	 (3.9)

Here, P∞ is the rapidly stored charge density normalized by the field inten-
sity E; P∞ is contributed from the bare capacitor and the distortion of the 
electron cloud/chemical bonds. ΔP corresponds to the saturated orientation 
of dipoles at t = ∞, and the factor 1 – Φ(t) (= 0 and 1 at t = 0 and ∞) is the nor-
malized dielectric retardation function reflecting the molecular motion. The 
function Φ(t) (= 1 and 0 at t = 0 and ∞), referred to as the normalized dielectric 
relaxation function, is most straightforwardly related to the molecular motion, 
as explained later for Equation (3.21): Φ(t) specifies the relaxation (or decay) of 
D(t) on removal of the electric field E after full saturation of the charge density; 
see Figure 3.1c:

	 D(t) = ΔPΦ(t)E (t > 0)	 (3.10)

In Equation (3.10), the origin of the time (t = 0) is set at the time for the removal 
of the field.

Under a weak electric field, the molecular motion activating the retarded 
growth (Equation 3.9) and relaxation (Equation 3.10) of D(t) coincides with 
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the thermal motion at equilibrium. Then, the linear dielectric response is 
observed, and the electric displacement D(t) for an electric field E(t′) of arbi-
trary history at t′ < t is expressed as a convolution similar to Equation (3.1):

	 D t P E t P t t
E t
t

t
t

( ) ( ) ( )
( )

= + − −{ }∞
−∞∫ Φ1

d
d

d 	 (3.11)

For a weak sinusoidal electric field E(t) = E0 sin ωt, Equation (3.11) gives

	 D(t) = ε ε ω ω ε ω ωvac ( ) sin ( ) cosE t t0[ ]− 	 (3.12)

The dynamic dielectric constant ε′(ω) and the dielectric loss ε″(ω) appearing 
in Equation (3.12) are expressed in terms of the normalized dielectric relax-
ation function Φ(t) as

	 = −
∞

∫ε ω ε ε ω ω( ) ( )0
0
Φ t t tsin d 	 (3.13)

	 =
∞

∫ε ω ε ω ω( ) ( )Φ t t tcos d
0

	 (3.14)

with

	 ε
ε

0
1

= +( )∞
vac

P P = static dielectric constant	 (3.15)

and

	 ε
ε

=
P

vac
 = dielectric relaxation intensity (due to dipole orientation)	 (3.16)

Here, εvac (= 8.85 × 10–12 C2 J–1 m–1) is the absolute permittivity of vacuum.
In general, the molecular motion allowing the dipole orientation has 

the intra- and intermolecular correlation. Thus, Φ(t) usually has a relax-
ation mode distribution and can be conveniently expressed as (Watanabe, 
1999, 2001)

	 Φ( ) exp
,

t g
t

q

q q
= −

≥
∑

1
τε

 with τε,1 > τε,2 > τε,3 > …	 (3.17)

Here, gq and τε,q indicate the normalized intensity (Σq gq = 1) and relaxation 
time of qth dielectric mode. From Equations (3.13) through (3.17), ε′(ω) and 
ε″(ω) are related to the dielectric relaxation spectrum {gq, τε,q} as
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As can be noted from Equation (3.18), the dielectric relaxation intensity Δε 
is experimentally evaluated from the data for the decrease of the dynamic 
dielectric constant, Δε′(ω), and the dielectric loss, ε″(ω), as Δε = Δε′(ω → ∞) = 
(2/π) ∫∞

–∞ ε″(ω) d ln ω.
The expression of Δε′(ω) and ε″(ω), Equation (3.18), is formally identical to 

that of the storage and loss moduli, Equation (3.6). Thus, all phenomenologi-
cal relationships for those moduli are valid for Δε′(ω) and ε″(ω). Specifically, 
Δε′(ω) and ε′(ω) exhibit the power-law-type terminal tails at low ω where the 
relaxation has completed (cf. Equation 3.7):
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and
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The terminal (second-moment average) dielectric relaxation time can be 
evaluated from these tails as (cf. Equation 3.8)
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In addition, a reciprocal of the angular frequency for the peak of ε″(ω), τε,peak = 
1/ωpeak, can be utilized as a characteristic relaxation time for the most inten-
sive group of modes.

Rigorous statistical mechanical analysis indicates that the dielectric 
relaxation function Φ(t) of an isotropic system in the linear response regime 
is equivalent to an autocorrelation function of a microscopic polarization 
p(t) fluctuating through the molecular motion at equilibrium (Cole, 1967; 
Kubo, 1957):
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In Equation (3.21), the origin of the time (t = 0) is taken arbitrarily in the 
stationary equilibrium state, and <…>eq indicates the ensemble average at 
equilibrium. The microscopic polarization p is given by a sum of molecu-
lar dipoles. Thus, given that the dipole direction relative to the molecular 
axis is known, Equation (3.21) serves as a key for relating the macroscopic 
dielectric phenomenon to the molecular motion. The dielectric intensity Δε 
also includes the information for the molecular motion. Specifically, Δε (in 
meter-kilogram-second-ampere (MKSA) unit) is expressed as (cf. Kremer 
and Schönhals, 2003)

	 ε
π

ν=
4
3

2

k T
Fg

B
	 (3.22)

Here, μ and ν denote the magnitude of molecular dipole and the number density 
of those dipoles, respectively; kB is the Boltzmann constant; and T is the absolute 
temperature. F is a correction factor for a difference between the applied and 
internal electric fields (F = (ε0 + 2)2/9 in the Onsager form for nonpolar low-M 
molecules), and g is the Kirkwood–Fröhlich factor that represents the magnitude 
of the motional correlation of the dipoles (i.e., of the dipole-carrying molecules).

Now, we focus on polymeric materials. Most of polymers have monomeric 
dipoles classified as type-A, type-B, and type-C. The type-A and type-B 
dipoles are directly attached to the chain backbone in the directions parallel 
and perpendicular to the backbone, respectively; cf. Figure 3.2. The dielectri-
cally observed fluctuation of these dipoles is activated only by the motion of 
the chain backbone. In contrast, the type-C dipole (not shown in Figure 3.2) 
is attached to the side groups and fluctuates through the side group motion 
even in the absence of the backbone motion.

Type-A

Type-B

FIGURE 3.2
Type-A and type-B dipoles of a polymer chain.
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For a linear chain having the type-A monomeric dipoles without inversion, 
the total dipole is proportional to the end-to-end vector R. Then, the polar-
ization of the system of such type-A polymers is expressed as p R( ) ( )t t∝ Σα α  
with α being the index specifying the chain, and Equation (3.21) is rewritten 
as (Adachi and Kotaka, 1993; Watanabe, 2001)

	 Φ( )
( )• ( )

t
t

R
=

R R 0
2

eq

eq

 for type-A chain	 (3.23)

(A relationship valid for Gaussian chains, R Rα β( ) ( )t • 0 eq = R Rα β( ) ( )0 0• eq = 
0 for α ≠ β, has been utilized in the derivation of Equation 3.23.) Thus, the dielec-
tric relaxation of type-A polymer systems detects the end-to-end vector 
fluctuation (global motion) of respective chains therein. Correspondingly, 
Equation (3.22) reduces to

	 ε
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4
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k T
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B
eq

for type-A chain	 (3.24)

where ν is the number density of the chains, and � denotes the magnitude 
of the type-A dipole per unit backbone length of the chain (F ≅ 1 for the 
global relaxation) (Adachi and Kotaka, 1993). The Kirkwood–Fröhlich factor g 
appearing in Equation (3.22) is set to be unity in Equation (3.24) because of the 
Gaussian relationship explained above (not because of lack of interchain corre-
lation of the global motion; this correlation does exist for entangled polymers, 
as explained later). As noted from Equation (3.24), the dielectric intensity Δε 
serves as a measure of the mean-square end-to-end distance,  R2

eq.
For a system of type-B chains, the polarization can be expressed as 

p n( ) ( ),t tj
j∝ Σ α α  with nα

j  being the unit normal vector of jth monomeric unit 
of αth chain defined with respect to the backbone of this chain. The mono-
meric units belonging to either the same or different chains exhibit some 
local packing correlation, and sequences of a few units in the same chain 
always have the orientational correlation of nα

j . Thus, for the type-B poly-
mers, Equation (3.21) can be rewritten as
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where the summation Σcorr is taken for the monomeric units (either in the same 
or different chains) having the orientational correlation. The corresponding 
dielectric relaxation intensity is given by Equation (3.22), and the Kirkwood–
Fröhlich factor g appearing therein reflects this correlation. Thus, the dielectric 
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relaxation of type-B chains provides us with the information related to the 
correlated motion of the monomeric units (or, monomeric segments).

3.2.3 � Thermorheological Behavior

The storage and loss moduli, G′ and G″, exhibit the viscoelastic relaxation 
mode distribution (cf. Equation 3.6). The relaxation times and intensities of 
those modes, τG,q and hq, are determined by the molecular motion and thus 
change with the temperature T. In general, the molecular motion is acceler-
ated with increasing T so that τG,q decreases while hq increases on the increase 
of T. If all modes exhibit the same fractional changes of their τG,q and hq on a 
change of temperature from Tr (reference temperature) to T, τG,q and hq satisfy 
simple relationships:

	 τG,q(T) = aT,GτG,q(Tr), hq(T) = bThq(Tr)	 (3.26)

Here, the factors aT,G and bT, referred to as the viscoelastic shift factor and the 
intensity factor, respectively, are functions of T and Tr but are independent 
of the mode index q. From Equations (3.26) and (3.6), the moduli at tempera-
tures T and Tr are mutually related as

	 = =G T b G a T G T b G a( ; ) ( ; ), ( ; ) (ω ω ω ωT T,G r T T,,G r; )T 	 (3.27)

If the modulus data of a material satisfy Equation (3.27), this material is 
referred to as thermorheologically simple and obeys the (viscoelastic) time-
temperature superposition.

Equation (3.26), the prerequisite of this simplicity, is satisfied if the slow 
relaxation modes result from accumulation of fast modes. This is the case for 
the slow, global viscoelastic relaxation of homopolymer liquids (that corre-
sponds to the accumulated motion of the Rouse segment) (Inoue et al., 2002; 
Watanabe, 2009). The fast viscoelastic relaxation process of homopolymers, 
being related to the glass transition and often referred to as the segmental 
relaxation, is also thermorheologically simple, except in a close vicinity of the 
glass transition temperature Tg. For both processes, aT,G are well described by 
the William–Landell–Ferry (WLF) equation (Ferry, 1980):

	 log
( )
( )
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r
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C T T
C T T

= −
−

+ −
1

2
	 (3.28)

The corresponding intensity factor bT is essentially given by T/Tr (which 
reflects the entropy elasticity), although the thermal expansion of the mate-
rial and a small change of the chain dimension with T have a minor contri-
bution to this factor (Graessley, 2008).
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The WLF coefficients C1
WLF and C2

WLF appearing in Equation (3.28) are com-
mon and thus the shift factor aT,G is the same for the global and local relax-
ation processes at T well above Tg. The segmental friction can be obtained 
from analysis of the aT,G data at such high T (Ferry, 1980). However, in the 
close vicinity of Tg, the segmental relaxation process becomes thermorheo-
logically complex to violate Equations (3.26) and (3.27) because the motional 
correlation of the monomeric units is enhanced at T ~ Tg. For this case, the 
segmental relaxation mode distribution broadens with decreasing T, and 
the segmental relaxation time increases more strongly compared to the 
global relaxation time.

Another example of the thermorheological complexity is found for mul-
ticomponent polymer systems. If the motion of different component chains 
contributes to the viscoelastic moduli of the system, the thermorheological 
complexity prevails even for the case that respective components exhibit the 
simplicity but have different shift factors. In more general cases, each compo-
nent exhibits the complexity, thereby providing the systems with very strong 
complexity. This strong complexity of multicomponent systems (miscible 
blends) is explained in Section 3.5.2.5.

Now, we turn our attention to the dielectric relaxation. The decrease of 
dynamic dielectric constant Δε′ and the dielectric loss ε″ have the mode dis-
tribution (cf. Equation 3.18) formally identical to the viscoelastic mode distri
bution, and the above explanation for the viscoelastic relaxation applies also 
to the dielectric relaxation: For the simplest case, the relaxation times τε,q 
and nonnormalized intensities Δεgq of the dielectric modes exhibit the same 
change with T irrespective of the mode index q as

	 τε,q(T) = aT,ετε,q(Tr), Δε(T)gq(T) = bT
1− Δε(Tr)gq(Tr)	 (3.29)

For polymers, the intensity factor for the dielectric quantities often (though 
not always) coincides with reciprocal of bT (~ T/Tr) for the viscoelastic proper-
ties. This feature has been incorporated in Equation (3.29). Corresponding to 
Equation (3.29), Δε′ and ε″ obeyed the time-temperature superposition:

	 = =− −ε ω ε ω ε ωε( ; ) ( ; ), ( ; ),T b a T T bTT
1

r T
11

rε ω ε( ; ),a TT 	 (3.30)

This superposition is experimentally known to be valid for the segmental 
relaxation of type-B homopolymers except in a close vicinity of Tg, which 
suggests that the magnitude of correlation between the monomeric units 
hardly changes with T (in a range well above Tg). The superposition is also 
valid for the global dielectric relaxation of type-A homopolymers because 
the global motion results from accumulation of local motion of the Rouse 
segments. The shift factors aT,ε for these relaxation processes are described 
by the WLF equation having a functional form shown in Equation (3.28). 
However, for miscible blends of chemically different chains, the dielectric 
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superposition usually fails for the segmental relaxation process because of 
the difference in aT,ε of the component chains. This failure, together with a 
delicate failure noted for the global relaxation of the components in those 
blends, is explained later in more detail.

3.3 � Relaxation in Homopolymer Systems 
(Reference for Miscible Blends)

3.3.1 � Overview for Monodisperse Systems

Dynamic behavior of homopolymers serves as a reference for understand-
ing the uniqueness of the behavior of miscible blends of chemically different 
chain. From this point, this section is devoted to briefly summarizing the 
dynamic behavior of homopolymers.

As an example of the behavior for monodisperse homopolymers, Figure 3.3 
shows the storage and loss moduli, G′ and G″, measured for monodisperse 
linear polystyrene (PS) samples having the molecular weights M as indicated 
(data taken from Chen et al., 2010; Matsumiya et al., 2011; Schausberger et al., 
1985; Uno, 2009). For comparison, the decrease of dynamic dielectric constant 
from the static constant, = −ε ω ε ε ω( ) ( ( ))0 , and the dielectric loss, ε″(ω), 
measured for a high-M sample (with 10–3M = 96) are multiplied by a factor of 
107 and shown with the large circles (data taken from Matsumiya et al., 2011; 
Uno, 2009). All these data were subjected to the time-temperature super
position (cf. Equations 3.27 and 3.30) and reduced at 180°C. For the lowest-M 
sample with 10–3M = 9.5, a minor correction for the Tg decrease (that resulted 
in a decrease of the segmental relaxation time) was made on the basis of the 
WLF analysis. Clearly, the moduli data show two distinct relaxation pro-
cesses, the segmental relaxation process at high ω > 106 s–1 and the global 
relaxation process at lower ω. The terminal tails of the moduli (Equation 3.7) 
are clearly noted for the latter process. In contrast, the dielectric data exhibit 
just the segmental relaxation at high ω followed by the terminal tails (cf. 
Equation 3.19) because PS has only type-B dipole and is dielectrically inert in 
the time scale of global motion.

For the moduli data, the time-temperature superposition fails at interme-
diate ω between the segmental and global relaxation processes because these 
processes exhibit different aT,G at low T ~ Tg (see, e.g., Adachi and Kotaka, 
1993; Inoue et al., 1991, 1996; Kremer and Schönhals, 2003). (This failure is 
not well resolved in the compressed scale of the plots shown in Figure 3.3.) 
The superposition works separately at high and low ω where the viscoelastic 
data are dominated by one of these processes. In contrast, the dielectric data 
satisfy the superposition in the entire range of ω because those data detect 
just the segmental relaxation process, although it fails in a close vicinity of 
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Tg (not examined in Figure 3.3) (cf. Adachi and Kotaka, 1993; Kremer and 
Schönhals, 2003).

The viscoelastic and dielectric data in the segmental relaxation process are 
insensitive to the molecular weight M and the molecular weight distribu-
tion (either in the monodisperse systems or blends). In fact, the viscoelastic 
and dielectric data for this process are indistinguishable for PS samples with 
M ≥ 104 (cf. Matsumiya et al., 2011; Uno, 2009). This insensitivity naturally 
emerges because the mechanism of the local motion of polymer chains is 
independent of M. The M-insensitive viscoelastic and dielectric data for the 
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FIGURE 3.3
Storage and loss moduli, G′ and G″, measured for monodisperse linear polystyrene sam-
ples at 180°C. The numbers indicate 10–3M. For comparison, the decrease of the dynamic 
dielectric constant from the static constant, Δε′, and the dielectric loss, ε″, of a high-M 
sample (10–3M = 96) are also shown. (Data taken, with permission, from Chen, Q., A. 
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Dielectric Determination of Segmental Size of Polystyrene, MS Dissertation, Graduate School of 
Engineering, Kyoto University.)
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segmental relaxation process of PS are associated with the same shift factors 
(aT,G = aT,ε), but the relaxation time is larger for the latter by a factor ≅6, as can 
be noted in Figure 3.3. This difference reflects a difference of the molecular 
origins of the viscoelastic and dielectric relaxation processes. Both processes 
detect the same local chain dynamics, but the viscoelastic process averages 
this dynamics as the isochronal orientational anisotropy, while the dielectric 
process averages the same dynamics as the decay of orientational memory. 
Extensive studies are still being made for this difference and for the segmen-
tal relaxation time and mode distribution in the close vicinity of Tg, the latter 
being frequently analyzed on the basis of the Kohlrausch–Williams–Watts 
function, Φ(t) = exp{(–t/τ*)α} with 0 < α ≤ 1 (see, e.g., Kremer and Schönhals, 
2003). Some detail of those studies is explained later in relation to the seg-
mental relaxation behavior in miscible blends.

Now, we turn our focus on the global dynamics. For monodisperse lin-
ear homopolymers, the terminal relaxation behavior reflecting the global 
dynamics has been extensively studied from both experimental and theoret-
ical aspects (see, e.g., Doi and Edwards, 1986; Graessley, 2008; McLeish, 2002; 
Rubinstein and Colby, 2003; Watanabe, 1999). The terminal behavior is asso-
ciated with universal features that depend only on the molecular weight and 
its distribution as well as the topological structure (e.g., branching) of the 
chains. Specifically, for monodisperse linear chains including PS examined in 
Figure 3.3, the M dependence of the viscoelastic terminal relaxation time τG 
(defined by Equation 3.8) is known to be described by empirical equations:

	 For low-M polymers: τ ζ∝ sM2 	 (3.31)

	 For high-M polymers: τ ζ∝ ± ±
s e,bulk/M M3 5 0 2 1 5 0 2. ( . ) . ( . ) 	 (3.32)

where ζs denotes the friction coefficient of the Rouse segment, the smallest 
motional unit during the global relaxation process as discussed by Inoue 
et al. (1997, 2002). The Rouse segment is not identical to the monomeric seg-
ment intimately related to the fast glassy relaxation and glass transition, but 
the friction coefficients of these two type of segments exhibit the same T 
dependence at high T well above Tg (see, e.g., Adachi and Kotaka, 1993; Inoue 
et al., 1997, 2002; Kremer and Schönhals, 2003). The dielectric terminal relax-
ation time of monodisperse type-A chains, τε (defined by Equation 3.20), is 
close to 2τG and is also described by Equations (3.31) and (3.32), as explained 
later in more detail (see Watanabe, 2009; Watanabe et al., 2002).

The crossover from Equation (3.31) to Equation (3.32) is attributed to the topo-
logical constraint for the global motion referred to as entanglement. The poly-
mer chains are physically uncrossable to each other so that the high-M chains 
mutually constrain their global motion. A density of this topological constraint 
in bulk systems is characterized by the entanglement molecular weight Me,bulk 
appearing in Equation (3.32): High-M polymers exhibit a plateau in their G′ 
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data (cf. Figure 3.3), and Me,bulk is evaluated from the height of this plateau, GN, 
as Me,bulk = cRT/GN (c = mass concentration). Some models introduce a prefac-
tor <1 in this expression of Me (see, e.g., Graessley, 2008; Rubinstein and Colby, 
2003). However, this prefactor is not important in this chapter.

3.3.2 � Overview for Binary Blends

Binary blends of chemically identical polymers of different molecular 
weights M1 and M2 (>M1) are the simplest polydisperse systems, and exten-
sive studies have been made for the effects of blending on global relaxation 
(see, e.g., McLeish, 2002; Watanabe, 1999). The local segmental relaxation does 
not change on blending (unless M1 is very small to decrease Tg of the blend). 
In contrast, the global relaxation behavior strongly changes on blending. 
Specifically, the behavior of binary blends is classified into several cases 
according to M1 and M2 of the short and long components and the vol-
ume fraction ϕ2 of the latter, as schematically shown in Figure 3.4. In zone I 
where the short chains (with M1 < Me,bulk) are in the intrinsically nonentan-
gled state and the long chains are too dilute to be mutually entangled (ϕ2 < 
{Me,bulk/M2}1/d with the dilution exponent d ≅ 1.3), both long and short chains 
behave as if they were in the nonentangled monodisperse bulk state to 
exhibit the relaxation time specified by Equation (3.31). In zone II where the 
short chains are in the nonentangled state but the long chains are concen-
trated (ϕ2 > {Me,bulk/M2}1/d) to exhibit their mutual entanglements, the short 
chains behave as a simple solvent for the long chains, and in long time scales 
the blend behaves as an entangled solution of the long chains. For this case, 
the terminal relaxation time of the long chain is described by

	 τ ζ φ[long]
s e,bulk/∝ ± ±M M d

2
3 5 0 2

2
1 5 0. ( . ) . ( .{ / } 22)  with d ≅ 1.3	 (3.33)

The factor { }M d
e,bulk/φ2  coincides with the entanglement molecular weight 
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FIGURE 3.4
Zones for different types of relaxation behavior in binary blends of chemically identical polymers.
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Interesting entanglement relaxation behavior is observed in zones III and 
IV. As an example of this behavior, Figure  3.5 shows the G′ and G″ data 
for binary blends of monodisperse linear cis-polyisoprene (PI) samples with 
M1 = 2.1 × 104 (PI21) and M2 = 3.1 × 105 (PI308) reported by Watanabe et al. 
(2004a). The data for the dielectric loss ε″ are also shown (bottom panel). 
Those Mi are well above Me,bulk (= 5.0 × 103 for bulk PI), and the components 
are mutually entangled in the blends.

Differing from PS examined in Figure 3.3, PI has the type-A dipole so that 
the global motion activates both viscoelastic and dielectric relaxation having 
the same shift factor, aT,G = aT,ε. This feature can be confirmed in Figure 3.5. 
(PI also has the type-B dipole and the segmental relaxation is dielectrically 
active. However, the segmental relaxation of PI occurs at high ω not covered 
in Figure 3.5 and has no contribution to the data shown therein.) From the G″ 
and ε″ data of the components in bulk (cross and plus symbols in Figure 3.5), 
we note that the dielectric τε and the viscoelastic τG are close to each other 
(actually τG ≅ τε/2), and thus the global motion is dielectrically active. These τ 
data of the components in bulk are described by Equation (3.32). For nonen-
tangled monodisperse linear PI with M ≤ Me,bulk, τε is again close to τG (≅ τε/2) 
and described by Equation (3.31) (see, e.g., Watanabe, 2009; Watanabe et al., 
2002, 2004a, 2004b).

In Figure 3.5, the PI308/PI21 binary blends clearly exhibit two-step relax-
ation. Because M2 » M1, the terminal relaxation is much slower for the long 
PI308 chain than for the short PI21 chain irrespective of the ϕ2 value. Thus, 
the slow step is attributed to the global relaxation of the long PI308 chains, 
and the fast step, to the global relaxation of the short PI21 chain (and a partial 
relaxation of the PI308 chain activated by the PI21 relaxation). The high-ω 
plateau modulus sustained by all these component chains does not change 
with ϕ2. Correspondingly, the relaxation time of the short chain (seen for the 
fast step) increases with ϕ2 just moderately (by a factor less than 3 even for 
ϕ2 = 0.5). However, the relaxation behavior of the long PI308 chain strongly 
changes with ϕ2, as summarized below.

For small ϕ2 < ϕ2,ent = {Me,bulk/M2}1/d (= 0.042) (i.e., in zone III shown in 
Figure 3.4), the long chains are not mutually entangled but with the short 
chains. In the dilute limit at ϕ2 ≤ 0.01 (« ϕ2,ent), the viscoelastic and dielectric ter-
minal relaxation times of the long chain (evaluated from the data shown in 
Figure 3.5) were found to be independent of ϕ2 and described by an empirical 
equation (Sawada et al., 2007; Watanabe, 1999; Watanabe et al., 2004a):

	 τ ζ α α[long]
s

2
e,bulk/∝ M M M1 2  with α ≅ 3 (for M2 >> M1 > Me,bulk)	 (3.34)

The strong M1 dependence of τ[long] shown by Equation (3.34) suggests that the 
global motion of the short chains activates the relaxation of the long chain. 
In contrast, for large ϕ2 » ϕ2,ent (zone IV of Figure 3.4), the long chains are 
mutually entangled with each other to exhibit τ[long] being dependent on ϕ2 
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Viscoelastic and dielectric data of binary blends of monodisperse linear cis-polyisoprene 
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ior of entangled blends of linear polyisoprenes having widely separated molecular weights: 
Test of tube dilation picture. Macromolecules 37:1937–1951.)
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but insensitive to M1. This M1-insensitivity suggests that τ[long] is determined 
by the motion of the long chains by themselves, irrespective of the motion 
of the short chains. In this limit of large ϕ2 (and M2 » M1) the τ[long] data are 
described by Equation (3.33), indicating that the short chains behave as the 
simple solvent in the time scale of the terminal relaxation of the long chains 
(see, e.g., Watanabe, 1999; Watanabe et al., 2004a).

Corresponding to the above change of τ[long] with ϕ2, the terminal visco-
elastic mode distribution of the long chains changes from the broad, power-
law-type distribution without being associated by the plateau of G′ at low 
ω (for small ϕ2) to the narrow distribution associated with this plateau (for 
large ϕ2), as noted in Figure 3.5. It should be emphasized that the τG

[long]  data 
are described by Equations (3.34) and (3.33) only in the small-ϕ2 and large-ϕ2 
asymptotes and only for the blends having M2 » M1 (>Me,bulk) and exhibiting 
τ[long] » τ[short]. (Specifically, the asymptotic behavior can be clearly observed 
only for cases of τ[long] > 104τ[short]; cf. Watanabe, 1999.) The blends exhibit broad 
crossover of τG

[long]  and of the relaxation mode distribution at intermediate ϕ2, 
as noted in Figure 3.5. For blends with M2 not much larger than M1 (>Me,bulk), 
this crossover zone is spread over the entire range of ϕ2, and neither Equation 
(3.44) nor Equation (3.43) is valid. Thus, zones III and IV shown in Figure 3.4 
are further divided into subzones according to the M2 and M1 values (accord-
ing to the τ[long]/τ[short] ratio) (cf. Rubinstein and Colby, 2003; Watanabe, 1999).

In Figure 3.5, it should also be noted that the changes of the mode distribu-
tion with ϕ2 are different for the dielectric and viscoelastic data. The visco
elastic data exhibit the crossover of this distribution, as explained above. 
Correspondingly, the low-ω plateau height of G′ and the corresponding 
peak height of G″ rapidly decrease with decreasing ϕ2 from 1 to the thresh-
old value for the long-long entanglement, ϕ2,ent = {Me,bulk/M2}1/d. For the data 
shown in the top and middle panel of Figure  3.5, these plateau and peak 
heights scale roughly as ϕ2

2.3. In contrast, in the bottom panel of Figure 3.5, 
no significant mode broadening is observed for the low-ω ε″ data detecting 
the global motion of the long chain, and the low-ω peak height of ε″ scales as 
ϕ2. This difference emerges because the viscoelastic and dielectric relaxation 
processes average the same chain dynamics in different ways. Specifically, 
the slow viscoelastic relaxation detects the isochronal orientational anisot-
ropy of the entanglement segments having the molecular weight Me,bulk. The 
anisotropy of the long chains decays with the global motion of the short 
chains because this motion allows successive entanglement segments in the 
long chain to exhibit cooperatively motion and mutual equilibration, as fully 
discussed by Watanabe (1999). In contrast, the slow dielectric relaxation of 
the long PI chain reflects fluctuation of the end-to-end vector of this chain (cf. 
Equation 3.23). This fluctuation is hardly activated by the global motion of 
the short chains as long as the entanglements among the long chains remain 
effective, indicating that the short chain motion hardly affects the dielectric 
mode distribution/peak height of the long chains. This difference between 
the viscoelastic and dielectric relaxation has been utilized in analysis of the 
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dynamic behavior of the PI/PI blends (Watanabe, 2009), as explained in the 
following section.

3.3.3 � Molecular Models for Global Dynamics

Extensive theoretical studies have been made for the mechanisms of the 
global chain motion that leads to the viscoelastic (and dielectric) terminal 
relaxation of the homopolymer systems explained in the previous section. 
Several molecular models have been proposed, as briefly explained below.

3.3.3.1  �Model for Nonentangled Chains

For nonentangled polymers, the most widely accepted model is the Rouse 
model (see, e.g., Doi and Edwards, 1986; McLeish, 2002; Rubinstein and Colby, 
2003; Watanabe, 1999). This model coarse-grains the actual linear chain into 
a sequence of N submolecules, each having a friction coefficient ζs and the 
exhibiting the entropic elasticity, as schematically illustrated in Figure 3.6a. 
The strength of the entropic spring is given by 3kBT/b2 with b2 represent-
ing the mean-square end-to-end distance of the submolecule at equilibrium. 
The dynamics of the Rouse chain is determined by a balance of the fric-
tional force, elastic spring force, and thermal Brownian force acting on each 
submolecule. The viscoelastic relaxation of the Rouse chain corresponds to 
the relaxation of the orientational anisotropy of respective submolecules 
determined by this force balance. For monodisperse linear chains of the 
molecular weight M and mass concentration c at the absolute temperature 
T, the viscoelastic G(t) and dielectric Φ(t) calculated from the Rouse model 
in the continuous limit (for N →∞) can be compactly expressed as (Doi and 
Edwards, 1986; Watanabe, 1999)
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In the calculation of Φ(t), the chain is assumed to have the type-A dipoles 
without inversion. In Equations (3.35) and (3.36), τR,G  and τ εR, , respectively, 
indicate the viscoelastic and dielectric relaxation times of the slowest Rouse 
mode. These τR can be expressed in terms of the directly measurable parame-
ters, the total friction of the chain ζchain (= Nζs), and the mean-square end-to-
end distance at equilibrium  R2

eq = Nb2, as shown in Equation (3.36). Thus, 
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the predictions of the Rouse model in long time scales are not affected by 
our choice of the submolecule number N, which demonstrates the physical 
soundness of the model. In relation to this point, it should be emphasized 
that the Rouse model considers internally equilibrated submolecules (that 
behave as the entropic springs explained above) and is valid in any time 
scale longer than the equilibration time of the submolecule. The minimum 
possible size of the submolecule being consistent with the viscoelastic data 
of homopolymer systems has been examined through rheo-optical experi-
ments by Inoue et al. (1991, 1996, 2002). These experiments suggested that the 
smallest possible submolecule, often referred to as the Rouse segment, has the 
molecular weight close to that of the statically well-defined Kuhn segment.

The Rouse predictions are considerably close to the data for nonentangled 
monodisperse polymers, for example, the viscoelastic moduli data of low-M 
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(DTD)

Partially relax

FIGURE 3.6
(a) Rouse model and (b) tube model.
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PS shown in Figure 3.3 and the relaxation time data described by the empiri-
cal equation (τG ≅ τε/2 ∝ ζSM2) (Equation 3.31). The Rouse prediction for 
blends, given by averages of Equation (3.35) over the component fractions, is 
also close to the data.

3.3.3.2  �Model for Entangled Chains

Because of the success of the Rouse model for nonentangled polymers, this 
model has been utilized also as a starting model for entangled polymers. The 
entanglement results from the topological constraint for deeply interpene-
trating coils of high-M chains and thus reflects, by nature, the interchain 
motional correlation. Nevertheless, the model most widely utilized so far 
is the tube model that treats these constraints as a dynamic mean field and 
represents them as an impenetrable tube surrounding a chain of our focus, 
as schematically illustrated in Figure 3.6b (see, e.g., Doi and Edwards, 1986; 
McLeish, 2002; Rubinstein and Colby, 2003; Watanabe, 1999, 2009).

The early versions of the tube model considered a Rouse chain trapped in a 
spatially fixed tube having a diameter a = bRne

1/2, where ne is the number of the 
Rouse segments per entanglement segment (of the molecular weight Me,bulk), 
and bR is the step length of the Rouse segment. In those fixed-tube models, 
the large-scale motion of the chain is allowed only in the direction of the tube 
axis and the relaxation occurs only for the entanglement segments that have 
escaped the initial tube (defined at time 0). For linear chains, this motion 
occurs only through two representative mechanisms illustrated in parts (b-1) 
and (b-2), the reptation equivalent to the curvilinear diffusion along the tube 
axis and the contour length fluctuation (CLF) equivalent to breathing of the 
chain contour through the Rouse modes along the tube axis. The viscoelastic 
data of entangled monodisperse linear chains, including the moduli data 
(such as those shown in Figure 3.3) and empirical M3.5 dependence of the 
relaxation time, are reasonably described by the fixed-tube models com-
bining the reptation and CLF mechanisms. However, these models cannot 
describe the behavior of the binary blends; for example, the low-ω plateau 
height for the blends examined in Figure 3.5 scales roughly as ϕ2

2.3 (for ϕ2 > 
ϕ2,ent), while the fixed-tube model predicts this height to scale as ϕ2. In addi-
tion, for star branched chains, the fixed tube model gives an unrealistically 
long relaxation time, as pointed out by Ball and McLeish (1989).

Thus, the model has been refined through incorporation of the constraint 
release (CR) mechanism schematically illustrated in part (b-3) of Figure 3.6. 
In the CR process, a topological constraint for a given chain is removed tran-
siently on the global motion of the tube-forming (entangling) chains, and the 
entanglement segment of the given chain at the release point is allowed to 
jump over a distance >a in the direction lateral to the tube axis. This jump is 
equivalent to the local motion of the tube, and the CR mechanism introduces 
the interchain motional correlation into the tube model, though in a crude 
way. Because the local CR jump would happen with the same probability for 
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all entanglement segments, the CR mechanism basically (though not exactly) 
accelerates the relaxation of the chain uniformly along the backbone. The 
global CR relaxation occurs through accumulation of such local CR-jumps 
and can be approximately modeled as the retarded Rouse relaxation. For the 
dilute long chains entangled only with the short matrix chains in the blends, 
the corresponding CR relaxation functions GCR,2(t) and ΦCR,2(t) are given by 
Equation (3.35) with N therein being replaced by the entanglement number 
per long chain (= M2/Me,bulk), and τR,G (= τR,ε/2), by the terminal viscoelastic 
CR time given below (Graessley, 1982; Watanabe, 1999):

	 τ τCR,G
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Here, K(z) is a numerical factor determined by the local gate number z (= num-
ber of chains sustaining each entanglement), as introduced by Graessley 
(1982). The relaxation time of the short chain, τG

[short]
e,bulk/( . ( . ) . ( . )∝ ± ±M M1

3 5 0 2 1 5 0 2  
(cf. Equation 3.32), naturally appears in Equation (3.37) because the global 
motion of the short chain activates the local CR-jump of the dilute long chain. 
The number of short chains penetrating an entanglement segment decreases 
as M1

0 5− . , and the M1
0 5− .  factor in Equation (3.37) accounts for this decrease 

(cf. Klein, 1986; Watanabe, 1999). The original CR model accounted for nei-
ther this decrease nor CLF of the short chain (Graessley, 1982). The M1 and 
M2 dependence of τ deduced from the Rouse-CR model (Equation 3.37) 
agrees with the empirical observation (Equation 3.34) for the dilute long 
chains entangled with much shorter matrix chains. (Because Me,bulk does 
not change on blending, a delicate difference of the Me,bulk dependence seen 
between Equations (3.37) and (3.34) cannot be tested from the data for bulk 
blends. The data for blend solutions are still limited to make a conclusive 
test.) Furthermore, the Rouse mode distribution of GCR,2(t) is close (though 
not identical) to the distribution observed for those dilute long chains (see 
Watanabe, 1999, 2009; Watanabe et al., 2004b). Thus, the Rouse-like CR relax-
ation has been experimentally confirmed for the blends. This relaxation 
should occur also in monodisperse systems where all chains are equivalent 
to each other and the tube-forming chains are unequivocally mobile to the 
same extent as the chain trapped in the tube.

The accumulation of CR-jumps results in the chain motion in the direc-
tion lateral to the tube axis over a distance well above the tube diameter 
a ( )/∝ Me,bulk

1 2 , as schematically shown at the bottom of part (b-3) of Figure 3.6. 
Thus, the CR mechanism dynamically dilates an effective tube diameter 
defined in a coarse-grained time scale, and the chain is regarded to be con-
strained in the dilated tube (supertube) in that time scale, as first pointed out 
by Marrucci (1985). A model based on this molecular picture was first pro-
posed by Marrucci (1985) and later refined by Ball and McLeish (1989) and by 
Milner and McLeish (1998). Because this coarse-graining molecular picture 
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is easily applicable to binary blends containing concentrated long chains 
(that are entangled among themselves as well as with the short chains), the 
CR process has been treated as the dynamic tube dilation (DTD) process 
in most of the molecular models so far proposed. The basic parameters for 
this DTD picture are the dilated tube diameter a′(t) in a given time scale t 
and the fraction φ′(t) of the unrelaxed entanglement segments (= the segments 
at the time t that are still trapped in a hypothetical dilated tube of the diam-
eter a′(t) defined at time 0). For binary blends, φ′(t) is given by an average of 
the unrelaxed fractions φj′(t) of the components therein: φ′(t) = ϕ1φ1′(t) + ϕ2φ2′(t) 
with ϕj being the volume fraction of the component j.

The dilated tube diameter a′(t) gives the number β(t) of successive entan-
glement segments that are mutually equilibrated through their CR motion 
over the distance a′(t): β(t) = {a′(t)/a}2 (see, e.g., Watanabe, 1999). These β(t) 
entanglement segments, each behaving as the independent entropic unit to 
sustain the stress at t = 0, are merged into an dilated segment on the mutual 
CR-equilibration to behave as one stress-sustaining unit in the time scale 
of t. Thus, the CR-equilibration results in a decrease of the number of the 
stress-sustaining unit by a factor of 1/β(t). Correspondingly, the DTD molec-
ular picture leads to an expression of the relaxation modulus:

	 DTD expression: G t G
t
t

G t a a tN N( )
( )
( )

'( ){ ( )}= =
β

/ 2 	 (3.38)

where GN is the entanglement plateau modulus (sustained by the undilated 
entanglement segments).

Most of the available CR-DTD models assume that the relaxed portions of 
the chains behave as a simple solvent (diluent) for the unrelaxed portions 
having the fraction φ′(t), and a bulk system having this fraction is equivalent 
to a polymer solution of the concentration φ′(t). If this assumption is valid, 
the entanglement mesh (tube) in the bulk system is fully dilated to that in the 
solution. This argument leads to the replacement of a′(t) by the entanglement 
mesh size in the solution, asol = a/{φ′(t)}d/2 with d ≅ 1.3 (dilation exponent). For 
this full-DTD molecular picture, Equation (3.38) is simplified as

	 full-DTD: G t G tN
d( ) { ( )}= +1 	 (3.39)

The time evolution (decay) of φ′(t) has been calculated in several full-DTD 
models, and the corresponding G(t) and complex modulus G*(ω) = G′(ω) 
+ iG″(ω) have been compared with the data (see Ball and McLeish, 1989; 
Marrucci, 1985; Milner and McLeish, 1998). Agreement of the model prediction 
and data was reported for monodisperse linear and star-branched polymer.

Nevertheless, we should remember that the viscoelastic relaxation cap-
tures just one aspect of the polymer dynamics—that is, the relaxation of 
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isochronal orientational anisotropy of the entanglement segments (= sub-
molecules adopted in long time scales). The DTD picture is established for 
the chain motion, and is to be tested also for nonviscoelastic relaxation 
processes. For this purpose, the dielectric data of type-A chains such as PI 
are very useful. The DTD process hardly changes the end-to-end vector of 
the chain, as can be easily noted from the illustration at the bottom of part 
(b-3) of Figure 3.6. Thus, the normalized dielectric relaxation function Φ(t) of 
type-A chains, detecting the end-to-end vector fluctuation (Equation 3.23), 
is essentially identical to the unrelaxed fraction of the entanglement seg-
ments φ′(t), as pointed out/formulated by Watanabe et al. (2004a). This fea-
ture allows us to experimentally determine φ′(t) from the Φ(t) data (after a 
very minor correction for the chain motion in the dilated tube edges) and test 
the full-DTD relationship, Equation (3.39), in a purely empirical way without 
relying on any model for calculation of φ′(t). For monodisperse linear PI, this 
test has been made, and the validity of the full-DTD picture was confirmed 
(cf. Watanabe, 2009; Watanabe et al., 2004a). However, for PI/PI binary blends 
with small ϕ2, Equation (3.39) does not describe the viscoelastic data: As an 
example, Figure 3.7 compares the prediction of (3.39) (dotted curves) with the 
data of the normalized relaxation modulus G(t)/GN (circles) for the PI308/PI21 
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blends (cf. Watanabe et al., 2004b). (The G′, G″, and ε″ data of these blends, 
summarized in Figure 3.5, were utilized to evaluate the G(t)/GN data shown 
in Figure 3.7 and φ′(t) appearing in Equation 3.39.) Clearly, Equation (3.39) 
significantly underestimates the modulus data at intermediate to long time 
scales. This result, obtained without relying on any model calculation of φ′(t), 
allows us to conclude that the full-DTD picture fails to consistently describe 
the viscoelastic and dielectric data of the PI/PI blends. The failure of the full-
DTD picture was found also for monodisperse star-branched PI and Cayley-
tree-type branched PI, as reported by Watanabe et al. (2002, 2008).

The failure of the full-DTD picture corresponds to the failure of the under-
lying assumption that the relaxed portions of the chains behave as a simple 
solvent and the relaxing bulk system is equivalent to a polymer solution of 
the concentration φ′(t). For the full-DTD picture to be valid, the chain should 
quickly explore all available conformations over the distance a′(t) = a{φ′(t)}–d/2 
perpendicular to the tube axis, thereby allowing a sequence of β(t) (= {a′(t)/a}2) 
entanglement segments to behave as an enlarged stress-sustaining unit as a 
whole. However, this exploration requires a time for activating the CR jumps 
for all these β(t) entanglement segments. Thus, if this CR time is longer than 
the time scale of our focus, t, the chain cannot explore all conformations 
in time, and the size of the effectively dilated segment aeff(t) becomes smaller 
than the size a{φ′(t)}–d/2 assumed in the full-DTD picture. Watanabe et al. 
(2002, 2004a, 2008) found that aeff(t) evaluated from the available CR time 
data is smaller than a{φ′(t)}–d/2 for the PI/PI blends and star/Cayley-tree PI in 
the range of t where the full-DTD prediction fails. (For monodisperse linear 
PI, aeff(t) was comparable/larger than a{φ′(t)}–d/2 in the entire range of t, which 
resulted in the validity of the full-DTD picture.)

The DTD picture has been refined by Watanabe et al. (2004b) on the basis 
of the above results. This refined picture allows the tube to dilate only par-
tially up to a diameter aCR(t) determined by the CR mechanism for the case of 
aCR(t) < a{φ′(t)}–d/2, and up to a{φ′(t)}–d/2 in the opposite case. Within this partial-
DTD picture, the dilated tube diameter a′(t) appearing in the general DTD 
relationship (Equation 3.38) is given by

	 partial-DTD: a′(t) = min[a{φ′(t)}d/2, aCR(t)] (d ≅ 1.3)	 (3.40)

The dielectrically obtained φ′(t) data and the CR time data were utilized 
in Equation (3.40) to evaluate a′(t), and the normalized modulus G(t)/GN 
deduced from the partial-DTD picture was calculated by utilizing this a′(t) 
in Equation (3.38). The modulus calculated for the PI/PI blends (Watanabe 
et al., 2004b) is shown with the solid curves in Figure 3.7. These curves are in 
agreement with the data (circles), demonstrating the validity of the partial-
DTD picture. The validity was confirmed also for the monodisperse star/
Cayley-tree PI (see Watanabe et al., 2006, 2008).

The success of the partial-DTD picture demonstrates the importance of the 
consistency in the coarse-graining of the time and length scales. Namely, for 
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a given time scale t, there is a maximum length scale for coarse-graining the 
segments into an internally equilibrated larger segment. For the DTD process, 
this equilibration occurs through the CR-Rouse mechanism. However, the 
importance of the equilibration is not limited to the DTD process but also 
noted for the Rouse relaxation process within the entanglement segment. 
The entanglement segment behaves as the entropic stress-sustaining unit 
only in a time scale where all monomeric units therein are mutually equili-
brated through the Rouse mechanism. This point becomes key in the later 
discussion for the miscible blends of chemically different chains.

3.4 � Local Dynamics in Miscible Blends

3.4.1 � Self-Concentration

The glass transition of polymers occurs on thermal activation of local seg-
mental motion of polymer chains. As a part of the study for the glass transi-
tion, the local dynamics in polymer blends has been extensively investigated 
with various experimental methods that include nuclear magnetic reso-
nance, thermal, viscoelastic, and dielectric methods. In early studies, a blend 
was judged to be uniform and phase-separated, respectively, if it exhibited 
single/sharp and multiple/broad glass transition. This judgment is based on 
a classical molecular picture that the dynamic environment is the same for 
the monomeric segments of uniformly mixed polymer chains. In fact, this 
molecular picture is valid for many blend systems (Utracki, 1989).

Nevertheless, the above molecular picture fails for some miscible blends, as 
revealed from recent experiments. For example, blends of cis-polyisoprene (PI) 
and poly(vinyl ethylene) (PVE) shows the lower critical solution temperature 
(LCST) phase behavior, as confirmed from scattering experiments by Tomlin 
and Roland (1992). The segmental mobilities of PI and PVE in the blends, 
detected with 13C-NMR (nuclear magnetic resonance) and 2H-exchange 
NMR spectroscopy by Miller et al. (1990) and Chung et al. (1994), are differ-
ent even in the miscible state at temperatures T < TLCST. Correspondingly, a 
very broad, almost two-step glass transition emerges for the thermal data of 
the PI/PVE miscible blends, as reported by Chung et al. (1994) and Sakaguchi 
et al. (2005). (An example of differential scanning calorimetry [DSC] data 
for such broad glass transition is later shown in Figure 3.24.) These results 
demonstrate a difference of the dynamic frictional environment for the seg-
ments of different component chains in miscible blends. In other words, the 
component chains have different effective glass transition temperatures Tg,eff 
in the miscible blends, as pointed out by Chung et al. (1994).

Because the torsional barrier for the segmental motion around the chain 
backbone is different for the chemically different component chains, these 
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chains naturally exhibit a difference of their Tg,eff in the miscible blends. (This 
barrier should be determined by the chemical structure of the chain and also 
by the packing state of the segments in the blends.) However, Tg,eff is affected 
more significantly by the connectivity of the monomeric segments along the 
chain backbone. Chung et al. (1994) and Lodge and McLeish (2000) focused 
on the self-concentration that exclusively results from this connectivity: The 
segments neighboring along the chain backbone always occupy neighbor-
ing volume elements in the blends, thereby leading to the self-concentration 
(enrichment of their own concentration). Thus, in blends of polymers A and 
B, an effective volume fraction φeff

[X]  of the segment of component X (= A or B) 
is larger than a nominal volume fraction ϕX (macroscopic average in the 
whole blend), and the effective Tg,eff

[X]  of the component X is determined by 
the effective φeff

[X] . Consequently, the components A and B exhibit respective 
glass transitions in A- and B-rich environments (characterized by the effec-
tive φeff

[A]  and φeff
[B]), thereby exhibiting different Tg,eff in the miscible blends.

The self-concentration, never occurring in homopolymer systems, is one 
of the most unique features of the miscible blends in the length scale of the 
monomeric units. The Lodge–McLeish model utilizes the self-concentrated 
volume fraction φself

[X]  and the nominal volume fraction ϕX of the segment X to 
express the effective φeff

[X]  of this segment as (Lodge and McLeish, 2000)

	 φ φ φ φeff
[X] [X] [X]

self self X= + −( )1  with X = A, B	 (3.41)

φself
[X] is expressed in terms of the characteristic ratio C°

[X]  of the component 
chain X, the molecular weight M0

[X] and the number k[X] of the backbone 
bonds per repeating unit of this chain, a volume VK

[X]  corresponding to 
the Kuhn length bK (V bK

[X]
K
3~ ), the mass density of the blend ρ, and the 

Avogadro constant NA as
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Combining the above expression of φeff
[X]  with an empirical equation that 

describes the single Tg
o  in hypothetical (or idealized) miscible blends exhib-

iting no self-concentration, we can express the effective Tg,eff
[X]  as a function of 

the nominal volume fraction ϕX. The Fox equation given below is frequently 
utilized as this empirical equation.

	 1
T T Tg

o
A
o

g
pure A

B
o

g
pure B= +

φ φ
	  (3.43)

Here, ϕo
A and ϕo

B (= 1 – ϕo
A) represent the volume fractions of the com-

ponents A and B in the hypothetical blend and are not identical to the 
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macroscopic ϕA and ϕB. From Equations (3.41) through (3.43), Tg,eff
[A]  and 

Tg,eff
[B]  of the components A and B subjected to the self-concentration effect 

are given by (Lodge and McLeish, 2000)

	 T T T Tg,eff
[A]

g
o

A
o

eff
[A]

g,eff
[B]

g
o= =( ) =φ φ φ, BB

o
eff
[B]=( )φ 	 (3.44)

Equations (3.41) through (3.44) allow us to utilize the Tg
pure X  and ϕX data to 

evaluate Tg,eff
[X]  on the basis of the Lodge–McLeish model.

Experimentally, the Tg,eff
[X]  value can be estimated from the data of the 

relaxation time τX* of the monomeric segment of the component X without 
relying on the Lodge–McLeish (or other) model but with an assumption for 
the temperature dependence of τX* in the miscible blends: τX* in the mis-
cible blends is frequently assumed to obey the WLF equation (equivalent 
to the Vogel–Fulture–Tamman [VFT] equation; cf. Kremer and Schönhals, 
2003) and related to τX,r* at a reference state as log τX* = log τX,r* + log aT, 
with the shift factor aT being described by Equation (3.28). Utilizing the WLF 
coefficients C1

WLF  and C2
WLF  of the bulk component X in Equation (3.28) and 

replacing the reference temperature Tr therein by the effective Tg,eff
X[ ] ( )φ  of this 

component in the blend, we may relate τX* at two different temperatures as

	 log τX*(T,ϕ) = log τX* T
C T T

C Tg,eff
X g,eff

XWLF

WLF
[ ]

[ ]

( )φ
φ

( ) −
− ( )( )

+

1

2 −− ( )Tg,eff
X[ ] φ

	  (3.45)

(Equation 3.45 reduces to the WLF equation for bulk if Tg,eff
[X]  is replaced by 

bulk Tg
[X] .)

As an example of the segmental relaxation behavior, Figure  3.8 shows 
the dielectric loss ε″ of miscible blends of poly(2-chlorostyrene) (P2CS450; 
MP2CS = 4.5 × 105) and poly(vinyl methyl ether) (PVME96; MPVME = 9.6 × 104) 
samples measured by Urakawa et al. (2001). The measurements were con-
ducted at a fixed frequency of f = 1 kHz (ω = 6.28 × 103 s–1) in a range of 
T as indicated. The monomeric units of P2CS and PVME have the type-B 
dipole perpendicular to the chain backbone (cf. Figure  3.2). Because P2CS 
and PVME have comparable magnitudes of their dipoles, their segmental 
relaxation (often referred to as the α-relaxation) is clearly detected as the 
ε″ peaks of comparable heights. The high-T and low-T peaks of the blends 
are assigned as the segmental relaxation of P2CS and PVME, respectively. 
It should be emphasized that P2CS and PVME exhibit separate segmental 
relaxation processes in the miscible state because of the self-concentration 
and intrachain torsional barrier explained earlier.

From the data shown in Figure 3.8 (and the other sets of data), the segmen-
tal relaxation time can be determined as τX*(T) = τε,peak = 1/ωpeak(T), where 
ωpeak(T) is the angular frequency for the ε″ peak at a given temperature T. 
Figure 3.9 shows T dependence of the τP2CS* and τPVME* data thus obtained. 
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The solid curves indicate the results of fitting those data by the WLF equa-
tion, Equation (3.45), with the coefficients C1

WLF and C2
WLF being fixed at the 

bulk values (C1
WLF = 8.17 and C2

WLF = 62 K for P2CS; C1
WLF = 12.4 and C2

WLF = 
40.3 K for PVME) and the effective Tg,eff

[X]  being treated as a fitting parameter. 
Reasonable fitting is achieved to give an empirical estimate of Tg,eff

[X] .
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FIGURE 3.9
Temperature dependence of dielectrically determined relaxation times τ* of monomeric seg-
ments of poly(2-chlorostyrene) (P2CS) and poly(vinyl methyl ether) (PVME) in P2CS/PVME 
miscible blends with various P2CS volume fractions ϕP2CS as indicated. (Data taken, with per-
mission, from Urakawa, O., Y. Fuse, H. Hori, Q. Tran-Cong, and O. Yano. 2001. A dielectric 
study on the local dynamics of miscible polymer blends: Poly(2-chlorostyrene)/poly(vinyl 
methyl ether). Polymer 42:765–773.)
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Dielectric loss ε″ of miscible blends of poly(2-chlorostyrene) (P2CS450; MP2CS = 4.5 × 105) and 
poly(vinyl methyl ether) (PVME96; MPVME = 9.6 × 104) with various P2CS volume fractions ϕP2CS 
measured at 1 kHz at various temperatures. (Data taken, with permission, from Urakawa, O., 
Y. Fuse, H. Hori, Q. Tran-Cong, and O. Yano. 2001. A dielectric study on the local dynamics of 
miscible polymer blends: Poly(2-chlorostyrene)/poly(vinyl methyl ether). Polymer 42:765–773.)
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Figure  3.10 shows plots of the estimated Tg,eff
[X]  against the (macroscopic) 

volume fraction of P2CS, ϕP2CS. The solid curve represents the Fox equation, 
Equation (3.43), with φX

o  being replaced by the nominal ϕX (i.e., for the case of 
the absence of the self-concentration effect). The Tg,eff

[X]  data (circles) deviate 
from this curve significantly, demonstrating the importance of the self-con-
centration effect. These Tg,eff

[X]  data were fitted with Equation (3.44) combined 
with Equations (3.41) and (3.43), with the self-concentrated volume fraction 
φself
[X]  being utilized as a fitting parameter. Good fitting was achieved with the 

parameter values of φself
[P2CS]  = 0.25 and φself

[PVME]  = 0.6, as shown with the dashed 
curves. This empirical value of φself

[P2CS]  for P2CS is close to the theoretical 
value, φself

[P2CS]  = 0.22, evaluated from Equation (3.42) utilizing separately deter-
mined/known molecular parameters, while the empirical φself

[PVME]  for PVME 
is considerably larger than the theoretical φself

[PVME]  (= 0.25).
Thus, for the P2CS/PVME blends, the above result suggests not only the 

basic validity of the concept of self-concentration incorporated in the Lodge–
McLeish model but also the limitation of the model (i.e., the necessity of 
empirical adjustment of φself

[X] ). The basic validity and the limitation of this 
model have been confirmed also for the other miscible blend systems (see, 
e.g., Chung et al., 1994; Ediger et al., 2006; Hirose et al., 2003, 2004; Lutz et al., 
2004; Pathak et al., 1998, 1999; Urakawa, 2004; Zhao et al., 2008). In particular, 
13C-NMR experiments by Lutz et al. (2004) demonstrated that dilute low-M 
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FIGURE 3.10
Changes of effective glass transition temperature of components in poly(2-chlorostyrene)/
poly(vinyl methyl ether) (P2CS/PVME) miscible blends with P2CS volume fraction ϕP2CS. (Data 
taken, with permission, from Urakawa, O., Y. Fuse, H. Hori, Q. Tran-Cong, and O. Yano. 2001. 
A dielectric study on the local dynamics of miscible polymer blends: Poly(2-chlorostyrene)/
poly(vinyl methyl ether). Polymer 42:765–773.)
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cis-polyisoprene (PI) chains have different φself
[PI]  values in miscible matrices of 

high-M poly(vinyl ethylene) (PVE), poly(1,4-butadiene) (PB), and polystyrene 
(PS), φself

[PI]

 = 0.41 (in PVE), 0.85 (in PB), and 0.20 (in PS). The empirical φself
[PI]  value 

in the PVE matrix is close to the prediction of Equation (3.42) (φself
[PI]  = 0.45), but 

those in the PB and PS matrices are considerably different from the prediction.
For an accurate description of the local dynamics of the monomeric seg-

ments and the corresponding glass transition, factors other than the self-
concentration need to be considered. One of those factors is the concentration 
fluctuation explained later in detail (see Section 3.4.2.2). The remaining fac-
tors include the intrachain torsional barrier (as explained earlier) and the 
motional cooperativity of neighboring segments, the latter being discussed 
extensively for homopolymer systems (see, e.g., Kanaya and Kaji, 2001). 
Recently, this motional cooperativity was modeled for binary blends by 
Cangialosi et al. (2006) on the basis of the Adam-Gibbs theory (Adam and 
Gibbs, 1965). In addition, the size of the segment could change if the system 
density considerably changes on blending (Inoue et al., 2002), which may 
also enhance the deviation from the prediction of the Lodge–McLeish model. 
These factors deserve further investigation.

3.4.2 � Length Scale of Segmental Dynamics

Motion of the monomeric segments unequivocally governs the glass transi-
tion phenomenon, but the size of the segment has been rarely specified. Hirose 
et al. (2003, 2004) and Urakawa (2004) conducted extensive dielectric studies 
for miscible blends of linear PI and PVE to challenge this problem. Features of 
the segmental motion revealed in their work are summarized below.

3.4.2.1  �Analysis Utilizing Internal Reference of Length Scale

Both cis-polyisoprene (PI) and poly(vinyl ethylene) (PVE) have the type-B 
dipoles perpendicular to the chain backbone, and PI also has the type-A 
dipoles parallel along the backbone (cf. Figure 3.2). The dielectric relaxation 
detects the fluctuation of these dipoles, as explained in Section 3.2.2. The 
fluctuation of the type-B dipoles is activated by the fast, local motion of 
the monomeric segments, which enables the dielectric investigation of this 
motion. In contrast, the slow dielectric relaxation of PI due to the type-A 
dipoles exclusively detects the fluctuation of the end-to-end-vector R (see 
Equation 3.23). These dielectric features of PI and PVE are clearly noted in 
Figure 3.11, where the ε″ data are shown for a PI/PVE blend with the compo-
nent molecular weights MPI = 1.2 × 104 and MPVE = 6 × 104 and the PI content 
wPI = 75 wt% (Hirose et al., 2003). The data measured at different tempera-
tures are converted to the master curve after the time-temperature super-
position with the reference temperature of Tr = –20°C, as explained later in 
more detail. The three distinct dispersions seen at high, middle, and low 
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angular frequencies ω are assigned as the segmental relaxation of PI, the seg-
mental relaxation of PVE, and the global relaxation of PI, respectively. The 
PVE chains have no type-A dipole and thus exhibit no slow dielectric disper-
sion reflecting their global motion. (However, the global motion of PVE was 
slower than that of PI and observed as the terminal viscoelastic relaxation of 
the blend as a whole.)

In the master curve shown in Figure 3.11, the ε″ data at various T (between 
–39°C and 60°C) were shifted along the ω axis by an appropriate factor aT,ε to 
achieve the best superposition in the segmental and global relaxation regimes 
for PI. This shift (for PI) gives very poor superposition in the segmental 
relaxation regime for PVE, which results from a difference of the effective 
Tg,eff  of the components in the blends: The WLF-type shift factor for the seg-
mental relaxation, aT,ε = τ*(T)/τ*(Tr) with τ* being the segmental relaxation 
time, is more strongly dependent on T for PVE (having high Tg,eff ) than for 
PI, thereby violating the superposition for the blend as a whole.

The global and segmental relaxation processes of PI in the PI/PVE 
blends are simultaneously observed dielectrically (see Figure  3.11). The 
global relaxation of PI chains corresponds to their motion over the aver-
age end-to-end distance,  R MPI

2
PI
1/21 2/

( )∝ . Thus, with the aid of this RPI
2 1 2/

serving as an internal reference length, a length scale for the segmental 
relaxation of PI can be estimated from data of the segmental and global 
dielectric relaxation times, τ* and τ. Specifically, for nonentangled PI 
chains, the global dynamics can be satisfactorily described by the Rouse 
model (cf. Section 3.3.3.1), and a length scale ξ of relaxation in a given time 
scale t can be specified by the Rouse relationship (in a continuous limit), 
ξ4 ∝ t. For several PI/PVE blends containing nonentangled PI, Hirose et al. 
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FIGURE 3.11
Test of time-temperature superposability for dielectric loss data of a miscible blend of cis-
polyisoprene (PI12; MPI = 1.2 × 104) and poly(vinyl ethylene) (PVE60; MPVE = 6 × 104) with 
the PI content wPI = 75 wt%. (Data taken, with permission, from Hirose, Y., O. Urakawa, and 
K. Adachi. 2003. Dielectric study on the heterogeneous dynamics of miscible polyisoprene/
poly(vinyl ethylene) blends: Estimation of the relevant length scales for the segmental relax-
ation dynamics. Macromolecules 36:3699–3708.)
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(2003) assumed the validity of this relationship in a range of ξ from the PI 
chain dimension  RPI

2 1 2/
down to the segmental length scale ξ* and esti-

mated the ξ* value from the τ* and τ data and the  RPI
2 1 2/

data as

	 ξ
τ
τ

*
* /

/
=

1 4
1 2

RPI
2 	 (3.46)

The resulting ξ* (= 0.9 ± 0.04 nm) was considerably close to the Kuhn segment 
length of PI, bK = 0.68 nm.

For estimation of ξ* for PVE in the PI/PVE blends, Hirose et al. (2003) uti-
lized the effective Tg,eff

[PI]  and Tg,eff
[PVE]  of PI and PVE in the blends to reduce the 

segmental τ* data of PI and PVE in the isofrictional state (where the PI and 
PVE segments have the same friction coefficient). They applied Equation 
(3.46) to those τ* data to estimate ξ* = 1.8 ± 0.3 nm for PVE. This estimate is 
reasonably close to the Kuhn segment length of PVE, bK = 1.16 nm.

Although the continuous Rouse relationship, ξ4 ∝ t, does not hold accu-
rately at small length scales, it seems reasonable to conclude, from the above 
results based on this relationship, that the dynamically defined segmental 
length scale ξ* is reasonably close to the statistically well-defined Kuhn seg-
ment length bK, and the relaxation of the monomeric segments of PI and PVE 
(related to their separate glass transitions) occurs over different length scales.

3.4.2.2  �Analysis Based on Mode Broadening

For further examination of the segmental length scale for PVE in the 
PI/PVE blends, Hirose et al. (2004) analyzed the broadness of the dielec-
tric mode distribution observed as the ω dependence of the ε″ data. As an 
example, Figure 3.12 shows ω dependence of the ε″ data at 10°C measured 
for a PI/PVE blend with MPI = 1.2 × 104, MPVE = 6 × 104, and wPI = 17 wt% 
(circles). Because of this small wPI value, the relaxation seen in Figure 3.12 is 
almost exclusively attributed to the segmental motion of PVE in the blend. 
The dielectric segmental relaxation of bulk PVE is satisfactorily described 
by the Havriliak–Negami (HN) empirical equation (Hirose et al., 2004):

	 ε ω τ
ε

ωτ α βHN HN

HN

= −
+

( ; ) Im
( )1 i

with i = −1 	 (3.47)

where Δε (= 0.108) is the dielectric relaxation intensity, τHN is the HN-type 
nominal relaxation time, and α (= 0.721) and β (= 0.391) are the HN param-
eters for PVE. The HN equation does not describe the real terminal behavior, 
ε″ ∝ ω at low ω (cf. Equation 3.19) but can be utilized for phenomenological 
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description of the intensive part of the dielectric relaxation around the ε″ 
peak. This εHN″ for bulk PVE, shifted in the double-logarithmic scale to match 
the ε″ peak frequency and height with the ε″ data of the blend, is shown in 
Figure 3.12 with the dotted curve. The dielectric relaxation mode distribu-
tion of the blend is broader than this HN curve, in particular at low ω.

Hirose et al. (2004) attributed this broadening to the concentration fluctua-
tion, the characteristic dynamic feature of miscible blends (not observed for 
homopolymer systems). Namely, in the time scale of the segmental relax-
ation, the fluctuation of the local PVE volume fraction ϕlocal does not van-
ish, and ϕlocal varies in space around its average, ϕo. This distribution of ϕlocal, 
resulting in a spatial variation of the dynamic (frictional) environment for 
the PVE segments to broaden the mode distribution, may be described by 
the Zetsche–Fischer (ZF) model (1994) giving a Gaussian distribution func-
tion of ϕlocal around the average:

	 ψ φ
πσ

φ φ

σ
( ) explocal

local o
= −

−{ }1

2 22

2

2 	 (3.48)

Here, σ2 is the variance; σ2 = 〈(ϕlocal – ϕo)2〉. Considering this distribution, 
Hirose et al. (2004) expressed ε″ for the segmental relaxation of PVE aver-
aged over the distribution function ψ(ϕlocal):
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FIGURE 3.12
Dielectric loss ε″ measured at 10°C for a PI12/PVE60 miscible blend with MPI = 1.2 × 104, 
MPVE = 6 × 104, and wPI = 17 wt% (circles). Dotted and solid curves, respectively, indicate 
the results of fitting with Havriliak–Negami empirical equation without and with the 
mode broadening due to the concentration fluctuation. (Data taken, with permission, from 
Hirose, Y., O. Urakawa, and K. Adachi. 2004. Dynamics in disordered block copolymers and 
miscible blends composed of poly(vinyl ethylene) and polyisoprene. J. Polym. Sci. Part B: 
Polym. Phys. 42:4084-4094.)
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In Equation (3.49), εHN″(ω;τHN) represents the HN function (Equation 3.47) 
describing the intensive part of the ε″ data of bulk PVE. Namely, Equation 
(3.49) assumes that the relaxation mode distribution for the PVE segments 
in a given local frictional environment (characterized by ϕlocal) is identical to 
that for the segments in bulk. In addition, the characteristic time τHN(ϕlocal) in 
this environment is assumed to be dependent only on ϕlocal.

For further analysis, Hirose et al. (2004) replaced this ϕlocal dependence of 
τHN in the blend by the dependence on the macroscopic ϕPVE observed for the 
PVE segmental relaxation time τPVE* (= 1/ωpeak) in PVE-rich PI/PVE blends. 
The local volume fraction ϕlocal determining this τPVE* does not rigorously 
coincide with the macroscopic ϕPVE but should be close to the effective φeff

[PVE]  
discussed earlier. However, a difference between ϕPVE and φeff

[PVE]  was rather 
small in the PVE-rich blends. For this reason, the above replacement can be 
made as the first approximation. For the same reason, the average ϕo appear-
ing in Equation (3.48) can be approximated as the macroscopic ϕPVE.

Under these assumptions and approximations, Hirose et al. (2004) fitted 
the ε″ data of the PI/PVE blends with Equations (3.48) and (3.49). (Actually, 
the fitting was made after conversion of ψ appearing in Equation 3.49 into a 
distribution function of τHN.) In Figure 3.12, the solid curve indicates the best-
fit result obtained with the variance value of σ2 = 0.013. Hirose et al. (2004) 
converted this variance value into a characteristic length of the concentration 
fluctuation, ra, through a general expression for scattering from Gaussian 
chains exhibiting the concentration fluctuation (Zetsche and Fischer, 1994):

	 σ φ φ
π

2 2 3

2 22
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= −( ) =
−
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∞
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Here, b, q, and S(q) denote the monomer bond length, the magnitude of scat-
tering vector, and the structural factor, respectively. Utilizing an expression 
of S(q) based on the random phase approximation (known to be valid for 
miscible blends) (de Gennes, 1979), Hirose et al. (2004) evaluated ra from the 
σ2 value. The result, ra = 1.6 to 1.7 nm, agreed with the segmental length scale 
dielectrically estimated with the aid of Equation (3.46), ξ* = 1.8 ± 0.3 nm for 
PVE, and was reasonably close to the Kuhn segment length of PVE, bK = 
1.16 nm. This result lends further support to the molecular picture that the 
dynamically defined segmental length scale ξ* is reasonably close to the sta-
tistical Kuhn segment length bK.
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Here, some comments need to be added for the results of the above 
analysis. Zetsche and Fischer (1994) examined the segmental relaxation of 
the PVME component in PS/PVME blends inside the miscible region. The 
PVME segmental relaxation was easily detected with the dielectric method 
(because the dipole is much larger for polar PVME than for nonpolar PS). 
They analyzed the data on the basis of Equation (3.50) to obtain the charac-
teristic length of the concentration fluctuation ra ≅ 7 nm (at Tg). This ra is much 
larger than the Kuhn segment length, bK = 1.16 nm for PVME. This result 
differs from the results by Hirose et al. (ra ≅ bK) explained above. This dis-
crepancy could be partly due to the assumption of a common, single Tg for 
the PS and PVME components in the PS/PVME blends incorporated in the 
analysis by Zetsche and Fischer (1994). This assumption broadens the distri-
bution function ψ(ϕlocal) that matches the ε″ data and might have resulted in 
overestimation of ra.

For quantitative description of the segmental dynamics of the components 
in the miscible blends, both concentration fluctuation and self-concentration 
effects should be consistently incorporated in the model. This approach has 
already been examined by Kumar et al. (1996), Kamath et al. (1999), and Colby 
and Lipson (2005). In particular, the model by Colby and Lipson adopted 
the ra value (~1 nm) comparable to the Kuhn segment length to reasonably 
describe the segmental relaxation time and mode distribution for both PI 
and PVE components in PI/PVE blends.

3.5 � Global Dynamics in Miscible Blends

For homopolymer systems, the global motion of polymer chains and the 
resulting terminal relaxation and flow behavior have been studied exten-
sively, as explained in earlier sections. In particular, for entangled linear 
homopolymers, the mechanisms of the chain motion/relaxation such as 
reptation, contour length fluctuation (CLF), constraint release (CR), and 
dynamic tube dilation (DTD) have been established and an effect of combina-
tion of these mechanisms has been understood to a considerable depth. The 
global dynamics in miscible blends of chemically different polymers would 
be basically understood within the framework of this knowledge for homo-
polymers. Nevertheless, there are quite important differences between the 
homopolymer systems and blends. First, the effective Tg,eff determining the 
frictional environment is different for different components in the blends, 
as explained earlier. In addition, the entanglement length a (= tube diameter 
discussed earlier) could be different for the components in their bulk state 
and in the blend. These differences would affect the global dynamics of the 
component chains in the blends. In particular, the frictional difference of 
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the component chains could result in an interesting situation that one com-
ponent being less entangled but having a larger friction relaxes slower than 
the other component. Interesting dynamic coupling of the component chains 
is expected for such cases.

This section is devoted to discussion of the characteristic features of the mis-
cible blends that include the coupling of the global dynamics of the dynami-
cally asymmetric component chains. We first focus on miscible blends of 
cis-polyisoprene (PI) and poly(vinyl ethylene) (PVE) having a moderate 
dynamic asymmetry of the components. The PI/PVE blends demonstrate 
basic similarities and differences between the miscible blends and homo-
polymer systems. Then, we turn our attention to miscible blends of PI and 
poly(p-tert-butyl styrene) (PtBS) exhibiting the strongest dynamic asymme-
try among the miscible blends so far investigated. The effect of the dynamic 
asymmetry on the global relaxation of the components is most clearly exam-
ined for these blends.

The segmental dynamics is strongly affected by the local heterogeneity of 
the composition in the length scale of the monomeric segment, and the effec-
tive volume fraction φeff

[X] , not the macroscopically averaged volume fraction 
ϕX, determines the segmental dynamics of the component X, as explained in 
the previous section. In contrast, such very local heterogeneity is smeared for 
the global dynamics. Thus, the global dynamics is determined by the friction 
ζs of the Rouse segment (= smallest motional unit for the global dynamics), 
the molecular weight MX of the component X, and the macroscopic ϕX of the 
component. (ζs is basically determined by Tg,eff.) For this reason, the effec-
tive φeff

[X]  defined for the monomeric segment is not explicitly incorporated in 
the explanation/discussion below.

3.5.1 � Global Relaxation in Polyisoprene/Poly(vinyl ethylene) 
(PI/PVE) Blend

3.5.1.1  �Thermorheological Behavior of PI/PVE Blend

The PI/PVE blend is one of the most extensively studied miscible blends (see, 
e.g., Arendt et al., 1997; Chung et al., 1994; Haley and Lodge, 2005; Haley et al., 
2003; Hirose et al., 2003, 2004; Miller et al., 1990; Pathak et al., 2004; Sakaguchi 
et al., 2005; Tomlin and Roland, 1992; Urakawa, 2004; Zawada et al., 1994a, 
1994b). The entanglement lengths a and Tg of PI and PVE in respective bulk 
states are
	 bulk PI: a ≅ 5.8 nm, Tg ≅ –70°C	 (3.51)

	 bulk PVE: a ≅ 5.1 nm, Tg ≅ 0°C	 (3.52)

The entanglement length is similar for bulk PI and PVE and thus remains 
similar also in PI/PVE blends (as explained later in more detail). However, 
the effective Tg,eff is different for PI and PVE in the blends (higher for PVE) 
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mostly because of the self-concentration effect explained earlier. (PI is anti-
plasticized by PVE while PVE is plasticized by PI on blending.) This differ-
ence of Tg,eff affects the global relaxation of the PI/PVE blends.

As an example demonstrating this effect, Figure 3.13 shows the loss modu-
lus G″ of a blend of PI110 (MPI = 1.1 × 105) and PVE290 (MPVE = 2.9 × 105) sam-
ples with the PI content of wPI = 50 wt% reported by Arendt et al. (1997). In 
the blend, PI110 and PVE290 behave as the fast and slow components entan-
gled with each other, as can be expected from the difference of Tg,eff and the 
similarity of a explained above and also from the MPI and MPVE values. The 
G″ data measured at various temperatures T = 25 to 110°C are semilogarith-
mically plotted against the angular frequency ω and further shifted along 
the ω axis to achieve the best superposition at low ω. This superposition 
is equivalent to the superposition of the modulus of the slow component, 
PVE290, and the shift factor aT,G reflects a change of the friction coefficient of 
PVE290 with T. The high-ω peak of G″, reflecting the global relaxation of PI110 
(and a partial relaxation of PVE290 activated by the PI relaxation through 
the CR/DTD mechanism), is not superposed with the aT,G factor for PVE but 
shifts to lower ωaT,G with increasing T. Thus, the increase of T accelerates the 
global relaxation less significantly for PI110 than for PVE290, which can be 
naturally understood from the friction coefficient of the Rouse segment that 
exhibits the WLF-type T dependence (cf. Equation 3.28) with Tg,eff being uti-
lized as the reference temperature Tr.
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3.5.1.2  �Component Dynamics in PI/PVE Blend

The complex modulus G* (= G′ + iG″) of the binary blends can be analyzed 
with the aid of the rheo-optical data. For homopolymers, the stress-optical 
coefficient C does not depend on the molecular weight and the molecular 
weight distribution. Thus, G* and the complex birefringence coefficient K* 
(= K′ + iK″) of the binary blend of chemically identical polymers always satisfy 
the well-known stress-optical rule in the rubbery-to-flow zone:

	 K*(ω) = CG*(ω)	 (3.53)

Those G*(ω) and K*(ω) are contributed from the components in the blend and 
can be expressed as

	 G*(ω) = G1*(ω) + G2*(ω)	 (3.54)

	 K*(ω) = K1*(ω) + K2*(ω)	 (3.55)

Here, Gi*(ω) and Ki*(ω) are the bare modulus and birefringence coefficient of 
the component i not normalized by the volume fraction ϕi of this component, 
with the subscripts i = 1 and 2 standing for the short- and long-chain compo-
nents, respectively. As clearly noted from Equation (3.53), we cannot resolve 
the component moduli just from the G*(ω) and K*(ω) data of the blend. For this 
resolution, one component needs to be labeled for rheo-optical distinction 
from the other component. In fact, rheodichroism tests have been made for 
blends of chemically identical but deuterated and protonated component 
polymers to determine Gi*(ω) and Ki*(ω), the latter being evaluated from the 
dynamic dichroism signal (see, e.g., Ekanayake et al., 2002; Kornfield et al., 
1989; Ylitalo et al., 1991a, 1991b). These tests revealed that Equation (3.53) is not 
valid for Gi*(ω) and Ki*(ω) of respective components because the monomeric 
segments of the components are orientationally coupled with each other. 
Specifically, K1*(ω) of the short-chain component was found to just partially 
relax in a range of ω where its G1*(ω) has fully relaxed. These results indicate 
that a monomeric segment tends to be locally oriented in the same direction 
as the surrounding segments because of the nematic coupling due to the 
entropic packing effect, as first pointed out by Kornfield et al. (1989).

The birefringence and dichroism detect the orientational anisotropy 
summed for all monomeric segments. In contrast, the modulus in the rub-
bery relaxation/flow zone reflects the orientational anisotropy of much larger 
units such as the entanglement segments. The nematic coupling between the 
monomeric segments is smeared in the length scale of those large segments 
to negligibly change the modulus and hardly affect the global dynamics of 
the chains, as deduced from theoretical analysis by Watanabe et al. (1991) 
and by Doi and Watanabe (1991). The corresponding relationship between 
Gi*(ω) and Ki*(ω) was theoretically derived by Doi et al. (1989):
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	 K2*(ω) = C{(1 – θϕ1)G2*(ω) + θϕ2G1*(ω)}	 (3.56)

	 K1*(ω) = C{θϕ1G2*(ω) + (1 – θϕ2)G1*(ω)}	 (3.57)

Here, θ is the nematic coupling constant between the monomeric segments of 
the components. From Equation (3.57), we note that K1*(ω) of the short-chain 
component does not fully relax even in the range of ω where its modulus 
G1*(ω) has fully relaxed but the modulus G2*(ω) of the long-chain component 
remains unrelaxed. This theoretical prediction is consistent with experi-
ments. We can also confirm that Equations (3.56) and (3.57) give K*(ω) = 
K1*(ω) + K2*(ω) = C{G1*(ω) + G2*(ω)} and are consistent with the stress-optical 
rule, Equation (3.53).

For miscible blends of chemically different chains A and B, the above for-
mulation for K*(ω) is modified by Zawada et al. (1994b) and Arendt et al. (1997):

	 K*(ω) = CA[GA*(ω) – θ{ϕAGB*(ω) – ϕBGA*(ω)}]

	 + CB[GB*(ω) – θ{ϕBGA*(ω) – ϕAGB*(ω)}]	
(3.58)

Here, CA and CB are the stress-optical coefficients of the components A and B 
in respective bulk systems, and θ denotes the coupling constant averaged for 
all monomeric units of the components. In general, CA is different from CB so 
that K*(ω) and G*(ω) (= GA*(ω) + GB*(ω)) of the A/B miscible blends are not pro-
portional to each other. Thus, for those blends, no specific optical labeling is 
required for determination of the component moduli Gi*(ω): We can just apply 
Equations (3.58) and (3.54) (with 1 = A and 2 = B) to the K*(ω) and G*(ω) data of 
the A/B blend to determine Gi*(ω), given that the average coupling coefficient 
θ is known. In general, θ is unknown a priori. However, for the PI110/PVE290 
blend examined in Figure 3.13, Arendt et al. (1997) analyzed the K*(ω) and 
G*(ω) data to demonstrate that the θ value should be in a very narrow range 
for reproducing the full relaxation of GPI*(ω) of PI110 (fast component) in the 
high-ω zone around the G″ peak frequency, ωpeak. As an example, Figure 3.14 
shows the results of their analysis for the blend at 60°C (Arendt et al., 1997). 
The normalized storage modulus of PI110, φPI PI

−1G , evaluated for θ = 0.34 
exhibits the terminal tail (G′ ∝ ω2; cf. Equation 3.7) in the expected range of 
ω, but a slightly smaller θ (= 0.33) gives an artificial relaxation tail at low ω 
(« ωpeak), whereas a slightly larger θ (= 0.35) results in physically unreasonable 
ω dependence of the modulus (stronger than the asymptotic proportionality 
to ω2). The normalized modulus of PVE290 (slow component) hardly changes 
in this narrow range of θ. Thus, the θ value and the component moduli are 
simultaneously determined with negligibly small uncertainties.

Figure 3.15 examines the time-temperature superposability of the compo-
nent moduli in the PI110/PVE290 blend determined with the above method 
(Arendt et al. 1997). The reference temperature is Tr = 25°C. The shift factor aT,G 
was separately chosen for PI110 and PVE290 to achieve the best superposition 
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for respective components. This factor was of the WLF type and more strongly 
dependent on T for PVE290 than for PI110, which reflects a difference of the 
effective Tg,eff (higher for PVE290) (see Equation 3.28 with Tr = Tg,eff).

As noted in the top panel of Figure 3.15, the normalized φPI
−1 GPI* data of 

PI110 are well superposed within the accuracy of the above analysis. This 
result suggests that the relaxation mechanism of PI110 hardly changes 
with T. Because PI110 is the fast component in the blend and entangled with 
the slow component, PVE290, the reptation and CLF mechanism explained 
earlier (cf. Figure 3.6) would have dominated the relaxation of PI110 to give 
the validity of the superposition. (For the PI110 chains entangling with the 
slow PVE290 chains, the CR mechanism should have suppressed compared 
to that in bulk PI110 system.) In fact, a good superposition is achieved also for 
the dielectrically detected end-to-end vector fluctuation process of the other 
PI chains entangled with slower PVE chains; see the low-ω dielectric data in 
Figure 3.11. Thus, the relaxation behavior of fast PI entangled with slow PVE 
can be understood within the molecular picture established for the chemi-
cally uniform PI/PI blends.

In contrast, for PVE290 in the blend examined in the bottom panel of 
Figure 3.15, the superposition of φPVE

−1 GPVE* is valid at low ω (where the fast 
PI110 has relaxed) but not at high ω (where PI110 has not relaxed). Specifically, 
the fast relaxation of PVE290 is noted as the up-turn of the φPVE PVE

−1 G  curves 
at high ω, and this fast relaxation shifts toward the terminal relaxation of 
PVE290 with increasing T to violate the superposition. This behavior can 
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be again understood with the aid of the molecular picture for the chemi-
cally uniform PI/PI blends: The PVE290 chains would have relaxed partly at 
high ω through the CR mechanism activated by the global motion of PI110, 
as similar to the behavior of a high-M component in PI/PI blends. Thus, the 
relaxation time of this high-ω process is dominated by the motion of the 
PI110 chain, and the T dependence of this time is essentially determined by 
Tg,eff of PI110. In contrast, the T dependence of the terminal relaxation time 
of PVE290 (possibly occurring through the reptation and CLF mechanisms) 
is determined by Tg,eff of PVE290. Because Tg,eff is higher for PVE290 than 
for PI110, the spacing between these two times decreases with increasing T, 
which naturally results in the observed failure of the superposition. It should 
be noted that the difference of Tg,eff is a unique feature of the chemically 
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heterogeneous miscible blends, but the relaxation mechanisms of the com-
ponents therein are still similar to those in the chemically uniform PI/PI 
blends. In this sense, the dynamic asymmetry in the PI/PVE blends is not 
strong enough to activate a relaxation mechanism absent in the PI/PI blends.

3.5.2 � Global Relaxation in Polyisoprene/Poly(p-tert butyl styrene) 
(PI/PtBS) Blends

Poly(p-tert butyl styrene) (PtBS) and cis-polyisoprene (PI) are miscible in sur-
prisingly wide ranges of temperature and composition despite a huge dif-
ference in their chemical structures, as found by Yurekli and Krishnamoorti 
(2004). Because PI has the type-A dipole while PtBS does not, the slow dielec-
tric response of PI/PtBS blends exclusively detects the global dynamics of 
the PI chains therein, which enables us to examine the dynamics of the PI 
component without theoretical assumptions.

The entanglement length a and the glass transition temperature Tg of bulk 
PtBS, summarized in Equation (3.59), are significantly larger and higher, 
respectively, than those of PI (Equation 3.51):

	 bulk PtBS: a = 11.7 nm, Tg ≅ 150°C	 (3.59)

Specifically, the large difference of the entanglement lengths of PI and PtBS 
allows us to examine the effect of blending on this length, and the large dif-
ference of bulk Tg results in a large dynamic asymmetry of PI and PtBS. The 
large asymmetry allows the PtBS chains to behave as effectively immobi-
lized obstacles during the global relaxation of PI, thereby strongly affecting 
(retarding) the PI relaxation. The following sections explain the component 
dynamics in the PI/PtBS blends and examine these effects.

3.5.2.1  �Overview of Entanglement Relaxation in High-M PI/PtBS Blend

As an example of the dynamic behavior of PI/PtBS blends having a large 
dynamic asymmetry, Figure 3.16 shows the data of the storage and loss mod-
uli, G′ and G″, and the dielectric loss, ε″, measured for a blend of PI99 (MPI = 
9.9 × 104) and PtBS348 (MPtBS = 3.5 × 105) with wPI = 50 wt% (Watanabe et al., 
2011). These high-M components, having M MPI e,bulk

[PI]/  ≅ 20 and M MPtBS e,bulk
[PtBS]/  

≅ 9 in respective bulk systems, are well entangled with each other also in the 
blend. Only the data at representative T are shown for clarity of the plots, 
and the ε″ data are multiplied by a factor of 104. At all T examined, the blends 
exhibit two-step viscoelastic relaxation, and the second step (terminal) relax-
ation is much slower than the dielectric relaxation exclusively detecting the 
global motion of the type-A PI99 chains. In addition, the first step viscoelas-
tic relaxation occurs in the same range of ω as the dielectric relaxation. These 
results indicate that the PI99 and PtBS348 chains behave as the fast and slow 
components in the blend at the temperatures examined.
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The two-step viscoelastic relaxation seen for the high-M PI99/PtBS348 
blend is qualitatively similar to that of entangled PI/PI blends (cf. Figure 3.5). 
However, the viscoelastic data of the PI99/PtBS348 blend do not satisfy the 
time-temperature superposition, as demonstrated in Figure  3.17 where 
the data are subjected to a minor intensity correction (reduction by the fac-
tor of bT = T/Tr; cf. Equation 3.27) and shifted along the ω axis by a factor aT,G 
to achieve the best superposition of the bT

–1 G″ data at ωaT,G ≅ 10–3 s–1. This 
shift gives branches of the G′ and G″ curves at high ω, clearly demonstrat-
ing the failure of the superposition. This failure is partly attributable to a 
difference of the shift factors for the components, PI99 and PtBS348: Both 
PI99 and PtBS348 contribute to the viscoelastic data at high ω, while PtBS348 
dominates the data at low ω (where PI99 has already relaxed). In fact, the 
shift factor aT,ε for PI99 evaluated from the superposition of the dielectric Δε′ 
and ε″ data is much less dependent on T compared to the viscoelastic aT,G that 
reflects, at low T, the behavior of PtBS348; see the inset in Figure 3.17.

The above mechanism of the failure of the superposition has also been 
noted for the entangled PI/PVE blends having just a moderate dynamic 
asymmetry of the components (cf. Figure 3.13). However, Figure 3.17 dem-
onstrates that the superposition fails for the viscoelastic data of the PI99/
PtBS348 blend not only at high ω but also at low ω. The failure at low ω 
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suggests that the global dynamics of the slow component (PtBS348) changes 
with T. This change, not seen for the PI/PVE blend (cf. low-ω data in the 
bottom panel of Figure 3.15), is the other mechanism for the failure of the 
superposition for the PI99/PtBS348 blend.

As noted in Figure 3.16, the PI99/PtBS348 blend exhibits a plateau of G′ 
and a peak of G″ at high T (100°C) in a range of ω > 20 s–1 where the global 
relaxation of PI is dielectrically observed. Similar high-ω plateau, being 
attributed to the entanglement among all component chains, has been 
noted for the PI/PVE and PI/PI blends. In contrast, at low T (30°C), nei-
ther G′-plateau nor G″-peak is observed for the PI99/PtBS348 blend in the 
PI relaxation zone at ω > 0.1 s–1. Instead, the G′ and G″ data at low T exhibit 
the Rouse-type power-law behavior, G′ = G″ ∝ ω1/2 (solid line), and increase 
monotonically beyond the levels of G′-plateau/G″-peak seen at high T. (This 
power-law behavior is deduced from Equation 3.35 at t well below τR,G, as 
explained later in more detail.) The disappearance of the high-ω entangle-
ment plateau at low T, not seen for the PI/PVE and PI/PI blends, is a remark-
able feature of the PI/PtBS blend having a very large dynamic asymmetry 
of the components.
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The disappearance explained above suggests a significant change of the 
global relaxation mechanism of PI99 (fast component in the blend) with T. This 
change of the relaxation mechanism largely contributes to the failure of the 
time-temperature superposition of the viscoelastic data of the PI99/PtBS348 
blend. In relation to this point, we note in Figure 3.17 that the superposition 
satisfactorily works for the dielectric Δε′ and ε″ data of PI99 (with the shift fac-
tor aT,ε shown in the inset). Thus, the relaxation mechanisms of PI99 at high 
and low T are different but should be still associated with the same dielectric 
mode distribution (the mode distribution of the end-to-end vector fluctua-
tion; cf. Equation 3.23). This point is discussed later in more detail.

3.5.2.2  �Entanglement Length in High-M PI/PtBS Blend

Because the entanglement length a is considerably different for bulk PI 
(Equation 3.51) and PtBS (Equation 3.59), the effect of blending on this length 
can be clearly examined for the PI99/PtBS348 blend. The viscoelastic data 
of this blend in the high-ω plateau zone at high T, reflecting the entangle-
ments among all component chains, enable a quantitative test of several mix-
ing rules of a and the entanglement molecular weight Me (∝ a2) reported 
in literature:

	
1
a a a
= +
φ φA

A

B

B
 (Pathak et al., 2004)	 (3.60)

	 a n a n a= +A A B B  (Chen et al., 2008; Watanabe et al., 2011)	 (3.61)

	 1
1 2 1 2 1 2M M Me

A

e,bulk A

B

e,bulk B
/ / /=

{ }
+
{ }

φ φ  (Haley and Lodge, 2005)	 (3.62)

In Equations (3.60) and (3.61), aX is the entanglement length in the bulk system 
of the component X (= A, B), ϕX is the volume fraction of the component X, 
and nX denotes the number fraction of the Kuhn segments of the component 
X in the blend. Me,bulk X appearing in Equation (3.62) is the entanglement 
molecular weight of the component X in bulk. (Equation 3.61 was originally 
formulated for the packing length p ≅ a/20; Chen et al., 2008. However, a 
small variation of the p/a ratio among polymer species can be neglected 
to rewrite the original expression in the form of Equation 3.61; Watanabe 
et al. 2011.)

Equations (3.60) through (3.62) can be tested on the basis of a formal blend-
ing law of the complex modulus, G*(ω) = ΣX=A,B GX*(ω) with GX*(ω) being the 
bare (nonnormalized) complex modulus of the component X in the blend. 
(This definition of GX*(ω) is identical to that utilized in Equation 3.58.) As 
explained earlier, the CR effect on the viscoelastic relaxation changes on 
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blending. Thus, in general, GX*(ω) differs from GX,bulk*(ω) of bulk component 
X, and this formal blending law just indicates the stress additivity of the com-
ponents. However, in the high-ω plateau zone where Equations (3.60) through 
(3.62) are tested, the fast component has hardly relaxed and thus activates 
no significant CR relaxation for the fast and slow components. In this zone, 
GX*(ω) at a given T can be safely approximated to have the same relaxation 
mode distribution as GX,bulk*(ω) of the bulk at the same T, as suggested from 
the G* data of the chemically uniform PI/PI blends (see the high-ω data in 
Figure 3.15) and of PS/PS blends (Watanabe, 1999). Then, the above blending 
law can be rewritten as

	 G*(ω) = φX X X,bulk

X A,B

I G
=
∑ *(ωΛX) in the high-ω plateau zone	 (3.63)

with

	 ΛX
G,X

G,X
[bulk]=
τ
τ

	 (3.64)

and

	 I
a
aX
X=

2

 (when Equations 3.60 and 3.61 are utilized)	 (3.65)

	 I
M
MX
e,bulk X

e
=  (when Equation 3.62 is utilized)	 (3.66)

Here, ΛX denotes a difference between the viscoelastic terminal relaxation 
times of the component X (= PI, PtBS) in bulk, τG,X

[bulk], and in the blend, τG,X. 
IX represents a difference of the entanglement plateau heights normalized to 
unit volume fraction of the component X in bulk and blend. IX is determined 
according to the mixing rules, Equations (3.60) through (3.62).

Because the PI99 chains relax much faster than the entangling PtBS348 
chains (cf. Figure 3.16), the constraint release (CR) mechanism hardly con-
tributes to the PI99 relaxation. For this case, the terminal viscoelastic relax-
ation time τG,PI of PI99 appearing in Equation (3.64) can be safely replaced 
by the dielectric τε,PI, the latter being evaluated from ωpeak for the narrow ε″ 
peak in Figure 3.16 as τε,PI = 1/ωpeak (= 0.04 s at 100°C). Thus, ΛPI is evaluated 
from this τε,PI and the τG,PI

[bulk]  data of bulk PI99 as ΛPI = τε,PI/τG,PI
[bulk] . We also note 

that the first step relaxation of the slow PtBS348 chains corresponds to their 
CR relaxation activated by the global motion of the PI99 chains. Thus, τG,PtBS 
appearing in Equation (3.64) can be safely replaced by τG,PI (= τε,PI) of PI99, 
and ΛPtBS is evaluated from τε,PI and the τG,PtBS

[bulk]  data of bulk PtBS as ΛPtBS = 
τε,PI/τG,PtBS

[bulk] .
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Utilizing those ΛX values together with the IX values deduced from the 
mixing rules, Equations (3.60) through (3.62), Watanabe et al. (2011) calcu-
lated G* from the GPI,bulk* and GPtBS,bulk* data with the aid of Equation (3.63). 
Figure 3.18 compares G* (solid curves) calculated for the PI99/PtBS348 blend 
at 100°C with the data (circles). As noted for the curves in panels (a) and (c), 
Equations (3.60) and (3.62) considerably underestimate the modulus in the 
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high-ω plateau zone at ω ≥ 20 s–1, where the mixing rules are to be tested. 
In contrast, Equation (3.61) describes the data in this zone, as noted for the 
curves in panel (b). This validity of Equation (3.61) has been confirmed for 
other PI/PtBS blends having different compositions or component molecular 
weights (see Watanabe et al., 2011).

In the current molecular picture, the entanglement density in homopoly-
mer systems is related to the packing length p, and p is proportional to the 
entanglement length a (p ≅ a/20) (see Fetters et al., 1994, 1999, 2007). Thus, 
for the PI/PtBS blends, the high-ω plateau modulus is determined by an 
average of aPI and aPtBS. Because the Kuhn segment is the fundamental unit 
for description of the flexible polymer conformation, this average naturally 
includes the number fractions of these segments as the weighing factors to 
give Equation (3.61).

Note also that the above test of the mixing rule was successfully made 
because of the considerable difference of the aPI and aPtBS values (cf. Equations 
3.51 and 3.59). For the other pair of components such as PI and PVE, the differ-
ence of the aX values is much smaller so that Equations (3.60) through (3.62) give 
nearly the same a value and cannot be clearly distinguished experimentally.

3.5.2.3  �Component Relaxation Mechanisms in High-M PI/PtBS Blend

The entangled PI99/PtBS348 blend examined in Figures 3.16 and 3.17 exhibits 
the two-step viscoelastic relaxation associated with the low-ω and high-ω 
plateaus of G′ at high T. This behavior is similar to that of chemically uniform 
PI/PI blends with large ϕ2 shown in Figure 3.5. Thus, the relaxation mecha-
nisms of the components in the PI99/PtBS348 blend can be understood on 
the basis of the behavior of the PI/PI blends. Namely, the fast component 
(PI99) appears to fully relax through the reptation and CLF mechanisms in 
the entanglement network with the mesh size a specified by Equation (3.61). 
(Because PI99 relaxes much faster than PtBS348, the PI99 relaxation should be 
hardly contributed from the CR mechanism.) The slow component (PtBS348) 
appears to partially relax at high ω through the CR mechanism activated by 
the global motion of PI99. After this CR relaxation, PI99 basically behaves 
as a solvent, and the effective entanglement mesh size for PtBS348 increases 
from a (cf. Equation 3.61) to that in a corresponding solution, aPtBS/ϕPtBS

d/2 with 
aPtBS and d (≅ 1.3) being the entanglement length in bulk PtBS and the dila-
tion exponent, respectively. The terminal relaxation of PtBS348 should have 
occurred through the reptation, CLF, and CR mechanisms in this dilated 
entanglement mesh, as suggested from coincidence of the terminal relax-
ation mode distribution observed for the blend and a real PtBS348 solution in 
a low-M solvent (Watanabe et al., 2011). All these relaxation mechanisms are 
identical to those in the PI/PI blends, although the entanglement mesh size 
for PtBS348 before its CR relaxation (corresponding to the high-ω plateau of 
G′) is dependent on ϕPtBS (on nPtBS; cf. Equation 3.61) and is much smaller than 



103Component Dynamics in Miscible Polymer Blends

aPtBS of bulk PtBS. Thus, no qualitative difference of the relaxation behavior is 
noted for the PI99/PtBS348 blend at high T and the PI110/PVE290 blend (cf. 
Figures 3.13 and 3.15), the latter having just a moderate dynamic asymmetry.

In contrast, at low T, the PI99/PtBS348 blend exhibits no high-ω plateau of 
G′, but the Rouse-like power-law increases of G′ and of G″ well beyond the 
level of the expected high-ω plateau (cf. Figures 3.16 and 3.17). This behavior, 
not observed for the PI/PI and PI/PVE blends, should reflect the very large 
dynamic asymmetry between PI99 and PtBS348, as discussed below.

For the high-ω plateau corresponding to the entanglement mesh size a 
(Equation 3.61) to be observed, the Rouse equilibration within this mesh 
should be much faster than the global motion at length scales greater than 
a. Because the effective Tg,eff is considerably higher for PtBS than for PI, the 
WLF-type friction coefficient of the Rouse segment, ζs, is much larger for 
PtBS than for PI at low T. Correspondingly, the intrinsic Rouse equilibration 
time over the length a, τa° = ζsa2NR/6π2kBT ∝ ζs with NR being the number of 
the Rouse segment per entanglement segment (a = bRNR

1/2 with bR = Rouse 
segment size; cf. Equation 3.36), is much longer for PtBS. Obviously, the PI 
chain cannot take a conformation overlapping the PtBS segments. Thus, the 
concentrated PtBS chains (with wPtBS = 50 wt%) should behave as densely dis-
tributed obstacles to topologically hinder the PI chain from exploring, within 
the intrinsic τa,PI°, all local conformations at a length scale of a. For this case, the 
PI and PtBS chains should be cooperatively Rouse equilibrated, and a time 
necessary for this equilibration should be essentially determined by the PtBS 
motion over the length a and given by τa,PtBS° = ζs,PtBSa2NR/6π2kBT. Once this 
equilibration is completed, the PI chain can exhibit its global relaxation at a 
time τG,PI proportional to ζs,PI of its Rouse segment. Because ζs,PI « ζs,PtBS at low 
T, this τG,PI can be rather close to τa,PtBS°. For this case, the PI chains exhibit 
their global relaxation soon after the cooperative Rouse equilibration, and 
the CR relaxation of PtBS activated by this global relaxation immediately 
follows. Then, the high-ω plateau sustained by the PI and PtBS chains has a 
width too narrow to be resolved experimentally and is masked by the coop-
erative Rouse equilibration process, as noted in Figure 3.16.

The above argument can be examined through direct comparison of 
τa,PtBS° and τG,PI. Because the PtBS chains are effectively immobilized over 
the length scale > a in the time scale of the global relaxation of PI, τG,PI can be 
safely evaluated as the dielectric relaxation time of PI, τε,PI (= 10 s at 30°C; cf. 
Figure 3.16). The time required for the cooperative Rouse equilibration pro-
cess, τa (= τa,PtBS°), can be evaluated on the basis of a power-law-type expres-
sion of the modulus of the Rouse model (equivalent to Equation 3.35) (Osaki 
et al., 2001):

	 = = ( )G G
cRT
M

( ) ( ) .
/

ω ω ωτ1 111
1 2

R,G  for ω well above 1/τR,G	  (3.67)
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For the evaluation of τa, M in Equation (3.67) is replaced by the entangle-
ment molecular weight of the component X in the blend (X = PI, PtBS), Me,X = 
{a/aX}2 Me,bulk X with a being evaluated from Equation (3.61): a = 6.3 nm for 
the PI99/PtBS348 blend examined in Figure  3.16. After this replacement, 
Equation (3.67) gives the G′ and G″ values corresponding to τa for this blend 
at 30°C as

	 = = +G G
c RT
M

c RT
Ma a( / ) ( / ) .1 1 1 111τ τ PI

e,PI

PtBS

ee,PtBS
Pa= ×3 6 105. 	 (3.68)

These G′ and G″ values are attained for the modulus data of that blend at 
ωa = 0.4 s–1 (τa = 2.5 s), as shown with the arrow in Figure 3.16. (This τa value 
was in agreement with τa,PtBS° (= 2.4 s) obtained from the WLF analysis of 
the shift factor for PtBS in the blend; see Watanabe et al., 2011.) The τa thus 
obtained is considerably close to τε,PI (= 10 s). In addition, the intrinsic Rouse 
equilibration time of PI in the blend obtained from the WLF analysis, τa,PI° = 
1.1 × 10–4 s at 30°C, was orders of magnitude shorter than τa, and thus the 
equilibration for PI was strongly retarded by PtBS (cf. Watanabe et al., 2011). 
These results lend support to the above argument that relates the lack of the 
high-ω entanglement plateau at low T to the cooperative Rouse equilibra-
tion of PI strongly retarded by PtBS. It should also be noted that at 100°C the 
intrinsic τa,PtBS° (= 6.8 × 10–5 s) of PtBS in the blend was much shorter than the 
global τε,PI of PI (= 0.05 s; cf. Figure 3.16) thereby allowing the high-ω plateau 
to be clearly observed at 100°C.

Watanabe et al. (2011) further examined the above molecular mechanism 
of the lack of the high-ω plateau through simple modeling. They modeled the 
modulus of PI corresponding to this mechanism as

	 GPI*(ω) =
c RT
M

i r
i r

a q

a qq

N
PI

e,PI

/
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R ωτ

ωτ
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1+
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with
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π π
2 1 2 1( ) ( )

	 (3.70)

The first summation term in Equation (3.69) indicates the modulus due to 
the cooperative Rouse equilibration of a sequence of NR + 1 Rouse segments 
in each entanglement segment (with the molecular weight Me,PI) occurring 
at time τa. This term is expressed in a form utilizing a ratio rq of discrete 
eigenvalues shown in Equation (3.70). (rq = q for NR » 1, which corresponds 
to the continuous Rouse expression of G(t) given by Equation 3.35). Because 
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the Rouse and Kuhn segments of flexible PI chains are similar in size, the 
sequence length NR can be estimated from MK,PI (≅ 130) of the Kuhn segment 
as NR ≅ Me,PI/MK,PI (cf. Watanabe et al., 2011).

The second term in Equation (3.69) represents the terminal entanglement 
relaxation of PI occurring at τG,PI (= τε,PI for PI relaxing much faster than PtBS, 
as explained earlier). As explained for Equation (3.63), this term is approxi-
mately expressed in terms of the modulus GPI,bulk* of bulk PI, the PI volume 
fraction ϕPI, the relaxation time shift factor ΛPI G,PI G,PI

[bulk]/= τ τ , and the intensity 
factor IPI given by Equation (3.65).

For the PtBS chains in relatively short time scales before the relaxation of their 
mutual entanglement, Watanabe et al. (2011) formulated their modulus in the 
blend as

	 GPtBS*(ω) = 
c RT
M
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i r
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with
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e,PtBS
	 (3.72)

The first summation term in Equation (3.71) represents the modulus due 
to the cooperative Rouse equilibration. Because the PtBS and PI chains 
are equilibrated cooperatively to have the common τa, the onset time of 
this equilibration, τa Nr R/ 2 , and the number NR determining this onset time 
were approximated to be common for these chains.

After this Rouse equilibration, the global motion of the PI chains activates 
the CR relaxation of the PtBS chains to increase the effective Me for PtBS 
from Me,PtBS in the PI/PtBS blends (= {a/aPtBS}2 Me,bulk PtBS) to Me,soln

[PtBS]  in the 
solution having the same ϕPtBS as the blend (= M d

e,bulk PtBS PtBS/φ  with d ≅ 1.3). 
The second summation term in Equation (3.71) represents the modulus for 
this CR process occurring at the terminal CR time τCR for a sequence of NCR 
(= M Me,soln

[PtBS]
e,PtBS/ ) entanglement segments of PtBS in the blend. This CR term 

is expressed in the discrete Rouse form with the eigenvalue ratio ρq given by 
Equation (3.72). Because the local CR hopping of the PtBS chain is activated 
by the global motion of the PI chains, the onset time for the CR process, 
τCR/ CRqN −1

2 , should be determined by τε,PI of PI. Watanabe et al. (2011) utilized 
the Graessley model (Graessley, 1982) to relate τCR/ CRqN −1

2  and τε,PI as
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	 τ τεCR
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z

	 (3.73)

Here, z is the local jump gate number (typically in a range of z = 2 to 4) treated 
as an adjustable parameter (z = 2 for the PI/PtBS blends, as shown later). 
Finally, the third term in Equation (3.71) corresponds to the plateau modulus 
sustained only by the PtBS chains before they exhibit the global relaxation.

Here, a comment needs to be added for the τCR value. Equation (3.73) 
assumes the proportionality between τCR/ CRqN −1

2  and τε,PI (∝ MPI
3 5. ), which 

does not match the empirical equation for τCR
[long] (∝ MPI

α  with α ≅ 3; Equation 
3.34) explained earlier. However, Equation (3.73) was applied to PI/PtBS 
blends containing two PI samples of rather close MPI (= 9.9 × 104 and 
1.3 × 105) (cf. Watanabe et al., 2011). The difference of the MPI dependence in 
Equations (3.73) and (3.34) gave just a minor numerical difference for τCR in 
these blends (by factor of 14%) and negligibly affected the results of the test 
of the above molecular model. In other words, the application of Equation 
(3.73) to those blends effectively treated the CR onset time τCR/ CRqN −1

2  as an 
adjustable parameter in a range of 0.11τε,PI ≤ τCR/ CRqN −1

2  ≤ 0.34τε,PI (the range 
corresponding to z = 2 to 4), which is consistent with the τCR

[long]  data for PI/PI 
blends explained earlier.

The basic parameters in the above model, τa and τε,PI, were determined 
experimentally, as explained in the previous section. The other parameters, 
Me,X (X = PI, PtBS), NR, and NCR were evaluated from a in the blend, aX and 
Me,bulk X in bulk, MK,PI (≅ 130), and Me,soln

[PtBS]. The values of these parameters are 
summarized in Table 3.1. The blend modulus G* = GPI* + GPtBS* was calculated 
from Equations (3.69) through (3.72) with these parameter values. Figure 3.19 
compares the model calculation with the G* data for several PI/PtBS blends 
as indicated (sample code numbers showing 10–3M; cf. Watanabe et al., 2011). 
Despite the approximate use of GPI,bulk* in the model (Equation 3.69), the 
G* calculated with a reasonable value of z = 2 (τCR/ CRqN −1

2  = 0.34τε,PI; solid 
curves) is surprisingly close to the data (symbols) for all blends examined. 
This result lends support to the molecular picture underlying the model, 
the cooperative Rouse equilibration of the PI and PtBS chains being slower 
than the intrinsic Rouse equilibration of PI and leading to the lack of high-ω 
plateau at low T.

Watanabe et al. (2011) utilized the dynamic birefringence data of the 
PI128/PtBS348 blend (wPI = 50 wt%) to further examine the component 
dynamics therein. Figure 3.20a shows the complex shear birefringence coef-
ficient K* (= K′ + iK″) measured for this blend at 30°C. K′ was negative in the 
entire range of ω examined, and K″ was also negative at ω < 100 s–1 where 
the blend exhibited the Rouse-like power-law behavior. Thus, the plots are 
shown for their absolute values, ∙K′∙ and ∙K″∙. For general cases of the nem-
atic coupling of the monomeric segments explained earlier, K* (= KA* + KB*) 
and G* (= GA* + GB*) of the A/B blend are related to each other through 
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Equation (3.58) with a nonzero coupling constant θ. Watanabe et al. (2011) 
evaluated the stress-optical coefficients of PI and PtBS in the blend at 30°C, 
CPI (= 9.7 × 10–10 Pa–1) and CPtBS (= –5 × 10–9 Pa–1), from the C data in respective 
bulk systems after a minor correction of T. They utilized these CPI and CPtBS 
values in Equation (3.58) with θ = 0 (no nematic coupling) to evaluate the com-
ponent moduli in the PI128/PtBS348 blend, GPI* and GPtBS*. In Figures 3.20b 
and 3.20c, the unfilled circles and squares show these component moduli 
for θ = 0. For comparison, the PI modulus GPI′ obtained with θ = 0.3 (close 
to the θ value for PI/PVE blends; cf. Figure 3.14) is shown with small filled 
circles in panel (b). The dielectric loss data detecting the end-to-end vector 
fluctuation of the PI chains are also shown in panel (b).

As noted in panel (b), GPI* obtained with θ = 0 exhibits the terminal vis-
coelastic relaxation behavior exactly in the range of ω where the terminal 
dielectric relaxation is experimentally observed. On the other hand, GPI′ 
evaluated with θ = 0.3 shows no terminal relaxation in this range of ω. (This 
lack of the terminal relaxation was found even for a smaller θ value ≤ 0.1.) 
Thus, the coupling constant in the PI/PtBS blends is quite small (and prac-
tically zero), probably because the PI and PtBS chains have quite different 
chemical structures (and cannot be very densely packed in the system).

In panels (b) and (c), we also note that GPI* and GPtBS* (evaluated with 
θ = 0) exhibit the Rouse-like power-law increases beyond the level of the 
high-ω entanglement plateau (3.6 × 105 Pa; cf. Equation 3.68) expected for the 
50 wt% PI/PtBS blend at 30°C. The viscoelastic modulus at ω well below the 

TABLE 3.1

Parameter Values Utilized in the Model Calculation 
for Figures 3.19 and 3.20

PI99/PtBS348
wPI = 50 wt%

30°C

PI128/PtBS348
wPI = 50 wt%

30°C

PI128/PtBS348
wPI = 40 wt%

60°C

a/nma 6.3 6.3 6.5
τa/sb 2.5 2.5 1.0

τε
PI/sc 10 20 2.8

10–3 Me,PI
d 5.8 5.8 6.2

10–3 Me,PtBS
d 10.8 10.8 11.5

NR
e 44 44 47

NCR
f 9 9 7

10–2τCR/sg 2.7 5.5 0.47
a	 Determined from Equation (3.61).
b	 Evaluated from G* data (cf. Equation 3.68).
c	 Evaluated from ε″ data.
d	 Me,X = {a/aX}2 Me,bulk X (X = PI, PtBS).
e	 NR = Me,PI/MK,PI.
f	 NCR = M Me,soln

[PtBS]
e,PtBS/ .

g	 τCR = Λ[CR] (z)τε,PI q
2
NCR – 1 (cf. Equation 3.73).
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segmental relaxation zone is free from the effect of the nematic coupling, 
as explained earlier. For this reason, this effect was not incorporated in the 
simple model, Equations (3.69) through (3.72). The component moduli cal-
culated from this model (solid curves; with the model parameters summa-
rized in Table 3.1) agree with the rheo-optically determined moduli (unfilled 
symbols for θ = 0) surprisingly well. These results lend strong support to the 
mechanism of the lack of the high-ω plateau, the retarded cooperative Rouse 
equilibration of PI that masks this plateau.

It should be emphasized that the cooperative Rouse equilibration is inti-
mately related to the fundamental aspect of polymer rheology explained 
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FIGURE 3.19
In panels (a)–(c), comparison of the blend moduli calculated from the model (curves; 
Equations 3.69 through 3.73) with the moduli data (symbols) for various high-M polyisoprene/
poly(p-tert butyl styrene) (PI/PtBS) blends as indicated. The sample code numbers of the blends 
indicate 10–3M of the components. The model considers the cooperative Rouse equilibration 
and successive constraint release (CR)/reptation relaxation of the component chains, and 
the model parameters summarized in Table 3.1 were determined experimentally. (Redrawn, 
with permission, from Watanabe, H., Q. Chen, Y. Kawasaki, Y. Matsumiya, T. Inoue, and 
O. Urakawa. 2011. Entanglement dynamics in miscible polyisoprene/poly(p-tert-butylstyrene) 
blends. Macromolecules 44:1570–1584).
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(a) Data of the dynamic birefringence coefficient K* of the PI128/PtBS348 blend examined in 
the middle panel of Figure 3.19. These data were analyzed to give the moduli of the polyiso-
prene (PI) and poly(p-tert butyl styrene) (PtBS) components shown in (b) and (c). In panels 
(b) and (c), the unfilled circles and squares indicate the component moduli obtained with the 
nematic coupling constant θ = 0. In (b), the small filled circles indicate the storage modulus of 
PI obtained with θ = 0.3, and the triangles show the dielectric loss data multiplied by a factor 
of 105. The curves in (b) and (c) indicate the moduli calculated from the model considering the 
cooperative Rouse equilibration and successive constraint release (CR)/reptation relaxation 
(Equations 3.69 through 3.73). (Data taken, with permission, from Watanabe, H., Q. Chen, 
Y. Kawasaki, Y. Matsumiya, T. Inoue, and O. Urakawa. 2011. Entanglement dynamics in mis-
cible polyisoprene/poly(p-tert-butylstyrene) blends. Macromolecules 44:1570–1584.)
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earlier. That is, the mechanical stress reflects the orientational anisotropy of 
submolecules exploring all internal conformations in a given time scale. At 
low T, the PI chain cannot explore all conformations at length scales ≤a within 
its intrinsic Rouse time because the slow PtBS chains behave as densely dis-
persed obstacles in this time scale, thereby hindering the PI chain from this 
exploration. This retardation mechanism in the length scale of a is never 
observed for homopolymer systems and is the most remarkable feature of 
the miscible PI/PtBS blends having the large dynamic asymmetry of the 
component chains.

3.5.2.4  �Length Scale of Cooperativity

The cooperative Rouse equilibration of the PI and PtBS chains in the blends 
over the entanglement length a is physically reasonable, as discussed in the 
previous section. In fact, the experimentally proved mixing rule (Equation 3.61) 
is based on the molecular idea of the coincidence of a for chemically differ-
ent components (that results in the balance of the local chain tension of those 
components), which is consistent with this mechanism. In relation to this 
point, it should also be pointed out that the model (Equations 3.69 through 
3.72) modified for separate equilibration of those components cannot describe 
the G* data of the blend (see Watanabe et al., 2011).

Thus, in the length scale of entanglement, the chemically different com-
ponents exhibit dynamic cooperativity through the Rouse dynamics. Rouse 
dynamics is associated with the length scale of equilibration ξ that grows 
with time as ξ(t) ~ a(t/τa)1/4, where τa is the equilibration time. This ξ can also 
be expressed in terms of the step length bR and the basic relaxation time τR* 
of the Rouse segment, the smallest motional unit during the Rouse equili-
bration, as ξ(t) ~ bR(t/τR*)1/4. These expressions of ξ(t) suggest that the strong 
cooperativity discussed in the previous section is limited to the length scale 
between a and bR and the time scale between τa and τR*.

For ξ > a and t > τa, the component chains exhibit the entanglement relax-
ation. The entanglement segments of the size a, the coarse-grained motional 
units during this relaxation, exhibit the interchain motional cooperativity (or 
correlation) as considered in the CR model (cf. Figure 3.6), but this coopera-
tivity is not as strong as that between the Rouse segments of PI and PtBS, the 
latter fully determining the equilibration rate for the former.

In contrast, for ξ < bR and t < τR*, the Rouse segments hardly relax, and 
the monomeric segments intimately related to the glass transition govern 
the blend dynamics. In general, the monomeric segments of different com-
ponents have different Tg,eff to relax separately at different relaxation times τ* 
(< τR*), as explained in earlier sections. Recent quasi-elastic neutron scatter-
ing experiments by Doxastakis et al. (2002) suggested that the correlation of 
the local motion vanishes at ξ < 0.8 nm ~ bR.

As noted from the above argument, the chemically different components in 
the entangled blends should exhibit a crossover from the almost independent, 
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very local motion (for ξ ≤ bR) to the highly cooperative motion/equilibration 
(for bR < ξ ≤ a) and further to the moderately cooperative global motion (for 
a < ξ). This crossover is a very interesting subject of future research.

3.5.2.5  �Thermorheological Behavior of Components in PI/PtBS Blends

For the entangled PI/PVE blends, the time-temperature superposition works 
for the viscoelastic and dielectric data of respective components in the global 
relaxation regime, as noted in Figures 3.11 and 3.15. (For the PVE290 chains 
examined in Figure 3.15, the superposition fails at high ω where the faster 
PI110 chains activates the CR relaxation for the PVE290 chains. However, the 
superposition still works for PVE290 at low ω where this CR relaxation com-
pletes.) Thus, for those blends exhibiting just a moderate dynamic asymme-
try, the component relaxation is basically thermorheologically simple. This 
simplicity prevails because the component relaxation mechanism remains 
the same in the range of T examined for the blends.

The situation is different for the PI/PtBS blends exhibiting a significant 
dynamic asymmetry (reflecting the huge difference of Tg,eff of PI and PtBS). 
Characteristic thermorheological complexities are noted for the PI and PtBS 
chains depending on their molecular weights. These complexities and the 
underlying mechanisms are summarized below.

3.5.2.5.1 � High-M PI/PtBS Blends

As noted in Figure 3.17, the superposition fails in the terminal relaxation 
zone of the G* data of the blend as a whole, which indicates the thermorhe-
ological complexity for the slow PtBS348 component governing this ter-
minal behavior. The fast PI99 component also exhibits the complexity, as 
clearly noted from the high-ω entanglement plateau appearing at high T 
and the Rouse-like power-law behavior (lack of this plateau) at low T. This 
complexity reflects the change of the dominant relaxation mechanism of 
PI99 from the reptative relaxation much slower than the Rouse equilibra-
tion (at high T) to the Rouse equilibration that is hindered by the slow 
PtBS chains and masks the reptative relaxation immediately following 
this equilibration (at low T), as discussed earlier. Nevertheless, the dielec-
tric mode distribution of PI is insensitive to this change, thereby satisfy-
ing the time-temperature superposition, as seen in Figure 3.17. This result 
reflects a fact that the dielectric mode distribution of PI, equivalent to 
the distribution of the end-to-end vector fluctuation modes, is similar for 
the reptation and Rouse dynamics (see, e.g., Watanabe, 1999, 2001). Thus, 
the change of the slow dynamics of PI still allowed the dielectric data to 
obey the superposition.

3.5.2.5.2 � Low-M PI/PtBS Blends

For low-M PI20/PtBS16 blends (MPI = 2 × 104, MPtBS = 1.6 × 104) examined 
by Chen et al. (2008, 2011, 2012), the time-temperature superposability of the 
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dielectric ε″ data is examined in Figure 3.21. For the blend with wPI = 50 wt% 
(panel (a) of Figure 3.21), the superposition works satisfactorily for the ε″ data 
at ω > ωpeak but fails at low ω to give branches in the ε″ plots. Clearly, the dielec-
tric mode distribution narrows with increasing T and approaches that of bulk 
PI20 shown with the solid curve. This thermorheological complexity is attrib-
uted to the difference of the global relaxation times of PtBS and PI (longer 
for PtBS) and the rather scarce overlapping of the component chains having 
small M, as explained below (cf. Chen et al., 2008; Watanabe et al., 2007).

In the blend with wPI = 50 wt%, the PtBS16 chains have the mass concentra-
tion CPtBS = 0.49 g cm–3 and the overlapping concentration CPtBS* = 0.21 g cm–3 
(CPtBS* = {MPtBS/NA}/{4πR3

g,PtBS/3} with NA = Avogadro constant, and Rg,PtBS = 
average radius of gyration = 3.1 nm for PtBS16). The CPtBS/CPtBS* ratio (≅ 2.3) 
is rather close to unity, indicating that the PtBS concentration CPtBS cannot be 
perfectly uniform in space but exhibits dynamic undulation at a wavelength 
ΛC comparable to Rg,PtBS: If we apply the blob picture (de Gennes, 1979) to the 
PtBS16 chains having the Gaussian conformation in the blend, we obtain an 
estimate of ΛC ~ 〈R2

PtBS〉eq
1/2 {CPtBS*/CPtBS} = 3.3 nm. Because PtBS16 is the slow com-

ponent in the blends, the undulation of CPtBS is quenched in the time scale of 
the global relaxation of PI20. In addition, the average end-to-end distance 
of the PI20 chain, 〈R2

PI〉eq
1/2 = 12 nm, is not significantly larger than ΛC. Under 

these conditions, some PI20 chains (minority) are unavoidably localized in a 
PtBS-rich region to have a higher Tg,eff compared to the remaining PI20 chains 
(majority). Then, the majority and minority PI chains have different friction 
coefficients of their whole backbone, ζchain (being larger for the minority). This 
distribution of ζchain broadens the dielectric mode distribution for the whole 
ensemble of the PI20 chains. Furthermore, the difference of the dielectrically 
detected global relaxation times τε of the minority and majority PI decreases 
with increasing temperature (because of the WLF-type decrease of ζchain that 
is more significant for the minority having the higher Tg,eff). Thus, the dielec-
tric mode distribution for the whole ensemble of the PI20 chains narrows 
with increasing T and approaches the distribution of bulk PI20, which results 
in the thermorheological complexity seen in panel (a) of Figure 3.21.

From the above argument, we expect that the complexity is reduced when 
the difference of the relaxation times of the PI and PtBS chains decreases. 
This expectation is confirmed for the PI20/PtBS16 blends with wPI = 70 and 
80 wt%, as shown in the panels (b) and (c) of Figure 3.21. The increase of wPI 
enhances plasticization of PtBS16 due to PI20 to reduce the difference of the 
relaxation times of these components, thereby allowing the ensemble of PI20 
chains to obey the superposition as a whole. In particular, in the blend with 
wPI = 80 wt%, the PI20 chains relaxed slower than the PtBS chains (as noted 
from the coincidence of the dielectric and viscoelastic terminal relaxation 
times of the blend; cf. Chen et al., 2008; Takada et al., 2008) and the dielectric 
data exhibit excellent superposition.

We also expect that the complexity of the dielectric data is reduced when 
the PI chain dimension 〈R2

PI〉eq
1/2 increases to smear the spatial frictional 



113Component Dynamics in Miscible Polymer Blends

0 1
–3

–2

–1

–3

–2

–1

–3

–2

–3

–2

(a)

(b)

(c)

(d)

2
log (ωaT,ε/s–1)

3 4

1 2 3 4 5

1 2 3 4 5

2 3 4 5 6

30
80

60
100

120

lo
g 

b T
ε˝

PI20/PtBS16
wPI = 80 wt%

PI20/PtBS16
wPI = 70 wt%

PI20/PtBS16
wPI = 50 wt%

T/°C

20
40
60
70

T/°C

20
50
70

T/°C

20
60
90
120

T/°C

PI53/PtBS42
 wPI = 56 wt%

FIGURE 3.21
Test of time-temperature superposability for the dielectric ε″ data of low-M and middle-M poly-
isoprene/poly(p-tert butyl styrene) (PI/PtBS) miscible blends as indicated. In panels (a)–(d), the 
sample code numbers of the blends denote 10–3M of the components. The reference temperature 
is Tr = 90°C for all blends. The solid curves indicate the ε″ data of bulk PI corrected for the PI 
volume fraction in the blends. These curves are shifted along the ω axis to match their peak 
frequency with that of the blends. (Data taken, with permission, from Chen, Q., Y. Matsumiya, 
Y. Masubuchi, H. Watanabe, and T. Inoue. 2008. Component dynamics in polyisoprene/
poly(4-tert-butylstyrene) miscible blends. Macromolecules 41:8694–8711; Chen, Q., Y. Matsumiya, Y. 
Masubuchi, H. Watanabe, and T. Inoue. 2011. Dynamics of polyisoprene-poly(p-tert-butylstyrene) 
diblock copolymer in disordered state. Macromolecules 44:1585–1602; Chen, Q., Y. Matsumiya, 
K. Hiramoto, and H. Watanabe. 2012. Dynamics in miscible blends of polyisoprene and poly(p-
tert-butyl styrene): Thermo-rheological behavior of components. Polymer J. 44:102–114.)



114 Functional Polymer Blends: Synthesis, Properties, and Performance

distribution within the chain. For this case, the spatial frictional distribution 
becomes equivalent to the distribution of the segmental friction ζs within 
the chain, not the distribution of ζchain among the chains, and all chains can 
exhibit the same dynamics. For a middle-M PI53/PtBS42 blends with MPI = 
5.3 × 104, MPtBS = 4.2 × 104, and wPI = 56 wt% examined by Chen et al. (2011) 
and the high-M PI99/PtBS348 blend examined in Figure 3.17, the spatial fric-
tional distribution appears to be well smeared within the PI chain, as judged 
from the ΛC and 〈R2

PI〉
1/2 values: ΛC ~ 3.7 nm (CPtBS/CPtBS* = 3.3) and 〈R2

PI〉
1/2 = 

20 nm in the former blend, and ΛC ~ 3.3 nm (CPtBS/CPtBS* = 10.8) and 〈R2
PI〉

1/2 = 
27 nm in the latter blend. As noted in Figure 3.17 and panel (d) of Figure 3.21, 
the dielectric data of these blends satisfactorily obey the superposition, con-
firming the above expectation. At the same time, it should be emphasized 
that the success of the superposition of the dielectric data does not neces-
sarily indicate the thermorheological simplicity of the PI dynamics. In fact, 
the slow relaxation mechanism of PI in the high-M blend changes from the 
reptative mechanism much slower than the Rouse equilibration (at high T) to 
the retarded Rouse equilibration masking the reptative relaxation (at low T), 
but the dielectric mode distribution coincides for these two extreme mecha-
nisms and thus remains insensitive to T.

Now, we turn our attention to the thermorheological behavior of PtBS 
chains in moderately entangled middle-M PI/PtBS blends. Utilizing the 
data for the entanglement length aPI and complex modulus GPI,bulk*(ω) of bulk 
PI, we may estimate the modulus of PI (fast component) in the blends as 
GPI*(ω) = ϕPI{aPI /a}2GPI,bulk*(ωΛPI) with ΛPI = τ τG,PI G,PI

[bulk]/  (cf. Equation 3.63). The 
viscoelastic terminal relaxation time τG,PI

[bulk]  of bulk PI included in the ΛPI fac-
tor is experimentally determined. The viscoelastic τG,PI of PI in the blend, the 
other parameter included in ΛPI, is estimated from the dielectric τε,PI data 
after a correction for a change of the CR/DTD contribution to the PI relax-
ation on blending, as discussed by Chen et al. (2008, 2011). This correction, 
based on the data for PI/PI and PS/PS blends, is minor in a numerical sense 
to typically give τε,PI/τG,PI = 1 to 1.3 for the middle-M PI/PtBS blends (cf. Chen 
et al., 2011). Thus, GPI*(ω) of PI in the blends is experimentally estimated in 
a range of ω where the entanglement segment of PI and PtBS are internally 
Rouse-equilibrated and the above expression of GPI*(ω) based on the entan-
glement concept is valid. The modulus GPtBS*(ω) of PtBS (slow component) in 
the blends can be evaluated by subtraction of this GPI*(ω) from the G*(ω) data 
of the blend.

Figure 3.22 shows GPtBS*(ω) thus estimated for the PI53/PtBS42 blend (MPI = 
5.3 × 104, MPtBS = 4.2 × 104) and PI20/PtBS42 blend (MPI = 2 × 104, MPtBS = 
4.2 × 104), both having wPI = 56 wt% (cf. Chen et al., 2011, 2012). In fact, those 
GPtBS*(ω) were indistinguishable from the blend modulus data (because the 
PI relaxed much faster than PtBS and the PI contribution to the blend modu-
lus was very small in the range of ω examined in Figure 3.22). PtBS42 is com-
monly included in these blends at the same concentration (wPtBS = 44 wt%). 
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For clarity of the plots, GPtBS″ is multiplied by a factor of 10. The GPtBS′ and 
10 GPtBS″ data are shifted along the ω axis by the same factor aT,G.

The entanglement molecular weight in these blends, Me,X = {a/aX}2Me,bulk X, 
is obtained from the a value (= 6.2 nm; Equation 3.61) as

	 Me,PI = 5.7 × 103 for PI, Me,PtBS = 1.1 × 104 for PtBS	 (3.74)

As judged from the molecular weights of the PI and PtBS chains, these chains 
are moderately entangled with each other in the blends. Clearly, GPtBS*(ω) of 
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the PtBS42 chains satisfy the superposition in the PI20/PtBS42 blend (see the 
bottom panel of Figure 3.22) but not in the PI53/PtBS42 blend (top panel). The 
success of the superposition in the PI20/PtBS42 blend is indicative of lack of 
a change in the PtBS42 relaxation mechanism in the range of T examined. In 
this blend, the PI20 relaxation was much faster than the PtBS42 relaxation, 
thereby allowing the PtBS chains to relax through the same mechanism 
(pseudo-CR mechanism explained later) at all T. In contrast, in the PI53/
PtBS42 blend, the PI53 relaxation time becomes comparable to the PtBS42 
relaxation time at high T to force the PtBS42 relaxation mechanism to change 
at high T. This change of the mechanism with T, not observed for homo-
polymer systems, obviously leads to the failure of the superposition of the 
GPtBS*(ω) data. It should be emphasized that the difference of the PtBS behav-
ior in the two blends results from a difference of the dynamic correlation of 
the PI and PtBS component chains due only to a difference of MPI.

3.5.2.6  �Relaxation Mechanism in Low-M PI/PtBS Blends

For the GPtBS*(ω) data of the PI20/PtBS42 blend satisfying the superposition 
(cf. bottom panel of Figure 3.22), the shift factor aT,G was well described by the 
WLF equation, Equation (3.28) with C1

WLF = 10.0, C2
WLF = 116.5 K, and the refer-

ence temperature Tr = 25°C, as reported by Chen et al. (2011, 2012). The equa-
tion with the same C1

WLF and C2
WLF values and Tr,bulk = 180°C was valid for 

bulk PtBS42. Thus, the iso-τs state where the relaxation time τs (∝ ζs/T) of the 
Rouse segment of PtBS has a given value is achieved in the blend and bulk 
PtBS42 at respective Tr.

In the top panel of Figure 3.23, the viscoelastic terminal relaxation times 
τG,PtBS of PtBS42 in the blend and bulk are plotted against a difference of 
the temperature from the iso-τs temperature Tiso (= Tr explained above). The 
T dependence of τG,PtBS is indistinguishable in the blend and iso-τs bulk, but 
the τG,PtBS value is larger in the blend by a factor of ≅10. Similar results were 
found for the other middle-M PI/PtBS blends. Because the PtBS42 chains are 
barely entangled in their bulk state as noted from their molecular weight 
(MPtBS42 = 4.2 × 104) and the Me,bulk value of PtBS (= 3.8 × 104), the difference of 
the τG,PtBS value in the blend and bulk is naturally attributed to the entangle-
ment between the PtBS42 and PI20 chains in the blend (cf. Equation 3.74), as 
discussed by Chen et al. (2008, 2011). We note that the entanglement molecu-
lar weight in the PtBS42 solution equivalent to the PI20/PtBS42 blend after 
full relaxation of PI20, Me,soln

[PtBS]  ≅ Me,bulk/ϕPtBS
1.3 (= 1.2 × 105), is much larger than 

MPtBS42, and thus the PtBS42 chains in the blends are not entangled among 
themselves (which is quite different from the situation in the high-M blend 
examined in Figure  3.16). This lack of the PtBS42-PtBS42 entanglements 
results in the lack of the low-ω entanglement plateau noted in the bottom 
panel of Figure 3.22. Thus, the global motion of the PI20 chains entangled 
with the PtBS42 chains should activate the terminal relaxation of the PtBS42 
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chains. This relaxation mechanism is somewhat similar to the CR mecha-
nism explained earlier, but there is an essential difference. The terminal CR 
time τCR is essentially proportional to the global relaxation time of the fast 
component chains activating the CR relaxation. Nevertheless, the tempera-
ture dependence of the relaxation time is quite different for the PtBS42 and 
PI20 chains (as noted from the top and bottom panels of Figure 3.23), thereby 
severely violating this proportionality. Thus, the PtBS42 chains appear to 
have relaxed through a pseudo-CR mechanism for which the global motion 
of the fast PI20 chains stitching the neighboring PtBS42 chains triggers the 
PtBS42 relaxation, but the rate of this relaxation is determined by the hopping 
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poly(p-tert-butyl styrene): Thermo-rheological behavior of components. Polymer J. 44:102–114.)



118 Functional Polymer Blends: Synthesis, Properties, and Performance

of the “PtBS42 entanglement segment in the blend″ (with Me
[PtBS]  = 1.1 × 104) 

slower than the global motion of PI20, as discussed by Chen et al. (2008). 
This hopping of the PtBS entanglement segment is governed by ζs of PtBS 
(obeying the WLF relationship for PtBS), which results in the pseudo-CR 
relaxation of PtBS42 being triggered by the PI20 motion but exhibiting the 
T dependence of τG,PtBS different from the dependence of the PI20 relaxation 
time τε,PI.

The time-temperature superposition (almost) holds for the dielectric data 
of the PI20 chains in the PI20/PtBS42 blend; cf. panel (d) of Figure 3.21. The 
corresponding shift factor aT,ε was well described by the WLF equation, 
Equation (3.28) with C1

WLF = 4.425, C2
WLF = 140 K, and Tr = 60°C, as reported by 

Chen et al. (2011, 2012). This WLF equation coincided with that for bulk PI20 
with Tr,bulk = 30°C, so that the PI20 chains in the blend and bulk at respective 
Tr are in the iso-τs state. The bottom panel of Figure 3.23 compares the dielec-
tric terminal relaxation times τε,PI of PI20 in this state. The T dependence 
of τε,PI is indistinguishable in the blend and iso-τs bulk, but the τε,PI value is 
larger in the blend by a factor of ≅3. This difference of τε,PI can be attributed 
to the entanglement constraint from the slow PtBS42 chains that remains 
effective until the PI20 chains fully relax to trigger the pseudo-CR relaxation 
of PtBS42, as discussed by Chen et al. (2008).

3.5.2.7  �Thermal Behavior Distinguishing Monomeric and Rouse Segments

For chemically uniform homopolymer systems, it is well known that the 
thermally activated motion of the monomeric segments is intimately related 
to the glass transition, whereas the motion of the Rouse segments is the basic 
process for the rubbery/terminal relaxation (see Section 3.3). The tempera-
ture dependence of the relaxation time is not identical for these two types of 
segments at low T, as noted from a difference of the shift factors in the glassy 
and rubbery relaxation regimes.

For miscible blends of chemically different chains, an additional inter-
esting situation emerges. Because the two components have different Tg,eff, 
one component (A) can be in the glassy state while the other component (B) 
can be in the rubbery state in a range of T between Tg,eff

[A]  and Tg,eff
[B]  (< Tg,eff

[A] ). 
This interesting situation can be noted for the thermal behavior of the 
blends. As an example, Figure 3.24 shows the differential scanning calo-
rimetry (DSC) profile obtained for the PI53/PtBS42 blend (wPI = 56 wt%) 
dielectrically and viscoelastically examined in panel (d) of Figure 3.21 and 
the top panel of Figure 3.22. Tg,eff is higher for PtBS42 (slow component) 
than for PI20 (fast component). The DSC profiles for bulk components are 
also shown for comparison.

As seen in Figure 3.24, the DSC profile of the PI53/PtBS42 blend exhibits 
very broad glass transition. Such broad transition is well known for miscible 
blends having a large dynamic asymmetry between the components (see 
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Section 3.3). More importantly, the shift factors of the viscoelastic and dielec-
tric data of the PI53/PtBS42 blend measured at high T ≥ 20°C (> Tg,eff

[PtBS]) were 
of WLF type. The motion of the Rouse segments is the basic dynamic pro-
cess underlying those high T data, and the WLF analysis of the shift factors 
specified the iso-τs temperature, Tiso, for the Rouse segments of PI and PtBS 
in the blend defined with respect to their bulk systems at a given T (cf. Chen 
et al., 2012). This Tiso is the temperature extrapolated from the high-T zone 
where the Rouse segments of both PI and PtBS exhibit active thermal motion. 
Thus, Tiso corresponding to Tg,bulk of bulk PI53 and bulk PtBS42 ( Tg,bulk

[PI]  = –65°C 
and Tg,bulk

[PtBS]  = 147°C) can be utilized as the effective Tg,eff of the Rouse segments 
extrapolated from this high-T zone without quenching the motion of the PtBS 
segments. These Tg,eff are shown with the arrows in Figure 3.24. The Tg,eff for 
the Rouse segment of PtBS (dotted arrow) is located at the high-T end of the 
broad, thermal glass transition detected with DSC, the latter corresponding 
to the vitrification of the monomeric segments of PtBS occurring in a matrix 
of liquid PI. In this situation, the monomeric segments of PtBS have the maxi-
mum freedom of motion for vitrification (aimed by the rapid motion of the PI 
segments), which possibly allows the extrapolated Tg,eff of the Rouse segment 
of PtBS to be close to the thermal Tg,eff of the monomeric segments. The situ-
ation is different for PI. The thermal Tg,eff of the monomeric segments of PI 
corresponds to the vitrification of those segments in a matrix of glassy PtBS, 
while the extrapolated Tg,eff of the Rouse segment of PI does not include the 

–100

H
ea

t F
lo

w
 (E

nd
ot

he
rm

ic
)

–50 0

Bulk PI53

Bulk PtBS42

PI53/PtBS42 blend
wPI = 56 wt%

50
T/°C

100 150 200

FIGURE 3.24
Differential scanning calorimetry (DSC) profile obtained for the PI53/PtBS42 blend (wPI = 
56 wt%) examined in Figure 3.21(d) and the top panel of Figure 3.22. The DSC profiles of bulk 
PI53 and PtBS42 are also shown for comparison. The solid and dotted arrows, respectively, 
indicate the effective Tg,eff of the Rouse segments of polyisoprene (PI) and poly(p-tert butyl 
styrene) (PtBS) obtained from William–Landell–Ferry (WLF) analysis of their shift factors at 
high T (>Tg,eff

[PtBS]). Note that these Tg,eff are the temperatures extrapolated from the high-T zone 
where the Rouse segments of both PI and PtBS exhibit active thermal motion. (Data taken, 
with permission, from Chen, Q., Y. Matsumiya, Y. Masubuchi, H. Watanabe, and T. Inoue. 2011. 
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effect of the glassy PtBS matrix. This difference probably resulted in the con-
siderable deviation between the thermal Tg,eff and the extrapolated Tg,eff (solid 
arrow) seen in Figure 3.24. For similar PI/PtBS blends, Zhao et al. (2009) con-
ducted detailed analysis of the thermal behavior to find a crossover of the 
dynamics of the monomeric PI segment from the WLF-type dynamics (at T > 
Tg,eff

[PtBS] ) to the Arrhenius-type dynamics (at T < Tg,eff
[PtBS] ). This crossover, cor-

responding to the effect of the glassy PtBS matrix explained above, deserves 
further study.

3.6 � Concluding Remarks

This chapter summarizes characteristic features of the local and global 
dynamics in miscible blends of chemically different chains. For the local 
dynamics intimately related to the glass transition, the separate relaxation 
of the monomeric segments of different components is the most prominent 
feature. This separation is mainly attributed to the self-concentration due to 
the chain connectivity and partly to the intrachain torsional barrier. The self-
concentration provides the segments of different components with different 
dynamic environments thereby allowing the separate relaxation of those seg-
ments. The concentration fluctuation further broadens the segmental relax-
ation. A model analysis based on the dielectric data suggests that the size of 
the monomeric segment is not very different from the size of the statistically 
well-defined Kuhn segment, although some uncertainty still remains.

For the global dynamics governing the rubbery/terminal relaxation, the 
thermorheological complexity of the components is one of the most promi-
nent features. In PI/PVE blends associated with just a moderate dynamic 
asymmetry of the components, respective components exhibit very minor 
complexity and behave similarly to the components in chemically uniform 
blends such as PI/PI blends, as revealed from rheo-optical and dielectric 
studies. (PI chains have the type-A dipole so that their global motion is 
dielectrically detected.) The entanglement relaxation in the PI/PVE blends 
appears to occur through the mechanisms known for the chemically uni-
form blends, for example, through the reptation and constraint release (CR)/
dynamic tube dilation (DTD) mechanisms.

For PI/PtBS blends having a much larger dynamic asymmetry, respective 
components often exhibit significant thermorheological complexity accord-
ing to their molecular weights and composition, as revealed from viscoelas-
tic and dielectric studies. In particular, in well-entangled high-M PI/PtBS 
blends at low T, the fast component (PI) exhibits the cooperative Rouse equil-
ibration retarded by the slow PtBS chains, and this Rouse relaxation process 
masks the high-ω entanglement plateau sustained by the PI and PtBS chains. 
At high T, the cooperative Rouse equilibration becomes much faster than the 
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global motion of PI, thereby allowing the high-ω plateau and the successive 
CR/DTD/reptation relaxation process to be clearly observed. This change of 
the dominant relaxation mechanism of PI with T results in significant ther-
morheological complexity for the PI chains as well as for the PtBS chains 
entangled with those PI chains.

Furthermore, for low-M PI/PtBS blends, another type of complexity 
emerges for PI (fast component) because of the scarce overlapping of the 
low-M PtBS chains (slow component) that results in dynamic undulation of 
the PtBS concentration. This undulation is quenched to give a spatial hetero-
geneity of the frictional environment in the time scale of the global relax-
ation of the PI chains. For low-M PI chains, this frictional heterogeneity is 
not smeared/averaged within the chain backbone and thus gives a distribu-
tion of the chain friction coefficient for the ensemble of the PI chains. This 
distribution of the chain friction naturally results in the thermorheological 
complexity for the ensemble of the PI chains as a whole.

Thus, the miscible blends offer a very rich field for research of polymer 
dynamics. In particular, the data available by now suggest that the mono-
meric segments of different component chains relax in an essentially inde-
pendent way in a very local scale, the Rouse segments of these components 
exhibit highly cooperative motion (equilibration) in the length sale of entan-
glement, and the component chain motion is moderately cooperative in a 
larger length scale for the global relaxation. However, the crossover of the 
magnitude of cooperativity has not been quantitatively understood. This 
crossover behavior and related subjects (such as the difference between the 
thermally determined Tg,eff and viscoelastically/dielectrically extrapolated 
Tg,eff) deserve further studies.
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4
Shape Memory Polymer Blends

Young-Wook Chang
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Ansan, Korea

4.1 � Introduction

A shape memory polymer (SMP) is a smart material that can memorize 
its original shape after being deformed into a temporary shape when it is 
heated or receives any other external stimuli such as light, electric field, mag-
netic field, chemical, moisture, and pH change [1–6]. Compared with shape 
memory alloys (SMAs), the SMP has many advantages of low cost, low den-
sity, substantially high elastic deformation, and facile tuning of switching 
temperature at which shape recovery occurs and elastic recovery stress can 
be tailored by the variation of structural parameters of the molecular archi-
tecture along with a good processibility. Moreover, the SMP can possess 
biofunctionality and biodegradability. These features make the SMP have 
diverse applications including smart textiles [7–9], self-deployable sun sails 
in spacecraft [10], biomedical devices [11,12], or implants for minimally inva-
sive surgery [13,14].

Shape memory polymers basically have two structural features—that 
is, the cross-links that determine the permanent shape and the reversible 
segments acting as a switching phase. Molecular mechanisms describing 
thermally triggered shape memory process are shown in Figure 4.1. In the 
figure, Ttrans is the thermal transition temperature of the reversible phase 
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(either glass transition temperature, Tg or crystalline melting temperature, 
Tm). If the increase in temperature is higher than Ttrans of the switching seg-
ments, these segments are flexible and the polymer can be deformed elasti-
cally. The temporary shape is fixed by cooling down below Ttrans. Thus, the 
work performed on the sample can be stored as latent strain energy if the 
recovery of the polymer chains is prohibited by vitrification or crystalliza-
tion. The fixed state is stable for long times. Upon subsequent heating above 
Ttrans, the stored strain energy can be released as the polymer chains are lib-
erated. The strain or shape that the sample returns to is the original shape 
dictated during cross-linking, whether chemical (covalent bonds) or physical 
(associations). The rigidity of the polymer, represented by modulus, and the 
work that will be saved during deformation is determined by the cross-link 
density. The vitrification or crystallization of the polymer controls the fixing 
of the polymer chains and therefore allows setting of an arbitrary temporary 
shape. On the basis of the nature of the cross-links, SMPs are subdivided into 
physically cross-linked SMPs and chemically cross-linked SMPs.

Macroscopically, the shape memory effect can be described and evalu-
ated using a cyclic tensile deformation experiment under a temperature pro-
gramming, represented as a three-dimensional (3-D) plot of strain versus 
temperature and force as depicted in Figure 4.2. The sample is deformed to 
a certain level of strain at T > Tswitch, and then can be fixed during cooling, 
as represented by the horizontal unloading curve at T < Tswitch. Note that 
the shape fixing in this plot is achieved during cooling under fixed stress. 

Switching segment, relaxed

Heating

Extension
and cooling

Shape (B)

Shape (A)

Shape (B)

Switching segment, elongated and fixed
Netpoint

Ttrans

°C

Ttrans

°C

Ttrans

°C

FIGURE 4.1
Molecular mechanism of thermally triggered shape memory effect of polymers. Ttrans = ther-
mal transition temperature related to the switching phase. (Adapted from Lendlein, A., and 
Kelch, S. 2002. Shape-memory polymers. Angewandte Chemie, International Edition 41:2034–2057. 
Copyright Wiley-VCH Verlag GmbH & Co. KGaA. Reproduced with permission.)
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In general, release of stress during the fixing stage will also lead to a slight 
strain decrease, depending on the extent of fixing. When the sample is heated 
at T > Ttrans, the sample is recovered to its original dimension by releasing 
the stored strain energy as the polymer chains are liberated. Curve (b) in 
Figure 4.2b shows the behavior of natural rubber under the same thermome-
chanical cycle, which indicates that the rubber does not keep its fixing shape 
in the temperature range examined, instead, unloading returns the sample 
to its equilibrium strain instantly.

There are several excellent reviews on the SMP [15–20]. The present review 
focuses on the SMP synthesized from polymer blending technique. Polymer 
blending is an effective and economical way to develop the new polymeric 
materials with desirable properties. Numerous polymer blends exhibiting 
shape memory effects have been reported, which can be classified into mis-
cible blend, immiscible blend, interpenetrating polymer network (IPN), and 
cross-linked blends.
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FIGURE 4.2
Three-dimensional (3-D) plot of the shape memory cycle for (a) a shape memory polymer (SMP) 
and (b) vulcanized natural rubber. The star indicates the start of the experiment (initial sample 
dimensions, temperature, and load). Both the SMP and the rubber were deformed under con-
stant loading rate at constant temperature. The deformation step was then followed by a cool-
ing step under constant load. At low temperature, the load was removed and shape fixing was 
observed for the SMP, but an instant recovery was seen for natural rubber. Shape recovery of 
the primary equilibrium shape was obtained by heating the SMP. (Adapted from Liu, C., Qin, 
H., and Mather, P. T. 2007. Review of progress in shape-memory polymers. Journal of Materials 
Chemistry 17:1543–1558. Copyright Royal Society of Chemistry. Reproduced with permission.)
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4.2 � Miscible Polymer Blends

A miscible polymer blend refers to a blend forming a single phase struc-
ture, which can be evidenced by the presence of one Tg between the com-
ponent polymers.

SMP based on miscible blends of semicrystalline polymer/amorphous poly-
mer was reported by the Mather research group, which included semicrystal-
line polymer/amorphous polymer such as polylactide (PLA)/polyvinylacetate 
(PVAc) blend [21,22], poly(vinylidene fluoride) (PVDF)/PVAc blend [23], and 
PVDF/polymethyl methacrylate (PMMA) blend [23]. These polymer blends 
are completely miscible at all compositions with a single, sharp glass transi-
tion temperature, while crystallization of PLA or PVDF is partially main-
tained and the degree of crystallinity, which controls the rubbery stiffness 
and the elasticity, can be tuned by the blend ratios. Tg of the blends are the 
critical temperatures for triggering shape recovery, while the crystalline 
phase of the semicrystalline PLA and PVDF serves well as a physical cross-
linking site for elastic deformation above Tg, while still below Tm.

Another miscible semicrystalline polymer/amorphous polymer blend SMP 
is a polyethylene oxide (PEO)/novolac-type phenolic resin blend [24]. The 
blend was found to be completely miscible in the amorphous phase when 
the phenolic content is up to 30 wt%, and the crystalline melting temperature 
(Tm) of the PEO phase working as a transition temperature can be tuned.

A miscible amorphous/amorphous polymer blend exhibiting shape 
memory effects was reported by Choi and Chang [25]. The blend was com-
posed of poly(epichlorohydrin) (PECH) rubber with a molecular weight of 
700,000 g/mol and poly(styrene-co-acrylonitrile) (SAN) with an acrylonitrile 
(AN) content of 26% by weight. The blends are optically transparent and 
showed a single glass transition in the blends that varied from 6 to 99°C by 
increasing the SAN content in the blend from 20 to 80 wt%. Also, the modu-
lus and strength of the blend can be tuned smoothly with composition of 
the blend. The PECH/SAN blends with a Tg well above room temperature, 
together with appreciable deformation and high strength, showed excellent 
shape retention and shape recovery when the sample deformed at T > Tg was 
quenched at T = Tg – 20°C in a stress-free state, and then heated above its Tg 
again. In the blend, chain entanglement in high molecular weight PECH was 
supposed to act as a cross-linking point.

Binary blends containing a multiblock copolymer as one component or 
both components in the blend, in which a certain block of the copolymer is 
miscible with the other polymer, were also reported to be an effective way 
to fabricate SMP with desired properties. This type of SMP blend include 
the segmented thermoplastic polyurethane (TPU)/phenoxy resin blend and 
TPU/polyvinyl chloride (PVC) blend [26,27]. In the blends, the soft segment 
of the TPU is miscible with the phenoxy resin or PVC, and Tg of this miscible 
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amorphous domain can be tuned smoothly with composition of the blend. 
The blends had shape memory effect when the miscible domain was utilized 
as a reversible phase and phase separated hard segment domain in TPU was 
utilized as a fixed structure memorizing the original shape.

Ajili et al. reported on the shape memory effect of partially miscible blends 
composed of segmented polyurethane containing poly(ε-caprolactone) (PCL) 
diol as a soft segment as one component and PCL as another component [28]. 
It was shown that shape recovery temperature of the blends is around the 
melting temperature of PCL. The melting behavior of the PCL in the blends 
is strongly influenced by the blend composition and crystallization condi-
tions; thus, the shape recovery temperature can be adjusted to the range of 
body temperature. Besides shape memory effects, the blend showed excel-
lent biocompatibility, indicated by adhesion and proliferation of bone mar-
row mesenchymal stem cells, suggesting that the polyurethane (PU)/PCL 
SMP blend could be a potential candidate for stent implant applications.

Erden studied the shape memory behavior of a miscible blend of TPU-
based SMP with polybenzoxazine (PB-a) [29]. The blends were prepared by 
in situ polymerization method; benzoxazine monomer, which is miscible 
with the PU prepolymer derived from 4,4′-methylenebis (phenyl isocyanate) 
(MDI) and poly(tetramethylene) glycol (PTMG) with average molecular 
weight of 650 g/mol, was polymerized into polybenzoxazine (PB-a) by ther-
mal curing at 180°C to make TPU/PB-a blends. The blend showed a higher 
level of elastically stored energy than the TPU due to chemical and physical 
interactions of the PB-a with a polyurethane hard segment, thus TPU/PB-a 
blends produced better shape memory properties than the TPU.

Behl et al. reported on binary polymer blends composed of two different 
biodegradable multiblock copolymers, whereby the first one provides the 
segments forming hard domains and the second one provides the segments 
forming the switching domains [30]. As a structural concept for the two com-
ponents, they selected multiblock copolymers each consisting of two different 
segment types. One segment forms either the hard or switching domains and 
therefore must be different in both components. Poly(p-dioxanone) (PPDO) 
is selected as the hard segment and PCL as the switching segment. Both 
segments are crystallizable, whereby the melting point of PPDO (Tm,PPDO) 
is higher than Tm,PCL. The amorphous aliphatic copolyester poly(alkylene 
adipate) from adipic acid and a mixture of diols (1,4-butanediol, ethylene 
glycol, and diethylene glycol) with a very low glass transition temperature 
(Tg « room temperature) was chosen as the soft segment. The second seg-
ment, which is the same in both components, is incorporated to mediate the 
miscibility of both components, contributing to the elasticity of the material. 
The permanent shape of the resulting polymer blends is determined by the 
PPDO-crystallites, which form physical cross-links associated with the high-
est thermal transition Tperm = Tm,PPDO. The fixation of the temporary shape 
of the polymer blends is obtained by the crystallization of the switching 
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segment PCL. Tm,PCL determines the Tsw of the polymer blends. The blends 
showed excellent shape memory properties, and the melting point associ-
ated with the PCL switching domains (Tm of PCL) is almost independent of 
the weight ratio of the two blend components. At the same time the mechan-
ical properties can be varied systematically. The mechanism of the shape 
memory effect of binary blends from multiblock copolymers is illustrated in 
Figure 4.3. In the programming step, a film of the polymer blend is deformed 
from its permanent shape at a temperature Thigh of 50°C, which is above 
Tm,PCL. The deformed sample is cooled below Tm,PCL to a temperature Tlow 
of 0°C either under constant strain control or under constant stress control. 
Upon removal of the external stress the temporary shape is obtained. In the 
recovery step, the polymer blend is reheated to Thigh = 50°C, and its original 
permanent shape is recovered. Biodegradability, the variability of mechani-
cal properties, and a response temperature around body temperature of this 
blend SMP are making this binary blend system an economically efficient, 
suitable candidate for diverse biomedical applications.
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FIGURE 4.3
The shape memory effect for binary blends from two different multiblock copolymers; 
Ttrans = Tm,PCL determines the switching temperature. At a temperature T > Tm,PCL the 
poly(ε-caprolactone (PCL) segments are viscoelastic. When the temperature is decreased 
to T < Tm,PCL, the PCL domains become semicrystalline and fix the temporary shape of 
the blends, which is obtained after unloading the sample. At T < Tm,PPDO the semicrystal-
line poly(p-dioxanone) (PPDO) domains (black lines) act as permanent physical cross-links, 
determining the permanent shape. The amorphous soft segment PADOH (grey lines) con-
tributes to the elasticity of the binary blends. The permanent shape is recovered as soon as 
Tm,PPDO > T > Ttrans is reached by reheating. (Adapted from Behl, M., Ridder, U., Feng, Y., 
Kelch, S., and Lendlein, A. 2009. Shape memory capability of binary multiblock copolymer 
blends with hard and switching domains provided by different components. Soft Matter 5:676–
684. Royal Society of Chemistry, Copyright Reproduced with permission.)
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Mather et al. reported an interesting miscible blend SMP exhibiting unique 
self-healing properties that was composed of linear poly(ε-caprolactone) 
(l-PCL) and chemically cross-linked network-PCL (n-PCL) [31]. They 
showed that photocured miscible blends of linear and cross-linked poly(ε-
caprolactone) (l-PCL/n-PCL) demonstrate shape recovery for local crack 
closure and concomitant crack rebonding for recovery of full mechanical 
strength. The shape memory assisted self-healing mechanism is depicted in 
Figure 4.4. The cross-linked component, n-PCL, exhibits reversible plasticity, 
a form of shape memory where plastic deformation is fully recovered due 
to the entropy elasticity of the network that is liberated upon heating above 
the network melting temperature (Tm ~55ºC) (Figure 4.4a). The linear compo-
nent, l-PCL, interpenetrates the shape memory n-PCL component, yet freely 
diffuses above Tm to yield a tacky surface capable of rebonding any cracks 
formed during damage by molecular diffusion (Figure  4.4b). Importantly, 
both shape recovery and rebonding are initiated at the same temperature. 
Thus, a single heating event can simultaneously tackify crack surfaces while 
bringing them into molecular contact, resulting in shape memory assisted 
self-healing and recovery of mechanical strength (Figure 4.4c). Such shape 
memory assisted self-healing materials may be utilized for coatings and 
films where long-term use and facile repair is needed.
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FIGURE 4.4
Shape memory assisted self-healing mechanism. (a) Virgin sample temporarily deformed. Shape 
recovery is attained by entropy elasticity of network. (b) Virgin sample is damaged and self-
healing is triggered by molecular diffusion that rebonds crack surfaces. (c) Virgin sample is 
damaged and deformed. Shape memory and self-healing are simultaneously triggered when 
T > Tm to attain full mechanical strength of blend. (Adapted from Rodriguez, E. D., Luo, X., 
and Mather, P. T. Shape memory miscible blends for thermal mending, Behavior and Mechanics 
of Multifunctional Materials and Composites, Eds. Z. Qunaies, and J. Li, Proceedings SPIE 7289z; 
7289121–7289125. SPIE Copyright Reproduced with permission.)
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4.3 � Immiscible Polymer Blends

It is not very often that two polymers are not mixed at a molecular level 
but are immiscible. Because the immiscible blends have a phase-separated 
structure, their physical properties including shape memory properties are 
influenced by phase morphology as well as the nature and relative amount of 
each phase. For the immiscible blend based SMP, in principle, one component 
acts as a reversible phase and the other component acts as a stationary phase.

Li et al. reported that immiscible high-density polyethylene (HDPE)/
poly(ethylene terephthalate) (PET) blends, prepared by means of melt extru-
sion with ethylene–butyl acrylate–glycidyl methacrylate (EBAGMA) terpoly-
mer as a reactive compatibilizer, can exhibit shape memory effects [32]. They 
observed that the compatibilized blends showed improved shape memory 
effects along with better mechanical properties as compared to the sim-
ple binary blends. In the blend, HDPE acts as a reversible phase, and the 
response temperature in the shape recovery process is determined by Tm of 
HDPE. The shape-recovery ratio of the 90/10/5 HDPE/PET/EBAGMA blend 
reached nearly 100%. Similar behavior was observed for immiscible HDPE/
nylon 6 blends [33]. The addition of maleated polyethylene-octene copoly-
mer (POE-g-MAH) increases compatibility and phase-interfacial adhesion 
between HDPE and nylon 6, and shape memory property was improved. 
The shape recovery rate of HDPE/nylon 6/POE-g-MAH (80/20/10) blend is 
96.5% when the stretch ratio is 75%.

An interesting shape memory effect was observed in immiscible polylac-
tide (PLA)/polyamide elastomer (PAE) blend [34]. In the blend, PAE forms a 
dispersed phase in the PLA matrix, and the PAE domains act as stress con-
centrators in the system with the stress release locally and lead to an energy-
dissipation process. PAE acted as a plasticizer and decreased the Tg of the 
PLA, which promoted the orientation and reorganization of PLA molecules 
in the lower temperature. The blends showed unique shape memory effect 
that was different from the traditional SMPs. Figure  4.5 shows the shape 
recovery process of the PLA/PAE (90/10) blend. The sample was stretched 
to 100% at room temperature and the temporary shape was formed, which 
was different than traditional SMPs. When the sample is heated above the 
Tg of PLA, it shrinks and recovers to its original shape quickly. In the blend, 
the crystalline region of PLA acts as the stationary phase to keep the origi-
nal structure. On the other hand, the amorphous region occurred to defor-
mation involving molecular orientation during elongating upon the tensile 
load. When the tensile load is removed, the elongated shape can be kept and 
the stress was left in the system. This allows the molecules to have activ-
ity and to recover to their original shape with the stress releasing instanta-
neously when it is heated above its Tg.
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Zhang et al. examined the shape memory behavior of immiscible styrene-
butadiene-styrene (SBS) triblock copolymer/poly(ε-caprolactone) (PCL) blends 
with a varying composition range and investigated the relationship between 
their phase morphology and shape memory properties [35]. In the blend, the 
two immiscible components separately contribute to shape memory perfor-
mances, in which the SBS elastomer provides the stretching and recovery 
performances and the semicrystalline PCL provide the fixing and unfixing 
performances. Phase morphology greatly affects the shape recovery and 
shape fixing performance of this blend. Figure 4.6 describes the shape mem-
ory mechanism of this blend with different morphology schematically, and 
indicates that the best shape memory effect can be attained when the elas-
tomer constitutes a continuous phase and the switch polymer constitutes a 
minor continuous phase. This study indicated that through careful design 
of the immiscible phase morphology, an ideal SMP system with both good 
stability and performances can be achieved.

In accordance with a concept derived from the SBS/PCL blend, Wang 
et al. developed a series of novel biodegradable SMP blends consisting of 
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FIGURE 4.5
Shape memory effect of polylactide/polyamide elastomer (PLA/PAE) (90/10 wt/wt) blends. 
(The sample can recover to original shape in 8 s and 3 s at 80oC and 90oC, respectively.) (Adapted 
from Zhang, W., Chen, L., and Zhang, Y. 2009. Surprising shape-memory effect of polylactide 
resulted from toughening by polyamide elastomer. Polymer 50:1311–1315. Copyright Elsevier 
Ltd. Reproduced with permission.)
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two immiscible components—poly(L-lactide-co-ε-caprolactone) (PLLCA) and 
poly (L-lactide-co-glycolide) (PLLGA) [36]. When the PLLGA content was less 
than 50 wt%, PLLCA and PLLGA behaved as the reversible phase and sta-
tionary phase, respectively, and the shape recovery rate increased with the 
PLLGA content. When the PLLGA content was more than 50 wt%, PLLGA 
was transformed from a droplet-like dispersion phase to a continuous phase, 
and the shape memory property of the blends was mainly derived from 
PLLGA. Increasing the concentration of the stationary component (PLLGA) 
to more than 50 wt% would transform the PLLCA–PLLGA shape memory 
system to a PLLGA-based system (i.e., when the PLLGA content was less 
than 50 wt%, the shape memory properties of the blend resulted from the 
associative effects of PLLCA and PLLGA, while the shape-memory proper-
ties of blends with more than 50 wt% PLLGA were primarily derived from 
PLLGA). In such a case, PLLCA primarily plays the role of adjusting the 
mechanical properties instead of acting as the reversible component.

The shape memory effect of immiscible chitosan/PLLA blend was stud-
ied [37]. In the blends, the shape memory effect arises from the viscoelastic 
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properties of the PLLA composed of the amorphous structure and crystal-
line structure. It was found that chitosan does not significantly affect the 
glass and melting transition temperature of the PLLA, and the shape recov-
ery ratio of the polymer decreases dramatically with increasing chitosan 
content due to the immiscibility between chitosan and PLLA. When the chi-
tosan content is below 15 wt%, good shape memory effect of the composites 
was observed.

Luo and Mather developed a unique shape memory elastomeric composite 
by an interpenetrating combination of a crystallizable thermoplastic micro-
fiber network (functioning as the “switch phase” for shape memory) with an 
elastomeric matrix [38]. The shape memory elastomer composite, composed 
of silicone rubber and PCL, was fabricated via a two-step process depicted 
in Figure 4.7. PCL was first electrospun from a 15 wt% chloroform/dimethyl 
formamide (DMF) solution. The resulting nonwoven fiber mat (thickness 
= 0.5 mm) was then immersed in a two-part mixture of silicone rubber 
(Sylgard 184) and vacuum was applied to ensure complete infiltration of the 
Sylgard 184 into the PCL fiber mat, followed by curing at room temperature 
for >48 h. This type of composite showed excellent shape memory perfor-
mance, in which the PCL phase acts as a switching phase while the cured 
elastomer acts as a stationary phase and provides facile deformation. The 
manufacturing process of this type of SMP is simple, because it requires no 
specific chemistry or physical interactions. One can tune the properties of 
the individual components (the fibers and the matrix) to easily control the 
overall shape memory behavior and materials properties. For example, one 
can use thermoplastic fibers (either semicrystalline or amorphous) with dif-
ferent Tm’s and Tg’s to adjust the transition temperature or vary the cross-link 
density of the matrix to achieve different recovery stresses.
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FIGURE 4.7
Two-step fabrication of Sylgard/poly(ε-caprolactone) (PCL) shape memory elastomeric compos-
ites. (Adapted from Luo, X., and Mather, P. T. 2009. Preparation and characterization of shape 
memory elastomeric composites. Macromolecules 42:7251–7253. Copyright ACS. Reproduced 
with permission.)
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4.4 � Interpenetrating Polymer Network

Full or semi-interpenetrating polymer networks (IPNs) can be designed to 
exhibit shape memory effects. In an IPN system, the network properties play 
an important role in controlling the shape memory performance. The hydro-
philicity, transition temperatures, and mechanical properties of IPNs can be 
conveniently adjusted through variation of network compositions to match 
the desired applications.

Li et al. synthesized a PMMA-PEG semi-IPN by radical polymerization 
and cross-linking of PMMA in the presence of linear PEG, which exhibits 
two independent shape memory effects at two transition temperatures, the 
Tm of the PEG crystal and the Tg of the semi-IPN [39]. In the IPN, a single Tg 
appeared due to the miscibility of the amorphous phase of the two poly-
mers. Based on a reversible order-disorder transition of the crystals below 
and above the Tm of PEG, and the large difference in storage modulus below 
and above the Tg of the semi-IPN, the polymer has a recovery ratio of 91 and 
99%, respectively. For the shape-memory behavior at the Tm of PEG crystals, 
the fixing phase was the PMMA network and the reversible phase was PEG 
crystals. For the shape memory behavior at the Tg of the semi-IPNs, the fixing 
phase was the chemical cross-linked point, while the reversible phase was 
the PMMA-PEG complex phase.

They also synthesized a poly[(methyl methacrylate)-co-(N-vinyl-2-
pyrrolidone)]/poly(ethylene glycol) semi-IPN based SMP by radical copo-
lymerization of 37.5 to 59.5 wt% MMA and 26 wt% N-vinyl pyrrolidone in 
the presence of azobis isobutyronitrile (AIBN) as an initiator, ethylene gly-
col dimethacrylate (EGDMA) as a cross-linker, and 15 to 40 wt% linear PEG 
(MW: 400, 600, 800, and 1000) [40]. It was found that the network structure 
is stabilized by hydrogen-bonding interactions between the components. 
In this IPN, the fixing phase is the chemical cross-linked point, while the 
reversible phase is the PEG-PVP complex phase. The addition of PEG to 
P(MMA-co-VP) networks not only causes a depression in the Tg and stiffness 
of P(MMA-co-vinyl pyrrolidone (VP)) networks, but also increases the dif-
ference in storage modulus below and above Tg. The existence of a hydrogen 
bond causes the formation of a physical network between PVP and PEG, 
which partially restricted the side chain movements of PVP and slightly 
increased the stiffness of P(MMA-co-VP)/PEG semi-IPNs at room tempera
ture. When the semi-IPNs were heated to Ttrans (above Tg + 20°C), they can 
transform from the glass state to rubber-elastic state, but the hydrogen 
bonds between PVP and PEG were broken; moreover, the number of hydro-
gen bonds between the carbonyl groups of PVP and the terminal hydroxyl 
groups of PEG decreased with heating, which produces a diminution in the 
stiffness. All the above results make the semi-IPNs flexible; the polymer is 
easily deformed under external force. When the semi-IPNs were cooled to 
room temperature, they returned to the glass state and the broken hydrogen 
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bonds recombined to favor the fixing of a temporary shape. It can be con-
sidered that the P(MMA-co-VP)/PEG semi-IPNs possessed shape memory 
effect due to a large difference in storage modulus below and above Tg.

The semi-IPN SMP composed of crystalline poly(ethylene oxide) (PEO) and 
cross-linked poly(methyl methacrylate) (x-PMMA) was synthesized by Ratna 
and Karger-Kocsis [41]. They prepared the semi-IPN with various PMMA/
PEO ratios using different amounts of triethylene glycol dimethacrylate as a 
cross-linker. They observed that creep compliance of the semi-IPNs did not 
change significantly with the compositional change in the studied range but 
is significantly reduced with increasing degree of cross-linking of PMMA. 
Also, shape memory properties (shape recovery and shape fixity) of the 
semi-IPNs are observed to be able to be tailored upon the x-PMMA/PEO 
ratio and cross-linking degree of x-PMMA.

Zhang et al. synthesized a novel IPN composed of polyesterurethane and 
poly(ethylene glycol) dimethacrylate (PEGDMA) with good shape memory 
properties using a solvent casting method [42]. The star-shaped oligo[(rac-
lactide)-co-glycolide] was coupled with isophorone diisocyanate to form a 
polyesterurethane (PULG) network, and PEGDMA was photopolymerized 
to form another polyetheracrylate network. PULG and PEGDMA networks 
were found to be miscible when PEGDMA content was below 50 wt% and 
only one Tg of the IPNs between Tg of PEGDMA and PULG was observed, 
which was proportional to PEGDMA content. The IPNs showed high strain 
recovery and strain fixity ability (above 93%).

More recently, Feng et al. synthesized thermally triggered and water 
triggered shape memory IPN through photopolymerization of hydropho-
bic poly[(D,L-lactide)-co-glycolide] tetraacrylate (PLGATA) and hydrophilic 
poly(ethylene glycol) dimethacrylate (PEGDMA) [43]. By means of adjusting 
the PEGDMA contents, the polymer networks could be changed from hard 
to rubbery material when the PEGDMA content reached 30 wt%. The mate-
rials can recover their original shape either quickly by heating above the Tm 
of PEGDMA crystal or slowly upon immersion in water. They synthesized 
similar biodegradable and biocompatible IPN SMP via photopolymerization 
of PEGDMA and thermal polymerization of star-shaped oligo[(D,L-lactide)-
co-ε-caprolactone] (PCLA) with isophorone diisocyanate (IPDI) [44]. The 
IPNs have only one single Tg between the Tg of PEGDMA and polyesteru-
rethane, which are adjusted in the range of –6 to 32°C. They are amorphous 
and are rubbery when PEGDMA content is above 10% at room temperature. 
These IPNs recover quickly their permanent form in 10 sec when the envi-
ronment temperature is above its Tg. The strain recovery rate and the strain 
fixity rate are above 90%. The chemical cross-linking points act as a fixed 
phase to memorize the original shape, while the amorphous domains of 
PCLA and PEG act as a reversible phase. These biodegradable and biocom-
patible soft IPN SMPs offer a high potential for biomedical applications such 
as smart implants, site-specific controlled drug delivery systems, or stents 
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in the treatment of cardiovascular disease. The hydrophilicity of PEGDMA 
plays a role in improved blood compatibility of polymer networks.

4.5 � Cross-Linked Polymer Blends

Chemically cross-linked blends exhibiting shape memory effects were 
studied aiming at the effective cross-linking and improved shape memory 
behavior as well as development of a new SMP.

Zhu et al. prepared cross-linked blend SMP by the radiation cross-linking 
of the blend of PCL/polyfunctional poly(ester acrylate) (PEA) [45]. They 
observed that PEA with polyfunctional double bonds had a distinct promot-
ing function for the radiation cross-linking of PCL. The greater the usage 
and functional group number were, the greater gel content and the more 
distinctive the radiation cross-linking effects were. This also indicated that 
the polyfunctional material directly participated in the cross-linking reac-
tion. Dynamic mechanical analysis indicated that enhanced radiation cross-
linking better raised the heat deformation temperature of PCL and presented 
a higher and wider rubbery-state plateau; it also produced greater strength 
at temperatures higher than the melting temperature and provided greater 
force for recovering the deformation than pure PCL. The shape memory 
results revealed that sensitizing cross-linked PCL presented 100% recover-
able deformation and a quicker recovery rate.

A similar approach was applied for fabricating SMP with good biocom-
patibility. It was prepared by melt blending of 80 to 95% polycaprolactone 
(PCL) and 5 to 20% polymethylvinylsiloxane (PMVS) and a subsequent 
cross-linking of the blends by electron beam irradiation [46]. In the blend, 
PMVS promoted the radiation cross-linking. As the concentration of PMVS 
increased, the gelation dose and the ratio of degradation to cross-linking 
decreased and the efficiency of radiation cross-linking increased. The elastic 
modulus below the melting point of PCL of radiation cross-linked PCL/PMVS 
blends decreased with the increase of PMVS and increased above the melting 
point. The cross-linked PCL/PMVS blends exhibited excellent shape memory 
effects, and the ratios of deformation to recovery were more than 95%.

Kolesov and Radusch prepared peroxide cross-linked binary and ternary 
blend SMPs from high density polyethylene and two ethylene-1-octene copo-
lymers with medium and high degrees of branching [47]. The blends were 
prepared by a melt mixing and subsequently are cross-linked with 2 wt% of 
liquid peroxide 2,5-dimethyl-2,5-di-(tertbutylperoxy)-hexane at 190°C. The 
blends showed multiple shape memory behavior that appeared only at con-
sequent stepwise application of convenient programming strains and tem-
peratures. Obviously, that is caused by multiple melting behavior of these 
blends with many poorly separated peaks.
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Chang et al. prepared heat-triggered SMP blend networks from blends 
of end-carboxylated telechelic poly(ε-caprolactone) (XPCL) and epoxidized 
natural rubber (ENR), which can form cross-linked networked structure 
via interchain reaction between the reactive groups of each polymer during 
molding at high temperature [48]. Crystalline melting transition and degree 
of cross-links of the blend networks could be tuned by the blend composi-
tion and molecular weight of the XPCL. Such XPCL/ENR blend networks 
possessing crystalline domains together with appreciable degree of cross-
linking showed good shape retention and shape recovery, and the recovery 
temperatures were well matched with Tm of each sample.

4.6 � Miscellaneous

Besides conventional types of blends, some special blend SMPs have been 
synthesized. Cho et al. synthesized the electrically conductive SMP based on 
the blend of shape memory polyurethane with electrically conductive poly-
pyrrole (PPy) through in situ polymerization of pyrrole in a surface layer of 
a polyurethane film using a chemical oxidative polymerization process [49]. 
They showed that this blend exhibited shape memory effects under electric 
fields. A similar electroactuated SMP based on polyethylene octene elasto-
mer (POE)/polyaniline (PANi) blends was synthesized using the inverted 
emulsion method by Chang and Park [50]. As the electrically conductive 
PANi content is increased in the POE/PANi blends, tensile and dynamic stor-
age moduli are increased with a decreased flexibility. The blends exhibited a 
melting transition at around 40°C, and it is varied marginally with the blend 
composition. As the PANi content is increased in the blend, the conductivity 
of the blends and the percolation threshold was found to be at the vicinity of 
40 wt% of PANi, at which a high conductivity of the order of 1.310–4 S/cm was 
obtained. The POE/PANi blend could be heated above its melting transition 
temperature within 25 seconds when an electric field (80 V) was applied. The 
electroactuated shape recovery process of the POE/PANi blend sample with 
bending mode are shown in Figure 4.8.

A water-triggered SMP based on the blend of silicone rubber and slightly 
cross-linked polyacrylamide, a nonionic hydrogel, was introduced by Hron 
and Slechtova   [51]. The blend was prepared by mixing the cross-linked 
hydrogel powder with silicone rubber in a Brabender mixer, followed by 
thermal curing. It was found that the composite material can be deformed 
at elevated temperature above Tg of cross-linked polyacrylamide, which is 
between 210°C and 220°C, and keeps its shape if cooled down in the deformed 
state. The composite material shaped in this way resumes its original shape 
if it is again heated above Tg of cross-linked polyacrylamide or allowed to 
swell in distilled water. In this blend SMP, the limiting concentration is 30 
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phr of hydrogel phase, below which no shape memory exists, and above 
which it exists. Because both initial composite materials (silicone rubber 
and cross-linked polyacrylamide) are biocompatible, this composite material 
may be suitable for biomedical application, especially for medical devices 
that could be inserted into a body cavity in the thermally preshaped form, 
where it would swell by body fluids to the original shape.

Another special type of blend SMP is poly(acrylic acid-co-methyl 
methacrylate)/poly(ethylene glycol) (P(AA-co-MMA)/PEG) blends, which 
form hydrogen-bonded complexes [52]. It was found that both the concentra-
tion and molecular weight of PEG have a strong effect on the complexation 
with P(AA-co-MMA) gel. In such a system the minimum molecular weight 
of PEG required for the complex formation lowers to 1000.

A reactive blending technique can be employed to fabricate the SMP. Li 
et al. prepared shape memory graft copolymer HDPE-g-nylon by melt blend-
ing of maleated HDPE with nylon 6 at 230°C in a batched Haake mixer [53]. 
The graft copolymer was found to form in situ formation of polyethylene-g-
nylon 6 graft copolymers bridged by maleic anhydride in the melt-blending 
process. The maleated polyethylene/nylon 6 blend specimens showed good 
shape memory effect under normal experimental conditions when the nylon 
contents of the blends are in the range from 5 to 20 wt%. The nylon domains, 
which serve as physical cross-links, play a predominant role in the formation 
of a stable network structure for the graft copolymers. The high crystallinity 
of the polyethylene segments at room temperature and the formation of a 
network structure in these specimens fulfill the structural requirement for 
this material to exhibit shape memory effects.

4.7 � Summary

This review summarizes the numerous research on shape memory polymer 
blends conducted in recent decades, which demonstrates that polymer blending 
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FIGURE 4.8
Electroactive shape recovery behavior of polyethylene octene elastomer/polyaniline (POE/
PANi) blend. (From Chang, Y. W., and Park, K. 2011. Electroactuated shape memory polymer 
from polyethylene-octene elastomer/polyaniline composite synthesized by inverse emulsion 
polymerization, manuscript in preparation.)
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offers a convenient and economical way to fabricate a shape memory poly-
mer possessing desired performance properties with adjusted Ttrans in a wide 
range. Because concerns on the shape memory polymers are increasing in 
recent years, research and developments of the blend-based shape memory 
polymers are expected to continue rapid growth.
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5.1 � Introduction

Polymer blends are mixtures of at least two macromolecular species, poly-
mers, or copolymers. Blending of polymers together is a versatile route for 
producing newer materials with enhanced performance, which can be used 
for various applications in polymer engineering/technology. The blending of 
polymers will generally improve impact strength, tensile strength, modulus/
rigidity, along with other properties [1–4]. Blending also benefits the manufac-
turer by offering: (1) Improved processability, product uniformity, and scrap 
reduction; (2) quick formulation changes; (3) plant flexibility and high pro-
ductivity; (4) reduction of the number of grades that need to be manufactured 
and stored; (5) inherent recyclability, and so forth. Blending is also helpful 
in the manufacture of toughened plastics having the right combination of 
lightness and mechanical performance over a wide range of temperatures. 
The commercial development of polymer blends and alloys is driven by more 
favorable economics than in the more conventional chemical routes to new 
products. Blend systems, composed of existing materials, can be developed 
about twice as rapidly as new polymers, allowing manufacturers to respond 
more rapidly to new market requirements at reduced cost. Particularly, the 
polymer blends are designed and manufactured to modify certain properties 
in order to meet the requirements of newer end use applications. One of the 
properties most often to be improved is fracture toughness.

Polymethyl methacrylate (PMMA) is a hard, rigid, transparent, and good 
weather-resistant polymer. They are widely used as coatings and in glass 
and electronic materials due to their favorable properties like hardness, high 
Tg, and excellent transparency. But their use in engineering applications was 
limited due to brittleness and poor solvent resistance, which can be improved 
by toughening the polymer. The toughening can be achieved by copolymer-
ization with a comonomer having low Tg, introducing glass fiber, or blending 
with rubbery materials. Enhanced properties were achievable by toughen-
ing PMMA with various rubbers or copolymers [5–10]. The impact strength 
of PMMA was improved by blending it with various acrylic elastomers. 
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For example, blends comprising 25 to 90 wt% of PMMA, with butadiene–
butylacrylate–methylmethacrylate elastomeric copolymer showed excellent 
properties. Several other copolymers of methyl methacrylate with the ethyl-, 
butyl-, or octyl-methacrylates were also used for toughening PMMA [11].

Many researchers have investigated the toughening of PMMA by different 
routes, and it is observed that the brittle amorphous polymer (e.g., polysty-
rene, PS, and PMMA) can be toughened via the incorporation of extremely 
fine rubber particles [12]. Zachariah Oomen and Sabu Thomas studied the 
mechanical properties and fracture behavior of natural rubber/PMMA 
blends as thermoplastic elastomers (TPEs) [13]. Oomen and Thomas also 
reported compatibility studies on natural rubber (NR)/PMMA blends by 
viscometry and phase separation techniques [14]. Polybutadiene toughened 
PMMA and their characterizations have been studied by Raghavan et al. 
[15]. Archie et al. studied the use of cryogenic mechanical alloying of PMMA 
with up to 25% polyisoprene (PI) and poly (ethylene-alt-propylene) (PEP) 
and characterized by microscopic technique [16]. Micro hardness behavior 
of PMMA/NR blends prepared by solution method has also been reported 
[17]. Recently semi-interpenetrating polymer networks (SIPNs) based on 
nitrile rubber/PMMA has been reported [18]. Nakason et al. reported the 
studies of rheological and thermal properties of thermoplastic natural rub-
bers based on PMMA/epoxidized natural rubber blends [19]. Spadaro et al. 
studied the morphology and properties of PMMA/acrylonitrile-butadiene 
rubber (PMMA/NBR) blends, obtained through gamma-radiation-induced 
in situ polymerization of methyl methacrylate (MMA) in the presence of 
small amounts of a nitrile rubber [20]. Mina et al. studied the micromechan-
ical behavior and Tg of PMMA-rubber blends [21]. Also they reported the 
interphase boundary of incompatible polymer blends such as PMMA/NR, 
PS/NR, and of compatible blends such as PMMA/NR/epoxidized NR and 
PS/NR/styrene-butadiene-styrene (SBS) block copolymer by means of micro 
indentation hardness and microscopy methods [22]. Suriyachi et al. reported 
the studies on mechanical properties and morphology of compatible NR/
PMMA blends using NR-g-glycidyl methacrylate/styrene graft copolymer 
as compatibilizer [23]. The preparation of thermoplastic vulcanizates (TPUs) 
based on NR-g-PMMA/PMMA, PMMA/epoxidized natural rubber blends 
and characterization of their rheological, mechanical, morphological, and 
thermal properties has been reported by Nakason et al. [24,25]. Synthesis 
and characterization of polyisobutylene-PMMA interpenetrating polymer 
networks (IPNs) has been reported by Vancaeyzeele et al. [26]. Mina et al. 
investigated the morphology, micromechanical. and thermal properties of 
undeformed and mechanically deformed PMMA/natural rubber blends [27]. 
Dong et al. studied the morphology and mechanical properties of dihydroxy 
polydimethyl siloxane (PDMS)/PMMA blends [28]. Nakason et al. reported 
on preparation of reactive blending of maleated NR with PMMA and inves-
tigated their rheological, thermal, and morphological properties [29].



150 Functional Polymer Blends: Synthesis, Properties, and Performance

From the detailed literature survey, it is noticed that the toughening of 
PMMA was mostly carried out with NR/polybutadiene rubber (PBR)/ABS 
by solution blends, IPNs, reactive blending, and graft/copolymerization 
process. Some studies on blending through IPNs/solution process/
polymerization methods using a thermosetting-type of polyurethane (PU) 
and different acrylic materials have been reported [30,31]. Kosyanchuk et al. 
investigated the thermal, physical, and viscoelastic properties of PMMA and 
PU by in situ formation [32]. Lipatov et al. studied the blends of linear PU and 
PMMA obtained from in situ polymerization of their monomers and evalu-
ated the two phase systems and their interfacial region [33]. Recently, Patricio 
et al. also reported the effect of blend compositions on microstructure, mor-
phology, and permeability in PU/PMMA blends [34]. Siddaramaiah et al. 
investigated IPNs of PU with polyacrylates [35,36]. Study on the phase behav-
ior, mechanical properties, and strain-rate effect of ethylene vinyl acetate 
(EVA) copolymer and PMMA blends by in situ polymerization was reported 
by Cheng and Chen [37]. Errico et al. studied the acrylate/EVA reactive blends 
and semi-IPN and characterized for chemical, physical, and thermo-optical 
properties [38]. Mayu Si et al. studied the blends of PS/PMMA, PC/styrene-
acrylonitrile (SAN), and PMMA/EVA with and without modified organo-
clay Cloisite 2A and Cloisite 6A clays and compared their morphologies [39].

In addition to the above mentioned polymers, Ethylene methacrylate 
(EMA) copolymer is also an excellent choice for improving the perfor-
mance of PMMA. EMA copolymer has excellent environmental stress crack 
resistance at elevated temperature with superior mechanical properties. 
Further, it has the advantage of a polar ester group and a reactive hydro-
gen atom, which can also provide some amount of interaction with PMMA. 
This chapter provides information about blending of EMA copolymer with 
PMMA for improving its performance, especially impact strength and 
chemical resistance while retaining its optical properties. The discussion 
focuses on the blend preparation and some important properties like physi-
comechanical and thermal properties of these blends. Attempts have been 
made to discuss the morphology–property correlations also.

5.2 � Structure and Properties of Polymethyl 
Methacrylate (PMMA)

PMMA is the synthetic polymer of methyl methacrylate, which is widely 
known by a variety of trade names like Lucite, Oroglas, Perspex, Plexiglas, 
and so on. PMMA is a glassy polymer with an amorphous structure. It has 
a density of 1.19 g/cm3 and has very low water absorption. The refractive 
index ranges from 1.49 to 1.51 depending on the type. PMMA shows high 
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gloss, hardness, stiffness, rigidity, dimensional stability, excellent electrical 
insulating properties, and good abrasion resistance, but the surface scratches 
easily which can be polished out. It is also odorless, tasteless, and nontoxic 
and does not become brittle at low temperature. It has excellent resistance 
to dimensional changes, heat, oils, and so forth. It decomposes on heating 
strongly and burns slowly but does not flash-ignite. It can be easily moldable 
and machinable, unaffected by most household chemicals such as weak and 
strong alkalies, bleaching compounds and window cleaning solutions, salt, 
vinegar, animal and mineral oils, waxes, and common foodstuffs. The water 
absorption behavior is negligible. Dimensional stability and electrical prop-
erties remain good under humid conditions. Despite several advantages, 
PMMA has some disadvantages such as it is brittle under impact conditions 
and failure can occur by shattering. Thin-walled products are also diffi-
cult to mold using PMMA because of poor flow properties. Poor hot-melt 
strength limits processing methods, and it does not have significant elas-
tic deformation before failure (i.e., goes straight to brittle fracture). Some of 
these limitations of PMMA can be overcome by blending with various poly-
mers. The typical properties of PMMA are given in Table 5.1. Its structural 
formula is as shown in Scheme 5.1.

TABLE 5.1

Typical Properties of Polymethyl Methacrylate (PMMA)

Property Value

Specific gravity 1.18
Refractive index 1.49
Total light transmittance (%) 92
Surface hardness (RHM) 90
Tensile strength at break (MPa) 65
Izod impact (Notched) (KJ/m) 0.02
Linear expansion (/°C × 10–5) 7
Elongation at break (%) 2.5
Water absorption (%) 0.3
Oxygen index (%) 19
Flammability UL 94 HB
Volume resistivity (ohm.cm) >1015

Dielectric strength (MV/m) 20
Dissipation factor @ 1 KHz 0.03
Dielectric constant @ 1 KHz 3.3
Glass transition temperature (°C) 105
Heat distortion temperature @ 0.45 MPa (°C) 103
Heat distortion temperature @ 1.8 MPa (°C) 95
Melting range (°C) 130–140
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5.3 � Structure and Properties of Ethylene Methacrylate (EMA)

Ethylene methacrylate (EMA) is a copolymer of ethylene and methacry-
late. Copolymerizing ethylene with a small amount of methacrylate gives 
polarity to the polymer and reduces crystallinity leading to highly clear 
polymer as compared to polyethylene. Its structural formula is as shown in 
Scheme 5.2.

It can be used alone or compounded with other polymers as a modifying 
polymer for improved toughness. Incorporation of EMA into other polymers 
improves the properties such as flexibility, toughness, weatherability, and 
softness. The EMA polymers are characterized through the following fea-
tures: high thermal stability against degradation (up to 400°C), high polar-
ity, no reactive groups, low temperature flexibility that leads to benefits like 
superior processing stability and compatibility with a broad range of engi-
neering polymers. Some of its typical properties are given in Table 5.2.
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SCHEME 5.2
Structure of ethylene methacrylate (EMA).
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SCHEME 5.1
Structure of polymethyl methacrylate (PMMA).
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5.4 � Toughening of PMMA Using EMA

Toughened blends are either immiscible or partially miscible blends hav-
ing two separate Tg’s. They have a heterogeneous microstructure with dis-
persed phase size in the order of micrometers. The incorporation of EMA can 
increase the fracture rate of PMMA by enabling increased plastic deforma-
tion of the matrix or by undergoing fracture and protecting PMMA from 
fracture. The EMA phase in the form of small particles has to be dispersed 
properly in the PMMA phase to achieve toughening. The particle size and 
size distribution of the dispersed EMA in the blend will depend on the extent 
of miscibility of the two phases and on the way in which they are mixed. If 
the rubber is having excellent miscibility with PMMA, then the dispersed 
rubber particles will be too small and even they will be distributed on a 
molecular scale throughout the PMMA phase. If the two phases are immis-
cible, then the rubber particles will be dispersed as macroscopic particles, 
and the toughening ability will be reduced [40]. Some of the factors influenc-
ing the toughening behavior are briefly discussed below.

5.4.1 � Volume Fraction of Rubber Phase

The optimum volume fraction of the rubber phase in PMMA is the one that 
yields maximum mechanical properties. Increasing the concentration of rub-
ber phase beyond this limit decreases the mechanical properties of blends 
irrespective of the properties of PMMA. In most of the rubber-thermoplastic 
blends, 20 to 30% rubber loading is acceptable. Higher rubber loading may 
also even lead to a reduction in impact strength.

TABLE 5.2

Some of the Typical Properties 
of Ethylene Methacrylate (EMA)

Property Value

Density (g/cm3) 0.938
Surface hardness (shore A/D) 87/28
Tensile strength (MPa) 11
Tensile modulus (MPa) 35
Izod impact (Notched) (J/m) No break
Elongation at break (%) 780
Melting point (°C) 92
Melt flow index,
2.16 kg/190 (°C) g/10 min 8
Vicat softening temperature (°C) 54
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5.4.2 � Particle Size and Distribution of Rubber Phase in the Blend

If properly dispersed, the rubber phase can act as an effective stress concen-
trator and enhances the yielding characteristics of PMMA phase. The shear 
rate developed in the polymer blend is inversely proportional to the diam-
eter of the rubber particle. Hence, the rubber particle size should be as low as 
possible to achieve effective toughening.

5.4.3 � Interfacial Adhesion between Rubber and PMMA Phase

Interfacial adhesion is the adhesion in which interfaces between phases 
or components are maintained by intermolecular forces, chain entangle-
ments, or both, across the interfaces. Interfacial adhesion between rubber 
and PMMA must be sufficient to permit the effective transfer of stress to the 
rubber particles and also to provide multiple sites for crazing and localized 
shear yielding for effective impact energy dissipation.

5.5 � Mechanism of Toughening

The mechanism of toughening is usually explained by the phenomenon of 
shear yielding or crazing or voiding of the matrix. Shear yielding involves 
the macroscopic drawing of material without a change in volume and occurs 
at about 45° to the tensile axis. Depending on the polymer, the yielding 
may be localized or diffused throughout the stress region. This is initiated 
by a region of high stress concentration that occurs due to the incorpora-
tion of toughening agents like rubber particles. Rubber with low modulus 
acts as stress concentrators and enhances shear yielding. Crazing is a more 
localized form of yielding in the form of many minute cracks and occurs 
in the plane normal to the tensile stress. Crazes are initiated at points of 
maximum strain, which are usually near to the rubber particles and then 
propagate outward. The process is terminated when the stress concentration 
falls below the critical level for propagation or when a large particle or other 
obstacle is encountered. Thus, the rubber particle controls craze growth by 
initiating and terminating crazes. If craze formation extends over the entire 
cross section of the polymer blend, the material yields and flows on several 
planes and converts energy through irreversible deformation and becomes 
toughened. When many small crazes are formed at the same time, the crazes 
encounter other rubber particles so that strain at failure and also the energy 
absorption of the entire material remain lower. Voiding reduces the hydro-
static stress at the crack tip, and thus initiation of voids and their subsequent 
growth enhances the matrix flow.
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5.6 � Synthesis of Toughened PMMA/EMA Blends

Binary blends of PMMA and EMA with compositions viz., 100/0, 95/5, 90/10, 
85/15, and 80/20 by wt% (PMMA/EVA) were prepared by melt mixing 
technique using Haake Rheocord 9000 (Germany), corotating twin-screw 
extruder (L/D ratio 18:1). PMMA (Gujpol–P 876G) with a density of 1.19 g/cc 
and melt flow index of 1.35 g/10 min was obtained from M/s Gujarat State 
Fertilizers Company Limited (India) and ethylene methacrylate (EMA) copo-
lymer (Elvaloy 1820 AC) with a density of 0.94 g/cc, was obtained from M/s. 
DuPont (United States). Prior to mixing, the polymers were predried in a hot 
air oven at 80°C for 4 hr, and these predried granules of PMMA and EMA 
were mixed mechanically and fed into the extruder. The processing temper-
ature range was 145 to 210°C, while a screw speed of 30 rpm was employed. 
The extruded strands were passed through a water bath for faster cooling 
and further cut into pellets and dried. These dried pellets were compression 
moulded into suitable shapes and used for further characterization.

5.7 � Physicomechanical Properties of PMMA/EMA Blends

The prepared PMMA/EMA blends were characterized for physicomechani-
cal properties such as density, tensile properties, impact strength, and so 
forth, and the results are briefly discussed below.

5.7.1 � Density

PMMA and EMA have an average density of 1183 and 938 kg/m3 respec-
tively, while that of the blends lies in the range of 1132 to 1175 kg/m3. Because 
EMA has a lower density as compared to PMMA, the density of PMMA/EMA 
blends decreased linearly with an increase in EMA concentration. The 
theoretical densities were calculated by the volume additive rule using the 
expressions 1/ρ = W1/ρ1 + W2/ρ2, where ρ is the density of the blend, ρ1 and 
ρ2 are the densities of the virgin components, and W1 and W2 are the weight 
fractions of the respective parent polymers. The variation of experimental 
and theoretical density values as a function of blend compositions is shown 
in Figure 5.1. The experimental densities of PMMA/EMA blends are very 
close to the theoretical values, and the variation was found to be linear in 
nature. Furthermore, the actual density values of these blends are less than 
that of its theoretical values. Generally, reduction in density values of the 
blends and lower experimental density values as compared to theoretically 
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obtained density are due to the incompatibility of the constituents, micro-
void formation, and poor interfacial adhesion or phase separations. Similar 
observations were made for PMMA/EVA and PMMA/co poly ether ester 
(COPE) blends [40,41].

5.7.2 � Tensile Properties

A tensile test, in a broad sense, is a measurement of the ability of a material to 
withstand forces that tend to pull it apart and to determine to what extent the 
material stretches before breaking. The basic understanding of stress-strain 
behavior of plastic material is of utmost importance to design engineers. 
The variation of tensile strength as a function of EMA weight percentage is 
as shown in Figure 5.2. Virgin PMMA has the highest tensile strength and 
Young’s modulus in comparison with all the PMMA/EMA blends. It was 
observed that as EMA content increased, the tensile strength and Young’s 
modulus gradually decreased. The decreasing trend of mechanical proper-
ties with increased EMA content in the blends is due to the incorporation of 
the soft elastomeric EMA phase, which gives a plasticization effect to rigid 
PMMA, The poor adhesion between the polar PMMA and less polar EMA 
phases also contributes to the poor stress transfer between the continuous 
phase and the dispersed phase. The extent of reduction in tensile strength 
and modulus significantly depends on the nature and amount of the elasto-
meric phase [42].

Various composite models such as parallel model, series model, Halpin–
Tsai equation, and Kerner’s model can be used to predict and compare the 
mechanical properties of polymer blends [43–45]. For the theoretical predic-
tion of the tensile behavior of PMMA/EMA blends, some of these models 
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were used. Figures  5.3 and 5.4 showed the experimental and theoretical 
curves of tensile strength and tensile modulus of these blends as a function 
of the volume fraction of EMA. The experimental value for tensile strength 
is very close to the series model as shown in Figure 5.3. In Figure 5.4, the 
tensile modulus as a function of volume fraction of EMA indicates that the 
experimental data are between a series and Kerner’s model.

5.7.3 � Impact Strength

The impact strength of the polymeric materials is directly related to the over-
all toughness of the material. Toughness is defined as the ability of the poly-
mer to absorb applied energy. The incorporation of elastomeric phase, such 
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as thermoplastic polyurethane (TPU), EVA, and EMA into PMMA matrix 
enhanced the izod impact strength (Figure 5.5). The impact strength of all 
these blends increased considerably more than virgin PMMA. The addition 
of 5% EMA (95/5 PMMA/EMA) shows 82% improvement in impact strength. 
But at higher concentration of EMA (10 and 20 wt%) improvement in impact 
strength is insignificant. From these results it is very clear that a balanced 
formulation of rubbery phase in plastics is important for obtaining impact 
modifications [46,47]. The improvement in impact strength normally implies 
reduction in stiffness and increase in yield strain. In general, a balanced 
behavior between toughness and stiffness is always required for optimum 
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performance of the toughened polymer. The order of impact strength with 
elastomeric phase is: EMA > EVA > TPU. These results clearly indicate that 
the impact strength of PMMA blends strongly depends on the nature of elas-
tomeric phase and their volume fraction.

5.7.4 � Melt Flow Index

The melt index test measures the rate of extrusion of a thermoplastic mate-
rial through an orifice of specific length and diameter under prescribed con
ditions of temperature and pressure. This test is primarily used as a means 
of measuring the uniformity of the flow rate of the material. In this study, 
the melt flow index (MFI) value increased from 1.35 to 1.69 g/10 min with 
increase in EMA content from 0 to 10% in the PMMA/EMA blends (Table 5.3). 
This may be due to the reduction in cohesive strength as well as the plasti-
cizing effect of EMA in PMMA/EMA blends. However, further addition of 
EMA content above 10% by weight shows no more increase in MFI.

5.7.5 � Vicat Softening Temperature

The vicat softening temperature (VST) is one of the important parameters to 
assess the elevated temperature performance of plastics. The vicat softening 
temperature (VST) values of PMMA/EMA blends lies in the range of 95 to 
96°C (Table 5.3). These data indicate that there is no significant influence of 
the blend compositions on VST. A slight reduction or retention in VST val-
ues of the blends was observed, which may be attributed to the presence of 
flexible EMA component in the PMMA matrix. From the results, it can be 
concluded that the addition of EMA does not significantly alter the service 
temperature of PMMA.

TABLE 5.3

Melt Flow Index and Vicat Softening Temperature of 
Polymethyl Methacrylate (PMMA), Ethylene Methacrylate 
(EMA), and Their Blends

Composition of 
PMMA/EMA Blends 

(wt/wt%)

Melt Flow Index 
at 230oC/1.2 kg

(g/10 min) (±1%)

Vicat Softening 
Temperature at 10N Load 

(±1oC)

100/0 1.35 96.5
95/05 1.50 96.0
90/10 1.69 95.8
85/15 1.68 95.5
80/20 1.67 95.0
0/100 — —
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5.7.6 � Effect of Chemical Aging

The resistance of plastics to various chemical reagents is measured by sim-
ple immersion of plastic specimens in chemical reagents/solvents as per the 
standard procedure throughout the plastic industries. This method can be 
used to compare the relative resistance of various plastics to typical chemi-
cal reagents. Resistance of plastics to chemical reagents is best understood 
through study of its basic polymer structure, the type of polymer bonds, 
the degree of crystallinity, branching, the distance between the bonds, and 
the energy required to break the bonds. PMMA is a polar material and its 
water absorption affects the mechanical properties, but it is not so in case 
of blends. The virgin polymers (PMMA and EMA) and their blends were 
exposed to various chemical environments, and the influence of chemical 
aging on mechanical performance has been evaluated. The tensile behavior 
of PMMA and all its blends before and after chemical aging are summarized 
in Tables 5.4 through 5.6. It is observed that after chemical aging, the tensile 
strength of PMMA is reduced by about 5 to 15%, whereas their blend shows 
marginal increase in tensile strength in the range of 0 to 8% (Table  5.4). 
The tensile elongation results of PMMA and all its blends before and after 
chemical aging are given in Table 5.5. The results indicated that elongation 
properties of PMMA were retained even after chemical aging, but its blends 
showed a reduction in percentage elongation at break after chemical aging. 

TABLE 5.4

Influence of Chemical Aging on Tensile Strength of 
Polymethyl Methacrylate (PMMA) and Its Blends with 
Ethylene Methacrylate (EMA)

Chemical 
Resistance

Tensile Strength (MPa) of PMMA/EMA Blends (±3%)

100/0 95/5 90/10 85/15 80/20

Before Aging 60.9 53.0 43.2 31.5 25.8

After Aging in Alkali
5% Na2CO3 51.8 55.2 42.5 30.5 38.8
5% NaOH 54.1 57.1 47.9 37.3 30.8
5% NH4OH 53.2 55.4 45.7 36.4 24.2

After Aging in Acids
5% CH3COOH 55.8 57.1 49.7 33.9 31.9
5% HCl 56.2 55.9 39.2 29.8 24.8
5% H2SO4 57.8 55.3 40.3 27.7 25.2

After Aging in Neutral Solvents
Water 52.3 53.2 41.3 29.2 24.9
n-Hexane 53.0 52.9 37.9 24.2 22.7
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Whereas in the case of tensile modulus, a marginal reduction was observed 
for PMMA after chemical aging, but in the case of PMMA/EMA blends, the 
tensile modulus has increased significantly after chemical aging (Table 5.6). 
As the EMA concentration increases, the modulus values increased as com-
pared to the respective samples before aging. The tensile property results 
after chemical aging revealed that the incorporation of EMA into PMMA 
matrix enhanced the chemical resistance of amorphous PMMA material.

The reduction in mechanical properties of PMMA after chemical aging 
was expected due to variation in structural characteristics. But the improve-
ment or retention in tensile strength and tensile modulus of PMMA/
EMA blends after chemical aging may be due to the influence of chemical 
reagents with the constituents of the blends, which helps to improve the 
interaction among the materials that leads to improvement in properties 
[48]. However, due to the reduction in percentage of elongation at break 
after chemical aging obviously due to the effect of chemical reagents, the 
materials may undergo physical or chemical changes and hence, elongation 
is reduced.

5.7.7 � Effect of Heat Aging

Plastic materials exposed to heat undergo many types of physical and chem-
ical changes. The severity of the exposures in both time and temperature 

TABLE 5.5

Influence of Chemical Aging on Tensile Elongation of 
Polymethyl Methacrylate (PMMA) and Its Blends with 
Ethylene Methacrylate (EMA)

Chemical 
Resistance

Tensile Elongation (%) of PMMA/EMA Blends (±3%)

100/0 95/05 90/10 85/15 80/20

Before Aging 10.96 15.96 12.69 10.38 11.57

After Aging in Alkali
5% Na2CO3 10.40 15.61   3.48   3.22   3.58
5% NaOH 10.70 11.84   3.73   3.44   3.69
5% NH4OH 11.20 13.55   4.15   3.70   3.11

After Aging in Acids
5% CH3COOH 10.80   5.42   4.45   4.10   2.47
5% HCl 12.30 12.01   2.78   2.75   2.9
5% H2SO4 12.80 12.68   2.97   2.98   3.2

After Aging in Neutral Solvents
Water 12.10   7.20   3.44   2.28   3.05
n-Hexane 12.60 12.02   2.55   1.72   2.32
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determines the extent and type of changes that take place. Extended periods 
of exposure of plastics to elevated temperature will generally cause some 
degradation with progressive changes in physical properties. Virgin PMMA 
and its blends with EMA were subjected to heat aging at 80oC for 168 hr, and 
their tensile properties such as tensile strength, tensile modulus, and elonga-
tion at break are as shown in Table 5.7. In the case of PMMA, tensile modulus 
reduced after heat aging, whereas tensile modulus of the blends showed sig-
nificant improvement after heat aging.

TABLE 5.6

Influence of Chemical Aging on Tensile Modulus of 
Polymethyl Methacrylate (PMMA) and Its Blends with 
Ethylene Methacrylate (EMA)

Chemical 
Resistance

Tensile Modulus (MPa) of PMMA/EMA Blends (±6%)

100/0 95/05 90/10 85/15 80/20

Before Aging 1280 1077   960   896   755

After Aging in Alkali
5% Na2CO3 1108 2506 2392 1952 1553
5% NaOH 1218 2571 2143 1815 1462
5% NH4OH 1209 2398 2166 1872 1467

After Aging in Acids
5% CH3COOH 1180 2613 2187 1486 1777
5% HCl 1208 2391 2266 1866 1578
5% H2SO4 1231 2513 2378 1788 1550

After Aging in Neutral Solvents
Water 1201 2571 2217 1981 1551
n-Hexane 1189 2457 2455 1916 1386

TABLE 5.7

Influence of Heat Aging on Tensile Properties of Polymethyl Methacrylate 
(PMMA) and Its Blends with Ethylene Methacrylate (EMA)

Composition of 
PMMA/EMA 

Blends (wt/wt%)

Tensile Strength 
(MPa) (±3%)

Tensile Elongation 
(%) (±4%)

Tensile Modulus 
(MPa) (±6%)

Before 
Aging

After 
Aging

Before 
Aging

After 
Aging

Before 
Aging

After 
Aging

100/0 60.9 54.8 10.96 8.23 1280 1216
95/05 51.9 44.0 15.96 3.17 1077 2231
90/10 47.9 30.4 12.69 2.74   960 1936
85/15 44.4 26.7 10.38 3.30   896 1533
80/20 37.8 27.7 11.57 3.15   755 1553
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5.8 � Thermal Properties

5.8.1 � Thermogravimetric Analysis

Thermogravimetric analysis (TGA) of PMMA, EMA, and their blends was 
performed, and the thermograms of EMA, PMMA, and their blends 95/5 
and 90/10 PMMA/EMA (Figure 5.6) showed one-step thermal degrada-
tion, whereas 85/15 and 80/20 PMMA/EMA blends showed two-step ther-
mal degradation processes. The characteristic degradation temperatures 
obtained from TGA thermograms of the PMMA, EMA, and their blends are 
summarized in Tables  5.8 and 5.9. The initial decomposition temperature 

TABLE 5.9

Thermal Data Obtained from Derivative Thermogravimetric Analysis (TGA) 
Curve of Polymethyl Methacrylate (PMMA), Ethylene Methacrylate (EMA), and 
Their Blends

Composition of 
PMMA/EMA 

(wt/wt%)

Transition Temperature Range (±2°C)

Ti Tp Tc

100/0 285 400 440
95/5 278 400 430
90/10 324 398 430
85/15 312 400 480
80/20 300 402 485
0/100 365 485 515

Notes:	 Ti, temperature at which decomposition starts; Tp, temperature at which decompo-
sition rate is maximum; and Tc, temperature at which decomposition is completed.

TABLE 5.8

Thermogravimetric Analysis (TGA) Thermal Characteristics of Polymethyl 
Methacrylate (PMMA), Ethylene Methacrylate (EMA), and Their Blends

Composition of 
PMMA/EMA 

Blends (wt/wt%)

Temperature at Different Weight Loss (±2°C) Ash 
Content 

(%) 
Oxidation 
Index (OI)T0 T10 T20 T50 Tmax

100/0 378 383 388 410 438 0.5 0.035
95/05 382 385 388 410 430 0.5 0.035
90/10 381 382 390 400 430 0.5 0.035
85/15 377 380 390 400 480 0.5 0.035
80/20 376 380 385 400 480 0.5 0.035
0/100 461 462 465 485 515 1.5 0.105

Notes:	 To, temperature of onset of decomposition; T10, temperature for 10% mass loss; T20, 
temperature for 20% mass loss; T50, temperature for 50% mass loss; and Tmax, tempera-
ture for maximum weight loss.
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(Ti) corresponding to 1% decomposition reached a lowest (278°C) for the 
PMMA/EMA (95/5) blend and highest (365°C) for EMA. This shows that a 
higher proportion of EMA in the blends makes them thermally more stable 
than the individual components. The temperature at which the maximum 
rate of decomposition is higher in the case of EMA (485°C), but decomposi-
tion temperature for maximum weight loss of blends increased as EMA con-
tent in the blends increased. This result indicated that the blends containing 
higher concentration of EMA content is less susceptible to thermal degrada-
tion (Figure 5.6).

5.8.2 � Differential Scanning Calorimetry (DSC) Studies

DSC thermograms of virgin PMMA, EMA, and their blends are shown in 
Figure 5.7. It is very clear that the virgin PMMA and EMA shows single Tg, 
whereas their corresponding blends exhibit two Tg values for all the com-
positions. For PMMA, Tg values occurred at 100.6°C and for EMA shifted to 
a higher temperature at –32.1°C. In blends, the Tg values of PMMA shifted 
to a lower temperature for all the blends from 100.6°C to 76°C and for EMA 
from –32.1°C to –21.8°C. The variation in Tg values for the blends and the 
individual components are given in Table 5.10. A marked reduction in Tg was 
noticed after incorporation of 5% EMA. Further increase in EMA content 
in blends, increased Tg values gradually, which may be due to plasticiza-
tion effect and the possibility of some kind of physical interaction among the 
components at higher concentrations of EMA content.
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Thermogravimetric analysis (TGA) thermograms of polymethyl methacrylate (PMMA), ethyl-
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5.8.3 � Dynamic Mechanical Analysis (DMA)

DMA is a very useful thermoanalytical tool for studying the structure–
property relationship versus performance of polymeric materials. The impor-
tant information concerning relaxation transitions occurring on a molecular 
scale can be derived by subjecting polymers to a small amplitude cyclic defor-
mation. Data obtained over a broad temperature range help to understand the 
influence of one polymer on the properties of another polymeric component 
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TABLE 5.10

Tg Data Obtained from Differential Scanning Calorimetry 
(DSC) of Polymethyl Methacrylate (PMMA), Ethylene 
Methacrylate (EMA), and Their Blends

Composition of 
PMMA/EMA (wt/wt%)

Tg (±1oC)

Tg1 Tg2

100/0 — 100.6
95/05 –34.7   78.5
90/10 –34.2   78.0
85/15 –21.3   91.0
80/20   21.8   93.0
0/100 –32.1 —
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in the blend and ultimately aid in the design of a polymer blend with desir-
able properties [49,50]. The dynamic modulus indicates the inherent stiffness 
of material under dynamic loading conditions. The mechanical damping 
indicates the amount of energy dissipated as heat during the deformation of 
the material. The storage modulus and temperature curves of virgin PMMA, 
EMA, and their blends containing 5, 10, 15, and 20 wt% of the EMA polymer 
are shown in Figure 5.8. The two steps in the dynamic modulus–temperature 
curves that are very much visible with an increase in EMA content are the 
characteristics of an immiscible two-phase system [51]. The DMA analysis has 
been carried out to study the effect of EMA on storage modulus of PMMA/
EMA blends. For all the blend compositions, the storage modulus decreased, 
indicating that the introduction of EMA reduced the storage modulus of 
PMMA proportionately. The thermograms of the blends also showed two-
step reductions in storage modulus, one at the Tg of EMA and the other one at 
the Tg of PMMA. As EMA content increased, the reduction in storage modu-
lus at the Tg region of EMA is more. The modulus of elasticity in the glassy 
state for the two blends is shown to decrease with increasing EMA content. 
This result is expected because the EMA is a low modulus flexible material.

Figure 5.9 shows the effect of EMA addition into PMMA on tan δ of blends. 
The EMA has maximum dampness at around –4.1°C, whereas PMMA has 
dampness at 98.6°C (Table  5.11). The PMMA/EMA blends have maximum 
dampness values at 106.8, 112.4, 104.9, and 100.7°C, for 5, 10, 15, and 20% EMA 
blends, respectively. The magnitude of the peak is more or less characteristic 
of the relative concentration of the components and whether or not the phases 
are dispersed or continuous [40,52–55]. For instance, at a given concentration, 
tan δ is greater if the polymer with high Tg value is in continuous phase [52].
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5.9 � Fourier Transform Infrared Spectroscopy

Information regarding the possible interaction between the components in 
a polymer blend can be obtained by comparison of the infrared spectra of 
the base material with that of the blends [20,21]. Figures 5.10a and 5.10b rep-
resent the typical Fourier transform infrared (FTIR) spectra of PMMA and 
PMMA/EMA (90/10) blends, respectively. The spectrum of PMMA shows a 
very sharp peak around 3398 cm–1 due to overtones of stretching vibrations 
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TABLE 5.11

Tg Obtained from Dynamic Mechanical Analysis (DMA) 
Thermograms for Polymethyl Methacrylate (PMMA), 
Ethylene Methacrylate (EMA), and Their Blends

Composition of 
PMMA/EMA (wt/wt%)

Tg from DMA (±1°C)

Tg1 Tg2

100/0 —   98.6
95/05 13.9 106.8
90/10 15.8 112.4
85/15 18.6 104.9
80/20 10.2 100.7
0/100 –4.1 —
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of ester groups. A stronger peak at 1600 to 1740 cm–1 is due to the carbonyl 
stretching of ester groups of PMMA. In PMMA, due to the presence of two 
methyl (electron donors) groups close to the ester group, the C=O stretching 
frequency has shifted to 1620 cm–1 rather than at 1730 cm–1. The introduction 
of EMA onto the PMMA matrix shows further shifting of this peak from 1620 
to 1576 cm–1. Generally, good interactions between two compatible blends are 
expected to weaken the C=O stretching frequency by withdrawing electrons 
from it. So, this can be called incompatible blends. These results were sup-
ported by impact strength analysis, where impact strength increased with 
increased EMA content in the blends.

5.10 � Optical Properties

The measured optical properties such as percentage of transmittance and 
clarity of virgin PMMA and its blends are given in Table 5.12. It is observed 
that the percentage transmittance of PMMA is 90.5 and for its blends, the 
transmittance values lies in the range of 84.2% to 86.8%, and the incorpora-
tion of EMA has not significantly affected the transmittance. The percent of 
clarity slightly reduces after the incorporation of EMA. The clarity values of 
the blends lie in the range of 70.8% to 77.3%. The EMA toughened PMMA 
blends retain optical properties.

5.11 � Surface Morphology

The mechanical properties of the blends can be correlated with the morphol-
ogy of the blends. The variation in morphology of heterogeneous polymer 
blends depends on composition of blend, melt viscosity of the individual 
polymers, and processing history [42]. When polymers with different vis-
cosities are mixed to form blends, less viscous polymer will form the con-
tinuous phase [54]. The optical photomicrographs of PMMA/EMA blends 
are shown in Figures 5.11a through 5.11c, respectively. EMA is found to be 

TABLE 5.12

Optical Properties of Polymethyl Methacrylate (PMMA) and Its 
Blends with Ethylene Methacrylate (EMA)

Optical Property

Composition of PMMA/EMA Blends (wt/wt%) (±1%)

100/0 95/05 90/10 85/15 80/20

Transmittance (%) 90.5 86.8 84.4 84.5 84.2
Clarity (%) 79.2 77.3 77.1 75.8 70.8



170 Functional Polymer Blends: Synthesis, Properties, and Performance

(a)

(b)

(c)

FIGURE 5.11
Optical micrographs of (a) 95/5, (b) 90/10, and (c) 80/20 polymethyl methacrylate (PMMA)/
ethylene methacrylate (EMA).
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dispersed as domains in the continuous PMMA matrix. This is due to the 
higher melt viscosity of EMA as well as the lower concentration of EMA in 
blend as compared to PMMA. As the EMA content in the blend increased 
from 5 to 20 wt%, the average domain size of the dispersed EMA phase also 
increased. The higher concentration of rubber content as well as the higher 
viscosity of the EMA and lower viscosity of the PMMA phase are attributed 
to the reagglomeration or coalescence of the dispersed rubber particles [42].

In Figure 5.11a, it is observed that the surface of the dispersed phase has 
stretched and became rough owing to better adhesion between EMA and 
PMMA. This indicates that at 5 wt% addition of EMA in PMMA matrix has 
very good adhesion among the constituents. This observation supports the 
increase in impact strength at 5 wt%. Figure 5.11b also reveals that the rub-
ber phase dispersed in the rigid PMMA phase with less stretching/rough-
ness in comparison with 95/5 PMMA/EMA might have contributed to the 
lower mechanical properties. Figure 5.11c exhibits more or less a cocontinu-
ous phase, which also may be the reason for lower mechanical properties. 
This observation also supports the observation that higher EMA content in 
PMMA matrix decreases the impact strength of PMMA.

5.12 � Conclusions

The binary blends of PMMA and EMA with different compositions were pre-
pared by melt mixing technique using a corotating twin-screw extruder. The 
physicomechanical, thermal, chemical, optical, and morphological proper-
ties of the blends were evaluated. The addition of EMA increased the impact 
strength of PMMA blends without significantly affecting the optical proper-
ties of these blends. It was observed that as the EMA content increased, the 
tensile strength and modulus of the blends were reduced. Various compos-
ite models have been used to fit the experimental data for tensile strength 
and modulus. Theoretically calculated tensile properties showed agreement 
with the experimental results. The chemical and heat aging behavior of 
PMMA/EMA blends revealed that the EMA content in the blend enhanced 
the chemical and heat resistance properties of PMMA. The thermal stabil-
ity of the blends had shown an increasing trend with an increase in EMA 
content in PMMA matrix. The DSC scans indicated that as the EMA content 
increased in the blends, Tg values increased gradually. The DMA analysis 
showed that for all the blend compositions, the storage modulus decreased, 
indicating that the introduction of EMA reduced the storage modulus of 
PMMA proportionately. The morphology of the blends indicates that the 
elastomeric phase is dispersed in the continuous PMMA matrix at lower (5%) 
composition of EMA. But at higher (20%) concentrations of EMA, it forms a 
continuous phase resulting more or less homogeneous morphology.
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6.1 � Introduction

Polymer blends are expected to create many useful novel materials with 
specific properties that cannot be achieved by individual polymers in the 
future. And blending is an easy and inexpensive method of modifying vari-
ous properties of polymer. A polymer blend or polymer mixture is a kind of 
material analogous to metal alloys, in which at least two polymers are blended 
together to create a new material with tailored physical properties, which 
can be broadly divided into three categories: immiscible, compatible, and 
miscible polymer blends. The immiscible blends are made of two polymers, 
and two glass transition temperatures will be observed. Compatible polymer 
blends are immiscible polymer blends that exhibit macroscopically uniform 
physical properties. The macroscopically uniform properties are usually 
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caused by sufficiently strong interactions between the component polymers. 
Miscible polymer blends are single-phase structures. In this case, one glass 
transition temperature will be observed [1].

It is generally very difficult or even impossible to predict the proper-
ties of a blend; however, this is only the second step. The first problem is 
an understanding of the mixing properties (i.e., knowledge of under which 
conditions two polymers will form either a homogeneous phase or a two-
phase structure) [2]. The blend miscibility is an important effect to determine 
the structure and properties of the new material. Polymer blend miscibility 
is therefore a central subject in the science and technology of polymers.

Besides great industrial significance, polymer blend miscibility entails 
many peculiar problems of academic interest. Unlike small molecule mix-
tures, most polymers are immiscible when blending. This is attributable to 
the much smaller favorable entropy of mixing in a polymer than small mol-
ecule mixtures arising from the chain connectivity of the macromolecules. 
In most miscible blends, the heat of mixing is negative due to specific long-
range interactions such as hydrogen bonding or van der Waals forces [3]. 
The dynamical behavior of each component in a polymer blend could also 
be modified by blending. This behavior to a large extent is a consequence of 
increased local concentration of a given segment around itself due to chain 
connectivity [4–7].

Usually, blend miscibility is characterized by the Flory–Huggins param-
eter, χ [8], which gives a theoretical description of the phase separation 
curves for polymers of different chain length and composition. Parameter 
χ can be obtained through different methods such as experiments, theoreti-
cal predictions, and computer simulations. In addition, solubility parameter 
(δ), cohesive energy density (CED) of the pure components in blends and 
energy of mixing (ΔEmix), and glass transition temperatures (Tg) may also be 
used to show the compatibility of different polymers. The determination of 
heat of mixing, Tg and morphology by electron microscopy, scanning elec-
tron microscopy, dynamic mechanical response, and differential scanning 
calorimetry are some of the methods extensively used in the literature [9–12]. 
Other methods also exist to study blend compatibility, which include viscom-
etry refractometry, sonic velocity, fluorescence spectra, and so forth, which 
revealed various aspects of polymer blend miscibility of polymer blends in 
a viscous state [13,14]. The experimental protocols, though accurate, are time 
consuming and expensive; sometimes the results are contradictory.

Besides extensive experiments, many computer simulations have been car-
ried out on polymer blends, primarily, including Monte Carlo (MC) [15–18], 
molecular dynamics (MD) [12,19–35], mesoscopic dynamics (MesoDyn) 
[12,24,25], and dissipative particle dynamics (DPD) [33,36,37]. In the area 
of theoretical polymer physics, MesoDyn and DPD have been used to treat 
polymeric chains in a coarse-grained (mesoscopic) level by grouping atoms 
together up to the persistence length of polymers. Recent trends in the use of 
MD simulations on bulk polymers have led to the calculations of important 
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properties of polymeric blends with greater accuracy that are otherwise dif-
ficult to study experimentally or for which experimental data are not avail-
able or often when such results are conflicting. In this chapter, we briefly 
survey several MD simulations on binary blend miscibility and seek future 
prospects of modeling studies.

6.2 � Molecular Dynamics Simulation Strategies

MD simulations are performed to obtain information about properties 
and processes on the atomic or molecular level [38] in which force field is 
an important effect to determine the accuracy of the computational results. 
Before simulation, one should choose a proper force field first. COMPASS 
[39] (condensed-phase optimized molecular potentials for atomistic simula-
tion studies) force field based on PCFF (polymer consistent force field) may 
be a nice choice for modeling interatomic interactions. In the COMPASS force 
field, total potential energy (ET), which includes bonding (EBond), nonbonding 
(Enonbond), and cross-coupling (Ecross) energies, can be represented as following:

	 E E E E E E E E ET bond nonbond cross b oop vdw= + + = + + + +θ ++ +E Eq cross 	 (6.1)

Here, the first four terms of the right hand of the equation represent the 
bonded interactions, which correspond to energies associated with the bond 
stretching, Eb; bond angle bending, Eθ; torsion angle rotations, Eφ; out of 
loop, Eoop; respectively. The last two terms represent nonbonded interactions, 
which consist of van der Waals energy, Evdw, and electrostatic energy, Eq. The 
Lennard-Jones 6-12 potential is used to describe Evdw, while Eq is calculated 
from the partial charges of atoms in the system as estimated by the charge-
equilibration method [40]. Electrostatic interaction can also be calculated by 
the Ewald summation method [41], because it calculates long-range interac-
tions more accurately.

The simulation procedure is usually as follows:

	 1.	Model constructions (pure polymer chain or polymer blends under 
periodical boundary condition and in an amorphous conformation).

	 2.	Annealing and energy minimization (to eliminate the unfavorable 
contacts and to ensure sufficient contacts).

	 3.	Cool down the system stepwise from a high temperature to low 
temperature at a constant interval. At each temperature, MD simu-
lations perform in the canonical (NVT) ensemble and isothermal-
isobaric (NPT) .

	 4.	Save the trajectories for analysis at last.
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6.2.1 � Polymer Chain Length in Simulations

Polymer systems may contain thousands of atoms or repeated units. Even 
if MD simulation on such a system were possible, in many cases much of 
the information generated would be discarded. Due to computer limitations, 
simulations could not be performed using the actual size of the polymer. 
Hence, the size of the polymer used in simulations is important when com-
puting thermodynamic quantities. The minimum level molecular size cho-
sen should be sufficient to represent the real polymer system. Many reports 
usually used short oligomers with term or slightly more repeated units to 
simulate the miscibility of polymers [30,42]. Such short chains might lead to 
end effects and cannot represent the real systems accurately. On the other 
hand, one also does not want to use very long chains because of demand-
ing much more simulation time. To determine the appropriate polymer 
chain length in the simulation, the density and solubility parameter may be 
examined as a function of polymer chain length, which usually increases or 
decreases with increasing chain length, respectively. When the two physi-
cal parameters are almost constant (≥Neq), we usually believe that the corre-
sponding chain length is sufficient to present a polymer chain.

The solubility parameter, as defined by Hildebrand and Scott [43], is the 
square root of the cohesive energy density. The equation is

	 δ = = =
−

CED
E
V

E E
V

coh vac bulk 	 (6.2)

where V is the mole volume of the polymer system, and Ecoh is the cohesive 
energy per mole obtained from the energy difference between the molecule 
in a vacuum (Evac) and in an amorphous bulk state (Ebulk). In order to obtain a 
density and solubility parameter, polymer models of different chain lengths 
should be built first. After MD simulations, we can calculate their density and 
solubility parameter from the MD trajectories. Luo and Jiang [33] calculated 
the density and parameter δ of polyvinyl chloride (PVC) and poly(ethylene 
oxide (PEO) with different chain lengths, as shown in Figure 6.1. They found 
that for PEO, when the number of monomers reaches 40, the density and 
δ are almost constant; thus 40 repeat units are sufficient to present a PEO 
chain. For PVC, the δ does not change significantly for 50-mers and longer 
chains. Therefore, PVC with a length of 50 is reasonable to present a polymer.

6.2.2 � Blend Miscibility

The solubility parameter can be used to measure the miscibility between dif-
ferent polymers. If the difference of δ between two polymers is large, it indi-
cates that these two polymers are immiscible, whereas it has the probability 
to be miscible when the difference is small. Empirically, if (δA – δB)2 between 
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two polymers A and B is less than 4 J/cm3, one may believe that the two poly-
mers are miscible [44]. This approach is only suitable to judging the miscibil-
ity of simple systems in which the specific interactions (such as H-bonds) or 
noncombinatorial entropy effects (such as a volume change induced by blend-
ing) do not play a dominant role. Moreover, the Flory–Huggins parameter, χ, 
enthalpy, entropy, and Gibbs free energy of mixing can also be calculated to 
understand the energetics in mixing of polymers, which indicated favorable 
interactions. The Flory–Huggins parameter χ could be simply estimated from
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FIGURE 6.1
Density and solubility parameter as a function of chain length for (a) polyethylene oxide (PEO) 
and (b) polyvinyl chloride (PVC). (From Luo, Z. L., and Jiang, J. W. 2010. Molecular dynam-
ics and dissipative particle dynamics simulations for the miscibility of poly(ethylene oxide)/
poly(vinyl chloride) blends. Polymer 51:291–299.)
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	 χ δ δ= −
V
RT
mono

A B( )2 	 (6.3)

where Vmono is monomer unit volume per mole; R is gas constant; and T is 
temperature in Kelvin. χ estimated from above equation is always positive. 
This is not exactly correct.

If a binary blend is sufficiently equilibrated, the energy of mixing ΔEmix 
could be calculated [45]:

	 E
E
V

E
V

E
Vmix A

coh

A
B

coh

B

coh= + −
mix

	 (6.4)

Here, the subscripts A, B, and mix represent two kinds of polymers and the 
blend of them, respectively. The symbols φA and φB represent the volume frac-
tions of the two polymers A and B, φA + φB = 1. The Flory–Huggins parameter 
χ could also be calculated by [45,46]

	 χ =
z E
RT

mix 	 (6.5)

or

	 χ =
E
RT

Vmix
mono 	 (6.6)

where z is the coordination number (its value for the cubic lattice model is 
taken as 6). Unlike Equation (6.3), Equations (6.5) and (6.6) give either posi-
tive or negative χ. A positive χ does not necessarily mean that the blend is 
immiscible. Base on the Flory–Huggins theory, the critical value of χ could 
be calculated using the following equation:

	 χcritical
A Bn n

= +
1
2

1 1
2

	 (6.7)

where nA and nB are degrees of polymerization (actual number of repeated 
units) of A and B. If χ < χcritical, the blend is considered to be miscible and vice 
versa. If χ is slightly greater than the critical value, the blends could be par-
tially miscible. Comparing χ with critical values will provide an indication 
about the degree of miscibility of the polymer blend.

Figure 6.2 displays the results of χ versus the weight fraction of poly(vinyl 
alcohol) (PVA) in PVA/chitosan (CS) blends calculated from Equations (6.5) 
and (6.7) [25]. χcritical exhibits a linearity (around 0.18) over their studied com-
position range of the blends. For the blends from 10% to 40% weight fraction 
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of PVA, the value of χ lies below the χcritical line, so they are miscible blends. 
For other compositions—that is, 1:1 and above (with increasing composition 
of PVA)—χ lie above the critical value indicating blend immiscibility.

The Gibbs free energy of mixing at constant pressure ΔGm governs the pro-
cess of dissolution between two components and is related to the changes 
in the enthalpy ΔHm and the entropy  Smcomb  of the blend system. In general, 
for a miscible blend system, the Gibbs free energy is negative [35]. To com-
pute ΔGm we need the enthalpy of mixing ΔHm and entropy of mixing  Smcomb . 
According to Hildebrand and Scott [43], ΔHm is expressed as

	 H V CED CEDm m A B A B= −
2

	 (6.8)

where Vm is the total volume of the blend. CED values used in computing 
ΔHm could be taken from the MD simulations like δ. And  Smcomb  is obtained 
from the combinatorial entropy term of the binary blends using the Flory–
Huggins theory [46,47]:

	 S R x x x xm
comb

A A B B= − +( ln ln ) 	 (6.9)

Here, xA and xB are the mole fractions of A and B. Then, by using the identity  
ΔGm = ΔHm – T Smcomb, Gibbs free energy of mixing is calculated. The Smcomb

is usually positive; hence, ΔHm dominates the value of ΔGm. Jawalkar et al. 
calculated ΔGm and found that both ΔGm and ΔHm exhibit almost similar trends 
over the entire compositions of poly(L-latide) (PLL) in the PLL/PVA blend as 
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FIGURE 6.2
Flory–Huggins interaction parameter versus weight fraction of PVA in PVA/chitosan blends. 
(From Jawalkar, S. S., Raju, K. V. S. N., Halligudi, S. B., Sairam, M., and Aminabhavi, T. M. 2007. 
Molecular modeling simulations to predict compatibility of poly(vinyl alcohol) and chitosan 
blends: A comparison with experiments. Journal of Physical Chemistry B 111:2431–2439.)
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shown in Figure 6.3 [24]. For only a narrow blend composition, the calculated 
ΔGm is slightly below zero, thus showing a slight miscibility of the blend. 
This is in conformity with the reported data of experiments [48].

Another commonly used method for establishing miscibility of polymer 
blends is through determination of the glass transition in the blend versus 
those of the unblended constituents. A miscible polymer blend will exhibit a 
single glass transition. In case of borderline miscibility, broadening of transi-
tion will occur. With cases of limited miscibility, two separate transitions may 
occur [49]. At glass transition temperature Tg, there is a characteristic change 
in the motion of polymer chains. The glass transition is mainly caused by the 
freezing of the motion of chain segments (local chain movement). The occur-
rence of Tg can be used as a rule of thumb to determine the compatibility of 
a blend. If a binary blend is miscible, only a single Tg appears. Otherwise, 
two Tg could be detected, and each Tg indicates the frozen temperature of 
one component.

NPT MD simulations are often performed to calculate the volume-
temperature properties of the studied system. Figures 6.4 and 6.5 show the 
specific volume versus temperature plots of miscible poly(hydroxybutyrate) 
(PHB)/PEO blend (1:2 blends in terms of repeated units) and PHB/PE blend 
(1:2 blends in terms of repeated units) from the literature [34,36]. The inter-
sect point of the two straight lines segments marks the Tg value. For the mis-
cible PHB/PEO blend, only one Tg (about 258) could be found, and it is a 
little higher than the experimental values, 230 to 252 K. For the immiscible 
PHB/PE blend, two Tg (249 K and 187 K) were found. Comparing to the Tg of 
pure PHB (268 to 278 K) and PE (140 to 170 K), the two transition temperatures 
correspond to PHB-rich (249 K) and PE-rich domains’ (187 K) Tg, respectively.
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Molar enthalpy (solid curve) and Gibbs free energy (dashed curve) versus weight fraction of 
PLL in PLL/PVA blend. (From Jawalkar, S. S., and Aminabhavi, T. M. 2006. Molecular model-
ing simulations and thermodynamic approaches to investigate compatibility/incompatibility 
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6.2.3 � Packing Modes of Polymer Chain in a Blend

Why are two polymers compatible with each other? Their packing details 
may show much important information. The radial distribution function g(r) 
is commonly used to characterize molecular structure. This function gives a 
measure of the probability that, given the presence of an atom at the origin of 
an arbitrary reference frame, there will be an atom with its center located in 
a spherical shell of infinitesimal thickness at a distance, r, from the reference 
atom. It is defined as [50]

	 g r
Nx x

r r rAB
A B

i j

j

N

i

N

i j

BA

( ) ( )= − −
== ≠

∑∑1

11
ρ

δ 	 (6.10)

where xA and xB are the mole fraction of polymer A and B, respectively. NA 
and NB are the number of atoms of polymer A and B, respectively. N is the 
total number of atoms, and ρ is the overall number density. Note that A and B 
could be the same type of atoms. It has been observed that if a binary system 
is compatible, the intermolecular g(r) of the AB pair between two different 
polymers is larger than those of AA and BB pairs [51].

Jawalkar et al. found that the miscibility between PVA and CS polymers 
is attributed to hydrogen bond formation between groups of CS (–CH2OH 
or –NH2) and hydrogen atom of PVA by MD simulation of radical distribu-
tion functions for atoms involved in interaction. Figure 6.6 shows the radial 
distribution function as a function of r  for these atoms in the miscible blend 
of PVA/CS (1:1) [25].
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FIGURE 6.6
Radial distribution function calculation for PVA/chitosan (CS) blend representing oxygen 
atom of hydroxyl methyl group of CS and nitrogen atom of CS relative to the distance of the 
hydrogen atom of the hydroxyl group of PVA. (From Jawalkar, S. S., Raju, K. V. S. N., Halligudi, 
S. B., Sairam, M., and Aminabhavi, T. M. 2007. Molecular modeling simulations to predict com-
patibility of poly(vinyl alcohol) and chitosan blends: A comparison with experiments. Journal 
of Physical Chemistry B 111:2431–2439.)
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6.3 � Miscibility of Several Binary Blends

6.3.1 � PHB/PEO and PHB/PE [34,36]

In 2004, our group calculated the solubility parameters for two polymers 
(PHB and PEO). The solubility parameters of the two polymers are simi-
lar and are consistent with the literature values. This means that PHB may 
be compatible with PEO. Then the volume–temperature curve of PHB/PEO 
blend system (1:2 blends in terms of repeated units) is simulated. From the 
curve, we got only one Tg for the blend system. The calculated Tg is consistent 
well with the experimental results. Based on the above two points, we con-
cluded that PHB/PEO is a miscible blend. To confirm this conclusion further, 
the MD simulation was also carried out for an immiscible PHB/PE blend. 
Two Tg are observed for the immiscible blend. This is qualitatively in agree-
ment with the experiment and supports our conclusion.

6.3.2 � PVA-Based and Poly(Vinyl Pyrrolidone) (PVP)-Based 
Blends [12,24,25,27,28]

An MD simulation approach has been used to understand the blend compat-
ibility/incompatibility of PVA/PLL, PVA/polymethylmethacrylate (PMMA), 
PVA/CS, PVP/poly(ether sulfones) (PES), and PVP/CS blends by Jawalkar 
et al. They calculated solubility parameters and Flory–Huggins interaction 
parameters to assess the blend miscibility at different compositions. It was 
found that at 1:9 blend composition of PLL/PVA, miscibility was observed, but 
increasing immiscibility was prevalent at higher compositions of PLL compo-
nent. For PVA/PMMA blends, MD simulations confirmed blend miscibility 
at >60 wt% of PVA. The blends of PVP and PES are almost incompatible over 
all the compositions. Miscibility was observed for PVA/CS blends below 50% 
of PVA, while immiscibility was prevalent at composition between 50% and 
90% PVA. The computed results confirmed the experimental findings. MD 
simulations were performed to clarify the most favorable site to form a hydro-
gen bond. When simulations were carried out on the PVP/chitosan blends, 
the computational results are consistent with the experimental findings that 
intermolecular interactions take place via the C=O of PVP. The simulations 
also verify that the hydroxyl groups of chitosan are the more favorable sites for 
hydrogen bond formations than the NH-C2 group. Additionally, the hydrogen 
atom of OH-C6 is more favorable than that of OH-C3 as a proton donor group. 
The nitrogen atom does not serve as a proton acceptor in these blends.

6.3.3 � PEO/PVC [33]

The miscibility of PEO/PVC blends has been investigated by Luo and Jiang by 
MD simulations. It was found that 40 repeated units are sufficient to represent 
a PEO chain and 50 for a PVC chain. Based on the temperature dependence of 
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a specific volume, a single glass transition occurs in three blends at composi-
tions of 70/30, 50/50, and 30/70, which indicates PEO and PVC are miscible. 
The glass transition temperature increases with increasing PVC composi-
tion. The Flory–Huggins χ parameter for PEO/PVC 50/50 blend is positive 
in the whole temperature range and increases with decreasing temperature. 
Nevertheless, χ for PEO/PVC 30/70 and 70/30 blends are negative and vary 
slightly with temperature. The simulations reveal that PEO/PVC 50/50 blend 
is less miscible than 70/30 and 30/70 blends. The radial distribution func-
tions of the intermolecular carbon atoms also indicate that 50/50 blend is 
less miscible. The specific electrostatic attractions between O and Cl atoms, 
as well as the H-bonds between O atoms of PEO and H atoms of PVC, con-
tribute to the miscibility of PEO and PVC.

6.4 � Conclusion

Since the mid-1990s, MD simulation studies of polymer blends have rapidly 
grown in number and in variety of problems treated. We have given a brief 
survey of the present status of MD simulation studies of predicting the misci-
bility of a binary blend. The main interest was in understanding basic elemen-
tary effects in binary blend miscibility. Many important parameters could be 
calculated to assess the compatibility of two polymers. The targeted systems 
of the simulations have changed greatly from oligermer (a few repeated units) 
to rather large systems that can match the behavior of real polymer systems. 
Our objective is to develop a technique to understand the miscibility of blends. 
Still remaining are problems to extend the simulation to polymers with more 
complex chemical structures. Though our journey to making it a sufficiently 
useful and reliable tool may be long, it is undoubtedly very challenging.

Molecular dynamics simulation of binary polymer blends is still a young 
and uncultivated area of research. In addition to contributions to the design 
of conventional polymer blend materials, the MD simulation method for pre-
diction miscibility of a binary polymer blend must have great potential in 
various molecular-level designs of functional materials, such as high drug 
loading [35] or nanocomposites [29]. MD simulation in polymer blends is 
only just beginning.
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7.1 � Introduction

Theoretical treatment of the statistical properties of linear polymers (LPs), 
shown schematically in Figure 7.1a, have been in existence since the 1950s 
(Rouse, 1953), and have undergone continuous refinement. In particular, tube 
theories (viz. reptation) (de Gennes, 1971; Doi and Edwards, 1986), and sub-
sequent refinements, like constraint release (Viovy et al., 1991) and contour 
length fluctuation (Frischknecht and Milner, 2000) are some of the greatest 
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successes of polymer theory. In these theories, the underlying picture of a 
test chain immersed in a sea of obstacles is established by solving the prob-
lem of curvilinear diffusion along the contour of a tube. Branched polymers 
(Figure 7.1b) have also been described successfully by tube theories, where 
the arms can retract into their confining tubes and poke out in potentially dif-
ferent directions, thereby renewing their configurations (Ball and McLeish, 
1989; Doi and Kuzuu, 1980; Milner and McLeish, 1997). Conceptually, the 
presence of polymer ends is a key requirement in analyzing the dynamics of 
both linear and branched polymers within the framework of tube theories.

Cyclic polymers (CPs) are simply linear polymers (LPs), with one extra con-
straint—the ends are forced to be attached to each other. This single extra 
constraint introduces a new degree of complexity in the analysis. The absence 
of chain ends forces us to reexamine our conceptual understanding of the 
mechanisms that lead to CP dynamics. Topological problems also present 
themselves—knots on CPs force the polymers to adopt more compact and 
less flexible conformations (Micheletti et al., 2006). The excluded volume 
constraint ensures that these knots are permanent, unless the CP contour 
is broken and then reattached. This kind of topological isomerism has been 
observed in vivo in knotted plasmid DNA (Dean et al., 1985; Trigueros et al., 
2004; Yan et al., 1999). Figure 7.1c shows a schematic of the simplest type of CP, 
the unknot, or trivial knot, and Figure 7.1d shows the simplest type of knotted 
CP, the trefoil knot. The field of knots is an extremely rich subject that has been 
studied since the times of Carl Friedrich Gauss (Gauss, 1833) and is beyond 
the scope of this manuscript. We refer the reader elsewhere for the analysis 

(a) (b)

(c) (d)

FIGURE 7.1
Different polymer architectures and two possible topological states of a cyclic polymer (CP). 
(a) linear, (b) star, (c) unknotted cyclic, (d) trefoil knotted cyclic.
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of knots (Adams, 2004; Menasco and Thistlethwaite, 2005; Whitehead, 1963), 
and limit our attention on the simplest type of CP, the unknot.

Theoretical studies (Cates and Deutsch, 1986; Iyer et al., 2006; Obukhov 
et al., 1994; Rubinstein, 1986) have considered the motion of CPs in a gel, and 
it has been suggested that CPs thrust and pull on unentangled loops, exe-
cuting amoeba-like motion. There is also a substantial body of viscoelastic 
experimental data on polystyrene and polybutadiene CPs (McKenna et al., 
1987, 1989; Roovers, 1985; Roovers and Toporowski, 1988) comparing and con-
trasting the properties of LPs and CPs. Numerous computational studies of 
CPs (Brown et al., 2001; Brown and Szamel, 1998a, 1998b; Hur et al., 2006; 
Müller et al., 1996, 2000a, 2000b; Ozisik et al., 2002) have explored the confor-
mational properties of CPs quite extensively.

Blends of CPs and LPs (referred to as CLBs), however, have not been stud-
ied extensively, and thus, only a relatively small body of literature is avail-
able (Geyler and Pakula, 1988; Iyer et al., 2007; Subramanian and Shanbhag, 
2008a, 2008c, 2009). Blend systems are important, because most experimental 
data on “pure CPs” are actually data on CLBs due to either contamination, 
or limitations of purification methods. The dynamics of CPs are extremely 
sensitive to the presence of LPs (McKenna and Plazek, 1986). It was shown 
experimentally by Kapnistos et al. (2008) that the shear modulus of a melt 
of CPs can increase by an order of magnitude, when only 0.7% LPs are added 
to the melt. Furthermore, Robertson and Smith (2007b) used fluorescence 
microscopy to track entangled solutions of linear and cyclic DNA, and 
showed that the diffusivity of a tracer CP drops by two orders of magni-
tude when the surrounding matrix of CPs is replaced by LPs. This extreme 
sensitivity was hypothesized to be a result of two distant LPs being bridged 
by CPs (Kapnistos et al., 2008), and the percolation threshold was examined 
more closely by numerical studies (Vasquez and Shanbhag, 2011).

In the following sections, we describe the bond fluctuation model, and 
results obtained from this model on the statics and dynamics of CLBs. We 
also present results on the conformational free energy of CPs, and conclude 
with some recent results that discuss deviations from the theory at high 
molecular weights.

7.2 � Model and Methods

7.2.1 � Model

The bond fluctuation model proposed by Shaffer (1994), henceforth referred 
to as S-BFM, was used to study CLBs. Other models, such as the ones pro-
posed by Carmesin and Kremer (1988) can be used, and indeed, properties 
measured in one model can be mapped into the other (Subramanian and 
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Shanbhag, 2008b). We chose to use the S-BFM because representation of a 
polymer chain on the lattice is simpler and is slightly more coarse grained, 
allowing us to explore polymers with higher molecular weight. In the S-BFM, 
polymers are grown on a simple cubic lattice, shown in Figure 7.2. The side 
of each individual cube is taken to be unity and sets the length scale of the 
simulations. The simulation box is cubic with side L and is subjected to peri-
odic boundary conditions. The molecular weight of CPs and LPs is chosen 
to be identical and is denoted by N. The number of CPs and the number of 
LPs in the system are denoted by nC and nL, respectively. (Henceforth, the 
subscripts C and L are used to refer to quantities pertaining to CPs and LPs, 
respectively.) Monomers (beads) are placed on cube vertices, and the system 
is subjected to the following three constraints:

	 1.	Excluded volume: enforced by forbidding multiple occupancy of lat-
tice sites

	 2.	Chain connectivity: enforced by restricting the length of the bond 
connecting two consecutive beads to the set of values {1, 2 3, }

	 3.	Chain uncrossability: enforced by forbidding bond midpoints to 
intersect

FIGURE 7.2
Shaffer’s bond fluctuation model (Shaffer, J. S., 1994. Effects of chain topology on polymer 
dynamics—Bulk melts, J. Chem. Phys., 101:4205–4213). Polymers are grown as random walks on 
a simple cubic lattice, subjected to the excluded volume, chain connectivity, and chain uncross-
ability constraints described in the text.
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The fractional occupancy of lattice sites by CPs and by LPs is given by 
ϕC = nCN L–3 and ϕL = nLN L–3, respectively, and the total occupancy is main-
tained at ϕ = ϕC + ϕL = 0.5. This total monomer density of ϕ = 0.5 is adequate 
to describe polymer melts (Shaffer, 1994; Shanbhag and Larson, 2005, 2006).

Thermal motion of the system is simulated by picking a monomer at ran-
dom and attempting a move to one of its six nearest neighbors, also chosen 
at random. The attempted move is accepted if it does not violate any of the 
three constraints described above. One unit of time is said to have elapsed 
when a number of moves equal to the number of monomers in the system 
have been attempted. This sets the timescale of the simulations.

7.2.2 � Equilibration

Systems are initialized by growing nC noncatenated, unknotted CPs in the 
simulation box. These CPs are shuffled for 25000N nC trial moves to ensure 
that they are evenly distributed in space. nL LPs are then grown as random 
walks that avoid all occupied lattice sites and do not violate any of the three 
constraints. The LPs thus grown are then shuffled for approximately 25000nL 
N trial moves while the CPs are held frozen, with the three constraints 
enforced. In this initial configuration, the sampling of configuration space 
by the polymers is not necessarily the same as that of an equilibrium statisti-
cal mechanical ensemble. In other words, some entropic stress is present in 
the initial configuration, which is relaxed away by equilibration. Subjecting 
the system to thermal motion guarantees that the system will evolve to its 
minimum energy, stress-free configuration, when polymers in the systems 
have lost all memory of their initial position. Thus, during the equilibration 
phase, the autocorrelation functions of the diametrical vector (for CPs) and 
the end-to-end vector (for LPs) were monitored. These autocorrelation func-
tions are defined by
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where for CPs (i = C), pC is obtained by setting ree(t) = rN/2(t) – r1(t), the 
“diametrical” vector connecting bead 1 to bead N/2 of a CP. For LPs (i = L), 
pL is obtained by setting ree(t) = rN(t) – r1(t), the vector connecting bead 1 to 
bead N of a polymer chain. The system is considered equilibrated when both 
pC and pL drop below 0.1. All measurements of size, entanglement statistics, 
and diffusivity are performed on this equilibrated configuration.

The timescales associated with this brute-force equilibration are on the 
order of the time it takes a polymer to diffuse a distance approximately equal 
to its size, which can be prohibitively large for ultra high molecular weight 
polymers. Alternate, more rapid methods for polymers with ends, like the 
connectivity altering algorithms, have been in existence for almost two 
decades (Alexiadis et al., 2008; Baig et al., 2010; Daoulas et al., 2005; de Pablo 
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et al., 1992; Dodd et al., 1993; Karayiannis et al., 2002; Leontidis et al., 1994; 
Mavrantzas et al., 1999; Pant and Theodorou, 1995; Ramos et al., 2007; Sides 
et al., 2004; Siepmann and Frenkel, 1992; Uhlherr et al., 2002) but have not 
been extended to CPs. At the time of writing, the successive molecular weight 
doubling algorithm (Subramanian, 2010) is the only rapid equilibration algo-
rithm that has been demonstrated to work for CPs. However, it is designed 
for off-lattice molecular dynamics models and cannot be easily extended to 
the S-BFM. Nevertheless, the integer operations that are characteristic of the 
S-BFM, in conjunction with modern computers, allow us to examine mod-
erately entangled polymers using this brute-force method of equilibration.

7.2.3 � Primitive Path Analysis

The annealing algorithm originally developed for off-lattice molecular 
dynamics simulations (Everaers et al., 2004) has been adapted and fur-
ther developed to examine the primitive path (PP) network for the S-BFM 
(Shanbhag and Larson, 2005; Subramanian and Shanbhag, 2008a) for both 
CPs and LPs. In the lattice version of the annealing algorithm, the end beads 
of all the equilibrated LPs are held fixed while the interior beads are free 
to move. For CPs, all beads are free to move. The intramolecular excluded 
volume constraint, between consecutive beads only, is turned off, while the 
intermolecular excluded volume constraint is maintained. This is done to 
facilitate shrinkage of the chain contours while maintaining their noncross-
ability with other chains. The probability with which moves that increase 
the PP length are accepted is decreased according to the expression

	 p t A L
t

acc
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( ) min ,exp= −1
2

τ
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where ∆L is the change in contour length (positive or negative) due to a trial 
move, and τanneal is the duration of the annealing process. Values of A = 16 and 
τanneal = 5 × 104 have been shown to be adequate (Shanbhag and Larson, 2005, 
2006; Shanbhag et al., 2007; Subramanian and Shanbhag, 2008a).

After annealing is complete, the geometrical “identification of local devia-
tions” (ILD) algorithm (Shanbhag and Kroger, 2007; Shanbhag and Larson, 
2006) is used to identify individual entanglements. Here, if the length of any 
small segment of the PP deviates from the shortest possible path connect-
ing its ends, the presence of a topological constraint in that neighborhood 
that prevents the PP segment from decreasing its length may be indirectly 
inferred. The smallest such element that can be examined is one contain-
ing three consecutive PP monomers, or two consecutive bonds. Thus, if the 
trajectory of the PP between a bead and its second-nearest neighbor does 
not follow the shortest possible path along the cubic lattice, it is due to an 
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obstacle or entanglement. It was shown that this natural choice led to agree-
ment with the number of entanglements Z calculated from ensemble aver-
ages of monodisperse LP chains (Shanbhag and Larson, 2006).

7.3 � Size

The size of CPs in a melt of pure CPs and in CLBs has been observed to 
be affected by the topological constraint of noncatenation that affects only 
CPs. This is a manifestation of the excluded volume constraint that does not 
allow the transformation shown in Figure  7.3, whereby two CPs can link 
with each other. Using this concept of noncatenation, the size of both CPs 
and LPs in a CLB was examined by means of a scaling argument, originally 
presented by Iyer et al. (2007). This argument is based on the blob model, 
and CLBs are modeled as a semidilute solution of CPs in a Θ-solvent consist-
ing of LPs. Because a CP does not experience excluded volume interactions 
in a melt of LPs, its conformation is identical to that in a Θ-solvent. At low 
concentrations, individual CPs are far apart and do not interact with each 
other. At the overlap or threshold concentration φC

* , the CPs begin to interact 
with each other. The noncatenation constraint takes effect, and CP concen-
tration in solution is the same as the concentration of monomers (Kuhn seg-
ments) within an individual CP. This concentration is given by the ratio of 
CP molecular weight, N, to the pervaded volume of the CP in dilute solution, 
( ) ~R NC

dil 3 3 2/ , where RC is some characteristic size. The threshold concentra-
tion therefore scales as

	 φC
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At the threshold concentration, ϕ*
C, the correlation length, ξ (i.e., the mean 

distance between Kuhn segments on neighboring CPs) is on the order of the 

Not allowed

FIGURE 7.3
Catenation of two cyclic polymers (CPs) is a topological change forbidden by the excluded 
volume constraint in real polymers.
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characteristic length scale of the CP, RC
dil. Beyond the threshold concentra-

tion ϕ*
C, the CLB enters the semidilute regime, and the correlation length ξ 

decreases from RC
dil with increasing ϕC. Further, we expect the correlation 

length to be independent of N, beyond the overlap concentration. Thus, the 
concentration dependence of the correlation length is given by

	 ξ
φ
φ

= R NC
dil C

C

m*

~ 0 	 (7.4)

Because ϕC is independent of N, we obtain m = 1 by using RC
dil ~ N1/2 and 

the scaling relationship in Equation (7.3). Thus, the correlation length scales 
inversely as the concentration in the semidilute regime and is given by
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Considering the CP to be composed of blobs of size ξ consisting of, say, NK 
Kuhn segments, the CP can be examined at length scales less than ξ and on 
the order of ξ. Below the correlation length scale, ξ, we argue that the CP 
encounters on average only LP neighbors, and a chain section in a blob of 
size ξ behaves as if it was under Θ-conditions. Thus, from Equation (7.5),

	 ξ ~NK
1 2/ 	 (7.6)
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For a coarse-grained picture on length scales on the order of ξ, we argue 
that a CP, on average, only sees CP neighbors. The noncatenation constraint 
becomes operational at this length scale, and hence the CP bears a lattice-
tree structure. At the length scale ξ, we consider the CP to be composed of 
N/NK segments of length ξ with only CP neighbors. Based on a conjecture 
proposed by Cates and Deutsch (Cates and Deutsch, 1986), the characteristic 
size of such a structure would scale as
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Note that the molecular weight N is independent of concentration. The above 
scaling argument indicates that in the semidilute regime the characteristic 
size of a CP scales with CP concentration is (ϕC/ϕ*

C)–1/5.
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We can follow a similar line of reasoning for the case of LPs in a CLB start-
ing from a small fraction of LPs up to the semidilute regime. In the semi
dilute regime the LPs can also be considered to be composed of blobs of 
size ξ. Because of the absence of noncatenation for LPs, the scaling at length 
scales less than ξ persists up to and beyond length scales of the order of ξ. 
This yields a characteristic size of the LP in the semidilute regime as

	 R
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N LL
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This demonstrates that in the case of LPs, the characteristic size is indepen-
dent of concentration. This is expected for LPs as the constraints imposed on 
it do not change when a neighboring LP is replaced with a CP.

CP size has also been modeled using the concept of free energy by Cates 
and Deutsch (1986). Here, the conformational free energy of a CP in a melt of 
pure CPs is the sum of two terms and is given as

	 F R
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where, as before, RC is some characteristic linear dimension of a CP. The first 
term is proportional to the number of neighbors of a CP and denotes the 
increase in free energy due to the noncatenation constraint. The second term 
denotes the Gaussian free energy increase that favors expansion of the CP. 
Minimizing the free energy (dFC/dRC = 0) leads to RC ~ N2/5. (Direct computa-
tion of the free energy is discussed in more detail in Section 7.6.)

For CLBs, the noncatenation constraint on a CP is imposed only by its 
neighbors that are themselves CPs, and we can easily modify Equation (7.10) 
for CLBs as
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which at the minimum free energy configuration yields a scaling for CP size as
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in the semidilute regime.
Predictions of the foregoing theory were validated using the S-BFM to 

probe the size of two series of CLBs, with degree of polymerization N = 150 
and N = 300. The composition of the CLB was varied from ϕC = 0.5 (pure CPs) 
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to ϕC = 0.0 (pure LPs), and Table 7.1 summarizes the details of the systems 
studied. The size of a polymer is characterized by its radius of gyration R, 
given in terms of the position vectors of the beads ri:
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As predicted by the scaling model, size of the LPs, RL, was independent of 
the concentration of CPs ϕC, and was approximately equal to the size of a coil 
in a pure LP melt, where RL(ϕC = 0) = 7.95 ± 0.10 and 11.20 ± 0.17 for N = 150 
and 300, respectively.

TABLE 7.1

Description of the Systems Simulated 
(Simulation Box Size Lbox = 60, and 
Total Density ϕC + ϕL = 0.5)

ϕL ϕC nL nC RL RC

N = 150
0.500 0.000 720 0   7.95 ± 0.10 —
0.479 0.021 690 30   8.21 ± 0.07 5.85 ± 0.16
0.458 0.042 660 60   8.10 ± 0.07 5.82 ± 0.11
0.438 0.063 630 90   8.19 ± 0.08 5.76 ± 0.10
0.375 0.125 540 180   7.99 ± 0.08 5.80 ± 0.07
0.313 0.188 450 270   8.02 ± 0.09 5.50 ± 0.05
0.250 0.250 360 360   8.21 ± 0.10 5.54 ± 0.05
0.188 0.313 270 450   8.16 ± 0.12 5.46 ± 0.04
0.125 0.375 180 540   8.15 ± 0.15 5.30 ± 0.03
0.063 0.438 90 630   8.01 ± 0.18 5.25 ± 0.03
0.042 0.458 60 660   8.04 ± 0.25 5.25 ± 0.03
0.021 0.479 30 690   8.33 ± 0.34 5.16 ± 0.03
0.000 0.500 0 720 — 5.09 ± 0.14

N = 300
0.500 0.000 360 0 11.20 ± 0.17 —
0.450 0.050 324 36 11.32 ± 0.15 8.60 ± 0.20
0.375 0.125 270 90 11.51 ± 0.18 8.71 ± 0.20
0.250 0.250 180 180 12.27 ± 0.25 8.10 ± 0.11
0.167 0.333 120 240 12.02 ± 0.29 7.50 ± 0.11
0.100 0.400 72 288 12.37 ± 0.33 7.24 ± 0.08
0.050 0.450 36 324 12.35 ± 0.55 7.10 ± 0.07
0.025 0.475 18 342 11.67 ± 0.56 6.96 ± 0.05
0.000 0.500 0 360 — 7.02 ± 0.06



203Conformation and Topology of Cyclic-Linear Polymer Blends

The size of CPs, however, increased with the fraction of LPs in the melt. For 
N = 150, RC increased from 5.18 ± 0.03 (pure CPs) to 5.85 ± 0.17 when ϕL = 0.48. 
For N = 300, RC increased from 7.02 ± 0.06 (pure CPs) to 8.60 ± 0.20 when ϕL = 
0.45. Thus, it may be concluded that as ϕL increases, LPs infiltrate the volume 
occupied by CPs and force them to swell. The average volume of a CP, RC

3, 
increased by approximately 45% for N = 150 and almost doubled (increased 
by 84%) for N = 300.

These data are also collapsed onto a master curve, as shown in Figure 7.4. The 
data for all sets of simulations follow the predicted scaling. In particular, in the 
semidilute regime, CP size remains unchanged. As the melts enter the semidi-
lute regime, the data for all sets of simulations follow the scaling of RC ~ ϕC

–1/5.

7.4 � Topology

In addition to size, the topological characteristics of CLBs play a significant 
role in determining the macroscopic properties of a melt. In particular, the 
interaction of CPs with LPs, and the effect of entanglements are important 

0.1 1
φC/φC*
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N = 300
y = x0 
y = x–1/5

FIGURE 7.4
Radii of gyration of cyclic polymers (CPs) in the simulations are seen to follow the theory. In 
the dilute regime, CP size is unaffected. As CPs begin to interact with each other, the non-
catenation constraint manifests itself as a “pressure” that leads to compression of the CPs, in 
accordance with the theory.
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parts of the physics that govern the rheology of CLBs. Topological infor-
mation is obtained by computing the primitive path (PP) network using 
the annealing algorithm, and identifying individual entanglements, as 
described in Section 7.2.3. When a melt of pure CPs is annealed, the PPs of 
all CPs collapse to a triangle, shown in Figure 7.5a. The structure does not 
get any simpler and collapse to a straight line or a point, because in order to 
prevent chains from passing through each other, midpoints of bonds are not 
allowed to overlap in S-BFM. This is an artifact of the particular lattice model 
chosen and is absent in off-lattice simulations. It cannot be avoided unless 
the underlying lattice description is altered. However, this small, nonzero PP 
length is inconsequential, because the resulting PP length is much smaller 
(on the order of 3) than the PP length of CPs as ϕL increases.

Figures  7.5b through 7.5d show representative snapshots of PPs of CPs 
when ϕL is increased from zero, for N = 300. The agreement of the location 
of entanglement points identified by the ILD algorithm and the associated 
PPs of matrix chains is excellent. As LPs are introduced into a melt of CPs 
(ϕL = 0.025), the CPs become more entangled, and their PP becomes longer 

(a)

FIGURE 7.5
Snapshots of representative primitive paths of cyclic polymers (CPs) at different linear polymer 
(LP) fractions for N = 300 show increased infiltration of CP volume by entanglements. For clar-
ity, only a single CP (solid), interacting matrix segments (translucent), and location of entangle-
ment points as identified by the identification of local deviations (ILD) algorithm are depicted. 
When (a) ϕL = 0.0, the individual CPs are completely disentangled. As ϕL increases through 
(b) 0.025, (c) 0.100, and (d) 0.375, the number of entanglements increases.
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(b)

(c)

FIGURE 7.5 (continued)
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and more tortuous. For some CPs, in the presence of LPs, the PPs of two CPs 
sometimes interact with each other topologically which, while not entirely 
unexpected, is an interesting departure from the case of pure CPs, where the 
PPs of noncatenated CPs do not interfere with each other. One such example 
is shown in Figure 7.5c, where the two entanglements at the top of the fig-
ure arise due to a neighboring CP, which is itself unable to shrink further. 
Thus, the effect of LPs is not merely confined to simple CP-LP interactions 
as shown in Figure 7.5b, but additionally manifested through CP-CP interac-
tions that are otherwise absent when ϕL = 0.

Figure 7.6 shows only the engaged polymers (i.e., polymers with entangle-
ments) for both molecular weights, at the lowest nonzero concentration of 
LPs that were simulated. The entangled polymers form a percolating net-
work that spans the entire simulation box, especially for N = 300. Therefore, 
it may be concluded that even in the presence of a small fraction of LPs, 
entanglement effects permeate the entire system and are in all probability 
the origin of the unexpected sensitivity of CLB dynamics.

Figure 7.7a shows, for N = 300, the average PP lengths, Lpp of the CP and LP 
species. LppL is essentially independent of ϕL. The effect on LppC is more dra-
matic, and increases approximately linearly with ϕL. This suggests that the 

(d)

FIGURE 7.5 (continued)
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(a)

(b)

FIGURE 7.6
Simulation box showing only entangled polymers. Linear polymers (LPs) (solid black) thread 
through multiple cyclic polymers (CPs) inducing CP-CP interactions, and form a percolating 
network that spans the entire simulation box. (a) N = 150 with ϕL = 0.042 and (b) N = 300 with 
ϕL = 0.05. Note: The periodic boundary condition causes some CPs to appear as LPs with small 
molecular weight.
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FIGURE 7.7
(a) Average primitive path length, Lpp, and (b) number of entanglements, Z for systems with 
N = 300. Both these quantities increase linearly with linear polymer (LP) fraction. Systems with 
N = 150 display the same trend. At the highest LP fraction, the number of entanglements on a 
cyclic polymer (CP) is comparable with the number of entanglements on an LP.
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PP length of a single CP molecule embedded in a sea of LPs is comparable 
with LppL, especially as N increases—that is, for large N,

	 L LppC L
L

ppL( )φ
φ
φ

≈ 	 (7.14)

The average number of entanglements computed using the ILD algo-
rithm reinforces this description. As shown in Figure 7.7b, for N = 300, the 
average number of entanglements on a tracer CP molecule in an LP matrix 
approaches the average number of entanglements on the LPs:
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7.5 � Dynamics

The equilibrated systems simulated above were subjected to additional 
thermal fluctuations, beginning at time t = 0 for a period τSim, during which 
each polymer was tracked. The mean-square displacement of CPs and LPs 
was measured separately as in Equation (7.16), and the diffusion constant 
was determined from the slope of the g3(t) curve according to the relation in 
Equation (7.17). Figure 7.8 shows plots of the raw measured diffusivities of 
each species at various blend compositions:
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This raw diffusivity data can be explained using the following mini-
mal model, which was originally proposed by the authors (Subramanian 
and Shanbhag, 2008c). Ignoring prefactors and other numerical details, the 
threaded LPs (see Section 7.4) restrain the mobility of a CP. As some of 
the LPs venture out, others arrive and form entanglements at the same rate, 
and the equilibrium structure of the melt is not disturbed (see Figure 7.9). 
Consequently, the primitive path of the CP undergoes local rearrangement 
as it relaxes by constraint release (CR) Rouse motion (Graessley, 1982). For a 
bidisperse or polydisperse blend of LPs, the processes of reptation and CR 
occur simultaneously, as widely discussed in the literature (Graessley, 1982; 
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Graessley and Struglinski, 1986; Green and Kramer, 1986; Green et al., 1984; 
Liu et al., 2006; Rubinstein and Colby, 1988; Viovy et al., 1991), and the faster 
process controls properties such as diffusivity and viscosity. A model based 
on a similar principle has also been proposed for the diffusion of CPs in a 
CLB (Klein, 1986).

In sharp contrast, based on the physical picture described above, the pres-
ent model postulates that the relaxation of a CP in a CLB is determined by 
the slower process. Under this premise, one can argue that

	
1 1

0
1

D D DC L C L CR L( ) ( ) ( )φ φ φ
=

=
+ 	 (7.18)

where DC(ϕL) and DC(ϕL = 0) are the diffusivities of a CP in a CLB, and in 
a pure melt (no LPs), respectively, and DCR(ϕL) is the CR Rouse diffusivity, 
which will be specified shortly. When ϕL ≈ 0, it follows that 1/DCR ≈ 0, and 
hence DC(ϕL) ≈ DC(0).

Similarly, when ZC ≫ 1, we expect D DCR L C L( ) ( )φ φ� = 0 , and DC(ϕL) ≈ DCR(≈). 
Using standard CR arguments, the local hopping time for the ZC “effective 
Rouse” beads (entanglements on the CP primitive path) is set by the LP 
relaxation time τL. The self-diffusivity of an ordinary N-bead Rouse chain is 
given by D = kBT/ζN, where kB is Boltzmann’s constant, T is the absolute tem-
perature, and ζ is the frictional drag per bead. If we assume that the effective 
drag on a CP in a CLB is dominated by entanglements with LPs and is pro-
portional to τL L L L LR D= 2( ) ( )φ φ/ , we obtain DCR(ϕL) ~ 1/τLZC. From Section 7.3, 
RL(ϕL) is independent of ϕL. Thus, ignoring prefactors and constants we get
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FIGURE 7.8
Self-diffusivity of cyclic polymers (CPs) (triangles) and linear polymers (LPs) (circles) for 
N = 150 (open symbols) and N = 300 (filled symbols) at different cyclic linear polymer blend 
(CLB) compositions.
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which can be rearranged to
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where c1 and c2 are constants that account for terms neglected in this mini-
mal model.

From our simulations (Figure 7.8), and from prior primitive path analysis, 
presented in Section 7.4, all the parameters in Equation (7.20) can be deter-
mined, and the viability of the minimal model can be ascertained. As shown 
in Figure 7.10, all the available simulation data, independent of composition 
and molecular weight, collapse onto a linear master curve.

Experimental data have also been shown (Subramanian and Shanbhag, 
2008c) to abide by the model. In particular, self-diffusivity data of CPs and 
LPs at varying concentrations of linear and cyclic DNA (Robertson and Smith, 
2007a) were collapsed into the form of Equation (7.20), and the results are shown 
in Figure 7.10. While two of the 16 data points diverge from the trend line, the 
rest of the data are in agreement with the predicted linear dependence.

(a) (b)

FIGURE 7.9
The number of entanglements on a cyclic polymer (CP), ZC, depends on the concentration of 
linear polymers (LPs), ϕL. (a) and (b) correspond to large and small values of ϕL, respectively. 
Both ZC (filled circles) and the length of the primitive path (straight lines) of a CP of fixed 
molecular weight are proportional to ϕL, as depicted schematically by the figures at the bottom. 
Each of these entanglements has a mean lifetime corresponding to the reptation time τL of the 
LP. In modeling the constraint release (CR) relaxation of the CP, we visualize the entangle-
ments as Rouse beads with a frictional drag proportional to τL.
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7.6 � Free Energy

7.6.1 � Preliminaries

The modified Cates–Deutsch expression for the conformational free energy 
of a CP in a CLB may be rewritten as

	 F R F R F RC cat C gauss C( ) ( ) ( )= + 	 (7.21)

	 F R
R
Ncat C C
C( ) = φ
3

	 (7.22)

	 F R
N
Rgauss C
C

( ) = 2 	 (7.23)

From a microscopic viewpoint, the total free energy can also be expressed as

	
F R
k T

RC

B
C

( )
ln ( )= − 	 (7.24)
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FIGURE 7.10
To validate Equation 7.20, the self-diffusivity simulation data (solid symbols) on N = 150 (circles) 
and N = 300 (diamonds) and experimental data (open symbols) on the self-diffusivity of CPs 
in an entangled linear DNA matrix (Robertson, R. M., and Smith, D. E., 2007a. Self-diffusion 
of entangled linear and circular DNA molecules: Dependence on length and concentration, 
Macromolecules, 40(9):3373–3377) at different concentrations, and three different molecular 
weights are replotted. The straight line confirms that there is a linear relationship between the 
quantities on the horizontal and vertical axes.
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where Ω(RC)dRC is the number of conformations with size between RC and 
RC + dRC. Given the molecular weight and the composition of a CLB, the 
value of Ω(RC|N; ϕC) is related to the probability density function of RC as

	 P R N
R N
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C C
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( , ) ( )λ ZZ
	 (7.25)

where P R N RC R CC( | ; )φ d  represents the fraction of CPs with a size between 
RC and RC + dRC.

Dropping the denominator kBT, the free energy of a CP may thus be 
obtained as

	 F R N N P R N NC C C C C L( | ; ) ln[ ( , ) ( | ; )] ln ( )φ φ φ= − −λ ZZ 	 (7.26)

ZL(N) (not to be confused with Z, the number of entanglements on a poly-
mer) is the partition function of a LP with N beads and is indicative of the 
total number of conformations that it may adopt. As shown in Sections 7.3 
and 7.4, static properties of LPs are unaffected by the composition of the CLB; 
hence ZL is assumed to be independent of ϕC. The partition function ZL(N) 
does not enter into calculations explicitly, beyond an additive constant, which 
cancels out when we calculate Fcat.* λ(N, ϕC) is the probability with which an 
LP adopts a conformation in which its ends overlap. The second equality in 
Equation (7.25) offers a more tractable computational route to calculate P(RC). 
Computation of F(RC) thus requires knowledge of (a) λ(N, ϕC), the probability 
with which an LP adopts a conformation indistinguishable from that of a CP, 
which occurs when its ends essentially overlap, and (b) P(RC), the probability 
density function of CPs characterized using the size RC as the macrostate 
variable. These quantities are expected to change with the composition of 
the CLB.

The free energy contribution of the catenation constraint, Fcat may be com-
puted as

	 F R N F R N F R Ncat C C C C gauss C( | ; ) ( | ; ) ( | )φ φ= − 	 (7.27)

where the expression for Fgauss(RC) is the free energy of Gaussian CPs and may 
be computed either analytically or via simulation (described in more detail 
in Sections 7.6.2 and 7.6.3), and is independent of ϕC.

*	 However, knowledge of ZL is required to directly compare the free energies of two different 
molecular weights.
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7.6.2 � Implementation

To obtain the quantities λ(N, ϕC), P(RC), and Fgauss(RC), simulations were exe-
cuted using the S-BFM. Fully equilibrated systems of CLBs with different 
concentrations of CPs were subjected to thermal motion. The CPs in each 
system are referred to as “true CPs.” At the end of each time step, the LPs in the 
simulation box were examined one by one. If it were possible to connect the 
end beads of an LP by a valid lattice bond vector (cube edge, face diagonal, or 
solid diagonal) that did not lead to crossing of preexisting bonds (to preserve 
enforcement of the uncrossability constraint), the LP was considered to be 
indistinguishable from a CP. The closing bond was added to convert the LP 
into a CP, and such a converted CP is referred to as a “false CP.”

False CPs were examined for self-knotting using the annealing algorithm, 
and for catenation with the true CPs using the linking number algorithm, which 
we will describe in some detail. Given a simulation snapshot, the anneal-
ing algorithm (Everaers et al., 2004; Shanbhag and Larson, 2005) prescribes 
a method to identify the primitive paths—the shortest contour that does not 
violate topological constraints—of all the polymers in the system. This infor-
mation may be used to probe whether a CP is knotted or not. Alternatively, it 
is possible to use knot polynomials such as the Jones polynomial (Jones, 1997) 
to study the existence and complexity of knots in CPs. However, an analysis 
of the primitive path network that the annealing algorithm generates can 
diagnose some pathological knots that knot polynomials could in principle 
miss, because the question of whether there exists a nontrivial knot having 
the same Jones polynomial of an unknot is an open one (Adams, 2004).

Upon completion of annealing, any CP that is a trivial knot (i.e., not knot-
ted with itself) should collapse into a single point. However, the lattice 
structure adopted for these simulations allows such a CP to collapse into 
a triangle, and no further, as discussed in Section 7.4. This is because of the 
bond uncrossability constraint that is enforced. Thus, unknotted CPs would 
collapse into a triangle with a maximum contour length of 3 2  (three bonds 
along face diagonals of the lattice). These cases are illustrated in Figure 7.11a. 
If, on the other hand, a CP were “self-knotted,” the annealing algorithm 
would be incapable of shrinking its contour length beyond a certain point 
without violating the three constraints and would yield conformations like 
the one shown in Figure 7.11b. This conformation is the trefoil knot. Such 
knotted conformations have contour lengths greater than 3 2 . This prop-
erty may be exploited to determine whether a false CP is a knot other than 
the trivial knot. The annealing algorithm can also be used to test for catena-
tion, but all the true CPs in the system have to be included in the annealing 
operation, which can be computationally expensive. However, an examina-
tion of the primitive path of false CPs, inspected one at a time, is sufficient to 
reveal self-knotting. Computationally, the operation is very inexpensive and 
requires a few seconds of central processing unit (CPU) time.
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(a)

(b)

FIGURE 7.11
The result of annealing on different kinds of false cyclic polymers (CPs): (a) valid, (b) self-
knotted (trefoil knot—lattice representation of the same knot in Figure 7.1d). After annealing, 
false CPs that are a trivial knot attain a contour length of at most 3 2 .
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To examine the catenation of false CPs with true CPs, the linking num-
ber algorithm was used. The Gauss linking number of two CPs is an 
invariant (Gauss, 1833). Linking numbers of any two CPs are computed 
by counting the number of intersections in a two-dimensional projection. 
Two CPs (nearest periodic images) (Frenkel and Smit, 2002) isolated from 
the rest of the system are taken as inputs to the linking number algorithm. 
The CPs are then translated by equal amounts to the new coordinates 
rrj
i

i j i j i jx y z= ( , , ), , , , (where the index i is either 1 or 2, and identifies the CP 
to which a bead belongs; the index j denotes the bead number), satisfying 
the condition:

	 min{ , , } , [ , ], [ , ], , ,x y z i j Ni j i j i j = ∀ ∈ ∈1 1 2 1 	 (7.28)

This is equivalent to translating (without rotating) the original coordi-
nate system in such a way that for the two polymers under consideration, 
the smallest coordinate of any of their beads is unity (in lattice units). While 
the choice of unity is somewhat arbitrary, the translation of the coordinate 
system is done to avoid large numbers when computing the linking number.

The positive, nonzero coordinates of bead j from polymer i are then pro-
jected onto a plane according to
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where L′ is the side of the cubic box drawn to contain both CPs and is defined 
as

	 = + ∀ ∈ ∈L x y z i j Ni j i j i jmax{ , , } , [ , ], [ , ], , , 1 1 2 1 	 (7.30)

This transformation is a variant of the transformation used by Lua et al. 
(2004) and guarantees that (a) no two polymer beads are projected onto the 
same point and (b) no two projected bonds are collinear. Each projected 
chain is then assigned a direction. The direction of the projection was arbi-
trarily chosen to be in the direction of increasing bead numbers. The inter-
section points on the projection were identified and assigned either +1 or –1, 
based on the crossing type, according to the schematic shown in Figure 7.12. 
The number of intersections of each type was also counted, and the linking 
number was computed as (na + nb – nc – nd)/2, where nx is the number of cross-
ings of type x.

In general, a linking number of zero implies that the two CPs in question 
are not catenated, although notable exceptions such as the Whitehead link 
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(Whitehead, 1963) exist. For purposes of this study, the fraction of catenated 
CPs declared as noncatenated by the linking number algorithm was found 
to be negligible; thus, any two CPs with a linking number of zero were taken 
to be noncatenated. This implementation of the catenation constraint does 
not inspect catenation between two false CPs.

Based on the state of knotting and catenation, the false CPs thus obtained 
were classified as either of (a) valid, V, (b) only self-knotted, S, (c) only cat-
enated, C, or (d) both self-knotted and catenated, SC. These categories cor-
respond to the regions shown schematically in Figure 7.13. The superscripts 
V, S, C, and SC are used to distinguish each class of false CPs, and the super-
script A is used to designate the superset of all the false CPs (i.e., A = V ∪ S ∪ 
C ∪ SC, where V, S, C, and SC are disjoint sets). The classification along with 
the conformational information of each false CP were recorded.

The closing bond of the false CP was then removed, converting it back 
into the original LP, and the simulation was allowed to proceed. For each 

(a)
–1

(b) (c) (d)
+1 +1 –1

FIGURE 7.12
In (a)–(d), sign assignment for various types of crossings in the two-dimensional projection of 
two cyclic polymers (CPs).
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When end beads of an LP are separated by
a single valid lattice bond vector

When a false
CP is a knot

other than the
trivial knot

When a false
CP is 

catenated with
true CPs

All Linear Polymers (LPs)
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FIGURE 7.13
Venn diagram indicating the four categories of false cyclic polymers (CPs): (a) valid, (b) self-
knotted, (c) catenated, and (d) self-knotted and catenated. The superscripts V, S, C, and SC are 
respectively used for each of these categories. The superscript A is used to denote the super-
set of all false CPs. In other words, A = V ∪ S ∪ C ∪ SC, where V, S, C, and SC are disjoint sets.
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class, the frequency with which LPs form false CPs leads to an estimate of 
λ(N,ϕC), and the conformational information of the false CPs collected over 
the course of the simulation provides an estimate of the probability density 
function P(RC).

7.6.3 � Discussion

Systems with N ∈ {10, 30, 80,150, 200} were considered. For each value of N, 
the fraction of CPs considered was fC ∈ {0.025, 0.250, 0.475}, mimicking differ-
ent environments, ranging from mostly LPs to mostly CPs. For reference, for 
the S-BFM, the number of beads corresponding to an entanglement strand 
in LPs is Ne ≈ 30 (Shanbhag and Larson, 2005; Subramanian and Shanbhag, 
2008b). Thus, even the longest polymers simulated here are smaller than 
seven entanglements long. While longer polymers with approximately 20 
entanglements and larger have been simulated with this model in earlier 
work (Shaffer, 1994; Shanbhag and Larson, 2005; Suzuki et al., 2008), simu-
lations larger than the ones considered in this study become prohibitively 
expensive, because the probability with which an LP forms any type of false 
CP, λA, decreases rapidly with increasing molecular weight N. This is not 
surprising because as N increases, the probability with which the ends of an 
LP come within one lattice spacing of each other decreases, as the LP has a 
far greater number of conformational degrees of freedom to explore. When 
the normal distribution is used to determine the probability that a Gaussian 
LP has a vanishing end-to-end vector and forms a Gaussian CP, it is expected 
that λA ~ N–3/2, which is observed in Figure 7.14. The actual fit obtained is 
λA ≈ 2.06N–1.56. The probability of forming a valid CP λV < λA, and unlike λA it 
decreases with increasing fC.

As the fraction of true CPs in the melt fC increases, an LP has a greater 
likelihood of threading through a true CP before its ends are within one 
lattice spacing of each other, thereby increasing the probability of catena-
tion, and decreasing the probability of forming a valid false CP. It may be 
observed that at the lowest value of fC, where an LP is surrounded largely by 
other LPs, the values of λV (N, fC = 0.025) are close to λA (Gaussian CPs). This 
is because the strength of the catenation constraint that increases with fC is 
weakest in this case.

The internal length scale of the CPs was also examined using the follow-
ing procedure: if ri denotes the coordinates of the ith bead, then the inter-
nal distribution of distances between beads (i.e., the internal length scale) is 
obtained by examining

	 r n N C i i n i i n
2( | ; ) ( ) ( )φ = − ⋅ −+ +rr rr rr rr 	 (7.31)

where the average is computed over false CPs of a particular type formed 
during the course of the simulation. The analytical expression for the 
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internal length scales of Gaussian CPs was given by Zimm and Stockmayer 
(1949) as

	 r n N C b n
n
NC

2 2 1( | ; )φ = −∞ 	 (7.32)

where the characteristic ratio, and mean square bond length have been previ-
ously reported as C∞ = 1.2, and b2 = 2.05 (Subramanian and Shanbhag, 2008b).

Figure 7.15 shows a representative plot of the quantity r2(n|N;fC)n–1(l – n/N)–l 
for N = 150 and fC = 0.250. This molecular weight and concentration of CPs is 
very close to the threshold concentration that demarcates the dilute regime 
from the semidilute, and thus, the valid false CPs are nearly Gaussian. It is 
seen that on average, false CPs that are only self-knotted are the smallest. 
On the other hand, false CPs that are catenated with true CPs but are oth-
erwise unknotted are the largest. The self-knotted and catenated false CPs 
are smaller than the purely catenated variety and larger than the purely self-
knotted variety. These data, and other measurements published previously 
(Subramanian and Shanbhag, 2009) support the validity of these simulations.
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FIGURE 7.14
The probability of a linear polymer (LP) forming any type of false cyclic polymer (CP), λA 
decreases with increasing molecular weight N, and is independent of fC, the fraction of CPs in 
the melt. On the other hand, the probability of a LP forming a valid false CP, λV, decreases as 
either of N or fC increase. The fit obtained is λA ~ 2.06N–1.56.
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We now turn our attention to the second term on the right-hand side of 
Equation 7.27, Fgauss(RC | N). Computing this quantity requires knowledge of 
the probability density function of RC (or equivalently, the probability density 
function (PDF) of RC

2 ) of Gaussian CPs, denoted here as Pgauss(RC). It may be 
computed in either of two ways:

	 1.	Analytically, an expression for Pgauss(R
2
C) in three dimensions has 

been derived as (Minato and Hatano, 1977)
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FIGURE 7.15
The average distance between beads of the four different classes of false cyclic polymers (CPs) 
for N = 150. As expected, the catenated, but otherwise unknotted, false CPs are the largest, and 
the self-knotted false CPs are the smallest. This plot is representative of the trend observed 
over all values of N and fC.
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		  where the number of Kuhn steps is NK, and the Kuhn step length is 
assumed to be unity. It should be pointed out that this relationship 
does not require NK » 1.

	 2.	Alternatively, the CPs in the S-BFM are known to display Gaussian 
statistics, if bond uncrossability is switched off (Brown et al., 2001). 
By running a simulation consisting of pure CPs which are allowed 
to cross each other, Pgauss(R

2
C) may be obtained.

The relationship between the molecular weight N and the number of Kuhn 
steps NK is obtained using (NK – 1) = (N – 1)/C∞. Using the relationship in 
Equation (7.33), the probability distribution function of R2

C is computed by 
direct numerical integration for the molecular weights considered in this 
study. These analytical results (method 1) are overlaid with histograms of the 
probability distribution function obtained from a direct simulation of crossing 
CPs (method 2) in Figure 7.16, and there is agreement between both methods.

Having obtained the free energy of Gaussian CPs and the free energy of 
valid CPs, the free energy of catenation can now be computed using Equation 
(7.27). In the expressions for F(RC) and Fgauss(RC), the natural logarithm of the 
partition function, log ZL, appears as an additive constant, which cancels out 
when we take the difference, and thus does not play a role in determining 
Fcat(RC). Thus, we arbitrarily set ZL = 1. If we were to directly compare the free 
energies of two different molecular weights, it would be necessary to know 
the actual value of ZL.

Computing the free energy of catenation, Fcat(RC) in this manner, the 
quantity F N Rcat C C/φ 3  is expected to be relatively constant, according to the 
modified Cates–Deutsch conjecture in Equation (7.22). However, as shown 
in Figure 7.17, this holds true only for large values of RC. Performing a mul-
tiple linear regression, we find F N Rcat C C= 0 066 0 91 0 51 1 35. . . .φ . Using this regressed 
expression for Fcat, and the numerical procedure for computing Fgauss, we 
compute the total free energy F and thereby compute the average CP size as
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Figures 7.18a and 7.18b depict the variation of R NC C( , )φ  with N and fC, com-
puted using the PDF of RC of Gaussian CPs to obtain Fgauss(RC|N), and the 
regressed expression for Fcat(RC|N; fC) over different molecular weights and 
fractions of CPs in the semidilute regime. Overlaid on these plots are the val-
ues of RC  obtained from the simulations in this section, and Section 7.3. While 
the agreement between the predicted RC  values and the observed RC  values 
seems reasonable, there are some ambiguities that should be pointed out.
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FIGURE 7.16
The PDF of RC obtained by numerically integrating the characteristic function, and from cross-
ing the bond fluctuation model proposed by Shaffer (Shaffer, J. S., 1994. Effects of chain topol-
ogy on polymer dynamics—Bulk melts, J. Chem. Phys., 101:4205–4213) (S-BFM) simulations 
for N = (a) 30, (b) 80, (c) 150, and (d) 200. The results of integrating Equation (7.33) have been 
rescaled to S-BFM lattice units. Also shown is the PDF of RC of all false cyclic polymers (CPs).
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FIGURE 7.16 (continued)
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The values of RC  predicted using the regressed expression for Fcat(RC|N; fC) 
seem to have the correct dependence on N. The observed dependence on fC, 
however, seems stronger than predicted. In addition to this, the prediction 
overestimates RC  for N = 80, and underestimates RC  for N = 300. This error 
lies in estimating the probability of forming a valid CP, λV (Subramanian 
and Shanbhag, 2009), due to insufficient sampling at large fC. In terms of 
computational time and effort, it becomes increasingly difficult to probe the 
semidilute regime with increasing N. This is because the chances of observ-
ing a valid false CP diminish rapidly as fC and N increase. There are three 
reasons for this: (1) at large fC, the number of LPs in the simulation box is 
small, thereby reducing the number of possible false CPs; (2) the probabil-
ity with which an LP forms a false CP decreases rapidly with increasing N. 
Indeed, as seen in Figure 7.14, λA ~ N–1.56, and (3) as fC increases, the number 
of true CPs that an LP can thread through is far greater than at low fC. Thus, 
in terms of obtaining the probability of forming a valid false CP, λV, probing 
the semidilute regime requires simulations at large N and fC, which become 
prohibitively expensive. Because λV is one of the key pieces of information 
required to compute the free energy of catenation, the regressed expression 
for Fcat may be weighted less by the actual semidilute regime and more by the 
transition regime from dilute to semidilute, and might suffer in part from 
finite size effects.
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FIGURE 7.17
The free energy of catenation cast in the modified Cates–Deutsch form in Equation (7.22) seems 
to be valid only for larger values of RC.
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7.7 � Deviations from Theory at High Molecular Weights

The theory presented in Section 7.3 is a mean-field theory and has been shown 
to be correct for the range of molecular weights studied. Recent results on pure 
CP melts (Subramanian, 2010; Suzuki et al., 2009; Vettorel et al., 2009a, 2009b) 
indicate that the theory might require some modifications for higher molecular 
weights. In particular, while low and moderate molecular weight CPs display 
a scaling of size as RC ~ N0.4, at high molecular weights the scaling changes to 
RC ~ N1/3. This deviation has been observed by multiple researchers, using off-
lattice molecular dynamics methods and the S-BFM. In the case of S-BFM, the 
deviation is independent of equilibration method. Suzuki et al. (2009) presented 
an alternate expression for the free energy due to the catenation constraint as

	 F R N
R
N R

R Ncat C
C

C
C( | ) = −

2

2
3

2
1 4

3
π

	 (7.35)

and then showed that using this modified expression for Fcat leads to the cor-
rect scaling at high molecular weights. This asymptotic form of Fcat becomes 
fully operational only in the high molecular weight regime, which, as shown 
in Figure 7.19, is in the vicinity of N ≈ 2500. For the S-BFM, which has a molec-
ular weight between entanglements of Ne = 30, this corresponds to approxi-
mately Z ≈ 80 entanglements. Experimentally accessible CPs, on the other 
hand, are limited to Z ≈ 20 (Kapnistos et al., 2008). Based on the experimen-
tal materials that are currently accessible, the “moderate molecular weight” 
regime is perhaps of more importance.

The minimal constraint release model for dynamics that was presented 
in Section 7.5 is not expected to be greatly affected, as its realm of validity is 
the high ϕL (low ϕC) regime, where CPs are essentially immersed in a sea of 
LPs, and the effect of the noncatenation constraint is negligible. However, for 
moderate values of ϕL, the size of CPs enters the picture indirectly through 
the term DC(ϕL = 0), and might affect, by a small amount, the asymptotic 
behavior. Thus, the implications of the asymptotic scaling of Fcat for the mini-
mal constraint release model, at the time of writing, are mostly academic, as 
the high molecular weight regime is not really accessible via experiments. 
Probing the high molecular weight regime via simulations, on the other 
hand, can be prohibitively expensive in terms of computation time. In partic-
ular, while algorithms for rapid equilibration exist, as mentioned in Section 
7.2, it is difficult to speed up the dynamics of polymers, which relax on a 
timescale of approximately one reptation time, which scales as N3.4. While 
methods such as accelerated molecular dynamics (Voter et al., 2002) have 
been used for hard potentials, obtaining atomistic descriptions of diffusion 
dynamics in polymers remains a daunting task due to the inapplicability of 
these methods to soft materials.
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8.1 � Introduction

The properties of a multiphase system are significantly affected by its mor-
phology. The lack of thermodynamic interaction between phases results in 
immiscibility, and an immiscible multiphase system shows diverse morphol-
ogy depending on the parameters such as composition, interfacial tension, 
viscoelasticity, shear rate, flow field, and so on (Han, 1981; Utracki, 1990; 
Sperling, 1997). Because blending of polymers with different characteris-
tics is an economical way of developing new materials, it is important from 
an industrial point of view to understand the development of morphology 
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during processing and to control the microstructure of the blend. As poly-
meric components experience complex deformation history of both shear 
and extension during mixing, it is difficult to understand how they develop 
morphology. Even with the same composition, the blend morphology can 
change from droplet to fibril structure depending on the parameters: flow 
rate, viscosity ratio, interfacial tension, and so on. Despite the critical influ-
ence of morphology on the properties of the blend, most research has been 
focused on droplet structure. Because blending typically aims at achieving 
good dispersion of the second phase, it is usually performed at maximal 
deformability of the dispersed phase, leading to droplet morphology over 
a wide range of blending conditions as a consequence of interfacial tension. 
However, there exists a process window that produces morphology other 
than droplet shape. As illustrated in Figure 8.1, the presence of immiscible 
components with diverse morphology produces different kinds of materials 
with unique rheological and mechanical performances. It has already been 
reported that blends with fibril morphology have unique and improved 
mechanical properties compared to droplet structure (Blizard and Baird, 
1987; Yamamoto and Matsuoka, 1995; Cassagnau and Michel, 2001). Changes 
in morphology sometimes affect performance more than blend composi-
tion. Strain hardening behavior, as one example of a synergic morphological 
effect, is an abrupt increase in extensional viscosity with time, and it is of 
great importance in polymer processing in which a significant component 
of extensional deformation exists as in film blowing, blow molding, and 
thermoforming. As strain hardening provides strong resistance against fast 
stretching of polymer chains, the process becomes easier to control if the 

Property

Morphology

Viscosity ratio

Interfacial tension
...

Elasticity ratio
Mixing condition

Component A Component B, C ...

Immiscibility between
component

FIGURE 8.1
Generation of new materials by blending multicomponents.
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polymer melt shows strain hardening behavior, and the product can be pro-
duced in higher quality. There have been many studies on the extensional 
behavior of polyolefins with both linear and branch structures (Petrie, 1979; 
Münstedt and Laun, 1981; Linster and Meissner, 1986). Since the late 1970s 
much research has been carried out to induce strain hardening to linear poly-
mers to expand their applications (Ishizuka and Koyama, 1980; Münstedt, 
1980; Khan et al., 1987; Wagner et al., 2000; Yamaguchi, 2001; Gabriel and 
Münstedt, 2003; Stadler et al., 2007; Cheng et al., 2010). Ever since it was 
known that strain hardening originates from branch structure, many efforts 
have been made to induce strain hardening to linear polymers, by blending 
with a branch polymer that shows strain hardening behavior (Valenza et al., 
1986; Utracki, 1990; Takahashi et al., 1999; Minegishi et al., 2001; Xian-Wu 
et al., 2010; Yamaguchi, 2001; Yamaguchi and Suzuki, 2002; Ajji et al., 2003; 
Joshi et al., 2003; Leonardi et al., 2005; Hong et al., 2005a, 2005b; Filipe et al., 
2006; McCallum et al., 2007). However, even when low-density polyethylene 
(LDPE) that shows strain hardening behavior was dispersed in high-density 
polyethylene (HDPE), it was not easy to observe synergic hardening behav-
ior. Despite the economic advantage of blending, it is still hard to obtain 
new materials with synergic performance, mainly because past attempts 
were restricted to droplet morphology and there was little consideration of 
the effect of morphology. It is still not possible to produce synergic effect 
of strain hardening with droplet morphology, due to immiscibility between 
the components and poor interface between the phases (Wool, 1995; Chaffin 
et al., 2000). There have also been trials to modify the microstructure in 
order to overcome the problems associated with poor interface. Long-chain 
branching by chemical or physical modification was introduced by making 
use of new catalysts (Yamaguchi and Suzuki, 2002), cross-linking agents 
(Takahashi et al., 1999; Yamaguchi, 2001; Minegishi et al., 2001; Leonardi 
et al., 2005; McCallum et al., 2007), electron beam irradiation, and grafting 
of functionalized polymers at interfaces (Münstedt, 1980; Hingmann and 
Marczinke, 1994; Kurzbeck et al., 1999; Yan et al., 1999; Lim et al., 2010). These 
techniques generate a few ultra-high molecular weight (UHMW) chains 
or long-chain branches in the polymer backbone. The existence of a few 
UHMW chains or long-chain branches in a linear polymer can lead to pro-
nounced strain hardening behavior. Furthermore, the dependence of strain 
hardening behavior on strain rate can be controlled by diverse branch struc-
tures (Wagner et al., 2000; Gabriel and Münstedt, 2003). Strain hardening is 
known to originate from restricted stretching of the backbone between the 
branch points (Inkson et al., 1999). In other words, strain hardening behavior 
can be induced by a minimal amount of materials having strong resistance 
against stretching. In a multiphase system, strain hardening behavior can 
be induced by varying the morphology of the dispersed phase. Anisotropic 
structure such as a sheet or fibril is known to be more favorable for induction 
of strain hardening than the droplet structure (Hong et al., 2005a).
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In the next section, fibrillation is explained in terms of deformability of 
the dispersed phase and morphology evolution (Section 8.2). The rheological 
properties of polymer blends exhibiting fibril morphology will be compared 
to those with droplet morphology (Section 8.3). The effect of anisotropic fibril 
morphology on strain hardening is also discussed. As a practical application, 
linear polyethylene blended with dispersed phase of fibril morphology is 
blow-molded and its superior inflation performance will be demonstrated 
(Section 8.4).

8.2 � Fibrillation

Depending on processing conditions, diverse morphologies such as nod-
ular, laminar, fibril, and droplet can be obtained in polymer blends even 
with the same composition. As morphology can be controlled as a func-
tion of deformability of the dispersed phase, it will be necessary to under-
stand the deformability of the dispersed phase to control the morphology of 
the blend.

8.2.1 � Deformation-Dependent Morphology Variation

When a blend flows, the dispersed phase or the domain is deformed to an 
ellipsoid or fibril, after which it is broken up into small droplets depend-
ing on the capillary number (Ca) and viscosity ratio (λ) (Taylor, 1932, 1934; 
Acrivos and Lo, 1978; Chin and Han, 1979; Grace, 1982). The capillary number 
is defined as the ratio between the viscous force and the interfacial force, 
wherein the former tends to break the droplet and the latter tends to keep 
it spherical. To induce deformation and breakup of a domain, an external 
flow field should be applied against interfacial energy. Beyond the critical 
flow condition (Cacr), the deformed domain is broken up into several small 
domains. The ratio of Ca and critical Cacr determines the deformation and 
breakup process. In Newtonian systems, the deformability of a domain is 
categorized as follows: for Ca/Cacr < 0.1, there is no deformation; for 0.1 < 
Ca/Cacr < 1, droplet starts to deform, but there is no breakup; for 1 ≤ Ca/Cacr 
≤ 4, droplet breaks up; for Ca/Cacr > 4, large deformation and formation of 
long and stable fibril structure (Utracki, 1990). The difference in deformabil-
ity under shear and extensional flow is reflected in Cacr (Acrivos and Lo, 
1978; Chin and Han, 1979; Grace, 1982). Under extensional flow, the domain 
will deform and break up if Ca is larger than Cacr, while it is more com-
plicated in shear flow because Cacr depends on the viscosity ratio as well. 
Under shear flow, Cacr quickly increases from 1 to infinity as λ increases 
from 1 to about 3.7. It is also known that for λ < 0.2, small drops are shed off 
from two tips of the original drop; for 0.2 < λ < 0.7, Taylor’s relation is obeyed; 
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for 0.7 < λ < 3.7, the drops elongate to threads, which may break up by a 
capillary instability mechanism; and for λ > 3.7, the drops deform to prolate 
ellipsoids but not break up (Rumscheidt and Mason, 1961). Based on deform-
ability, though restricted to a Newtonian system, the domain may form a 
nonspherical structure of high aspect ratio under certain conditions of λ and 
Ca (Champagne et al., 1996). Fibrillation can be obtained at high λ (1 < λ < 
3.7) or at fast deformation (Ca/Cacr > 4). Fibrillation under fast deformation 
(Ca/Cacr > 4) typically takes place during capillary flow through a die (Min 
et al., 1984) or during the take-up process after extrusion (Evstatiev et al., 
1998, 2000). The polybutylene terephthalate(PBT)/polyamide 6(PA 6) blend, 
for example, maintains a microfibrillar structure by cold and hot drawing 
and annealing after melt blending (Evstatiev et al., 1998, 2000). Application of 
dynamic thermal and deformation history during postextrusion maintains 
microfibrillar structure. In practice, it is hard to precisely predict the deform-
ability of the dispersed phase due to unique viscoelastic response of each 
component, complex flow field, and coalescence. Though it is difficult to pre-
dict deformability, polymer blends of diverse morphology can be designed, 
provided that the viscosity ratio is controlled (Hong et al., 2005b). Three poly-
propylene (PP)/polyethylene (PE) blends with different viscosity ratios, 3.9, 
1, and 0.5 (based on complex viscosity measured at 10 rad/s), were extruded 
under the same mixing condition. Figures 8.2 and 8.3 show the diverse mor-
phologies of three PP/PE blends (PP/PE-1, PP/PE-2, and PP/PE-3). When the 

10 um

(a)

FIGURE 8.2
Morphology of three polypropylene (PP)/polyethylene (PE) blends with different viscosity 
ratios. The viscosity ratio is 3.9 for PP/PE-1 (a), 1 for PP/PE-2 (b), and 0.5 for PP/PE-3 (c). The 
surface of the blend was etched with xylene to improve morphology observation. (Reproduced 
from Hong, J. S., K. H. Ahn, and S. J. Lee. 2005a. Strain hardening behavior of polymer blends 
with fibril morphology. Rheologica Acta 45:202–208, with permission.)
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viscosity ratio is larger than one, the PP/PE blend shows fibril morphology. 
PP/PE-3 with the lowest viscosity ratio shows no fibril morphology. PP/PE-1 
having a relatively high viscosity ratio (>3) shows a long straight fibril struc-
ture with a length of several hundred micrometers. When the viscosity ratio 
is low, in between 1.4 and 0.66, the fibril becomes shorter and thinner com-
pared to PP/PE-1. Depending on the viscosity ratio, PP phase has different 
deformability, which is reflected on its morphology. The viscosity ratio of 
PP/PE-1 blend varies from 9.4 to 0.2 (based on complex viscosity measured 
in the range of 0.2 rad/s to 100 rad/s) due to shear thinning behavior, and the 

10 um

(b)

10 um

(c)

FIGURE 8.2 (continued)
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10 um

(a)

10 um

(b)

FIGURE 8.3
Optical microscope images of polypropylene (PP)/polyethylene (PE) blends; PP/PE-1 (a), 
PP/PE-2 (b), PP/PE-3 (c). The fibril structure is observed along the flow direction for PP/PE-1 
and PP/PE-2 at a temperature between melting temperatures of PP and PE where PP remains 
in solid state and PE in melt. (Reproduced from Hong, J. S., K. H. Ahn, and S. J. Lee. 2005a. 
Strain hardening behavior of polymer blends with fibril morphology. Rheologica Acta 45:202–
208, with permission.)
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morphology of PP can be controlled as long as the flow field in an extruder 
is defined under the given operation condition. The flow field in an extruder 
can be modeled depending on extruder configuration (Rauwendaal, 1986; 
Dealy and Wissbrun, 1989). The apparent shear rate in an extruder is a func-
tion of extrusion conditions such as screw rotation speed, barrel size, and 
channel depth. Then, the fibrillation can be induced by controlling the mix-
ing condition. It is also important to understand the procedure of morphol-
ogy evolution.

8.2.2 � In Situ Fibrillation in an Extruder

In general, blending is performed either in an internal mixer or in an extruder. 
The flow field in an extruder is significantly dependent upon the process-
ing condition and extruder configuration. The material experiences complex 
deformation of both shear and extension. During mixing in an extruder, a 
multiphase system experiences a significant reduction in the size and shape 
of the dispersed phase, from macroscale to microscale and from sheet to 
droplet. There have been several reports on morphology evolution during 
extrusion or mixing (Tadmor and Gogos, 1979; Min et al., 1984; Favis, 1990; 
Sundararaj et al., 1992; Scott and Macosko, 1995; Evstatiev et al., 1998). In extru-
sion, the morphology evolution of a polymer blend is generally accomplished 
in two steps. In the first step, significant reduction in the size of the dispersed 
phase is observed from a millimeter to a micrometer scale, and it takes place 
in a short axial length after solid conveying. In this stage, the morphology 
evolution is driven by the mechanical drag (Sundararaj et al., 1992; Covas 
et al., 2001). In the second step, morphology development to a smaller domain 

10 um

(c)

FIGURE 8.3 (continued)
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size is accompanied by a significant decrease in the drop size distribution via 
competition between coalescence and breakup. In a batch mixer, changing 
the mixing time from 2 to 20 min does not result in any significant reduction 
in domain size (Favis, 1990). It is expected that the changes in morphology 
have already occurred before observation, because the torque is already sig-
nificantly reduced in just 2 min. Scott and Macosko (1991, 1995) studied mor-
phology development in an intensive mixer. Sundararaj et al. (1992) studied 
morphology evolution of the polystyrene (PS)/polyamide (PA) and the PS/PP 
blends in an extruder and compared the result with that in an intensive 
mixer. Scott and Macosko (1991) reported that a major reduction in domain 
size occurs in an extruder in conjunction with melting or softening of the 
component, and the initial mechanism of morphology development involves 
the formation of a sheet or ribbon structure of the dispersed phase. However, 
the morphology like a sheet or ribbon was found to be unstable. The fibril 
morphology that appears as an intermediary during morphology evolution 
quickly changes into thermodynamically stable droplets (Champagne et al., 
1996; Li et al., 1997; Monticciolo et al., 1998; Evstatiev et al., 1998, 2000; Covas 
et al., 2001; Cassagnau and Michel, 2001). These experiments were performed 
at a typical extrusion temperature, which is sufficiently higher than the melt-
ing temperature of the constituent polymer. Even though an intermediate 
structure may be maintained up to the die in the extruder, the dispersed 
phase quickly turns into a thermodynamically stable structure like a droplet 
during solidification. When a polymer blend comes out of a die, the flexible 
polymer relaxes and retracts against stress depending on the viscoelastic-
ity of each component. And the blend keeps on developing its morphology 
due to heterogeneous stress distribution around the dispersed phase (Stone 
et al., 1986). As this process is fast and spontaneous, it is difficult to keep 
the intermediate morphology such as a sheet or fibril within the blend of the 
final product. However, if the deformability of the dispersed phase is con-
trolled, the morphology observed at an initial stage of mixing can be main-
tained. Because the deformability depends on the viscosity ratio of the blend 
as well, it will change according to the extrusion temperature. Therefore, if a 
polymer blend consists of components having a large difference in melting 
temperature, it is possible to obtain a fibril or ellipsoidal structure depending 
on thermal and deformation history. In a PBT/PE blend, the morphology of 
PBT in PE can be changed from a sheet to droplet according to the extrusion 
condition (Hong et al., 2005b). If the extrusion temperature is set at 220°C, 
which is slightly lower than the melting temperature of PBT, PBT becomes 
deformable with restricted thermal energy, and the morphology evolution 
can be controlled by adjusting deformation history (Table 8.1). It is possible 
to keep a film or fibril structure in the final product if the dispersed phase 
is rigid enough to avoid relaxation related with instability originating from 
interfacial tension. This approach can generate fibril morphology in immis-
cible blends with multicomponents having a large difference in melting tem-
perature such as PBT/PE, PBT/PS, PET/PE, PA/PE, and so on.
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8.3 � Rheological Properties of Blends with Fibril Morphology

8.3.1 � Effect of Anisotropy on Rheological Properties

Anisotropic morphology has different effects on rheological properties com-
pared to droplet morphology. When there is no interaction between the 
components in an immiscible multicomponent system, the rheological proper-
ties of a blend can be determined by a linear combination of each contribution:

	 Viscosity, η φ η* *
blend i i=∑ 	 (8.1a)

	 Modulus, G G Gblend i i
* * *= +∑φ interface 	 (8.1b)

where η*
blend, G*

blend, ηi
*, and Gi

* are the complex viscosity and complex 
modulus of the blend and each component, respectively; ϕ is the volume 
fraction of the droplet; and G*

interface is the contribution of interfacial ten-
sion to modulus. Even though the volume fraction of the dispersed phase 
is the same, there is a difference in interfacial contribution between drop-
let and fibril morphology, which leads to a different rheological effect. 
The effect of interface is reflected on extensional deformation more sen-
sitively than shear deformation. However, when the volume fraction of 
the dispersed phase is low (ϕ < 0.1), the effect of morphology on rheo-
logical properties is not clearly distinguishable between droplet and fibril 
(an example is shown in Section 8.3.3). When the dispersed phase has a 
higher melting temperature than the matrix, the polymer blend may be 
considered as a particle-suspension system in between two melting tem-
peratures. The viscosity is increased in the presence of solid spherical 
particles due to an increase in hydrodynamic volume (i.e., ηs = ηm(1 + 2.5ϕ) 
for dilute suspension; ηm is the viscosity of the matrix, and ηs is the vis-
cosity of the suspension). The viscosity of the blend would increase as the 
volume fraction of the dispersed phase increases. The effect of anisotropy 
is more complicated. When semidilute cylindrical fibers of appreciable 
size are suspended in a Newtonian medium (ϕ > (L/d)–2), the contribu-
tion of matrix (σm) and fiber (σd) to the stress of the suspension (σs) can be 
expressed by Equation (8.2) (Batchelor, 1970, 1971; Leal and Hinch, 1971; 
Larson, 1999):

	 σs = σm + σd = 2ηmD + νξstr 〈uuuu〉: D	 (8.2)

Here, ν is the number concentration of fiber (volume fraction ϕ = νπd2L/4) 
and ξstr is the viscous drag coefficient. The stress contribution by fiber (σd) is 
determined by ξstr and tensor parameter (<uuuu>). ξstr is dependent upon 
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the anisotropy of the particle. For a fiber with a high aspect ratio (L/d, L 
is the length of the fiber and d is the diameter), Batchelor (1971) estimated 
ξstr ~ πηmL3/3ln(π/ϕ) by introducing the concept of hydrodynamic screening 
when the average distance between the neighboring particles is between d 
and L. Under the simple shear flow, if hydrodynamic interaction between the 
fibers is neglected, the fiber quickly rotates until it aligns to the flow direc-
tion. The contribution of rotation to shear viscosity is proportional to the 
time average of ensemble, 〈ux

2uy
2 〉, of fiber orientation to the flow direction (ux) 

and to the gradient direction (uy) (Larson, 1991). The stress tensor of Equation 
(8.2) gives the shear viscosity as follows:

	 η η
η

νξ
−

=s

s
str x yu u2 2 	 (8.3)

where 〈ux
2uy

2 〉 for non-Brownian fiber depends on L/d and reduced concen-
tration (nL3). For dilute concentration (nL3 < 6), 〈ux

2uy
2 〉 depends only on the 

aspect ratio and decreases as L/d increases. For example, 〈ux
2uy

2 〉 is approxi-
mately 0.01 for the long fiber of L/d of 31.9, and is 0.03 for the short fiber of 
L/d of 10 (Leal and Hinch, 1971). For the uniaxial extensional flow of constant 
strain rate ( ·ε), the long fiber is perfectly aligned to the stretching direction 
when steady state is reached (<uuuu> ≅ 1). Then, Equation (8.2) can be simpli-
fied as follows:

	 η η
φ
π φ

e m
L d+ = +3 1

4
9

2( )
ln( )

/
/

	 (8.4)

Though the contribution of fiber to viscosity in Equation (8.3) is weak under 
shear flow, the fiber contribution to extensional viscosity is significant.

8.3.2 � Extensional Viscosity

When the dispersed phase has droplet morphology, there is no significant 
increase in viscosity and no indication of strain hardening behavior. As 
described in the previous section, the viscosity of a blend is proportionally 
contributed by each component. Under extensional flow, the characteristics 
of anisotropic morphology are more clearly differentiated compared to drop-
let morphology. The energy dissipation is maximized by highly anisotropic 
structure aligned along the extensional flow direction. In the case of fibril 
morphology, the long fibrils induce not only significant enhancement of 
the magnitude of the extensional viscosity but also strong strain hardening 
behavior even at a small volume fraction. Figure 8.4 shows the transient exten-
sional viscosity of the three 1 wt% PP/PE blends introduced earlier under 
uniaxial extensional flow. The morphologies of the three PP/PE blends vary 
depending on the deformability of PP. The viscosity ratio is 3.9 for PP/PE-1, 
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FIGURE 8.4
Transient extensional viscosity (ηe+) of polypropylene (PP)/polyethylene (PE) blends at exten-
sion rate of 0.05 [1/sec]. Three PP/PE blends have different viscosity ratio; (a) 3.9 (PP/PE-1), 
(b) 1 (PP/PE-2), and (c) 0.5 (PP/PE-3). (Reproduced from Hong, J. S., K. H. Ahn, and S. J. Lee. 
2005a. Strain hardening behavior of polymer blends with fibril morphology. Rheologica Acta 
45:202–208, with permission.)
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1 for PP/PE-2, and 0.5 for PP/PE-3. The morphologies of the three blends are 
clearly differentiated in Figure 8.2. They show different extensional behavior 
according to the different morphologies. The PP/PE-1 blend shows not only 
significant enhancement in the magnitude of extensional viscosity but also 
strong strain hardening behavior due to the presence of long fibril structure. 
The PP/PE-2 blend shows a slight increase in viscosity due to a small aspect 
ratio, but the small fibrils also induce weak strain hardening behavior as 
more extension is applied. For PP/PE-3, 1 wt% PP with droplet morphol-
ogy does not show an effective increase in extensional viscosity. As another 
example, Figure  8.5 shows the transient extensional viscosity of PE with 
both spherical and fibrillar PBT (5 wt%). PE with fibrillar structure shows 
a significant increase in extensional viscosity. The fibrillar structure of the 
blend is shown in Table 8.2. Because PBT threads entangle and form physi-
cal networks, they induce significant resistance against extension, leading 
to a significant enhancement of extensional viscosity. The effect of the filled 
long fiber on extensional viscosity can be determined from Equation (8.4). In 
Equation (8.4), the aspect ratio (L/d) was assumed to be constant (Mewis and 
Metzner, 1974). If the filled fiber is deformable like a thermoplastic polymer 
above the glass transition temperature, it will be stretched under extensional 
flow. The deformability of the fiber should be reflected on L/D. Local defor-
mation of the fiber is mainly governed by global deformation, but there is a 
difference in deformation between the filled fiber and matrix because the 
viscosity ratio is very large (λ » 1) (Mighri et al., 1997). Just below the melt-
ing temperature of the polymer, it is rigid with low deformability. Under 
uniaxial extensional flow, the fiber is stretched depending on the rigidity ζ 
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FIGURE 8.4 (continued)
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of the fiber (0 < ζ < 1). If the fiber is very rigid, ζ is 1 (no deformation) while 
ζ approaches 0 as the fiber becomes more deformable (affine deformation). 
Between these two extremes, the strain rate of the fiber ( ·εf) can be described 
as ·εf = ·ε(1 – ζ). As the fiber is stretched, the length and diameter will change 
according to L = Lo exp( ·εf t) and d = do exp(–1/2 ·εf t). Then, the aspect ratio 
(L/d) in Equation (8.4) can be described as follows:

	
( ) ( ) exp( )L d L d to o f/ /2 2 3= �ε 	 (8.5)

where Lo and do are the initial length and initial diameter of the fiber, respec-
tively. Rigid fiber (ζ = 1) does not induce strain hardening because there is no 
deformation of fiber over stretching and it increases the transient extensional 
viscosity only (Mewis and Metzner, 1974). It seems that the deformable fiber 
acts like a macrochain that resists stretching similar to the long-chain branch 
polymer (Inkson et al., 1999). The restricted stretching of deformable fibers 
induces strong strain hardening behavior. For example, filled PP fibers in 
PP/PE blend induce significant strain hardening behavior at 150°C as seen in 
Figure 8.4. PP is deformable enough to be stretched when extension is per-
formed at 150°C because the melting temperature of PP is 153°C. The rigidity 
of PP is 0.45 at 150°C, which is predicted from fitting the transient extensional 
viscosity with Equation (8.4). Figure 8.6 proves that the dispersed phase with 
fibril morphology can induce a significant strain hardening effect even with 
a very small amount (1 wt%) of the dispersed phase as long as it is deform-
able enough to be stretched. The initial aspect ratio of the fiber, Lo/do, was 
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FIGURE 8.5
Transient extensional viscosity (ηe+) of PE-2, PE-2 embedded with polybutylene terephthalate 
(PBT) drops, and PE-2 embedded with PBT fibrils at extension rate of 0.05 [1/sec] and 150°C.
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FIGURE 8.6
Transient extensional viscosity (ηe+) of polypropylene (PP)/polyethylene (PE)-2 blends with 
fibril morphology. Experimental data (⚬ for PE-2, ▿ for 1 wt% PP/PE-2, and ◻ for 5 wt% 
PP/PE-2) are compared with the predictions of Equations (8.4) and (8.5) (— for 1 wt% PP/PE-2 
and ---- for 5 wt% PP/PE-2). The extension rate is fixed at ·ε

 
= 0.05 [1/sec], and the measurement 

temperature is 150°C. (Reproduced from Hong, J. S., K. H. Ahn, and S. J. Lee. 2005a. Strain 
hardening behavior of polymer blends with fibril morphology. Rheologica Acta 45:202–208, 
with permission.)

TABLE 8.3

Rigidity ζ of Fibers

Materials Temperature ζ

Polypropylene (PP) 150°C 0.45
Polybutylene terephthalate (PBT) 170°C 0.55
Glass <300°C 1

Note:	 The rigidity of microfibril (ζ) indicates how much 
fiber is rigid against deformation. It decreases from 
one to zero as fiber is more deformable, and it was 
obtained by fitting ηe+ with Equation (8.4) and 
Equation (8.5).
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obtained from Equation (8.4) with the transient extensional viscosity at an 
initial extension time of 1 sec. The Lo/do for PP/PE-2 blend is approximately 
11. The strain hardening behavior of PP/PE-2 blend can be explained when 
the rigidity of PP at 150°C is considered. As the composition is increased to 
5 wt%, the fiber induces strain hardening earlier, and hardening becomes 
more pronounced. Figure  8.7 shows the transient extensional viscosity of 
the PBT/PS blends with fibril morphology. The prediction with ζPBT = 0.55 at 
170°C is also provided for comparison. It proves that the addition of stretch-
able PBT fiber induces strain hardening behavior. The transient extensional 
viscosity is significantly increased as the composition of the anisotropic fiber 
is increased.

8.3.3 � Shear Viscosity

The morphology may affect the rheological properties under shear and exten-
sion in different manners. If the dispersed phase is rigid but deformable, it 
more effectively contributes to the rheological properties of the blend. In 
Section 8.3.2, the transient extensional viscosity was measured at a lower tem-
perature than the melting temperature of the dispersed phase. Rigid fibrils 
enhance extensional viscosity even with a small amount of the dispersed 
phase (1 wt%). Nevertheless, the morphological effect under shear flow is not 
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FIGURE 8.7
Transient extensional viscosity (ηe+) of PBT/polystyrene (PS) blends with fibril morphology. 
Experimental data (⬦ for PS, ⚬ for 1 wt% PBT/PS, and ▿ for 5 wt% PBT/PS) are compared 
with the predictions of Equations (8.4) and (8.5) (– – for 1 wt% PBT/PS and ---- for 5 wt% PBT/
PS). The experimental condition is ·ε

 
= 0.05 s–1 and 170°C. (Reproduced from Hong, J. S., K. H. 

Ahn, and S. J. Lee. 2005a. Strain hardening behavior of polymer blends with fibril morphology. 
Rheologica Acta 45:202–208, with permission.)
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as strong as under extensional flow. Under shear flow, a small amount of the 
dispersed phase with either fibril or droplet structure has virtually no effect 
on viscosity. A suspension with 1 wt% noninteracting drops (ϕvolume = 0.0087) 
shows an increase in viscosity of only 2.2% compared to that of the matrix 
viscosity (ηm). For a noninteracting anisotropic particle, the stress contributed 
by the dispersed phase (σd) depends on the particle aspect ratio (L/d) and the 
degree of orientation. However, due to a composition as small as 0.87 vol%, 
it does not contribute to the viscosity significantly even though the dispersed 
phase has a high aspect ratio. Figure 8.8 shows the complex viscosity of the 
PP/PE blends with both fibril and droplet structures at 150°C. It is worth-
while to note that PP/PE-1 and PP/PE-2 have a fibril structure while PP/PE-3 
has a droplet structure. Compared to the significant morphological effect 
on extensional viscosity in Figure 8.4, it is difficult to discriminate between 
droplet and fibril morphology with 1 wt% PP under shear flow. When the 
composition of PP increases to 5 wt%, the complex viscosity of the PP/PE-2 
blend increases only 14% compared to that of PE-2 (Figure 8.9a). Even with 
5 wt% PP, the effect of morphology on viscosity is not significant under the 
shear flow of small deformation. Figure 8.9 shows the dependence of compo-
sition on complex viscosity at 150°C. The 1 wt% and 5 wt% PBT/PE-2 with 
both fibril and droplet structures are compared. There is no increase in shear 
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Three blends have different morphology of long fiber (PP/PE-1, Lo/do = 60), short fiber (PP/
PE-2, Lo/do = 11), and droplet (PP/PE-3), but the increase in viscosity by the addition of 1 wt% 
PP is very slight (symbol ◻ for 1 wt% PP/PE-1, ◼ for 1 wt% PP/PE-2, and ▿ for 1 wt% PP/PE-3). 
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viscosity with 1 wt% PBT regardless of the structure. However, as the compo-
sition is increased to 5 wt%, a difference between the fibril and droplet struc-
ture becomes exposed in the rheological properties. Different from 5 wt% 
PP/PE-2 blend, the PBT fiber increases the viscosity of the blend more than 
PP fiber due to larger L/d of PBT fiber (Lo/do for PBT = 40 and Lo/do for PP = 
11; Lo/do is obtained from Equation (8.4)). Although the blend morphology is 
reflected on the shear viscosity as the aspect ratio of fibril increases or its con-
centration increases, the morphological influence on shear viscosity is far less 
than that of extensional viscosity. According to Equation (8.3), the shear vis-
cosity slightly increases with the aspect ratio of the fiber because the tensor 
parameter, <ux

2uy
2>, is less than one for the fiber under shear flow. The fibril 

structure enhances viscosity over the entire frequency range because PBT 
maintains a high aspect ratio. In the case of droplet structure, however, it is 
hard to expect any significant increase in viscosity. In 1 wt% and 5 wt% PBT/
PE blends with droplet structure (ϕv 1wt%PBT = 0.005 and ϕv 5wt%PBT = 0.026), the 
viscosity of the blend (ηs) can be increased by 1.25% and 6.5%, respectively, 
over the matrix viscosity (ηm). However, as the anisotropy of the dispersed 
phase increases, they can be oriented by a flow field and become more dis-
sipative than the dispersion of droplets. Then the fibril structure significantly 
enhances viscosity compared to droplet structure.

8.4 � Applications

Because blending is an economic and promising way to develop new mate-
rials, understanding the structure formation of the blend (fibril or droplet 
morphology) is important for better processing and performance of the 
products, especially in processing with large and rapid deformation (Micic 
et al., 1998; La Mantia et al., 2005; Münstedt et al., 2005, 2006). For example, 
thermoforming and blow molding are widely used as primary industrial 
processes for forming large, thin-walled plastic parts. During processing, 
polymers undergo large deformation, high strain rate, contact with cold 
mold, and sometimes instability during inflation. The problems frequently 
encountered in this processing are mainly related with large variations of 
wall thickness and instability during inflation—rupture of the sheet or pari-
son, and shrinkage and warpage exhibited in the final product (Covas et al., 
2001). All of these problems cause detrimental effects on both performance 
and manufacturing cost. Nonuniform wall thickness variation and parison 
rupture are thought to arise in part due to mold geometry and process condi-
tions (Isayev, 1991). Other factors affecting wall thickness variation include 
initial dimension of the sheet or parison, temperature distribution, exten-
sional viscosity of the material, inflation dynamics, and cooling and solidi-
fication that occur in the mold cavity. In order to address these problems 
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effectively, it is necessary to better understand the extensional behavior 
of the material and deformation characteristics of forming. If the material 
shows strain hardening behavior under fast extension, for example, there are 
many advantages both in operability and in product performance—uniform 
thickness distribution and less waste. Now the effect of strain hardening 
behavior on the blow molding process is to be discussed as an example.

Blow molding is a process that generates hollow plastic parts such as 
bottles and containers. It was initially used in the packaging industry but 
recently expanded its application to automotive industry to produce large 
parts such as fuel tank, bumper, dashboard, and seatbacks (Baird and 
Collias, 1995). Provided that strain hardening can be induced by an eco-
nomical blending method, it is cost-effective and it can improve the quality 
of the products and performance. The extrusion blow molding process, as 
schematically illustrated in Figure 8.10, involves a single-screw extruder (a) 
fitted with a die (b) and mold (c). The procedure from parison to bottle for-
mation is sequentially shown in Figure 8.10. When the parison becomes soft, 
it is pinched off between the two halves of a mold, and the soft parison is 
blown against the cooled mold surface by air that is injected through a blow 
pin. After the polymer is solidified, the mold is opened and the product is 
pulled out. The typical circumferential blow-up ratio is in the range of 3 to 
4. Under large and rapid deformation, the parison requires strain hardening 
during inflation for easy process control and good performance. In the pre-
vious section, it was noted that the anisotropic secondary phase can induce 
strain hardening provided that it has restricted rigidity. For example, when 
polyethylene terephthalate (PET)/high-density polyethylene (HDPE) blend 
and HDPE were subjected to an extrusion blow molding process (500 ml 

a

b

c

FIGURE 8.10
Extrusion blow molding process: (a) single-screw extruder, (b) die with a gas supplier, and 
(c) mold. The blow molding condition of high-density polyethylene (HDPE) was set as typically 
used in industry. The maximum extrusion temperature of a single-screw extruder was set at 
220°C for HDPE and 250°C for HDPE/polyethylene terephthalate (PET) blend.
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detergent bottle), the PET/HDPE blend more easily finds the blow mold-
ing condition than HDPE (melt index = 1 g/10 min, ASTM1238). The PET/
HDPE blend was blown at 250°C, which is close to the melting temperature 
of PET (257°C). When the PET/HDPE blend with fibril morphology passes 
through the extruder and die, its fibril morphology is maintained. This 
anisotropic morphology significantly improves the blowing performance 
compared to HDPE. Figure 8.11 compares the bottles produced with HDPE 
(Figure 8.11a) and the HDPE/PET blend (Figure 8.11b). In the case of HDPE, 
the thickness at the curved corner is thin and ruptures are easily produced, 
whereas the thickness of the bottle made of the PET/HDPE blend is thicker 
than HDPE. The PET/HDPE blend shows good performance and produces 
a good shaped bottle as seen in Figure 8.11b. When the morphology of the 
bottle made with the HDPE/PET blend is observed in Figure 8.12, the ellip-
soidal microstructure (aspect ratio >2) is homogeneously dispersed without 
alignment. The anisotropic structure of PET is expected to induce strain 
hardening. It increases the resistance against fast inflation and maintains 
uniform thickness, which results in good performance and uniform thick-
ness of the bottle.

8.5 � Summary

Strain hardening in an immiscible polymer blend plays an important role 
in polymer processing, in which large and rapid deformation is dominant. 
Strain hardening is induced by a nonlinear molecular structure such as 
chain branching. In polymer blends, strain hardening can be induced by 
controlling the morphology such that the fibrillation of the dispersed phase 
is maintained. If an anisotropic fiber restrictedly deforms under extensional 
flow, it induces strong strain hardening even though the content of the dis-
persed phase is very low. The fibrillar morphology can be obtained by con-
trolling the deformability of the dispersed phase when λ > 1 and Ca/Cacr > 
4. The outstanding performance of the blend with fibril morphology can be 
exploited to design new materials and to improve the process.
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FIGURE 8.11
Blown bottles (500 ml detergent bottle) by extrusion blow molding: (a) high-density polyethyl-
ene (HDPE) and (b) HDPE/polyethylene terephthalate (PET) blend.
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9.1 � Introduction

Radiation processing of polymers can be operated with several types of ion-
izing radiations: e-beam  (accelerated electrons generated by an accelerator), 
gamma rays (photons emitted by a cobalt 60 source), and X-rays (since recently). 
It acts by a spontaneous ionizing process, in two steps: formation of ions that 
decomposes into free radicals. There is no need to add an initiator like perox-
ides or photoinitiators. Then, the free radicals can induce some chemical reac-
tions, depending on different parameters that will be considered hereafter.

Generally, the effects of ionizing radiation are a balance between ruptures 
and molecular rearrangements, such as cross-linking or cyclizations. There 
is no general rule of behavior, but trends can be identified by considering 
the polymer structure and conditions of radiation. For the first aspect, the 
presence of a quaternary carbon atom on a polymer chain generally pro-
motes β-scission, phenyl groups promote stability, double bonds (vinyl) and 
ethylene promote cross-linking. For the second aspect, radiolysis reactions 
and scissions are generally favored by the presence of oxygen, less by tem-
perature, and very little by the dose rate.

But the dose is the main factor of influence. The dose is the amount of 
energy received per kilogram of material, its unit is the kiloGray (1 kGy = 
1 kJ/kg). Radiation processing of a polymer is generally operated at doses 
between 15 kGy and 200 kGy. Most polymers are stable or cross-link on this 
dose range, except those that can degrade. This is the case of polypropylene 
(PP), polyvinyl chloride (PVC), polyoxymethalene (POM), butyl rubber, and 
cellulose. Polytetrafluoroethylene (PTFE) degrades at a lower dose. Cross-
linking of polyethylene (PE) begins at about 15 kGy and increases up to 200 
kGy, according to an asymptotic curve.

In polymer blends, these phenomena are complicated by the possible inter-
actions between both polymers. Interfacial cross-linking could take place 
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and allows the compatibilization of the polymers. A more stable polymer 
like polystyrene (PS) could protect a less stable polymer and limit its degra-
dation. The net effect of irradiation on a polymer blend could not be deter-
mined from the phenomena induced by irradiation on pure polymers.

This chapter is divided into three parts. The first part gathers the four first 
sections and discusses several specific characteristics of irradiation, with a par-
ticular emphasis on the specific phenomena concerning the polymer blends. 
The four following sections deal with different processes involving irradiation 
(polymerization, preirradiation, in situ compatibilization, and cross-linking). 
The last part exposes some applications of irradiation to design materials in 
various fields (recycling, shape memory materials, preparation of hydrogels, 
conductive polymer blends, synthesis of silicon carbide fibers, etc.). Finally, 
new trends in irradiation are evoked in relation with polymer blending.

9.2 � Comparisons of Different Processes

Irradiation (e-beam or γ-irradiation) is classified among the high-energy solid-
state processes. Some similarities between mechanical milling and irradia-
tion to compatibilize nonmiscible blends have been observed by different 
authors.1–3 Smith et al. considered that these processes lead to the same phe-
nomena (chain scission, cross-linking, amorphization), and they claimed 
that the factors influencing these phenomena (polymer chemical structure 
and temperature) are not dependent on the process.3

Nevertheless, it is quite difficult to compare different processes while their 
proper parameters are different. E-beam and γ-irradiations could be easily 
compared because the main differences concern the penetration depth and 
the dose rate. Penetration depth is significantly higher for γ-irradiation. This 
point has a technical consequence. γ-Irradiation could be performed on very 
large samples (big-bags) while e-beam could be applied only on thin materi-
als (few centimeters).

Dose rate is of few kGy per hour for γ-irradiation against several hundreds 
of kGy per minute for e-beam irradiation. Three consequences are expected 
from this difference. First, in e-beam irradiation, a significant increase in 
temperature could occur4–6 that could induce some important changes (e.g., 
the increase in temperature could enhance the mobility of generated radi-
cals and then the rate of their decays should increase). Second, a high dose 
rate leads to a high concentration of radicals and the probability of their 
recombination is higher. Gottlieb et al.7 compared e-beam and γ-irradiation 
to prepare PVME-PVP hydrogels. Radiation doses between 40 and 120 kGy 
were applied. From Charlesby-Pinner plots, the authors showed that the 
gel fraction is higher for γ-irradiation (Figure  9.1). Gelation dose was also 
lower for γ-irradiation: 7.1 kGy versus 14.6 kGy for e-beam, in the case of 
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a 50/50 PVME/PVP hydrogel. The authors explained that the dose rate is 
lower in γ-irradiation than the concentration of radicals and their recombina-
tion are limited, leading to a higher probability to react with macromolecules 
and to form cross-links. Finally, a low dose rate in γ-irradiation needs a high 
time of treatment. If irradiation is performed in air, oxidation could occur. 
Balance between oxidation and other phenomena (e.g., cross-linking) could 
be modified and could induce changes in mechanical properties.8

Ali et al.9 have irradiated blends of virgin and scrapped polyethylenes 
using e-beam and γ-irradiations. Trimethylol propane triacrylate (TMPTA) 
was added as a cross-linking additive. The authors observed that maximum 
gel fraction is higher for e-beam than for γ-irradiation: 80% to 90% against 
50% to 70% according to the formulations. Moreover the thermal stability of 
the blends is higher for e-beam irradiation. On the contrary, the gelation dose 
is lower for γ-irradiation: 5 to 7 kGy against 7 to 9 kGy for e-beam irradiation. 
These differences could be explained by the relative importance of various 
phenomena (cross-linking, oxidation) for both irradiation methods.

Raj et al.10–13 have compared the efficiency of microwave and e-beam irra-
diations to stabilize the interface of various partially miscible or nonmiscible 
blends: polystyrene (PS)/polymethyl methacrylate (PMMA), polyvinyl chlo-
ride (PVC)/ethylene vinyl acetate (EVA), PP/acrylonitrile butadiene rubber 
(NBR), and polyvinyl chloride (PVC)/poly(styrene acrylonitrile) (SAN). For 
this purpose, they used positron annihilation lifetime measurements, and 
they considered particularly a hydrodynamic interaction parameter α. This 
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parameter is close to 0 when no friction is generated at the interface. When 
interfacial modifications occur, α are negative values. The authors show that 
microwave irradiation is more efficient to stabilize the interfaces when the 
polymers contain some polar groups. Polar groups (e.g., carbonyl groups 
of PMMA) are able to absorb microwaves and thus become more reactive. 
On the contrary, for nonpolar or weakly polar polymers (like PVC/SAN), 
e-beam irradiation is more efficient. Nevertheless, the authors do not explain 
the choice of irradiation conditions: 100 kGy with an electron accelerator of 
energy 8 MeV and 60s with a 30 Watt microwave facility. Therefore, it is not 
sure that the comparison is correct.

Lee et al.14 prepared high-density polyethylene/ethylene ethacrylate copo-
lymer blends filled with carbon black. They cross-linked the blends using 
e-beam irradiation (dose 100 kGy) or using vinyltrimethoxysilane during 
blending. Reactive vinylsilane groups were grafted on the polymer backbone. 
Further hydrolysis of silane led to the formation of intermolecular link by con-
densation reactions. The authors studied the electrical properties of the mate-
rials and in particular the positive temperature coefficient (PTC). The PTC is 
the temperature for which a material shows a sudden increase in electrical 
resistance. While gel fraction of the radiation-cross-linked blend is higher 
than those of silane-cross-linked blends (70 wt% against 50 to 63 wt%), the 
stability of the volume resistivity and PTC after several heat cycles is much 
better for silane-cross-linked blends. This is due to the difference in the cross-
linking process. While radiation-cross-linking is performed in the solid state 
(and preferentially in amorphous domains), silane-cross-linking is carried out 
in the melting state. According to the authors, silane condensation reaction 
allows multiple network formations; these multiple networks could restrict 
the movements of carbon black particles in the materials better than radiation 
cross-linking. The cross-linking structure is more stable through heat cycles.

9.3 � Lifetime of Free Radicals

The presence of long lifetime free radicals is one of the main differences 
between the irradiation processing and the incorporation of peroxide in the 
melting state. In the latter, free radicals react faster due to the high process-
ing temperature. Moreover, the dispersion of these radicals in the material is 
homogeneous. In the former, even if radicals are generated homogeneously, 
the reactions take place mainly in the amorphous phase, and many free 
radicals are “frozen” in the crystalline phase. Consequently, a slow postpro-
cessing degradation could be expected.15 In a polymer blend, both polymers 
have a different chemical structure and crystallinity; therefore, the stability 
and the lifetime of radicals generated under irradiation should be different 
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according to their localization (in amorphous or crystalline phases, in one 
polymer or in the second one, or at the interface).

The interactions between two polymers could limit the free-radical decay 
after irradiation. Miklesova and Szocs2 carried out γ-irradiation of miscible 
poly(methylmethacrylate) (PMMA)/polyethyleneoxyde (PEO) blends at liq-
uid N2 temperature with a total dose of 10 kGy. The blends were prepared 
by mixing on a Brabender plasticorder during 6 or 12 min. The authors 
observed that the free-radical decay is slower when the time of mixing is 
longer because the transfer of the radical center is controlled by molecular 
motions. These motions are affected when more interactions occur between 
both polymers and consequently the decay is slowed.

Przybytniak et al.16 have drawn similar conclusions in the case of a non-
miscible PE/styrene-butadiene-styrene (SBS) blend. The authors assumed 
that both polymers are characterized by different initial amounts of radicals 
and different rates of their decays. Moreover, the whole process (creation of 
radicals and rates of decay) is not a simple sum of the processes occurring in 
PE and SBS, even if these polymers are phase separated.

If the irradiation dose is reasonably chosen, a polymer material could be 
extruded or molded-injected after irradiation. In this case, the final proper-
ties of the material are different according to the order of the processing steps. 
Sonnier et al.17 carried out two processing sequences on 80/20 PP-PE blends. 
In the first sequence, the blends were γ-irradiated after mold injection. In the 
second sequence, the mold injection was performed after γ-irradiation. The 
ESR (electron spin resonance) method was used to quantify the significant 
presence of residual free radicals even 1 month at room temperature after 
irradiation. The mechanical properties are worse for the blends prepared 
according to the second sequence because more free radicals were able to 
promote the chain scission of PP. On the contrary, for PE/ground tire rubber 
(GTR) blends, this second sequence allows an increase of mechanical prop-
erties because interfacial cross-linking is enhanced due to the “thawing” of 
free radicals trapped in the PE crystalline phase (Figure 9.2).

9.4 � Influence of Additives

Before irradiating a polymer, two kinds of additives could be incorporated. 
The first kind is that of radical scavengers (like hydroquinone, and more 
generally aromatic additives). Chen et al.18 studied the effect of four differ-
ent aromatic additives on the radiation resistance of 60/40 styrene-ethylene/
butylene-styrene copolymer (SEBS)-PS blends. Considering the changes in 
mechanical properties, thermal stability and volume resistivity, pyrene was 
found the most efficient additive and diphenylacetylene (DPA) the worst. 
The authors concluded that the best protection effect could be attributed to 
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the compound with the highest degree of aromaticity. Moreover, the unsat-
urated bonds of DPA could react with the transient intermediates caused 
by irradiation. Then DPA could be grafted on the polymer macromolecules 
contrarily to other additives. While DPA is the less efficient protective com-
pound, the authors considered that the protective effect is more dependent 
on the excess energy release via excitation energy and charge transfer than 
on the grafting reaction with macromolecules.

The second kind is that of polyfunctional agents that could promote cross-
linking (against chain scissioning). Trimethylol propane trimethacrylate 
(TMPTMA), trimethylol propane triacrylate (TMPTA) or triallyl isocyanurate 
(TAIC) belong to this category (Figure 9.3).

Dubey et al.19 compared the efficiency of different additives to promote 
the cross-linking of a nonmiscible ethylene propylene diene monomer rubber 
(EPDM)/styrene-ethlene/butylene-styrene copolymer (SEBS) blend γ-irradiated 
between 50 and 500 kGy: ethyleneglycol dimethacrylate styrene-ethylene/
butylene-styrene copolymer (EGDMA), tri(propylene glycol) diacrylate 
(TRPGDA), trimethylol propane triacrylate (TMPTA), and trimethylol propane 
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trimethacrylate (TMPTMA). They established that the functionality is the first 
criterion to assess the efficiency of the additives. EGDMA and TRPGDA with 
a functionality equal to 2 are less efficient than TMPTA and TMPTMA (func-
tionality = 3) based on gel fraction results. Moreover, acrylate monomers are 
more efficient than methacrylate monomers. The authors explain this obser-
vation by the rate constants for propagation that are significantly lower for 
methacrylates than for acrylates. Finally, it could be noticed that the mechani-
cal properties do not follow the same hierarchy as gel fraction results. For 
example, elongation at break of the blends irradiated under 25 kGy is higher 
with EGDMA and TMPTMA in comparison to TRPGDA and TMPTA while 
at such a dose, and the gel fraction of the blend cross-linked with TRPGDA is 
lower than those of blends cross-linked with TMPTMA and TMPTA.

The previous work has studied the efficiency of additives on the gel frac-
tion of the whole blend. However, in polymer blends, the system is quite 
more complicated. First, one polyfunctional agent could be efficient for one 
polymer and not for the other. Second, the dispersion of the additive could 
be nonhomogeneous in both phases (in the case of a nonmiscible blend). If 
two agents are used (in principle one for each phase), the system becomes 
very complex. In our knowledge, up to now, few studies were devoted to 
these parameters (differential efficiency of an additive toward both polymers 
in blending, interactions between additives, heterogeneous dispersion, etc.).

9.5 � Role of Miscibility—Stabilizing Effect 
from Aromatic Rings

Different miscible blends under irradiation were studied: PS-PVME,20 PS-​
PMMA,21 PVOH-PEG,22 PVOH-PAM,23 PVAc-PMMA.24 While such polymers 
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are highly compatible, no compatibilization could be expected by irradiation. 
Studies are carried out to estimate the interactions between both polymers.

Main results about McHerron and Wilkes’ studies will be discussed 
below.20 Grafting between PS and PVME occurs under irradiation when these 
polymers are miscible. When phase separation is carried out by annealing at 
160°C, gel fraction decreases in a large range of composition because few 
PS macromolecules are co-cross-linked with PVME chains. Interestingly, for 
PS-rich blends (85% of PS), an inverse tendency is observed, and higher gel 
fraction is obtained for phase-separated blends.

El-Din et al.23 studied PVOH/PAM blends under irradiation. While 
pure PVOH and PAM are brittle polymers with and without irradiation, a 
50/50 PVOH-PAM blend exhibits a yielding behavior. Moreover, the strain at 
break of this blend is higher than for pure polymers, and it increases under 
irradiation while strain at break of PVOH significantly falls (see Table 9.1). 
Even if this behavior is not clearly explained, these results illustrate quite 
well that irradiation could induce some changes in polymer blends that are 
not expected according to the radiation behavior of pure polymers.

Another effect is strongly influenced by the miscibility level of a polymer 
blend: it is the stabilizing effect from aromatic rings. Polymers containing 
aromatic rings are well known to be very stable under irradiation due to the 
ability of phenyl rings to absorb energy without undergoing bond rupture. 
Such a polymer could protect another polymer in blending against degrada-
tion induced by irradiation due to a shielding effect.

Torikai et al.25 have γ-irradiated poly(styrene-co-methacrylate) copolymers 
and blends of polystyrene and polymethacrylate. They investigated the influ-
ence of irradiation on PMMA by ultraviolet and Fourier transform infrared 
spectroscopies and by viscosity measurements. In the case of the blends, 
the degradation of the PMMA is similar to that awaited. No shielding effect 

TABLE 9.1

Tensile Mechanical Properties of poly(vinyl alcohol) (PVOH) and PAM 
Homopolymers and Their Blends at Equal Contents before and after Gamma 
Irradiation at a Dose of 100 kGy (Standard Deviations Are Omitted)

Polymer Blend 
Composition 

(%)

Irradiation 
Dose 
(kGy)

Yield Stress 
(%)

Yield Strain 
(%)

Break Stress 
(MPa)

Break Strain 
(%)

PVA     0 None None 4.31   70
100 None None 4.55   21

50-50 PVA-PAM     0 0.29 70 3.68   89
100 0.11 61 3.33 115

PAM     0 None None 2.86   20
100 None None 3.63   58

Source:	 El-Din, H. M. N., El-Naggar, A. W. M., Ali, F. I., Miscibility of poly(vinyl alcohol)/
polyacrylamide blends before and after gamma irradiation. Polymer International 2003, 
52, 225–234. With permission.
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of PS is noticed. On the contrary, a protective effect of PS is observed for 
the copolymers. Thus, a chemically bonded structure is needed for energy 
transfer between both polymers. Moreover, the authors calculated the spatial 
extent of protection of a styrene unit. Assuming a random distribution of 
methyl methacrylate (MMA) and styrene in the copolymers, they concluded 
that the styrene unit could protect only the immediate neighboring MMA 
unit in the macromolecular backbone.

Other works confirm that the radiation protection is not efficient when aro-
matic rings are not located into the macromolecular backbone. Babanalbandi 
and Hill26 studied immiscible blends of arylpolyesters (bisphenol-A polycar-
bonate and poly(bisphenol-A-co-phtalate) and poly(3-hydroxybutyrate-co-3-
valerate). γ-irradiation was performed at 77 K and blends were analyzed by 
ESR (electron spin resonance). Aromatic polyesters had a greater contribution 
to the spectrum than the aliphatic one, and this result was explained by the fact 
that ejected electrons were scavenged more efficiently by the aromatic poly-
mers. Nevertheless, the radiation chemical yields for radical formation in the 
blends were close to that expected according to the linear additive model. The 
authors concluded that both polymers are not miscible at the level required 
for effective radiation protection of poly(3-hydroxybutyrate-co-3-valerate).

McHerron and Wilkes20 have shown that PS does not offer any protection 
against radiation cross-linking into PS/PVME blends while these blends are 
miscible. On the contrary, a significant amount of radiation grafting occurs 
between both polymers.

Lee et al.27 have irradiated different immiscible blends of poly(phenylene 
oxide) and poly(2-vinylnaphtalene). The objective of this work was to check 
if the latter polymer could improve the radiation resistance of the former. On 
the basis of thermal stability, mechanical properties and light resistance, no 
protective effect of poly(2-vinylnaphtalene) could be confirmed.

9.6 � Radiation Polymerization in Polymer Blends

One alternative to physical blending consists in polymerizing one compo-
nent (at least) in the presence of the other one. This is called reactive blend-
ing. Generally the blend is homogeneous at the beginning but during the 
polymerization a phase separation occurs. Such a method could lead to a fine 
morphology and possibly to a compatibilization between both components 
by creation of covalent bondings at the interface.

Spadaro et al.28,29 polymerized methyl methacrylate (MMA) monomers in 
the presence of acrylonitrile-butadiene rubber by γ-irradiation at a tempera-
ture of 70°C. For pure MMA, a total dose of 4 kGy is enough to complete poly
merization and further irradiation (6.3 kGy) leads to a degradation of PMMA 
macromolecules. On the contrary, for PMMA/ABN blends, a higher dose 
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favors the grafting reactions between both polymers. Percentage of PMMA 
grafted onto ABN reaches 20% at a total dose of 8 kGy. ABN forms very small 
nodules (less than 100 nm) in the PMMA matrix. Mechanical properties have 
been measured and showed maximum values at 6.3 kGy (Table 9.2). A fur-
ther dose probably degrades the PMMA. It should be noticed that the cross-
linking of ABN under radiation was not taken into account by the authors.

The same researchers’ team studied also the cationic curing of difunctional 
epoxy resin in the presence of a thermoplastic polysulfone as a toughening 
agent and an onium salt as initiator.4–6 Irradiation presents some interesting 
advantages to induce curing of a thermoset material. In particular, this is 
a cold process that does not need thermal activation or chemical additives 
(in most cases). Moreover, the curing could be very quick and localized to 
a part of the sample that could have a specific shape. Different total doses 
(80 and 150 kGy) and dose rate (90 and 840 kGy/h) have been tested. At a low 
dose rate, a heterogeneous structure was achieved consisting of two epoxy 
fractions with different cross-linking degrees and nodules of polysulfone. 
A nodular morphology could be observed. Thermally postcuring at 100°C 
during 2 h improves the cross-linking of the less cross-linked epoxy fraction 
while polysulfone nodules size increases significantly.

At a high dose rate, the temperature increases strongly during process-
ing (up to 200°C) and then the curing is both radiation and thermally 
induced. Epoxy fraction is homogeneous but the cross-linking degree is 
lower. Probably the high speed of the curing causes the material to quickly 
reach a glass transition temperature higher than the process temperature. 
Consequently, a vitrification phenomenon occurs and inhibits the cross-

TABLE 9.2

Tensile Properties of Pure Polymethyl Methacrylate (PMMA) and PMMA-
Acrylonitrile Butadiene Rubber (ABN) Blends (Standard Deviations Are Omitted)

System
Dose 
(kGy)

Young’s Modulus 
(MPa)

Stress at Break 
(MPa)

Elongation at 
Break (%)

Pure PMMA 4 1790 61 4.0
Pure PMMA 6.3 1650 50 4.1
PMMA-ABN blend 4 1350 37 5.6
PMMA-ABN blend 6.3 1710 61 7.4
PMMA-ABN blend 8 1520 48 4.8
PMMA-ABN blend; 
annealed at 120°C, 120 min

4 1280 35 5.0

PMMA-ABN blend; 
annealed at 120°C, 120 min

8 1540 50 4.7

Source:	 Spadaro, G., Dispenza, C., Mc Grail, P. T., Valenza, A., Cangialosi, D., Submicron struc-
tured polymethyl methacrylate/acrylonitrile-butadiene rubber blends obtained via 
gamma radiation induced in situ polymerization. Advances in Polymer Technology 2004, 
23, 211–221. With permission.
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linking. In the same time, the phase separation between polysulfone and 
epoxy is inhibited leading to a very fine morphology.

In another work, the same authors cure a blend of two epoxy monomers 
(difunctional and trifunctional) by e-beam irradiation and in the presence 
of 10 wt% of polysulfone.6 The temperature is measured during the cur-
ing, and the start of curing corresponds to a sharp increase of temperature. 
For the pure difunctional epoxy resin, the adding of polysulfone leads to a 
higher induction dose probably due to a dilution effect and to an increase 
in system viscosity. On the contrary, when the blend of difunctional and 
trifunctional epoxy monomers is cured in the presence of polysulfone, the 
induction dose decreases. The authors explain this point by the dilution 
effect of polysulfone causing a lower extent of the precuring reactions. These 
precuring reactions lead to a very high viscosity for the system without 
polysulfone. Consequently, the polysulfone allows the curing to start after a 
lower absorbed dose. Finally, the dynamic mechanical analysis reveals that 
the presence of thermoplastic polysulfone rises to a less cross-linked struc-
ture according to the lower glass transition temperature and maximum tan 
δ value.

9.7 � Preirradiation of Polymer before Blending

Preirradiation could be used to modify a polymer before blending it with 
another one. The preirradiation could be performed for different purposes 
(cross-linking of a rubber, grafting, functionalization, or oxidation). Peng 
et al.30 prepared ultrafine carboxylated styrene-butadiene-rubber (CSBR) 
powders by γ-irradiation. The control of irradiation conditions (dose and 
presence of cross-linking sensitizer, 2-ethyl hexyl acrylate (2-EHA)) allows 
a desired cross-linking density to be obtained. Moreover, ultrafine particles 
(150 nm) could be obtained easily when the cross-linking density is high 
enough. The powder was then incorporated into PA6 to enhance its impact 
strength. The content of CSBR was fixed at 5 wt%. The authors determined 
the optimum cross-linking density (for 25 kGy with 3 wt% of 2-EHA) lead-
ing to the highest mechanical properties and considered that irradiation 
could be a useful method to prepare rubber powders as a toughening agent 
for thermoplastics.

The grafting functionalization of a poly(vinylidene fluoride) powder by 
γ-irradiation was achieved by Valenza et al.31 The amount of grafted meth-
acrylic acid onto poly(vinylidene fluoride) (PVDF) powder was 19.7 w%. The 
grafted polymer was then blended at different ratios with an ionomer based 
on ethylene-methacrylic acid copolymer, partially neutralized (Surlyn 9970). 
Nongrafted PVDF and this ionomer are highly immiscible. The function-
alization of the PVDF with methacrylic acid allows to compatibilize both 
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polymers resulting in a finer morphology. The best compatibilization was 
found for a combination of the radiation grafting and the addition of zinc 
acetyl acetonate dihydrate to neutralize the blend.

Irradiation of polyethylenes (PEs) could lead to graft some oxidized spe-
cies on the polyethylene backbone.32 This treatment was performed in 
order to improve the compatibility of polyethylenes toward polar polymers 
as poly(ethylene terephthalate)33 or polyamide 6.31,34–36 Irradiation in air of 
polyethylene causes oxidative degradation with formation of carbonyl and 
hydroxyl groups.32,36 Valenza et al.31 studied the influence of irradiation on 
several polyethylenes differing from their structure (two high- and low-
density polyethylenes and one linear low-density polyethylene, high density 
polyethylene (HDPE), low density polyethylene (LDPE), and linear low den-
sity polyethylene (LLDPE), respectively). To promote oxidation (compared 
to cross-linking and chain scission or branching), irradiation was carried 
out on thin films of PE in air at room temperature. A finer morphology and 
some improvement of mechanical properties were obtained and attributed 
to some interactions between oxidized groups on irradiated polyethylene 
and functional groups of the polar polymer (amid functions or end-chain 
carboxylic or amine groups). For example, the elongation at break and the 
Izod impact strength of a 10/90 LLDPE-PA6 blend were increased from 8% 
to 21% and 39 to 65 J.m–1, respectively when LLDPE was preirradiated at 50 
kGy. Nevertheless, no cocrystallization phenomenon between PE and PA6 
was observed, but crystallization of polyethylene was modified according to 
the compatibilization with PA6.

Some differences were noted in relation to the structure of the polyeth-
ylene. In particular, the morphology of HDPE-PA6 was less homogeneous. 
This result could be attributed to a less extent of oxidation of HDPE because 
of its crystallinity, which limits the oxygen diffusion into the bulk. Moreover, 
the presence of cross-linked chains (the gel fraction was measured at about 
10%) contributed to a less regular distribution of HDPE droplets. The dose 
and the dose rate are also influent parameters. For 10/90 LLDPE-PA6 blends, 
the total dose was optimized at 50 kGy.36 A higher dose (135 kGy) led to the 
cross-linking of LLDPE that was detrimental for mechanical properties. In 
another study,31 Valenza et al. considered the influence of the dose rate on 
the final properties of a LDPE/PA6 blend. The content of LDPE was fixed at 
10 or 25 wt%. Mechanical properties of LDPE-PA6 were slightly improved 
when LDPE was preirradiated at 0.03 Gy/s in comparison to the unirradi-
ated LDPE/PA6 blend. On the contrary, when LDPE was preirradiated at 
1 Gy/s, the mechanical properties of the blends were the worst. This result 
was ascribed to the ratio between oxidation and cross-linking. The former 
phenomenon was promoted by a low dose rate. On the contrary, for a dose 
rate of 1 Gy/s, the oxidation was limited and cross-linking was improved (the 
gel fraction increased to 30% at 50 kGy).

For the same objectives as polyethylene, polypropylene (PP) was preir-
radiated before being mixed with PA6 in 70/30 PA6-PP blends.37 The best 
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properties were obtained at a dose of 100 kGy, either by electron or gamma 
beam irradiation; higher doses increase compatibility, but there is extensive 
degradation and it produced breakable films.

Other works were performed by using irradiation to increase the compat-
ibility of a PE/polar polymer blend. For example, Senna et al.38 performed 
electron beam irradiation in air at a total dose of 10 kGy on low-density 
polyethylene (LDPE)/plasticized starch (PLST) blends. By Fourier transform 
infrared (FTIR), they showed an increase of bands assigned to O-H and C=O 
bonds stretching, and the formation of hydrogen bonding between LDPE 
and PLST. Hence, irradiation created an interconnection between starch mol-
ecules and LDPE through the formation of free radicals. The interconnection 
at the interface between LDPE and PLST led to higher yield stress for increas-
ing irradiation dose concomitant with lower yield strain. Then, irradiation of 
a polar/apolar blend can lead to a better compatibility.

9.8 � In Situ Compatibilization of Polymer Blends 
via γ or E-Beam Radiation

Many polymers are immiscible and form heterogeneous systems when 
blended. Then, irradiation was commonly used to improve the compatibility 
between immiscible polymers in a blend.33 In comparison with other methods 
of compatibilization based on the reactivity of functional groups grafted on 
the polymer backbone, the changes are not limited to the interface. Irradiation 
leads to changes not only in the interphase (interfacial cross-linking) but also 
in the bulk of both polymers (chain scission, cross-linking, etc.). Therefore, 
it is not always easy to determine if the macroscopic properties change due 
to the compatibilizing effect of the irradiation or due to the modification of 
the polymers in bulk. There are hundreds of authors working on irradiated 
immiscible polymer blends that claim, in their articles, to have increased the 
compatibility between the two polymers just by regarding the mechanical 
properties. In a concern of quality of results regarding the compatibilization 
of polymer blends by irradiation, we chose to depict here only the articles 
that clearly evidenced an increase in the interfacial adhesion between the 
two polymers, either by covalent bonding between the two components or 
by physical linkages.

9.8.1 � Chemical Reaction between the Two Polymers 
Induced by Irradiation

Upon electron beam irradiation, blends based on polyesters undergo trans-
esterification reactions. Kim et al.39 investigated the transesterification reactions 
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between PEN and poly(ethylene terephthalate) (PET) by proton nuclear mag-
netic resonance (1H NMR) spectroscopy. They identified that a new peak, 
with a chemical shift of 4.85 ppm appeared when crescent irradiation dose 
rates were applied. This peak was assigned to the protons of ethylene units 
that exist between terephthalate and naphthalate units in PEN-PET copoly-
mers. The results are presented in Figure 9.4. This result permitted calcu-
lation of a transesterification percentage. It was shown that the percentage 
of transesterification increased with the dose rate. Moreover, transesterifica-
tion reactions led to the formation of a single phase proved by a single glass 
transition temperature between that of the two pure polyester components. 
Finally, the melting temperature of irradiated PEN/PET blends decreased 
with the increase in the degree of transesterification. It was explained by the 
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FIGURE 9.4
Proton nuclear magnetic resonance (1H NMR) spectra of the thylene unit in poly(ethylene 
2,6-hapthalate) (PEN)/poly(ethylene terephthalate) (PET) blends at various dose rates. (From 
Kim, J. U. N. Y., Kim, O. H. S., Kim, S. H. U. N., Jeon, H. A. N. Y., Effects of electron beam irradia-
tion poly(ethylene terephthalate) blends. Polymer Engineering and Science 2004, 44(2), 395–405. 
With permission.)
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fact that the degree of transesterification increased with dose rate and led to 
the formation of more random chain structures in the irradiated blend.

Concerning water-soluble-based polymer blends, Abd Alla et al.22 observed 
a limited compatibility for poly(vinyl alcohol) (PVA)-poly(ethylene glycol) 
(PEG) blends over the range of 0% to 30% of PEG. Exposure of PVA-PEG 
blends (with a %PEG up to 30%) to gamma irradiation (with doses up to 
100 kGy) gave rise to an improvement in the tensile mechanical properties. 
It was suggested that the free radicals formed during irradiation of PVA was 
involved in the formation of covalent bonding along the boundaries of the 
polymers, and hence improved the compatibility of the blend.

In the same manner, blends containing (100% to 90%) polystyrene and 
(0% to 10%) styrene-butadiene rubber (SBR) exhibited improved impact 
properties after gamma irradiation at a dose of 100 kGy.40 FTIR provided evi-
dence that irradiation produced a radical in the benzene ring of PS that could 
react with the double bond of polybutadiene producing a metasubstituted 
benzene (Figure 9.5). Hence, this chemical link between the two polymers 
gave rise to the increase in Izod impact strength particularly for 100 kGy 
γ-irradiated 90/10 PS-SBR blend.
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FIGURE 9.5
Mechanism of the chemical bonding between the benzene ring of polystyrene (PS) and the 
double bond of the polybutadiene. (From Martínez-Barrera, G., Studies on the rubber phase 
stability in gamma irradiated polystyrene-SBR blends by using FT-IR and Raman spectros-
copy. Radiation Physics and Chemistry 2004, 69, 155–162. WIth permission.)
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9.8.2 � Incompatibility Reduction by Cross-Linking 
between the Two Phases

Incompatibility between two polymers in a blend can be reduced by both 
chain scissions in one phase and cross-linking between the two phases. 
This was greatly studied in the case of thermoplastic/elastomer blends.41–45 
Usually, when thermoplastic/elastomer blends are exposed to irradiation, 
the elastomeric phase is cross-linked (under air), whereas the thermoplastic 
phase is largely degraded.43,45 For example, Sonnier et al.42 performed in situ 
scanning electron microscopy observations under microtensile strain on a 
50% recycled HDPE blended with 50% GTR (ground tire rubber). They clearly 
evidenced by this technique a better cohesion between HDPE matrix and the 
GTR dispersed phase after blend irradiation. In irradiated thermoplastic/
elastomer or thermoplastic/thermoplastic elastomer (TPE) blends, the radia-
tion cross-linking and degradation reactions mainly occurred in the amor-
phous regions of semicrystalline polymers, whereas higher amorphous 
content is favorable to the radiation cross-linking of polymers, especially for 
higher dose rate irradiation. For example, in LDPE/EVA blends, where the 
amorphous phases of both polymers are completely miscible, it was shown 
that EVA had an enhancement effect on radiation cross-linking because EVA 
made the blend more amorphous in nature, which in turn increase its effi-
ciency toward cross-linking.46–48 Hence, increasing EVA content gave rise 
to the increase in tensile strength and the decrease in heat shrinkability.49 
However, the HDPE/EVA blends are partly compatible in the amorphous 
region, and this was unfavorable for the enhancement effect of EVA on the 
radiation cross-linking of these blends.50 Dalai et al. also worked on PP/EVA 
blends in which PP and EVA are compatible in the amorphous phase. They 
obtained the same results as for LDPE/EVA blends (i.e., the complete com-
patibility in the amorphous region between LDPE or PP and EVA favored the 
enhancement of radiation cross-linking and prevented LDPE or PP degrada-
tion).51 Mihailova et al.52 studied irradiated PP/EVA blends by using wide 
angle X-ray scattering (WAXS). At the interface between PP and EVA, they 
described a zone where amorphous chains of the two components interpen-
etrated each other, whereas PP and EVA macromolecules crystallize sepa-
rately. Those results on HDPE or LDPE or PP blended with EVA evidenced 
that a good compatibility is a prerequisite for the enhancement effect of EVA 
on the radiation cross-linking of the polyolefin/EVA blend.

More generally, in a polyblend system containing both a radiation-cross-
linkable polymer and a radiation-degradable polymer, the last one can pen-
etrate into the cross-linking network of the first one by graft reaction on the 
interface. This was proved by Li et al.53 for poly(ethylene-co-vinyl alcohol) 
(EVOH)/low-density polyethylene (LDPE) systems by regarding the gel con-
tent and FTIR spectra. They also suggested a “graft” structure formed on the 
interface when EVOH/LDPE blends were irradiated. This mechanism was 
based on recombination reactions between the two stable macromolecular 
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radicals (i.e., hydroxyl radicals for EVOH and allyl radicals for LDPE). This is 
presented in Figure 9.6.

9.8.3 � Irradiation of Blends Containing a Coagent

Gamma and electron beam radiation were also used in the presence of coag-
ents to improve polymer blend miscibility and properties. Table 9.3 summa-
rizes all the formulations of irradiated blends containing a coagent.

9.8.3.1  �Radiation-Induced Radicals from Coagents that Can Further 
React with the Unsaturation of the Polymeric Chains

Irradiation doses were commonly used in the presence of cross-linking agent, 
such as trimethylol propane trimethylacrylate (TMPTMA) or ditrimethylol 
propane tetraacrylate (DTMPTA), in blends containing isotactic (i)PP/LDPE54 
or LDPE/EVA,55,56 respectively. In such blends, irradiation in the presence 
of trimethylol propane acrylates was particularly efficient, regarding tensile 
strength, when the LDPE content was high.

Coagents based on bismaleimide, multifunctional acrylate, and methac-
rylate esters, in the presence of irradiation, can form very reactive radicals 
that can homopolymerize or graft onto the unsaturation of the polymeric 
chains through an “ene” reaction mechanism. Hence, the created network 
can be enhanced through the grafting of such coagents in between the poly-
meric chains. It increases the cross-linking density. Zurina et al.57 published 
several works dealing with electron beam radiation of epoxidized natural 
rubber (ENR) blended with ethylene vinyl acetate (EVA) in the presence 
of such coagent (N,N′-m-phenylenbismaleimide, HVA-257 and trimethy-
lolpropane triacrylate, TMPTA58). They reported the gel content versus 
irradiation dose for blends without and with HVA-2 or TMPTA. The gel 
content was higher in the samples containing HVA-2 or TMPTA, indicating 
clearly that those coagents enhanced the cross-linking density in irradiated 
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FIGURE 9.6
Stable macromolecular radical and possible new graft structure in the polyblend of EVOH/
LDPE: (a) hydroxyl radical, (b) alkyl radical, and (c) graft structure. (From Li, H. H., Yin, Y., Liu, 
M. H., Deng, P. Y., Zhang, W. X., Sun, J. Z., Improved compatibility of EVOH/LDPE blends by 
γ-ray irradiation. Advances in Polymer Technology 2009, 28(3), 192–198. With permission.)
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ENR/EVA blends. Irradiation produced the initiating free radicals that 
then reacted with a bismaleimide or a multifunctional acrylate molecule 
through unsaturation to produce cross-linking. The mechanism is given in 
Figure 9.7. The effective cross-linking by HVA-2 or TMPTA was confirmed 
by dynamic mechanical analyzer (DMA).

TABLE 9.3

Formulations Irradiated with a Coagent

Polymer Blends Proportions Compatibilizer Irradiation Reference

rPP/wfibers-PAN
rPP/wfibers-viscose
rPP/wfibers-.
hemp-viscose

rPP/wfibers-
chopped glass fiber

70PP/30 fibers Mixture of epoxy 
acrylate (EA) and 
tri-propyleneglycol 
diacrylate (TPGDA) 
(1%)

Electron beam 
at 8 kGy

1

LDPE/HDPE/ PP/
PS/PET

24LDPE/​
23HDPE 
/21PP/15PS/

17PET

SEBS-g-MA (10%); 
TMPTMA (1%)

Electron beam 
300 kGy

60,94

iPP/LDPE 100/0; 80/20; 
50/50; 20/80; 
0/100

TMPTMA (1, 3, and 5%) Electron beam 
5 to 50 kGy

9

LDPE/EVA 100/0; 70/30; 
60/40; 50/50; 
40/60; 30/70 

DTMPTA (1 to 5 parts) Electron beam 
(20 to 500 
kGy)

55,56

Popropylene-
coethylene/
polybutylene 
succinate 

66/33; 50/50; 
33/66

PP-g-MA (15%) Electron beam 
(10 kGy/pass)

62,63

NR/LLDPE 60/40 Liquid natural rubber 
(LNR6 and LNR16)

3MeV e-beam; 
40 to 240 kGy

128

wHDPE/wPS/
wPVC

70/15/15 EVA; SEBS (5, 7.5, and 
15)

γ-irradiation 
50 to 200 kGy 
(after 
blending)

92

ENR/EVA 50/50 HVA-2 
(N,N′-m-
phenylenbismaleimide)

Electron beam 
0 to 100 kGy; 
20 kGy/pass

57

ENR/EVA 50/50 TMPTA Electron beam 
0 to 100 kGy; 
20 kGy/pass

58

NBR/SBR 50/50 NBR-g-CA; NBR-g-MMA 49 rad/s 61
wLDPE/wbutyl 
rubber

50/50 DEGDMA; DVB; 
TEGDMA; GMA; MAWa

γ-irr; 100 to 
400 kGy; 
5 to 7 kGy/h

59

SBR/EVA 0/100 to 100/0 SEBS-g-MA γ-irradiation 64

a	 Diethylene glycol dimethacrylate (DEGDMA); divinyl benzene (DVB); tetraethylene glycol 
dimethacrylate (TEGDMA); glycidyl methacrylate (GMA); maleic anhydride (MA).
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Maziad et al.59 compared the efficiency of the different compatibilizers 
toward the gel fraction of waste LDPE/waste butyl rubber irradiated blends. 
As expected, the gel fraction increased with irradiation dose; however, over 
the whole irradiation range, each compatibilizer had a different capacity 
regarding the enhancement of radiation-induced cross-linking and the order 
is as follows: diethylene glycol dimethacrylate (DEGDMA) > divinyl benzene 
(DVB) > tetraethylene glycol dimethacrylate (TEGDMA) > glycidyle methacry-
late (GMA) > maleic anhydride (MA) > blank. The authors concluded that the 
efficiency of the compatibilizing agents is linked to its functionality (number 
of double bonds).

In some cases, lack of noticeable influence of electron beam radiation on 
the values of tensile and Charpy impact strengths of 24-23-21-15-17 LDPE-
HDPE-PP-PS-PET blends (based on recycled polymers) compatibilized 
with 1% trimethylol propane trimethylacrylate (TMPTMA) were found. 
Zenkiewicz et al.60 explained this lack of influence by the protective action of 
aromatic rings of PS and PET that hindered cross-linking. In the same article, 
the addition of 10% of styrene-ethylene/butylene-styrene elastomer grafted 
with maleic anhydride (SEBS-g-MA) led to the great increase of both tensile 
and Charpy impact strengths.

9.8.3.2  �Irradiation to Create a Copolymer that Can Compatibilize 
an Immiscible Blend

Block and graft copolymers have been used successfully as interfacial agents 
to control the morphology and reinforce the interface between two immisci-
ble polymers in a blend. Graft copolymerization can be carried out by irradi-
ation. For example, copolymers were prepared from acrylonitrile butadiene 
copolymer (NBR) grafted with methylmethacrylate (MMA) or cellulose ace-
tate (CA) using gamma radiation and incorporated in a 50/50 acrylonitrile 
butadiene rubber-styrene butadiene rubber (NBR-SBR) blend.61 As expected, 
the presence of grafted copolymers (NBR-g-MMA or NBR-g-CA) improved 
the interfacial adhesion between NBR and SBR. This was proved by regard-
ing the evolution of phase morphology between uncompatibilized and 
compatibilized blends by scanning electron micrography (SEM) and by the 
improvement of mechanical properties when adding a compatibilizer.

9.8.3.3  �Further Irradiation of Compatibilized Blends

The addition of a polypropylene grafted maleic anhydride (PP-g-MA) com-
patibilizer into polypropylene-co-ethylene/polybutylene succinate blends 
and the subsequent irradiation allowed prevention of degradation mecha-
nisms leading to mechanical stability.62,63 The cyclic anhydride group of the 
PP-g-MA first permitted compatibilizion of both polypropylene-co-ethyl-
ene and polybutylene succinate and a second action as an “energy sink.” 
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Moreover, it was shown that irradiation of the compatibilized blend was able 
to enhance the biodegradation slightly.

Styrene butadiene rubber (SBR)/poly(ethylene-co-vinyl acetate (EVA) 
blends were compatibilized with SEBS-g-MA and further gamma irradi-
ated to evaluate their aging resistance toward radiation. The resistance of the 
blends to gamma irradiation is better for those that contain higher propor-
tions of EVA.64

9.9 � Cross-Linking

Elastomeric phases (El) (or thermoplastic elastomers, TPE) are commonly 
added to thermoplastic polymers (TP) to increase their impact strength and 
their toughness. And those blends consisting of TP/El or TP/TPE are com-
monly cross-linked to further increase the thermal and mechanical prop-
erties. This is particularly the case when using recycled polymers.65 For 
that purpose, irradiation is often used in polymer blend systems to induce 
cross-linking inside the different phases, or between them, resulting in the 
improvement of physical properties. However, cross-linking and chain scis-
sion are processes always in competition, and experimental and environ-
mental conditions can influence the balance between both. To compare the 
evolution of the cross-linking reaction versus irradiation doses, gel fraction 
is often measured by weighting the sample before and after extraction in 
an appropriate solvent. Dong et al.66 described three different morphologies 
in irradiated immiscible binary blends. In the first, cross-linking occurs in 
the bulk and in the dispersed phase. In the second, degradation occurs in the 
bulk and cross-linking in the dispersed phase. Finally in the third, cross-
linking occurs in the bulk and degradation in the dispersed phase. The same 
authors performed irradiation on 75/25 Nylon1010-HIPS blends and noted 
chain scission in high impact polystyrene (HIPS) and chain cross-link in 
Nylon1010, corresponding to the third morphology.67

9.9.1 � Cross-Linking of Polyolefin/Elastomer or 
Polyolefin/Thermoplastic Elastomer (TPE)

To improve the impact strength of PP and PE, they were commonly blended 
with elastomeric phases such as EPDM,68 SEBS,69 SBS,69 or thermoplastic elas-
tomers such as EVA.52,70

Irradiation changes the chemical structure of polyolefins, especially in the 
amorphous phase, while the crystalline phase is more resistant to its action.69 
As mentioned earlier, all polyolefin/El or polyolefin/TPE irradiated blends 
can be classified in three different morphologies depending on the balance 
between chain scission and cross-linking.



283Modification of Polymer Blends by E-Beam and γ-Irradiation

9.9.1.1  �Enhancement of Polymer Cross-Linking by Adding a Second Polymer

The cross-linking of a polymer could be enhanced by the incorporation of a 
second polymer easily cross-linkable. In PP/EVA blends containing 70% of PP 
and 30% of EVA, EVA was described to cross-link under low doses of irradia-
tion, whereas PP underwent chain scissions.71 Minkova et al.72,73 found that 
higher amounts of EVA in PP matrix favored cross-linking and increased the 
cross-linking density. EVA in PP slows the oxidation of alkyl radicals of PP.70

Spenadel,74 to increase the flexibility of wire insulation, had irradiated 
LDPE, EPDM rubber, and blends of these two polymers. In the case of LDPE, 
the gel fraction attains 70% to 80% for a dose of between 100 and 150 kGy. 
The gel fraction for EPDM rubber (Vistalon 3708) attains 90% for 50 kGy. The 
incorporation of a moderate amount of EPDM rubber (20 wt%) in the LDPE 
matrix allowed a gel fraction of 70% to 80% for 50 kGy to be obtained. 
Therefore, the gel fraction of the blend does not match a rule of mixture, and 
a strong decrease of the needed dose could be achieved due to the presence 
of EPDM rubber.

McHerron and Wilkes’20 e-beam irradiated blends of polystyrene and 
poly(vinyl methyl ether) (PVME). The phase diagram of these two polymers 
displays a lower critical solution temperature (LCST) behavior, revealing 
that they are compatible over the entire composition range at room tempera-
ture. While PS is radiation resistant, PVME is cross-linked under radiation. 
Hence, the addition of small amounts of PVME to pure PS increases the gel 
fraction obtained after irradiation. When the polymers are miscible, irradia-
tion allows not only the cross-linking of PVME but also a significant grafting 
between both polymers. On the contrary, when the morphology is biphasic, 
the gel fraction is closely related to the PVME content. No or little grafting 
between PS and PVME occurs in this case.

Dalai and Wenxiu draw similar conclusions about PE/EVA blends irradi-
ated by γ-irradiation in air.48,50 EVA could enhance efficiently the cross-link-
ing of LDPE while the amorphous phases of both polymers are miscible.50 
Zhang et al.75 showed that the radiation cross-linking behavior of LDPE/
EVA blends fits an equation between radiation dose and gel fraction devel-
oped initially for pure polymers. They concluded that LDPE and EVA are 
miscible in amorphous phase. On the contrary, the amorphous phases of 
EVA and HDPE are only partially miscible. Therefore, when EVA is incor-
porated into HDPE, poor enhancement of PE cross-linking is obtained 
under irradiation.48

9.9.1.2  �Influence of the Process

The process of irradiation has an influence on the final properties of the 
blend. For example, the SBS elastomeric phase could be preirradiated before 
incorporation in the polyolefin PP matrix.76 In that case, PP/SBS blends 
exhibit lower Young’s modulus but higher elongation at break.



284 Functional Polymer Blends: Synthesis, Properties, and Performance

Van Gisbergen et al.77 used electron beam radiation to fixate the mor-
phology of PP/EPDM blends. An optimal morphology for toughening was 
obtained via extrusion of a high molecular weight PP (matrix) blended with 
EPDM (dispersed phase). This morphology was fixed by electron beam radi-
ation before subsequent processing of the blend (injection molding). Hence, 
the non-cross-linked phase flowed, while the cross-linked phase largely 
maintained its shape. At low dose, the dispersed phases of EPDM rubber 
were cross-linked by irradiation, whereas main chain scission occurred in 
PP. This method of morphology fixation was possible because the degrading-
type polymer constituted the continuous phase.

Van Gisbergen68 also studied the influence of cross-links, induced by elec-
tron beam (EB) irradiation, on the two major processes that play an impor-
tant role in the formation of the morphology of a model system (i.e., thread 
break-up and coalescence). A 80/20 PS-LDPE model system was blended via 
a corotating twin-screw extruder and strands were quenched in water and 
exposed to EB irradiation (dose of 472 kGy) that induced cross-links in the 
LDPE dispersed phase. The irradiated and nonirradiated strands were then 
heated at 200°C for different periods and under no shear deformation to 
evaluate by SEM and microrheology the stability of the induced morphology. 
They showed that even in irradiated blends, the fixation of the morphology 
is prevented by the absence of a yield stress that would prohibit the flow of 
the dispersed phase completely and prevent from thread break-up. Hence, 
when heating of the blend lasted for a long period, both break-up and coales-
cence occurred.

9.9.1.3  �Interphase Formation Consisting of Interfacial 
Cross-Links between the Phases

Irradiated PP/SEBS and PP/SBS blends were compared.69 It was shown that 
SEBS and SBS exhibited different behavior toward irradiation; granulated 
blends were irradiated with electron beam 1 week after they were injection 
molded. SEBS-based systems were more resistant to irradiation than SBS. 
Hence, the property changes in the SEBS/PP system are generally smaller 
in comparison with the SBS-based blends. Moreover, irradiated PP/SBS 
blends led to structure changes of crystalline and amorphous PP and elastic 
SBS phase with the creation of new interphase consisting of a part of elas-
tic SBS phase that was cross-linked and grafted by the PP radiolysis products. 
Perera et al.78 showed the influence of the amount of SBS. With low amounts 
of SBS, chain scission predominated in PP, whereas for high amounts of SBS 
(>30%), cross-linking in the butadiene block of SBS compensated the chain 
scission in PP. Hence, high amounts of SBS copolymers in a PP matrix led 
to a decrease in their melt flow index (MFI) because the presence of SBS 
decreased the PP sensitivity to radiation effects.

LLDPE/polydirethylsibxane (PDMS) blends with various rates of PMDS (0, 
10, 20, 30, 40, 50, 60, 70, and 100) were electron beam irradiated.79 In the blends 



285Modification of Polymer Blends by E-Beam and γ-Irradiation

where LLDPE consisted in the matrix and PDMS was the dispersed phase, 
Giri et al.79 evidenced not only intermolecular cross-links within the LLDPE 
matrix and within the PDMS rubber, but also interfacial cross-links between 
LLDPE and PDMS rubber. The optimum radiation doses were identified to 
range from 100 to 300 kGy for obtaining the best balance in physicomechani-
cal properties depending on the composition.

9.9.2 � Blends of Two Immiscible Elastomers

Elastomers are classically blended to improve the physical and mechanical 
properties of the final material. For example, Dubey et al.19 incorporated suit-
able amounts of EPDM in the SBR matrix because it was expected to impart 
significant heat and ozone resistance to the SBR matrix. The irradiation-
induced vulcanization of SBR/EPDM blends was proved to combine desired 
properties and high mechanical strength. For example, the formation of a 
cross-linked network led to a decrease in elongation at break. Cross-linking 
restricts the movement of the polymer chain against the applied force. 
Moreover, to decrease the radiation dose (and hence, the cost of radiation), 
multifunctional acrylates (MFAs) and allylic reactive molecules were used.

Natural rubber (NR)/SBR blends exhibit improved oxidative stability com-
pared to pure component and their mechanical properties could be improved 
by vulcanization. Manshaie et al.80 compared NR/SBR cured blends either by 
electron beam irradiation or by sulfur vulcanization. The irradiated blends 
have better mechanical properties and better heat stability than those cured 
by a sulfur system. The irradiated blends exhibited higher tensile strength, 
hardness, and abrasion resistance than nonirradiated ones. However, cross-
linking provokes the decrease in elongation at break and resilience.

In the same manner as blends of thermoplastics or thermoplastic/
elastomer, irradiated blends of elastomers can undergo chain scission due 
to degradation or cross-linking, depending especially on the dose range. 
For example, Zurina et al.81 measured tanδ versus temperature for 50/50 
epoxidized natural rubber (ENR-50)-EVA blends by DMA. At 60 kGy, the 
irradiation-induced cross-link enhanced the Tg of the blend, whereas at 
higher dose (100 kGy), the Tg decreased due to the occurrence of oxidative 
degradation that broke the cross-link structure.

In EPDM/SBR blends, if EPDM is the rich phase, 15 kGy irradiation 
decreases the tensile strength indicating that chain scission and decreasing 
in cross-linking are the most evident mechanisms. The increase in tensile 
strength of SBR-rich blends at low irradiation levels can be explained by 
the presence of aromatic rings in the polymer, which are relatively resis-
tant toward degradation. However, higher dosages of radiations enhance 
cross-linking and increases the tensile strength but reduced the elongation 
at break.

Three different compositions of EPDM-butyl rubber (IIR) blends (3:1, 1:1, 
and 1:3) were γ-irradiated. The evolution of the gel fraction versus irradiation 
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doses for the three compositions showed that butyl rubber is more suscep-
tible than EPDM to radiolytic degradation. Hence, the radicals provided by 
IIR would be grafted on the macromolecules of EPDM or they would recom-
bine to restore the initial structure. Thus, the gel content of irradiated 75/25 
EPDM-IIR is always higher (whatever the dose rate) than that of 50/50 or 
25/75 composition. Finally, a greater content of EPDM in its blend with butyl 
rubber provides a certain resistance against oxidation.

9.10 � Irradiation in Some Application Fields

Polymer blends could be irradiated for the same purpose as polymers.82 
For example, polymer devices for medical applications have been steril-
ized by irradiation for many years. Irradiation could also be used to obtain 
a polymer material suitable to foam by modifying its structural parameters 
(macromolecular mass, branch content).83–85 For such an application, even if the 
irradiation of polymer blends is more complex than the irradiation of a pure 
polymer, the main objectives are the same in both cases. Thus, the following 
part will consider only the specific applications of irradiated polymer blends.

9.10.1 � Irradiation of Recycled Polymer Blends

It is possible to recycle polymers (mainly thermoplastics) to give them a sec-
ond life. Generally, some treatments are needed to upgrade their properties, 
because they were degraded or polluted in some extents during their first 
life or their reprocessing. Irradiation was recognized as one of the meth-
ods used in this purpose.33 Most often, a fraction of a recycled polymer is 
incorporated into a virgin polymer with the same nature, and irradiation 
is performed to improve mechanical (or other) properties. Such dilution was 
studied in many cases for PE9,86–90 or PET.91 In some cases, the recycling of 
two polymers leads to combining them to obtain a new material. For these 
blends, the problem with compatibilization is the same as for virgin poly-
mer blends.

However, in most cases, the presence of a second polymer (or more) is 
not desired. According to the sorting process, two, three, or more polymers 
could be blended in various ratios. Moreover, the compatibilizing treatment 
should be robust to take into account the changes in composition of wastes 
during time. Different researchers’ teams studied if irradiation could be 
such a robust treatment.60,92–94

Zenkiewicz et al.60,93,94 blended five common polymers: LDPE, HDPE, PP, 
PS, and PET. The content of each polymer was 24, 23, 21, 15, and 17 wt%, 
respectively. This composition was considered close to that of packaging 
plastic waste being dumped in Poland. E-beam irradiation was combined 
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with the incorporation of compatibilizers (10 wt% of SEBS-g-MAH or 1 wt% 
of TMPTMA) to improve the mechanical properties of the blend. Dose range 
was 0 to 300 kGy under ambient conditions. In any cases (with or without 
compatibilizers), irradiation did not lead to an improvement in mechanical 
properties. Charpy and tensile-impact strengths hardly changed even at a 
dose of 300 kGy for the noncompatibilized blend and the TMPTMA com-
patibilized blend. The addition of SEBS-g-maleic anhydride (MAH) allowed 
an increase in impact strength, but irradiation made this property decrease.

Elmaghor et al.92 blended three common plastics in the packaging indus-
try: HDPE, PVC, and PS. Compositions were changed but HDPE was always 
the major polymer. Two compatibilizers were used at different contents: EVA 
(to compatibilize HDPE and PVC) and SEBS (to compatibilize HDPE and PS). 
As in the previous study, γ-irradiation (up to 200 kGy) was also performed to 
compatibilize the polymers. In most cases, irradiation could not improve the 
mechanical properties. Tensile strength hardly changed while elongation at 
break decreased. However, in some cases, impact strength could increase, in 
particular for moderate doses (50 to 100 kGy) (Table 9.4). The highest increase 

TABLE 9.4

Impact Strength (J.m–1) of Various Systems

Irradiation dose (kGy)

0 50 100 150 200

HDPE 14 17.21 23.44 NB 23.62
90-10 PS-SEBS 1.92 2.24 3.07 1.33 1.26
PS 0.66 0.66 0.66 0.66 0.66
90-10 HDPE-PVC 6.30 6.45 6.25 5.93 3.44
90-10 HDPE-PS 7.11 7.62 9.03 10.32 8.03
HDPE-PS-PVC-EVA-SEBS wt ratios
  70-15-15-0-0 2.39 2.43 3.34 2.29 2.15
  70-15-15-2.5-2.5 3.09 3.33 3.65 2.36 2.22
  70-15-15-5-5 3.27 3.57 4.38 2.47 2.54
  70-15-15-7.5-7.5 3.38 3.87 4.63 3.69 2.77
  70-15-15-10-10 3.96 5.00 5.38 7.22 4.86
  70-15-15-15-15 4.44 5.82 8.18 NB 7.54
  90-5-5-7.5-7.5 21.27 23.74 NB NB NB
  80-10-10-7.5-7.5 6.75 7.94 10.95 8.61 6.62
  70-15-15-7.5-7.5 3.38 3.87 4.63 3.69 2.77
  60-20-20-7.5-7.5 2.06 2.15 2.82 2.20 1.94
  50-25-25-7.5-7.5 1.88 1.97 2.35 2.08 1.70

Source:	 Elmaghor, F., Zhang, L., Li, H., Recycling of high density polyethylene/
poly(vinyl chloride)/polystyrene ternary mixture with the aid of high 
energy radiation and compatibilizers. Journal of Applied Polymer Science 
2003, 88, 2756–2762. With permission.

Note:	 NB, no break.
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was obtained for a HDPE-rich blend with low contents of PVC and PS (5 wt% 
for each polymer) and higher contents of compatibilizers (7.5 wt% for each 
one). While the effect of irradiation depends strongly on the composition, 
this method could not be considered as a robust method overcoming the 
changes in waste compositions.

Another specific problem concerns the recycling of cross-linked macro-
molecular structures as thermosets or rubbers. These materials could not 
be reprocessed by melting and molding. One solution is their grinding and 
incorporation into a new polymer matrix as fillers. Thus, several articles 
carried out the irradiation of a thermoplastic matrix containing ground 
rubber particles. No entanglement between rubber and thermoplastic macro
molecules could be expected due to the cross-linked structure of rubber. 
Moreover, particle size is generally very high (more than one hundred 
microns). Consequently, the incorporation of ground rubber decreases dras-
tically the mechanical properties of the material.

R. Sonnier et al.42 γ-irradiated some recycled HDPE/ground tire rubber 
(GTR). GTR content was varied between 0 and 70 wt%. The irradiation dose 
ranged between 0 and 100 kGy. Elongation at break and Charpy impact 
strength of pure polyethylene decreased while Young’s modulus and yield 
stress increased with increasing irradiation dose. These changes are related 
to the cross-linking of polyethylene under irradiation. On the contrary, for 
the 50/50 HDPE-GTR blend, elongation at break and Charpy impact strength 
increase significantly with increasing dose up to 50 kGy. Such an improve-
ment of ductility was ascribed to the cross-linking at the interface between 
the polyethylene and the rubber, which are two cross-linkable materials by 
irradiation. It must be noticed that this phenomenon is observed only when 
the irradiation is performed before injection molding.

M.M. Hassan et al.59,65,95 incorporated waste rubber into different matrices 
(PA6/PA66, PE, NR) and irradiated the blends sometimes in the presence of 
additives. For PE/waste rubber blends, tensile strength increased and elonga-
tion at break decreased with irradiation due to the cross-linking of the matrix. 
All mechanical properties of polyamide (PA)/waste rubber blends decreased 
with increasing irradiation dose probably because of a strong degradation of 
the matrix. Finally, a slight increase of tensile strength and elongation at break 
was reported for NR/GTR blends with a low dose of 30 kGy. Nevertheless, the 
same tendency was observed for pure NR. Abou Zeid et al.41 have irradiated 
EPDM/HDPE blends. EPDM was partially substituted by GTR. Irradiation 
promotes the cross-linking of the material and thus increases in tensile 
strength and decrease to the elongation at break. The partial substitution of 
EPDM by GTR leads to the decrease of all mechanical properties.

In the above studies, no interfacial cross-linking as previously reported by 
Sonnier et al.42 was observed. It is possible that this difference is ascribed to 
differences in processing. While blends were injection molded after irradia-
tion in the work of Sonnier et al.,42 irradiation was performed on standard 
specimens in all other studies.
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9.10.2 � Shape Memory Effect

Under specific stimulus, shape memory materials could move from a tem-
porary shape to their original shape.96 The stimulus could be light, pH, or 
electric or magnetic field, but the most common stimulus is heat. In this case, 
a shape memory polymer (SMP) possesses a switch transition temperature. 
When the SMP is subject to deformation, its cross-linking structure could 
store internal stress if it is cooled below this switch temperature. When the 
polymer is heated above this temperature, it returns to its original shape. 
Shape memory polymer blends could be achieved using irradiation.

Zhu et al.97 studied a biocompatible shape memory polymer blend based on 
poly(ε-caprolactone) (PCL) and polymethylvinylsiloxane (PVMS). Pure PCL 
was subject to scission rather than cross-linking under irradiation. In the 
presence of a small amount of PVMS (<20 wt%), both polymers are miscible 
in the amorphous phase and the radiation cross-linking of PCL is enhanced. 
Mechanical properties were improved, and a strong shape memory behav-
ior was achieved. Above the melting point of PCL, the blend exhibited a 
rubber-like state and could be deformed. The switch temperature was the 
melting temperature of PCL. With 5 to 15 wt% of PVMS and under 100 kGy 
γ-irradiation, the deformation fixation ratio and the deformation recovery 
ratio were 100%.

Irradiation of LDPE/EVA blends has been extensively studied because of 
their particular interest as heat-shrinkable materials for the wire and cable 
industry.46–50,55,56,75,98–104 Heat-shrinkable materials are a kind of shape mem-
ory materials with heat as their stimulus.

Chattopadhyay et al.49 prepared LDPE/EVA films irradiated using an 
electron beam accelerator. A sensitizer (ditrimethylol propane tetraacrylate, 
DTMPTA) was also added. They studied heat shrinkability after optimizing 
the conditions of the test. The films with an initial lengh L0 (2.5 cm) were 
stretched to a particular percent stretching (40%) and at a definite tempera-
ture (343 K) for 120 s. After any elastic recovery, the lengh L1 was measured. 
The films were placed in an oven at a given temperature (353 K) for a cer-
tain time (60 s). The new lengh L2 was then measured. Heat shrinkage was 
defined as 100(L1 – L2)/L1. The amnesia rating was defined as 100(L2 – L0)/L0.

Their results were explained on the basis of elastic recovery (it means cross-
linking density) and crystallinity. EVA increased the amorphous fraction 
of the blends and enhanced its radiation cross-linking. Heat shrinkability 
increased with the increase in crystallinity and decreased with the increase 
in gel fraction. DMPTMA level, EVA content, and radiation dose decreased 
the heat shrinkability. The amnesia rating also decreased with increasing 
radiation dose and EVA content.

Viksne et al.103 studied the heat shrinkability of films based on polyole-
fin waste. Films based on LDPE, HDPE, and their blends were subjected to 
γ-irradiation (up to 250 kGy). They were drawn at 130°C and cooled under 
tension. By further heating under relaxed conditions, the films exhibit 
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a “memory effect.” The authors concluded that the extent of shrinkage 
depended on the degree of degradation of PE wastes and on the irradiation 
dose. They showed that PE wastes needed higher doses than virgin PE to 
exhibit the “memory effect” (150 kGy rather than 100 kGy).

9.10.3 � Preparation of Hydrogels

Polymer hydrogels are cross-linked hydrophilic polymer networks that 
are able to swell considerably in an aqueous medium. The development of 
hydrogels is a dynamic field of research, and these materials could be used 
in various applications as agriculture, wastewater treatment, and of course 
biomedicine and pharmacy (drug delivery systems, wound dressing, soft 
contact lenses, etc.).

Irradiation is one of the best methods to prepare polymer hydrogels while 
it avoids the use of potentially toxic additives. Moreover, sterilization for bio-
medical applications could be performed in the same time. Irradiation of 
polymers in aqueous solution provokes a radiolysis of water, leading to the 
formation of reactive radicals, as OH– radicals. The radicals could react with 
macromolecules and transfer the radical center to chains.

Polymer blend hydrogels could be prepared to combine properties of both 
polymers or to obtain a good balance between some properties. In particular, 
hydrogels based on a synthetic polymer and a polysaccharide are extensively 
studied. In aqueous solution, many polysaccharides like chitosan could not 
cross-link under irradiation. Macromolecules are not enough close to each 
other to cross-link. Therefore, degradation occurs. On the contrary, when 
polysaccharide is blended with a synthetic cross-linkable polymer like 
poly(vinyl alcohol) (PVA), polyethylene oxide (PEO), or polyvinyl pyrolidone 
(PVP), stable hydrogels could be prepared even as the addition of polysac-
charide decreases the gel fraction and the cross-linking density. Yan et al.105 
studied hydrogels based on poly(vinylmethylether) (PVME) and carboxy-
methylchitosan (CM-chitosan or CMCS). The ratio between these two poly-
mers was 50/50, and the e-beam radiation dose ranged from 20 to 60 kGy. 
The authors showed that irradiation led simultaneously to the cross-linking 
of PVME, the grafting of some CM-chitosan chains onto PVME macro
molecules and the degradation of CM-chitosan chains to shorter chains 
(Figure 9.8). Similar results were obtained by Abad et al.106 on PVP-kappa car-
rageenan (KC) hydrogels. KC was mainly entrapped into cross-linked PVP 
gel, leading to a semi-interpenetrating polymer network (Semi-IPN). Some 
KC chains were also grafted on PVP networks. Grafting of KC increased 
with increasing KC content.

Zhao et al. prepared antibacterial hydrogels based on PVA and carboxy-
methylated chitosan (CM-chitosan) with e-beam irradiation.107 PVA was 
cross-linkable under irradiation, but this polymer had no antibacterial 
activity. A hydrogel based on 10 wt% of PVA and not more than 3 wt% of 
CM-chitosan showed an antibacterial activity against Escherichia coli.
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Thermosensitive,7 pH-sensitive,108 and even thermo- and pH-sensitive105 
hydrogels were prepared by several research teams using irradiation. In the 
latter reference, PVME was used due to its thermoresponsive behavior in 
the temperature range studied (20 to 40°C). Indeed, this polymer presents a 
lower critical solution temperature close to 37°C. Below this temperature, there 
is hydration of PVME chains leading to the swelling of the PVME network. 
Above 37°C, dehydration and further deswelling occur. Although nonionic 
polymers like PVME do not exhibit pH sensitivity, CM-chitosan was used in 
this purpose. CM-chitosan is an amphoteric polymer containing amino and 
carboxyl groups, forming a network with oppositely charged structures. At 
low or high pH, swelling occurs due to the electrostatic repulsion between pro-
tonated amino groups and dissociated carboxylic groups. But at pH = 3, there 
is an equivalent amount of these groups and minimum swelling was obtained.

A generally increasing radiation dose leads to increasing gel strength, 
increasing gel fraction, but decreasing swelling behavior. Moreover, above 
a specific dose, degradation of macromolecules occurs. Thus, an optimal 
dose should be determined. For a hydrogel based on kappa-carrageenan and 
polyethylene oxide, Tranquilan-Aranilla et al.109 obtained an optimal dose of 
10 kGy to optimize the properties of their hydrogel.

Zhai et al.110 studied PVA/starch hydrogels. Starch is composed of amylopec-
tin and amylose and the effect of irradiation on both components is very differ-
ent. Gel fraction decreases with increasing starch content. One starch fraction 
is physically entrapped in PVA gel while another fraction is chemically grafted 
on PVA chains. Further analysis showed that amylopectin is not intermiscible 
with PVA and could not react with PVA. On the contrary, amylose could be 
blended homogeneously with PVA and grafting reaction could occur.

Yang et al.111,112 prepared hydrogels based on PVA and water-soluble chi-
tosan using various processes: γ-irradiation alone (30 kGy), freeze-thawing 

(a) (b)

PVME
CMCS
Cross-linking

FIGURE 9.8
Structure of (a) poly(vinyl methyl ether) (PVME)-cn-chitosan graft hydrogel, (b) semi-inter-
penetrating polymer network (IPN) hydrogel cross-linked using EB. (From Yan, S. F., Yin, J. B., 
Yu, Y., Luo, K., Chen, X. S., Thermo- and pH-sensitive poly(vinylmethyl ether)/carboxymethyl-
chitosan hydrogels crosslinked using electron beam irradiation or using glutaraldehyde as a 
crosslinker. Polymer International 2009, 58, 1246–1251. With permission.)
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alone (three cycles between –20 and 25°C—freeze-thawing is another com-
mon method to prepare hydrogels without chemical cross-linked polymer 
networks) and a combination of both processes (irradiation after freeze-
thawing and freeze-thawing after irradiation). While hydrogels prepared by 
irradiation alone have too low mechanical properties for wound dressing 
application, hydrogels prepared by irradiation and freeze-thawing are suit-
able. The authors found that the structure of hydrogels is mainly determined 
by the first processing step. The gel fraction does not change significantly 
with the process. When irradiation is performed before freeze-thawing, 
hydrogels show better mechanical strength, higher swelling capacity and 
thermal stability, and are less turbid because irradiation leads to chemical 
cross-linking of chains from both polymers and then limits the phase sepa-
ration occurring in the freeze-thawing process.

Nurkeeva et al.113 studied the influence of pH on the structure of a 
poly(acrylic acid)-poly(vinyl alcohol) hydrogel. They found that hydrogel 
films could be prepared only between two critical pH values, pH1 and pH2. 
Below the lower value (pH1 = 2.75 to 3), the formation of hydrophobic inter-
polymer complexes led to their aggregation into particles of a colloidal dis-
persion. Above the second critical pH (pH2 = 4.5), both polymers were not 
miscible. Therefore, γ-irradiation did not lead to the cross-linking. The prod-
ucts were fully soluble. High gel fraction (>70%) was only obtained for pH 
ranging between pH1 and pH2.

9.10.4 � Enhanced Electrical Conductivity of Polymer Blends 
by Irradiation

Under irradiation, some ionic species are generated that could enhance the 
conductivity. Nevertheless, this irradiation-induced conductivity is not sta-
ble and decreases faster. However, irradiation could be used indirectly to 
make some polymer blends durably conductive.

Polyaniline (PANI) is a nonconductive polymer that could be rendered 
conductive by HCl doping. Several methods exist to accomplish such a dop-
ing. One of them is the incorporation of a chlorine-containing polymer into a 
polyaniline matrix and the irradiation of the resultant blend. Ionizing radia-
tion (e-beam or γ-irradiation) leads to the dehydrochlorination of the second 
polymer and the subsequent doping of the PANI (Figure 9.9). Several chlo-
rine-containing polymers were tested in this approach, PVC, chlorinated 
polyisoprene, poly(vinylidene chloride-co-vinyl acetate), poly(vinylidene 
chloride-co-vinyl chloride).114–116

Bodügoz-Sentürk and Güven114 have prepared by solution casting and 
γ-irradiated some PANI/P(VDC-co-VAc) films. A strong increase of 9 orders 
of magnitude in the conductivity of these films was obtained for a dose of 
500 kGy (from 10–9 to almost 10–1 S/cm). The total dose, the temperature, the 
stretching, and the thickness of the films had an effect on the conductivity. 
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However, the most influent parameter was the content of the P(VDC-co-
VAc). An optimal P(VDC-co-VAc)/PANI molar ratio of 0.5 allowed to obtain 
a conductivity close to 0.1 S/cm at 500 kGy. If this ratio was fixed to 2, the 
conductivity decreased to less than 10–4 S/cm for the same dose. Moreover, 
the authors claimed that the conductivity of the films was stable for at least 
1 year under ambient conditions.

Another interest of irradiation in the field of the conductivity of polymer 
blends was shown by Faez et al.117 These authors incorporated EPDM to PANI 
in order to improve mechanical properties of the material. PANI was doped 
not with irradiation, but with dodecylbenzene sulfonic acid by reactive pro-
cessing in an internal blender. To cross-link the EPDM, a phenolic resin and 
e-beam irradation (75 and 150 kGy) were compared. Contrary to the cross-
linking by phenolic resin, the cross-linking by e-beam irradiation did not inter-
fere with the presence of the acid necessary for doping PANI. Consequently, 
better mechanical properties were obtained. Moreover, irradiation-induced 
additional conductivity led to a slightly more conductive material.
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FIGURE 9.9
Radiation-induced dehydrochlorination of polyvinyl chloride (PVC) and poly(vinylidene 
chloride (PVDC) and concomitant doping of polyaniline (PANI)-base with released HCl. 
(From Güven, O., Radiation-induced conductivity control in polyaniline blends/composites. 
Radiation Physics and Chemistry 2007, 76, 1302–1307. With permission.)
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9.10.5 � Synthesis of Silicon Carbide Fibers

Silicon carbide fibers are difficult to obtain by conventional powder process-
ing methods. One way to synthesize such fibers is to pyrolyze organosili-
con polymers like polycarbosilane after melt-spinning and cross-linking. 
Polycarbosilane fibers should be cross-linked to avoid their melting during 
pyrolysis. Two processes are used for this purpose: oxidation curing in hot 
air and irradiation in an inert atmosphere.118,119 The radiation dose is very 
high in this process (1 to 10 MGy). Even though the fibers prepared from oxi-
dation curing have low thermal resistance, irradiation allows us to achieve 
fibers with low content of oxygen and consequently with an increasing ser-
vice temperature (1300°C and more).120

Nevertheless, a polycarbosilane precursor is not easy to spin, and 
researchers tried to incorporate a polymer additive to improve its spin-
ning ability. Su et al.120 incorporated a small amount of polypropylene to 
polycarbosilane. Both polymers are compatible, because of the proximity 
of their structures. Spinning ability is significantly improved and average 
continuous fiber length increases from 4800 to 9312 m with 5 wt% of PP. 
Moreover, the tensile strength of the fibers increases from 8.5 to 17 MPa 
while the diameter remains unchanged (14.6 microns). Polypropylene 
also has a great effect on electron-beam radiation curing. Under an inert 
atmosphere, polypropylene is able to cross-link. A gel fraction of 80% is 
achieved for only 2 MGy while polycarbosilane attains such a gel fraction 
for a dose higher than 6 MGy. The incorporation of PP into polycarbosi-
lane (PCS) leads to the cross-linking at lower doses. This result is very 
important, because the dose rate is usually low to avoid the sticking of the 
fibers due to the heat generated by radiation. Then the curing is costly. The 
incorporation of a small amount of PP allows for reduction of the curing 
time. The authors show also that there are chemical interactions between 
PP and PCS under radiation. Finally there is no detrimental effect of PP on 
the properties of the silicon carbide fibers.

Polyvinylsilane (PVS) has been also incorporated into PCS to improve the 
spinning ability of the silicon carbide fibers.121,122 PVS plasticizes PVC and 
decreases the spinning temperature: 490 K for a 80/20 PCS-PVS blend versus 
600K for PCS.121 Thinner diameters are obtained with an addition of 10 or 
20 wt% of PVS. After γ-irradiation and pyrolysis, tensile strength is higher 
for fibers from PCS/PVS blends at the same dose.122 Moreover, fibers (with-
out fusing) could be achieved at a lower dose when PVS is added to PCS. 
Nevertheless, the addition of PVS increases the oxygen content in the fibers 
and therefore decreases their heat stability. Cross-linking under inert atmo-
sphere has also been carried out to avoid this problem, but in this case, a 
higher dose is needed for curing PCS/PVS blends than for pure PCS.

Wach et al.123 used a precursor polymer blend to develop a silicon carbide 
ceramic coating on porous alumina substrate as a gas separation mem-
brane. A small amount (5 to 20 wt%) of polyvinylsilane was blended with 
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polycarbosilane in order to obtain SiC film without defects. Such defects 
(cracks or pinholes formed during pyrolysis) reduced drastically the selec-
tivity of the membranes.

9.11 � Conclusions and New Trends

Irradiation is an efficient method to modify the structure of a polymer. 
Various phenomena could be promoted by irradiation like cross-linking, 
grafting, chain scissioning, and oxidation. The net effect of irradiation 
depends mainly on the chemical structure of the polymer, on the radiation 
dose, on the presence of some additives (radicals scavengers or cross-linking 
promoters) and on some other conditions (like atmosphere).

In the case of polymer blends, phenomena could occur not only in the 
bulk of each polymer but also at the interface. Therefore, another parameter 
could influence the phenomena induced by irradiation: the morphology of 
the blend. In the previous pages, some works have described the role of mor-
phology: the stabilizing effect from aromatic rings is allowed only for the 
closest chemical groups, and grafting between two polymers is promoted 
in the case of miscibility. Miscibility seems to be a strong condition to favor 
interactions between both constituents, but some works show also that the 
behavior under irradiation of nonmiscible blends does not follow a simple 
rule of mixtures.

Irradiation is distinguished from other methods of compatibilization by 
its decoupling with other processing steps like melt blending and injec-
tion molding. Moreover, irradiation is performed at room temperature, and 
macromolecules have low mobility and radicals could have a high lifetime, 
in particularly in crystalline domains. Therefore, postprocessing phenomena 
could be occurring. These differences allow irradiation leading to different 
materials according to their position during the processing of the material 
(before blending, before or after molding). From this point of view, irradia-
tion could be considered as a very versatile method.

Recently, the Leibniz Institute of Polymer Research Dresden developed 
a process that allows the coupling between e-beam irradiation and melt-
mixing.124–126 A 1.5 MeV electron accelerator has been coupled to a Banbury 
mixing chamber. In this process, polymers are fully melted and then there 
is no crystallinity. Irradiation is performed at high temperatures and macro-
molecules are highly mobile. Moreover, contrary to classic static processes, 
the radiation dose is delivered during intensive mixing. First studies are car-
ried out on polyolefins (PP and PE) filled with a high content of magnesium 
hydroxyde (MH) (60 wt%) and tryallyl cyanurate (TAC) (2 wt%) as a grafting 
agent.126 Results show that better mechanical properties (elongation at break 
and toughness) are obtained with this in-line electron-induced reactive 
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processing method, in comparison with the static process (irradiation after 
melt blending). Charpy toughness of PE/MH/TAC exceeds 35 kJ/m2 in the 
former process against 12 kJ/m2 in the latter.

Rooj et al.125 prepared a polypropylene/epoxidized natural rubber 50/50 
PP-ENR blend in the presence of triallyl cyanurate (TAC) (2 wt%). In a first 
step, they irradiated PP/TAC during melt mixing at 50 kGy. In a second step, 
ENR was added in the mixing chamber. This blend was compared to PP/
TAC/ENR blend prepared in one step (without irradiation). Irradiation gen-
erated polar carboxylic acid groups on PP, and degradation was prevented by 
TAC. Carboxylic acid groups could react with epoxy groups on ENR result-
ing in finer morphology and better mechanical properties.

50/50 PP/EPDM thermoplastic vulcanizates were processed using in-line 
electron-induced reactive processing method.124 The authors studied the 
influence of some parameters like radiation dose (25 to 100 kGy), electron 
treatment time (15 to 60 s), and electron energy (0.6 and 1.5 MeV). Two phe-
nomena are promoted by irradiation: in situ compatibilization of PP and 
EPDM and cross-linking of EPDM. The absorbed dose has a great effect on 
final properties and morphology like in the static irradiation process. But 
electron treatment time and electron energy also have a significant effect. It 
should be noticed that in this process the penetration depth of electrons is 
limited to a part of the mixing chamber. Thus, contrary to static irradiation 
processes, these parameters control the ratio of radical generation rate to 
mixing rate (dose per rotation) and the ratio of modified volume to total mix-
ing volume. Best mechanical properties (tensile strength and elongation at 
break) were obtained with a dose of 100 kGy delivered during 15 s (the lowest 
time applied) and an electron energy of 1.5 MeV. EPDM nodule size was as 
low as 0.04 μm.
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10.1 � Introduction

Patterned polymer structures with different functionalities at the nanoscale 
have potential applications, such as flash memory devices,1 quantum dots,2,3 
templates for nanolithography,4–8 semiconductor transistors9–11 and LEDs.12–14 
For the majority of these applications, the first challenge with respect to the 
fabrication is that the polymer structures must be patterned in nonuniform 
geometries to satisfy the specifications of the application. For example, com-
plex geometries, such as sharp 90º bends, jogs, and T-junctions, are required 
for integrated circuit layouts.15 In some cases, arbitrary structures are also 
required. In addition to needing complex and nonuniform geometries, the 
other three challenges are (1) fabricating high precision nanostructures (i.e., 
complete replication of underlying nanopatterns) (2) patterning different 
geometries with multiple length scales on a single substrate, and (3) fabricat-
ing these highly ordered structures in a rapid and one step fashion.

Block copolymers (BCPs) are of significant interest in this area because of 
their ability to self-assemble into a variety of interesting and useful morpholo-
gies for application in nanolithography and nanodevices.16–19 Obtaining long-
range order in block copolymers has received much attention.20–23 Nealey’s 
group24,25 has successfully used chemically functionalized templates to pattern 
BCPs into uniform and nonuniform patterns down to sub-100 nm range. They 
have demonstrated that the best replication occurred when the phase domain 
size and pattern periodicity were commensurate and the long-range replica-
tion of the pattern required a 10% or less variation between phase domain size 
and pattern periodicity.24 Although the assembly of BCPs could achieve the 
nanostructures with high precision at a small scale, this commensurability 
requirement and the limited size of the structure dictated by the molecular 
structure of the polymer (e.g., block length) (1) restricts the range of accessible 
patterns, (2) does not allow for multiscale patterning on a single substrate, 
and (3) does not permit the preparation of nonuniform structures using block 
copolymers alone. To facilitate the assembly of BCPs into patterns with fea-
tures like angled lines, homopolymers were used.25 This allowed the assembly 
of the block copolymer into angles with few defects. Disordered morpholo-
gies, however, were still found in the corner area of angles as sharp as 45º.

Polymer blends offer some advantages over block copolymers. Blending 
two commercially available polymers is more cost efficient and offers a wide 
range of materials compared to synthesizing new block copolymers. Polymer 
blends are not limited by a block length as in the BCPs and thus offer more 
flexibility in terms of pattern size and shape, which facilitates conforming to 
nonuniform geometries. In addition, polymer blends may enable fabrication 
of patterns with multiple length scales in a single substrate (or operation), 
which is potentially more difficult to achieve using block copolymers. 
Patterning of polymer blends, however, has been less studied in comparison 
to controlled self-assembly of block copolymers. Cyganik et al.26–28 used 
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Microcontact Printing to create a pattern of lines with a periodicity of 4 μm. 
With this pattern, they illustrated near complete directed assembly of poly-
styrene (PS)/poly(2-vinylpyridine) (PVP) polymer blends. Their best polymer 
assembly occurred when the pattern periodicity and phase domain size were 
commensurate. Ginger and coworkers29,30 generated uniformly spaced dot 
patterns with dip pen nanolithography (DPN). They demonstrated assembly 
for PS/poly-3-hexylthiophene (P3HT) in patterns as small as 150 nm.

In this chapter, two methods for nanomanufacturing of highly ordered poly-
meric features in nonuniform geometries by directed assembly of polymer 
blends on chemically patterned surfaces are discussed. In the first method, 
chemically functionalized templates were used to direct the assembly of a 
PS/polyacrylic acid (PAA) blend into nonuniform patterns. The patterns were 
created by combining electron beam lithography (EBL) and self-assembled 
monolayers of alkanethiols (nanotrench templates). The effect of specific 
chemical interactions on the ability to control the site-specific deposition of 
polymer blends is described. The spin coating speed and solution concentra-
tion were varied to achieve patterns with different length scales. In the sec-
ond method, a PS/polymethyl methacrylate (PMMA) blend was assembled 
into complex nonuniform patterns at multiple length scales on a single sub-
strate with the aid of a solvent annealing step, which was less than 1 hour. In 
this case the chemically functionalized templates were created using DPN.

Chemically functionalized surfaces prepared using these two approaches 
have been used to generate a variety of complex geometries including 90º bends, 
T-junctions, and square and circle arrays at high rates. The chemically patterned 
surfaces allowed the assembly process to be accomplished in short times (less 
than 1 hour) without the need for the long annealing times (3 to 7 days) some-
times required in the conventional assembly of block copolymers.24 Processing 
conditions, such as spin speed and solution concentration, can be controlled to 
achieve patterns at smaller scales. Multiscale patterns on a single substrate were 
also successfully demonstrated using a chemically functionalized surface. These 
technologies provide a pathway for the preparation of nonuniform and complex 
patterns using readily available materials and the nanomanufacturing of poly-
meric nanostructures at high rates and high volumes. These patterned polymeric 
structures with multiple surface functionalities can be used downstream for the 
fabrication of microphotonic arrays, biosensors, and other applications.

10.2 � Experimental

10.2.1 � Materials

11-Amino-1-undecanethiol hydrochloride (MUAM) with 99% purity and 
11-Hydroxy-1-undecanethiol (HUT) with 97% purity were purchased from 
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Asemblon, Inc. (Redmond, Washington). 11-Mercaptoundecanoic acid 
(MUDA) with 97% purity, 16-mercaptohexadeconic acid (MHA) with 90% 
purity and 1-octadecanethiol (ODT) with 98% purity were purchased from 
Aldrich (St. Louis, Missouri). Polystyrene (PS) standard with 18,100 Da 
Mw, poly (acrylic acid) (PAA) with 2000 Da Mw, polymethyl methacrylate 
(PMMA) standard with 15,000 Da Mw, PS-PAA block copolymers and the sol-
vents including acetonitrile, acetone, anhydrous ethanol, toluene, and N,N-
dimethylformamide (DMF) were purchased from Aldrich.

10.2.2 � Methods

10.2.2.1  �Patterning of Alkanethiols Using the Nanotrench Template

The PMMA trench patterns (300 nm wide with 700 nm spacing) with differ-
ent geometries were created on a gold substrate as follows. A 120 nm thick 
Au layer was evaporated onto a Si (100) wafer with 5 nm thick Cr as an adhe-
sion layer. The PMMA resist with 150 nm thickness was spin-coated onto the 
Au substrate. EBL was used to write previously programmed patterns on 
the PMMA film. The exposed PMMA regions were developed using methyl 
isobutyl ketone solution and then treated by oxygen plasma for 5 seconds to 
remove the residual PMMA resist at the bottom of the PMMA trench.

After the template with PMMA pattern was cleaned by oxygen plasma, it 
was immersed into mM MUAM, or HUT or MUDA in ethanol for 24 hours 
to form well-ordered hydrophilic self-assembled monolayers (SAMs) in the 
PMMA trench area. Then, the template with assembled SAMs was washed 
by ethanol several times to remove the multiple thiol layers on the top of 
the SAMs on the surface. Afterwards, the template was extracted by acetone 
with a Soxhlet extractor for 24 hours to completely remove the remaining 
PMMA resist in the second area. Finally, the template was immersed into 
mM ODT in ethanol for 24 hours to grow the well-ordered hydrophobic 
alkanethiols on the remaining gold area (i.e., the spacing area of the original 
PMMA pattern).

10.2.2.2  �Patterning of Polystyrene/Poly(acrylic acid) Blends 
on Nanotrench Template

Once the secondary thiol treatment was finished, the chemically pat-
terned template was immediately put on the rotating plate of a spin coater 
(Specialty Coatings Systems G3P-8) prefilled with high purity nitrogen gas 
and a droplet of polymer solution, such as 1 wt% PS in DMF, 1 wt% PAA in 
DMF, or 1 wt% PS/PAA with 70/30 ratio in DMF, was placed on the top of 
the pattern area of the template. After remaining quiescent for 5 minutes, 
the polymer solution was spin-coated on the template surface with 3000 rpm 
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rotation speed and 30 seconds endurance time. With the evaporation of 
DMF, PS, PAA, or PS/PAA blends were assembled on the chemically pat-
terned template.

10.2.2.3  �Patterning of Alkanethiols by Dip Pen Nanolithography (DPN)

Gold surfaces were prepared by sputtering gold (Denton Vacuum Desk IV Cold 
Cathode gold sputtering machine) on muscovite mica (Electron Microscopy 
Sciences). A 52-tip silicon nitride array (Nanoink Inc., A-52 style Nanoink 
Array) was used to pattern a hydrophilic alkanethiol, MHA. The DPN tips 
were dipped into the 5 mM MHA in acetonitrile for 5 seconds. The array was 
then dipped into a solution of deionized water for 5 seconds. The dipping pro-
cedure was then repeated a second time and the array was then gently dried 
with a stream of inert gas (Fisherbrand Super Friendly Air’ IT) applied from 
a direction in-plane to the chip. Following the deposition of the MHA pat-
terns, the patterned substrate was subsequently backfilled with a hydrophobic 
alkanethiol ODT. The backfilling procedure entailed placing a few droplets of 
ODT onto the substrate and letting the ODT quiescent on the substrate before 
the excess ODT was blown off with inert gas.

10.2.2.4  �Patterning of Polystyrene/Polymethylmethacrylate Blends 
on DPN Template

To assemble the polymers, the gold-coated substrate containing the MHA 
pattern and backfilled ODT was placed into a spin coater. The PS/PMMA 
1% wt. solution in DMF with 50/50 weight ratio was drop cast and then spun 
coat at 5000 rpm for 60 seconds. The polymer assembled substrate was then 
placed in a glass desiccator, which contained toluene, where it was solvent 
annealed for 45 minutes.

10.2.3 � Characterization

Field emission scanning electron microscopy (FESEM) images and energy 
dispersive spectroscopy (EDS) were performed by JEOL 7401F field emis-
sion scanning electron microscopy. Atomic force microscopy (AFM) images 
were examined by scanned probe microscopy (Veeco NanoScopella, PSIA 
XE-150 mode, 40N/m tip spring constant) with noncontact mode. To calcu-
late the characteristic lengths of the initial morphologies of PS/PAA blends, 
fast Fourier transform (FFT) analyses of the corresponding atomic force 
microscopy (AFM) topography images were performed by AFM image anal-
ysis software XEI (PSIA Corp., Version 1.5). The FFT diagrams were used to 
calculate the characteristic length of the phase separated morphologies of 
polymer blends.
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10.3 � Results and Discussions

10.3.1 � Directed Assembly of Polystyrene (PS)/ polyacrylic Acid (PAA) 
Using Nanotrench Templates

EBL is a well-established patterning technology capable of creating the 
extremely fine patterns down to 10 nm due to the very small spot size 
(~2 nm) of the electrons.31 Taking advantage of the EBL capability of pat-
terning PMMA resists on a gold substrate, it was combined with the self-
assembly of alkanethiols molecules to create patterned alkanethiols with 
different chemical functionality. Figure 10.1 shows the schematic diagram of 
patterning of hydrophilic/hydrophobic alkanethiols.

Figures 10.2a and 10.2b show the FESEM images of the PMMA photoresist 
patterns on the gold surface and patterned MUAM/ODT stripes on the gold 
surface after PMMA removal and ODT backfill, respectively. As shown in 
the figures, the patterned alkanethiols are patterned the same as the origi-
nal PMMA resist pattern. To study the effect of the chemical functionality 
of the nanopattern and the selectivity of the specific alkanthiol for the cor-
responding polymer, a single component (either a PAA or PS solution) was 
spin-coated on the patterned MUAM/ODT surface. Shown in Figures 10.3a 
and 10.3b, PS was selectively assembled onto ODT avoiding the MUAM area 
with high selectivity and PAA was selectively assembled onto the MUAM 

(a) (b)
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FIGURE 10.1 (See color insert.)
Patterning of hydrophilic/hydrophobic alkanethiols combining electron beam lithography 
(EBL) and self-assembly of alkanethiol molecules. (a) 150 nm thick polymethyl methacrylate 
(PMMA) resist spin coated onto the gold deposited on a silicon wafer; (b) Patterned PMMA 
trenches were defined by electron beam and development; (c) a hydrophilic 11-amino-1-un-
decanethiol hydrochloride (MUAM) assembled in the PMMA trench area; (d) PMMA resists 
were removed by acetone to produce patterned MUAM on gold; (e) backfilled by hydropho-
bic octadecanethiol (ODT) yielding the final chemical pattern. (Reprinted with permission 
from Wiley.)
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avoiding the ODT area. PAA is a weak polyelectrolyte bringing a negative 
charge, and MUAM brings a positive charge. The directed assembly of PAA 
is believed to be driven by the strong electrostatic forces between PAA and 
MUAM. The hydrophobic interaction is thought to be the main driving force 
in directing PS to the hydrophobic ODT regions.

Following the successful assembly of each single component of PS or PAA 
on the patterned alkanethiols, a PS/PAA blend with 70/30 composition ratio 
was spin coated on the gold template with patterned MUAM/ODT mono-
layers in a 300 nm/700 nm scale. Figure 10.4a shows the directed assembly 
of the blend by the presence of a side-by-side PS/PAA film with the dark 
areas as PS and the light areas as PAA. The atomic force microscope (AFM) 
three-dimensional (3-D) image for the patterned PS/PAA film is shown in 
Figure 10.4b. As with the assembly for the single component, the hydrophobic 
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Gold

FIGURE 10.2
(a) Field emission scanning electron microscopy (FESEM) images of the patterned polymethyl 
methacrylate (PMMA) resist; (b) FESEM image of binary patterned monolayers consisting of 
hydrophilic 11-amino-1-undecanethiol hydrochloride (MUAM) (–NH3

+) (shown as dark) and 
hydrophobic octadecanethiol (ODT) (–CH3) (shown as light). (Reprinted with permission 
from Wiley.)

MUAMODTPAA on MUAM PS on ODT

500 nm 500 nm

a b

FIGURE 10.3
Field emission scanning electron microscopy (FESEM) images of (a) patterned polyacrylic acid 
(PAA), (b) patterned polystyrene (PS) on patterned 11-amino-1-undecanethiol hydrochloride 
(MUAM) (–NH3

+)/octadecanethiol (ODT) (–CH3) monolayers. (Reprinted with permission 
from Wiley.)
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PS was directed to hydrophobic ODT areas and the negatively charged PAA 
was directed to the positively charged MUAM area. In conclusion, chemi-
cally patterned surfaces were shown to be successful in directing the assem-
bly of a polymer blend solution into nanoscale structures.

The importance to nanomanfucturing is the fact that this assembly pro-
cess occurred in just 30 seconds and did not require annealing. The short 
times make it possible to control the assembly of two polymers into a pat-
terned array on a single patterned surface at high rates, necessary for cost 
effective nanomanufacturing. The strong attraction between the macromol-
ecules and chemically patterned surface allow for the rapid assembly of the 
polymer blend. The interactions between SAMs and the assembled macro-
molecules are determined by the terminal functional group of the SAMS 
at the surface. These interactions can include hydrogen bonding or van der 
Waals forces. To study the utility of this technique and the effect of surface 
functionality on the assembly, other types of alkanethiols were patterned by 
this technique. In addition to MUAM with positively charged NH3

+ terminal 
groups, 11-hydroxy-1-undecanethiol (HUT) with –OH terminal groups and 
11-mercaptoundecanoic acid (MUDA) with –COOH terminal groups were 
also patterned for the hydrophilic thiols. All of the hydrophilic thiols had the 
same alkane backbone chain length to make the SAMs of similar thickness. 
The FESEM images of patterned PS/PAA films directed by MUDA/ODT and 
HUT/ODT are shown in Figures 10.5a and 10.5b, respectively. Good pattern-
ing can be seen in the films patterned by both MUDA/ODT and HUT/ODT. 
Thus, the hydrogen bonding interactions between the –COOH group of PAA 
and the –COOH group of MUDA or the –OH group of HUT are thought to be 
a critical driving force directing the PAA phase onto MUDA or HUT.

The assembly process is a complex nonequilibrium process and depends 
on a number of other thermodynamic and kinetic factors, including the vis-
cosity of polymer systems, thickness of the film, compatibility of polymer 
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FIGURE 10.4
(a) Field emission scanning electron microscopy (FESEM) and (b) atomic force microscopy 
(AFM) three-dimensional image of patterned polystyrene (PS)/patterned polyacrylic acid 
(PAA) assembled by patterned 11-amino-1-undecanethiol hydrochloride (MUAM) (–NH3

+)/ 
octadecanethiol (ODT) (–CH3) monolayers. (Reprinted with permission from Wiley.)
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phases, molecular weight of the polymer, spin-coating speed and solvent 
evaporation rate, as well as the interaction of the polymer and the chemi-
cal functional groups on the surface. Next, it will be shown that the process 
parameters such as spin speed and solution concentration can be optimized 
to allow the assembly at different length scales.32

Generally, it is believed that well-ordered directed morphologies are typi-
cally obtained only when the characteristic length (Lc) of the polymer is 
commensurate with the periodicities (λ) of the chemical patterns. The char-
acteristic length represents the average length of vectors, randomly drawn 
passing through the two phases. It is related to the average domain size of 
the two polymers.33–35 The characteristic length (Lc) for a PS/PAA 7:3 weight 
ratio was found to be 993 ± 66 nm, as shown in the isotropic bicontinuous 
morphologies in Figure 10.6. When the pattern periodicity was commensu-
rate with the characteristic length (1000 nm (~Lc)), well-ordered replication 
was obtained. On the other hand, when the pattern periodicity was smaller 
than the characteristic length (667 nm (<Lc)), the PS (dark) regions were not 
able to register with the narrower ODT strips (467 nm), crossing into the adja-
cent MUAM functionalized surface. Similarly, if the pattern periodicity was 
larger than the characteristic length (1333 nm (>Lc)), the PS domains were not 
well formed on the wider ODT strips.

From these results, for the single-step spin-coating process, it is clear that 
for good pattern replication it is necessary that the initial (nontemplated) 
morphology of the polymer blend be on the same length scale as the desired 
pattern (commensurate). Using this information, increasing spinning speed, 
solution concentration can be used to reduce the domain size (characteriza-
tion length) to achieve patterning at a smaller length scale.

Process parameters can play a significant role in controlling the polymer 
blend morphology. Smaller domains and thus smaller characteristic lengths 
would be expected at higher spin speeds, because of the shorter times avail-
able for the phases to coalesce. Figure  10.7 shows the FESEM images of 

1 µm 1 µm
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FIGURE 10.5
Field emission scanning electron microscopy (FESEM) images of patterned polystyrene/
poly (acrylic acid) blends by patterned (a) 11-mercaptoundecanoic acid (MUDA) (–COOH)/
octadecanethiol (ODT) and (b) 11-hydroxy-1-undecanethiol (HUT) (–OH)/ODT. (Reprinted 
with permission from Wiley.)
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directed morphologies of the PS/PAA blend on the MUAM/ODT patterns 
with different periodicities for different spin speeds. Figures 10.7a through 
10.7d show the assembly on patterns with 1333 nm periodicity at different 
spin speeds. For good pattern replication, it is expected that the characteris-
tic length should match the pattern periodicity of 1333 nm. To fabricate the 
required characteristic length of 1333 nm the critical spin speed was calcu-
lated to be 2210 rpm.32 As all the spin speeds used (3000 to 9000 rpm) in this 
work were above the critical spin speed of 2210 rpm, the resultant character-
istic lengths were smaller than 1333 nm and resulted in poor replication of 
the patterns. The effects of spin speed on the directed assembly on patterns 
with a 1000 nm periodicity are seen in Figures 10.7e through 10.7h. In this 
case, well-ordered patterned structures of the PS/PAA blend were produced 
(Figure 10.7e) because the spin speed of 3000 rpm was similar to the calcu-
lated critical spin speed of 3314 rpm. Increasing the spin speed above the 
critical spin speed resulted in characteristic lengths smaller than the pattern 
periodicity of 1000 nm and increasingly disordered patterned morphologies 
(Figures 10.7f through 10.7h). The directed assembly on patterns of 667 nm 
periodicity is seen in Figures  10.7i through 10.7l. For this pattern size the 
critical spin speed was calculated to be 5862 to obtain the required charac-
teristic length of 667 nm. As expected for spin speeds either higher or lower 
than the critical spin speed, poor assembly was observed. Good assembly 
(Figures 10.7j through 10.7k) was found for spin speeds of 5000 and 7000 rpm, 
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FIGURE 10.6
Nontemplated morphology of polystyrene (PS)/polyacrylic acid (PAA) blends (top left) and 
template directed morphologies on three pattern periodicities.
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which produced characteristic lengths of 643 and 565 nm, respectively. The 
assembly on patterns with a 333 nm periodicity is found in Figures 10.7m 
through 10.7p. The critical spin speed to obtain the appropriate characteristic 
length for this pattern size was 15595 rpm. Because this is higher than the 
spin speeds used in this work, poor assembly occurred.

From these results, it is shown that control of the spin speed is an important 
processing parameter that can be adjusted to obtain the required characteris-
tic length commensurate with the pattern periodicity. Phase separation and 
domain coarsening are controlled by solvent evaporation. With solvent evap-
oration, polymer mobility is reduced; eventually mobility ceases. Increasing 
spin speed increases the rate of solvent evaporation, reducing the time avail-
able for directed assembly. The dewetting/wetting behaviors of the PS/PAA 
blend on a patterned surface are also time dependent. In addition to spin speed, 
solution concentration also affects the time available for assembly and poly-
mer mobility. It may also be used to achieve good assembly on patterns when 
the spin speed is experimentally inaccessible. Lower concentrations allow 
for the patterning of smaller characteristic lengths.The FESEM images of the 
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FIGURE 10.7
Field emission scanning electron microscopy (FESEM) images of directed assembly of poly-
styrene (PS)/polyacrylic acid (PAA) blends using alternative MUAM/octadecanethiol (ODT) 
patterns with various periodicities: (a–d) 1333, (e–h) 1000, (i–l) 667, and (m–p) 333 nm. The 
spin speeds were changed: (a,e,i,m) 3000, (b,f,j,n) 5000, (c,g,k,o) 7000, and (d,h,l,p) 9000 rpm. 
ωc stands for the critical spin speed for each pattern periodicity. (Reprinted with permission 
from ACS.)
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directed assembly of different solution concentrations of a PS/PAA blend on 
patterns with different periodicities are shown in Figure 10.8. The required 
solution concentration was calculated to be 1.24 wt% for a pattern periodicity 
of 1333 nm (Figures 10.8a through 10.8d). Because the solution concentrations 
used were smaller than 1.24 wt%, the resulting characteristic lengths were 
smaller than the pattern periodicity and resulted in disordered morpholo-
gies. Figures 10.8e through 10.8h show the assembly for a pattern periodicity 
of 1000 nm. The critical solution concentration was 0.96 wt% to obtain the 
commensurate characteristic length. Because this was close to the experi-
mental concentration of 1% (Figure 10.8e), well-ordered morphologies were 
obtained. For concentrations away from this value (0.8% and below), poor 
assembly was obtained. Similarly for a pattern periodicity of 667 nm, the 
critical solution concentration was calculated to be 0.68 wt%, close to the 
experimental concentrations of 0.6 (Figure 10.8j) and 0.8 wt% (Figure 10.8k), 
and good patterning was observed for these concentrations. For concen-
trations smaller (0.4 wt%, Figure 10.8i) or larger (1 wt%, Figure 10.8l) poor 
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FIGURE 10.8
Field emission scanning electron microscopy (FESEM) images of directed assembly of poly-
styrene (PS)/polyacrylic acid (PAA) blends using alternative MUAM/octadecanethiol (ODT) 
patterns with various periodicities: (a–d) 1333, (e–h) 1000, (i–l) 667, and (m–p) 333 nm. The 
solution concentrations were changed: (a,e,i,m) 1, (b,f,j,n) 0.8, (c,g,k,o) 0.6, and (d,h,l,p) 0.4 wt%. 
Cc stands for the critical solution concentration for each pattern periodicity. (Reprinted with 
permission from ACS.)
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assembly was produced. Assemblies on patterns with 333 nm periodicity 
are presented in Figures 10.8m through 10.8p. Well-ordered assembly was 
produced when the solution concentration matched the critical solution con-
centration of 0.4 wt% (Figure 10.8p). Solution concentrations larger than 0.4 
wt% (Figures  10.8m through 10.8o) resulted in disordered patterned mor-
phologies. In spite of the fact that for the solution concentration of 0.4 wt%, 
the characteristic length was close to the pattern periodicity of 333 nm, some 
defects were still observed. Kinetic factors may still play a role. Solution con-
centration, along with spin speed, can be effectively used to produce a con-
trolled characteristic length commensurate with the pattern periodicity for 
directed assembly of a PS/PAA blend.

The ability to reproduce smaller pattern periodicities is improved as the 
concentration is reduced as shown in Figure 10.8. Consistency of the pat-
tern replication is more challenging for patterning at very small length 
scales and warrants further investigation. The importance of process 
parameters on the ability to direct the assembly of polymer blends at dif-
ferent length scales is highlighted by the effects of spinning speed and 
solution concentration.

The directed assembly of PS/PAA blends to achieve highly ordered peri-
odic lines over a large area in very short times has been demonstrated. The 
formation of additional features with complex and nonregular geometries 
is important, however, for many practical applications, such as nanolithog-
raphy. Typical examples might include circle and square arrays, T-junctions, 
and 90° bends.15,36 A set of complex structures generated by the directed 
assembly of PS/PAA blends is presented in Figure 10.9. Good assembly of 
periodic lines with 90° bends are shown in Figure 10.9a. The light gray areas 
in Figure 10.9b demonstrate the assembly into T-type junctions. Additionally, 
more complicated square and circle arrays are shown in Figures 10.9c and 
10.9d, respectively. Through control of the design of different geometries in 
the PMMA trench template and appropriate chemical functionalization, it 
is possible to direct the assembly of PS/PAA blends, creating a variety of 
complex nonuniform patterns using a rapid and simple process. These pat-
terned polymer nanostructures can be created in times less than 1 minute. 
This approach allows the patterning of many different nonuniform geom-
etries on a single template. Thus, polymer blends provide for the fabrication 
of structures that are not limited by the polymer chain length and provide 
for a flexibility in design considerations.

10.3.2 � Directed Assembly of Polystyrene (PS)/Polymethyl 
Methacrylate (PMMA) Using DPN Templates

DPN is a direct writing technique using an ink-coated scanning probe tip 
to deposit with nanometer precision, organic or inorganic materials onto 
a substrate.37 Instead of using a nanotrench template, in this section, DPN 
was used to produce the patterned alkanethiols with different functionality. 
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The template design is shown in Figure 10.10a. The template size is 23 μm 
by 30 μm and consists of a range of uniform and nonuniform geometries 
including dot, lines, angled lines at angles of 30, 45, 60, 90, and 135°, diamond 
shapes, and lettering. The largest line width and dot diameter was 300 nm, 
decreasing in increments of 50 nm to a minimum size of 50 nm. The pattern 
width and spacing were kept at a 1:1 ratio over the entire template. The entire 
procedure of chemically functionalizing the gold substrate, assembling the 
polymer blends, and solvent annealing is depicted in Figure 10.10b.

The FESEM image of a PS/PMMA 50/50 polymer blend assembled onto a 
chemically patterned MHA/ODT surface is shown in Figures 10.11a, 10.11c, 
and 10.11e. Two polymer phases are seen: the dark phase is PS and the light 
color is the PMMA phase. The PMMA (light phase) selectively assembles 
onto the hydrophilic MHA region while the PS (dark phase) assembles on the 
hydrophobic ODT region. The PMMA forms continuous polymer domain 
structures while the PS domains are either discontinuous or droplets. The 
evaporation of the common solvent and interfacial instabilities results in 
phase separation. The polymers continue to separate, producing larger 

(a) 90° bends (b) T-junctions
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                    (c)                                        (d)

FIGURE 10.9
A set of generated nonuniform geometries by direct assembly of polystyrene (PS)/poly-
acrylic acid (PAA) blends: (a) 90˚ bends, (b) T-junctions, (c) square arrays, and (d) circle arrays. 
(Reprinted with permission from Wiley.)
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domains until the polymer mobility is inhibited and the process is termi-
nated. The morphology resulting from this process is a long-lived metastable 
state, retained until the polymer chains are given mobility. The quick and 
rapid process of spin coating results in an energetically unfavorable ther-
modynamic state for the polymer blend molecules. For the conditions repre-
sented above there is insufficient time for the PS phases to coalesce into larger 
domains representative of the underlying pattern, and droplets are formed.
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FIGURE 10.10 (See color insert.)
(a) Pattern geometries from the dip pen nanolithography (DPN) consisting of uniform and 
nonuniform features (template size 23 μm by 30 μm). (b) Fabrication method for the DPN tem-
plates and polymer assembly. (Reprinted with permission from Wiley.)



320 Functional Polymer Blends: Synthesis, Properties, and Performance

One method to produce a more thermodynamically stable state is anneal-
ing of the polymer film. This promotes mobility of the polymer chains and 
allows them to coalesce into larger domains. For this system, solvent anneal-
ing was chosen over thermal annealing, in an effort to minimize the thermal 
exposure of the chemical bond between the SAMs and the gold substrate, 
which may lack stability at elevated temperatures. Toluene is a well-known 
solvent for PS and was chosen as the annealing solvent.

Solvent-annealed PS/PMMA polymer blend assembled on a MHA/ODT 
template is presented in Figures 10.11b, 10.11d, and 10.11f. The micrograph 
shows that solvent annealing is effective in forming continuous PS polymer 
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FIGURE 10.11
Field emission scanning electron microscopy (FESEM) images of the directed assembly of 
polystyrene (PS)/polymethyl methacrylate (PMMA) 50/50 blends on the 16-mercaptohexa-
deconic acid (MHA) and 1-octadecanethiol (ODT) patterned substrate with a fixed symmet-
ric 1:1 period. The light color is the PMMA on the MHA thiol, and the PS is the dark color on 
the octadecanethiol (ODT) thiol. (a,c,e) Unannealed; (b,d,f) solvent annealed. (a) and (b) rep-
resent nonuniform geometry lines of 90° angle bends at a feature size of 150 nm. (c) and (d) 
represent nonuniform geometry lines of a diamond shape at a feature size of 100 nm. (e) and 
(f) represent nonuniform geometry lines of 135° angle bends at a feature size of 200 nm.
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domains on the ODT surface compared to the isolated domains in the unan-
nealed blend.

From these results it is recognized that the patterned morphology of the 
polymer blend system shown in Figures 10.11a, 10.11c, and 10.11e represents 
a nonequilibrium state. Solvent annealing improves the assembly leading 
to a more desirable equilibrium polymer morphology driven by the chemical 
interactions between the functionalized surface and the polymer.

The entire FESEM image of the PS/PMMA patterned polymer structures is 
shown in Figure 10.12. Nonuniform geometries with length scales from 50 to 
300 nm are shown replicated on a single template. The solvent annealing 
step is necessary to facilitate the assembly of PS/PMMA blends over mul-
tiple length scales. The solvent annealing step was only 45 minutes, faster 
than typical for thermal annealing.24 The use of the solvent annealing step 
permits the assembly of structures where the phase domain sizes24,26 (char-
acteristic length) formed initially are not commensurate with the underly-
ing pattern. The use of solvent vapor promotes mobility of the chains and 
allows the polymer chains sufficient time to be directed by the chemically 
functionalized surface. Polymer blends offer the unique opportunity to be 
directly assembled into nonuniform geometries at varying length scales, 
important for fabrication of structures for a variety of applications. As seen 

1 µm

FIGURE 10.12
Field emission scanning electron microscopy (FESEM) image of the full view of the patterned 
polystyrene (PS)/polymethyl methacrylate (PMMA) polymer structures from 50 nm to 300 nm. 
(Reprinted with permission from Wiley.)
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in Figure 10.12 the directed assembly into nonuniform geometries is quite 
consistent over the entire surface of the template and was repeatable for mul-
tiple pens (unpublished results).

In the PS/PMMA system it was possible to consistently replicate lines (uni-
form and nonuniform) and dots with sizes from 100 to 300 nm. Excellent 
replication of 30, 45, 60, 90, and 135° angles in lines with widths from 100 to 
300 nm was also demonstrated. These results represent smaller nanoscale 
features and more complex nonuniform geometries than have previously 
been reported utilizing polymer blends. Block copolymers can also replicate 
these angles but require the use of a homopolymer. Patterning of a range of 
sizes is also challenging.25

Assembly of sizes down to 50 nm were demonstrated for this blend 
system, but the assembly was not as consistent as for the larger sizes (see 
Figure  10.12). As seen in Figure  10.12 the assembly of PS/PMMA blends 
into 45° angled lines and 90° square array patterns was possible on this 
length scale; however, the assembly was not as consistent in other regions. 
One potential reason may be defects in the SAMs patterned area from sur-
face roughness in the sputtered gold substrate. This surface roughness 
may influence the water meniscus ink diffusion making it more difficult 
to achieve smaller sizes in the DPN patterned geometry.38 The cleanliness 
of the gold surface may also affect the SAMs quality. Last, there is competi-
tion between the strength of the attraction between the polymer and the 
underlying chemical surface pattern and the interfacial tension (leading to 
larger domains).

10.4 � Summary

In summary, two novel and versatile approaches for creating highly ordered 
polymer nanostructures by template directed assembly of polymer blends 
using patterned chemical surfaces have been demonstrated. One approach 
is the directed assembly of PS/PAA using a nanotrench template to give a 
chemically patterned surface and the second is the use of DPN to directly 
fabricate a chemically patterned surface for directing the assembly of a 
PS/PMMA blend. Both approaches can be used to selectively assemble poly-
mer blends into desired patterns in a one-step fashion with high specificity 
and selectivity. The selective deposition of functional polymer systems on 
a patterned surface can be based on electrostatic force, hydrogen bonding, 
as well as hydrophobic forces. For assembly of the PS/PAA on a chemically 
functionalized surface created from nanotrench templates, the assembly of 
polymer blends occurred in 30 seconds. For PS/PAA blends, it is possible to 
pattern a set of complex, nonuniform geometries including 90° bends, T type 
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junctions, square and circle arrays on a single substrate. Process parameters, 
including spin speed and solution concentration, could be used to control 
the characteristic length and resulting quality of assembly. Using a different 
polymer system, PS/PMMA, and a DPN chemically functionalized surface, 
nonuniform geometries at multiple length scales were achieved on a sin-
gle template using a short (less than 1 hour) solvent annealing step. Length 
scales from 300 nm down to 100 nm in uniform and nonuniform geometries 
were consistently patterned on the same template. Assembly of polymer 
blends into nonuniform geometries down to 50 nm were demonstrated. In 
principle, this technology can be extended to the assembly of any other func-
tional polymer system, polyelectrolytes, biomolecules, conducting polymers, 
colloids, and other nanoparticles. These two approaches for preparation of 
highly ordered polymer nanostructures demonstrate the breadth of this 
approach for the fabrication of nanodevices including biosensors, biochips, 
photonics, nanolithography, and electronics in a high volume, high rate, and 
one-step fashion.
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AFM images and line profiles of the surface topography of (a) CH3-10SE, (b) 20/80 blend, (c) 40/60 blend, 
(d) 60/40 blend, (e) 80/20 blend, and (f) CF3-10SE. (Reproduced from Sohn, E.-H., Kim, B. G., Chung, J.-S., and 
Lee, J.-C. 2010. Comb-like polymer blends of poly(oxyethylene)s with CH3-terminated and CF3-terminated 
alkylsulfonylmethyl side chains: Effect of terminal CF3 moiety on the surface properties of the blends. 
Journal of Colloid and Interface Science 343:115–124 with permission from Elsevier.)
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COLOR FIGURE 1.19
Atomic force microscopy height images of samples before (left) and after 30 h ultraviolet irradiation (right): 
(a) pectin (PEC), (b) PEC/polyvinylpyrrolidone (PVP) (80/20), and (c) PEC/PVP (60/40). (Reproduced from 
Kowalonek, J., and Kaczmarek, H. 2010. Studies of pectin/polyvinylpyrrolidone blends exposed to ultravio-
let radiation. European Polymer Journal 46:345–353 with permission from Elsevier.)
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COLOR FIGURE 2.8
Tapping mode atomic force microscopy (AFM) images of polystyrene/poly(butyl methacrylate) (PS/PBMA) 
blend (a) height and (b) phase images, and A11-PS/T24-PBMA blend (c) height and (d) phase images. 
(Reprinted with permission from Kuo, S. W., and Cheng, R. S. 2009. DNA-like interactions enhance the mis-
cibility of supramolecular polymer blends. Polymer 50:177–188. Copyright 2009, Elsevier Science Ltd., UK.)
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COLOR FIGURE 3.5
Viscoelastic and dielectric data of binary blends of monodisperse linear cis-polyisoprene samples with M1 = 
2.1 × 104 (PI21) and M2 = 3.1 × 105 (PI308) at 40°C. The volume fraction ϕ2 of the high-M component (PI308) 
is varied from 0.005 to 0.5. (Data taken, with permission, from Watanabe, H., S. Ishida, Y. Matsumiya, and 
T. Inoue. 2004a. Viscoelastic and dielectric behavior of entangled blends of linear polyisoprenes having 
widely separated molecular weights: Test of tube dilation picture. Macromolecules 37:1937–1951.)
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COLOR FIGURE 3.17
Test of time-temperature superposability for the PI99/PtBS348 miscible blend examined in Figure 3.16. The 
viscoelastic and dielectric data of the blend were separately shifted by different factors shown in the inset. 
The superposition is valid for the dielectric data but not for the viscoelastic data. (Data taken, with permis-
sion, from Watanabe, H., Q. Chen, Y. Kawasaki, Y. Matsumiya, T. Inoue, and O. Urakawa. 2011. Entanglement 
dynamics in miscible polyisoprene/poly(p-tert-butylstyrene) blends. Macromolecules 44:1570–1584.)
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COLOR FIGURE 10.1
Patterning of hydrophilic/hydrophobic alkanethiols combining electron beam lithography (EBL) and self-
assembly of alkanethiol molecules. (a) 150 nm thick polymethyl methacrylate (PMMA) resist spin coated onto 
the gold deposited on a silicon wafer; (b) Patterned PMMA trenches were defined by electron beam and devel-
opment; (c) a hydrophilic 11-amino-1-undecanethiol hydrochloride (MUAM) assembled in the PMMA trench 
area; (d) PMMA resists were removed by acetone to produce patterned MUAM on gold; (e) backfilled by hydro-
phobic octadecanethiol (ODT) yielding the final chemical pattern. (Reprinted with permission from Wiley.)
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COLOR FIGURE 10.10
(a) Pattern geometries from the dip pen nanolithography (DPN) consisting of uniform and nonuniform fea-
tures (template size 23 μm by 30 μm). (b) Fabrication method for the DPN templates and polymer assembly. 
(Reprinted with permission from Wiley.)
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Edited by VIKAS MITTAL
With their broad range of properties, polymer blends are widely used in adhesion,
colloidal stability, the design of composite and biocompatible materials, and other
areas. As the science and technology of polymer blends advances, an increasing
number of polymer blend systems and applications continue to be developed.
Functional Polymer Blends: Synthesis, Properties, and Performance presents
the latest synthesis and characterization methodologies for generating polymer
blend systems. This one-stop resource brings together both experimental and
theoretical material, much of which has previously only been available in research
papers.

FEATURING CONTRIBUTIONS BY EMINENT INTERNATIONAL EXPERTS, THE BOOK:

• Reviews polymer blend systems

• Details miscibility enhancements in polymer blends through multiple hydrogen
binding interactions

• Presents the component dynamics in polymer blend systems

• Discusses concepts of shape memory polymer blends

• Considers ethylene methyl acrylate (EMA) copolymer toughened polymethyl
methacrylate (PMMA) blends

• Provides theoretical insights through molecular dynamics simulation studies
for binary blend miscibility

• Reports on the conformation and topology of cyclic linear polymer blends
(CLBs)

• Addresses strain hardening in polymer blends with fibril morphology

• Explores the modification of polymer blends by irradiation techniques

• Examines the directed assembly of polymer blends using nanopatterned
chemical surfaces

Combining background and advanced information on technologies, methods, and
applications, this practical reference is a must-have for researchers and industry
professionals as well as students in materials science, chemistry, and chemical
and surface engineering
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